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THE INTERNAL FRICTION OF DILUTE ALLOYS OF LEAD* 
J. WEERTMAN and E. I. SALKOVITZ{ 


The internal friction and Young’s modulus were measured for a series of single crystals of lead contai 
approximately .01 to 1 atomic per cent of either Bi, Sn, or Cd. It was discovered that the internal friction 
was independent of strain amplitude up to a critical strain amplitude, at which point the internal friction 
increased and the modulus decreased with further increase in strain amplitud room temperature the 
resolved shear stress for this critical strain amplitude is approximately equal t here yw is the shear 
modulus, « is the fractional difference in size between the solute and solvent atoms, and 
the total number of atoms which are solute atoms. The data also agree well with results on t 
critical shear stress with alloying content in copper crystals reported by Linde, Lindell, ar 


LE FROTTEMENT INTERNE DANS DES ALLIAGES DILUES DU PLOMB 


On a mesuré le frottement interne et le module de Young d’une série de monocristaux de pl! 
de 0.01 4 1 pour cent en atomes d’un des éléments suivants: Bi, Sn, Cd. I fut « 3 
interne était indépendant de l’amplitude de déformation jusqu’a une valeur critique 
A partir de cette valeur le frottement interne augmentait et le module de Young diminuait quand 
mentait l’amplitude de déformation. A la température ambiante, la composante de la tension de cisaillement 
dans le plan de glissement, pour cette amplitude de déformation, est approximativement égale a 0.15 pec, ot 
uw représente le module de cisaillement, « la différence fractionnaire entre les dimensions des atomes de solute 
et des atomes du solvant et c la fraction du nombre total d’atomes qui repr 
Ces données sont aussi en bon accord avec les résultats de Linde, Lindell 


tension critique de cisaillement de cristaux de cuivre par ]’addition d’élément 
DIE INNERE REIBUNG VON VERDUNNTEN BLEILEGIERUNGEN 


Die innere Reibung und Young’s Modulus wurden an einer Reihe von Bleieinkrist 
etwa 0.01 Atomprozent und 1 Atomprozent Bi oder Sn oder Cd enthielten, ; 
die innere Reibung von der Verzerrungsamplitude unabhingig war, | 
amplitude erreicht wurde. Von da an nahm die innere Reibung und 
amplitude weiter vergréssert wurde. Bei Zimmertemperatur bet! 
kritische Verzerrungsamplitude etwa .15 wec, wobei w der Scherungs! 
in der Grésse des Lésungs- und des gelésten Atomes und ¢ det 
vorhanden sind, bedeutet. Die vorliegenden Daten stimmen gut 
mitgeteilten Ergebnissen der Anderung der kritischen Scherung 


INTRODUCTION friction experiments on specimens containing various 

a 4 1 . ah ‘ ts of impurities. With this idea in mind internal 

Since the time of the suggestion by T. A. Read! that of umpuri 

rictiol ‘asurements were made upon single crystals 
dislocation motion gives rise to that portion of the *™Cton measurement mae ome 

internal friction in metals which cannot be explained by 


such mechanisms as interstitial atom movement, thermo- 


= 


of lead containing small amounts of either Bi, Sn, or Cd 
as a function of composition, strain amplitude of vil 


. 2.3 tion, and temperature 
elastic currents, etc.?* there have been many experi- 


ments on single crystals of pure metals which can be EXPERIMENTAL TECHNIQUE 
qualitatively explained using Read’s idea. Most of these 

: Che method of measuring the internal 
experiments have been concerned with cold-workingand int ter 

was used wi developed by Marx,’ whi 
annealing the specimens. he effect of impurities on quartz piezoelectric crystals 
internal friction due to dislocation motion, however, has 
been given very little attention. Marx and Koehler* 
have shown that annealing copper single crystals in a 
hydrogen atmosphere causes the internal friction to 
decrease and the modulus to increase much more rapidly 
than a corresponding anneal in a vacuum. Bradfield and 
Pursey® have shown that the addition of a slight amount 


method is completely discussed by Marx in hi 

Figure 1 shows the experimental arrangement 

consists of a driver crystal, gauge crystal, a fused 

rod, and the lead sample. The two quartz crystal 

rod, and the sample are of such a length that 

resonant frequencies in longitudinal motion 

: equal. The decrement 

of another metal to copper will cause its modulus to the energy lost per 

increase. energy in the system) cé 
Since impurity atoms can interact with dislocation 


lines through the Cottrell mechanism, such an inter- gauge voltage when the system is 


action might be expected to manifest itself in internal resonant frequency. The maximum 


vibration can be calculated from 
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Fic. 1. Schematic diagram of composite oscillator 


The temperature was measured with thermocouples 
attached to a copper tube surrounding the specimen. 
This temperature was assumed to be that of the speci- 
men. This assumption was valid for the slow heating and 
cooling rates used (approximately 1°/min). Measure 
ments were made from room temperature up to 315°C in 
vacuo of better than 10-* mm Hg. 

Specimens were cut from lead single crystals grown by 
the Bridgman method in the form of 1/4 in. diameter 
rods of 9 in. length. The crystals were grown in graphite 
crucibles under vacuo of approximately 10~-* mm Hg. 
The major impurity of the pure lead specimens (using 
99.9998 per cent pure lead as starting material) after 
growth was carbon (.003 atomic per cent). In all cases 
except one the alloying addition in the alloy crystals as 
determined by analyses was greater than the carbon 
content. The one exception was sample PbCd78 con- 
taining .0015 per cent of cadmium. 


AM 


Fic. 2. Decrement vs strain amplitude of a lead specimen 
containing .058 per cent Sn at various temperatures. 
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Single crystals of dilute alloys were prepared as 
follows: Graphite crucibles were loaded to the approxi- 
mate desired compositions and the alloys were allowed 
to remain in the molten state overnight. The melts were 
slowly cooled through a temperature gradient, thereby 
producing single crystals of the alloys. The material 
immediately adjacent to either side of the samples cut 
for the experiments or the samples themselves after the 
measurements had been made were chemically analyzed. 
The variation of composition from one end of the sample 
to the other was always less than 15 per cent. The lead- 
cadmium alloys were the most difficult to prepare since 
a major portion of the cadmium distilled away during 
the preparation of the crystal. The samples were cut and 
ground to length without being removed from the 
crucible. The graphite was then split away and the 
samples etched to remove the very fine grains produced 
by grinding and polishing the ends. The samples were 
annealed during the course of the experiment. 

The quartz crystals in the composite oscillator were 
glued together with beeswax. In the earlier experiments 


Fic. 3. Ratio of decrement divided by decrement at lowest 
strain amplitude vs strain amplitude of a lead specimen containing 
058 per cent Sn at three different temperatures. The left-hand 
ordinate scale is to be used with the 25°C curve, the middle with 
the 125°C curve, and the right-hand scale with the 306°C curve. 


the lead crystals were glued onto the dummy quartz rod 
with water glass. Since this joint often cracked, the 
cement suggested in the paper by Sutton’ consisting of 
barium sulfate, sodium fluosilicate, and water glass was 
tried and found to be very satisfactory. The cement 
joint was allowed to set for at least three days before the 


specimen and dummy rod were glued to the dummy and 


gauge crystal. The results to be described were not 
affected by the type of cement (at least at room tem- 
perature) since identical measurements were obtained 
by gluing the lead specimen with beeswax. Since the 
cement joint is at a strain node it is not expected to 
affect the results even if strains are induced in it due to 


the difference in thermal expansion of lead and quartz. 


Experimental Results 


For low strain amplitudes it was found that the 
internal friction of the alloys studied was independent 
of strain amplitude. On increasing the amplitude of 
vibration a region could be reached where the decrement 
increased with increasing amplitude of vibration. The 
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strain amplitude dividing these two regions, the critical 
strain amplitude, was found to depend on the alloying 
content and the temperature. Figure 2 shows the decre 
ment as a function of strain amplitude for various 
temperatures for an alloy containing .15 atomic per cent 
Sn. In Fig. 3 the same data are plotted on a larger scale 
except that the ratio of the decrement divided by the 
decrement at the lowest strain amplitude is plotted 
instead of the decrement. The same type of data for 
three lead-bismuth alloys of different compositions is 
plotted in Fig. 4. A curve very similar to these has been 
reported by Takahashi* for pure zinc (99.996 per cent 

and may be of the same origin. Figure 5 shows a curve of 
the critical amplitude as a function of 1/7. Slopes of 
curves of this type give an apparent activation energy of 
approximately .15 ev. The data on all specimens are 
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summarized in Table I and Table IT. Where the points 
are too scattered to draw a straight line through them a 
range of activation energies is given 

\ curve of the log of the internal friction in the strain 
amplitude-independent region versus 1/7 is plotted in 
Fig. 6. The apparent activation energies from curves of 
this type in the high temperature region are approxi 
mately .3 ev. These data are also summarized in Table I. 
Specimens for which no straight line could be drawn 
through the high-temperature region data are indicated 
with a range of activation energies with the higher value 
For a 


Sn and a 0.053 per cent Bi specimen, 


corresponding to the highest temperature. 
per cent 


a low-temperature peak of unknown origin which 


Snows 
was observed around 95 degrees. The peak cannot be 


due toa pair reorientation since it was not observed for a 
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Fic. 4. Ratio of divided by decrement at lowest 
strain amplitude bismuth 
samples containing various amounts of bismuth. The left hand 
scale is to be used with the curve of sample PbBi85, the middle 
1 scale with PbBi6g 


with PbBi48, the rig 


amplitude for three lead 


.65 per cent Bi sample. The Laue spots of their back- 
reflection patterns showed a very slight splitting so the 


veak may be due to a polygonized structure. Another 


possibility is that it may arise from a segregation of 


mpurity atoms which Thomas and Winegard’ show can 
occur during crystal growth. 

Young’s modulus was found to behave in a 
analogous to the decrement. Figure 8 shows a plot of the 


strain 


Way 


fractional change in Young’s modulus versus 


TABLE I] 
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amplitude. In Fig. 8 the break occurs at a slightly higher 
strain amplitude than in Fig. 4. This difference arises 
because the sensitivity of the frequency measurements 
was low. This low sensitivity was due to the fact that the 
total mass of the quartz components was 15 times 
heavier than the sample itself. Thus a shift of 15 
cycles/second in the resonant frequency of the sample 
corresponded to a measured change of 1 cycle/second in 
the total composite oscillator. 

In order to increase the sensitivity of the frequency 
measurements, data were taken at room temperature 
using smaller gauge and driver crystals without a 
dummy rod. The results are shown in Fig. 9. A linear 
relationship is obtained between the decrement and the 


Pb Sn #48 


STRAIN AMPLITUDE AT BREAK 


Strain amplitude at break in decrement-strain amplitude 
curves vs reciprocal of absolute temperature for a specimen 
containing .058 per cent Sn 


fractional change in frequency. This relationship was 
first pointed out by T. A. Read many years ago. 
Several curves of Young’s modulus versus tempera- 
ture are shown in Fig. 10. Measurements were also made 
upon pure lead crystals. If the measurements were made 
immediately after mounting the specimen in the unit, 
the internal friction increased with strain amplitude 
from the very lowest strain amplitude. If, however, the 
specimen was allowed to anneal overnight at room tem- 
perature while in the unit, the strain amplitude depend- 
ence disappeared at low strain amplitudes. The decre- 
ment then increased only very slowly with strain 
amplitude up to a resolved shear stress of about 3X 10° 
dynes/cm*. At this stress the decrement started to rise 
very rapidly and became irreversible. If the strain 
amplitude was lowered to the strain amplitude inde- 
pendent region the decrement was then higher than it 
had previously been. The increase in the decrement 
annealed out at room temperature. This cold-working 
effect was first reported by Marx and Koehler‘ for both 
copper and lead and our stress value for lead agrees 
with theirs. The break in the internal friction curves for 
the alloys differed from that of the pure lead in that 
going to strains higher than the strain at the break did 
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WEERTMAN 
not cause an increase in the decrement when the strain 
amplitude was lowered below the critical amplitude 
unless one went to much larger strains. 

For comparative purposes a plot of decrement versus 
1/7 for pure lead is shown in Fig. 11. 


THEORY 


The main point of interest in this experiment is the 
break in the internal friction-strain 
amplitude curve. We wish to give a possible explanation 


occurrence of a 


of this break in the light of dislocation theory. 


As mentioned in the introduction the mechanism 
proposed by T. A. Read, namely, dissipation of energy 
through dislocation motion, seems to be the most 
reasonable for explaining that portion of the internal 
friction of metals which is due to other known 


causes. To date, two dislocation models have been de- 


not 
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Fic. 6. Decrement as a function of temperature for a 
specimen containing .058 per cent Sn. 


veloped using Read’s idea to account for the internal 
friction. The one due to Koehler" pictures the disloca- 
tion lines as being pinned down along their lengths by 
impurity atoms. Under an alternating stress a disloca- 
tion vibrates like a violin string in its fundamental 
mode, restrained from motion only at 
points. Koehler’s theory predicts that 


the pinning 
the internal 
friction is proportional to the frequency of vibration in 
the kilocycle range of frequency. Nowick*" has pictured 
the process as due to a hysteresis phenomenon in which 
dislocations are suddenly torn from one low-energy 
position and moved to another. His theory predicts that 
the internal friction is independent of frequency. Most 
of the experimental evidence on frequency dependence 
favors Nowick’s theory. Koehler’s theory would corre- 
spond to Nowick’s when the stress is large enough to 
tear dislocations from impurity atoms. 

Koehler’s theory as it stands cannot be used to ex- 
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Fic. 7 


\nomalous peal 


for a specimen containing .053 per cer t Bi 

plain the internal friction of the lead alloys. The binding 
energy of either Bi, Sn, or Cd atoms to a dislocation is so 
small that at room temperature, thermal stress fluctua- 
tions would keep the dislocation from being pinned 
Koehler. Cottrell” 
maximum binding energy of an 


down in the manner envisaged by 


calculates that the 


alloying atom with a dislocation line is equal to 3d*ue, 


where vi is the shear modulus, 6 is the length of the 


Burger’s vector, and ¢€ is equal to (1/a)da/dc where a is 


the lattice parameter of the alloy and c is the fraction of 


the total number of atoms wh 


ich are solute atoms. For 
Bi, Sn, and Cd in lead (u 5 
10 + 018," €s, 


the binding energies are 
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Fic. 9. Curves of decrement vs strain amplitude, fractional 
} 


change in Young’s modulus vs strain amplitude, and decrement vs 


fraction change in Young’s modulus for a specimen containing .016 


per cent Sn. Measurements were made at room temperature. 
spectively. Since these energies are comparable with 
kT (.026 ev) at room temperature it is not likely that the 
dislocations will be pinned down as in Koehler’s model. 
Another consequence of these low energies is that there 
will be no marked segregation of the alloying atoms at 
the dislocations. 

Even though individual impurity atoms cannot pin 
down the dislocations in lead at room temperature, the 
impurities acting collectively can prevent large dis- 
placements of the dislocation under the action of small 
applied stresses. If the applied stress is made great 
enough the dislocations can be made to move through 
the lattice containing the dissolved impurities. Values of 
the critical stress to move a dislocation past the im- 
purities have been worked out in papers by Nabarro,'* 
Mott and Nabarro,!’ 
a lattice containing randomly spaced impurity atoms 


and Mott.!* They assume that in 


there exists a stress field caused by the presence of the 
alloying atoms. The wavelength of this stress field, A, is 
approximately equal to 6/c'’*. The mean magnitude, aj, 
of the stress around each impurity atom is calculated by 
them to be equal to wec In(1/c). Thus a segment of dislo- 
cation of length \ would feel a force Abuec In(1/c 
this stress. 


) due to 
length of dislocation longer than A 
this force alternates with sign in a random manner. For 


Along a 


a dislocation of length m?\ the total force acting on the 


dislocation due to the impurities can be any value from 
zero to +n7bduec In 1/c). 


However, in moving a dis- 
tance of several units of \ the maximum force exerted by 
the impurities on the dislocation would be nbAuec In (1 

since the mean of n? events of random sign and magni- 
tude 1 is m. This length of dislocation would thus 
experience a force caused by a stress field of average 
amplitude equal to o 


to b ( 


n and average wavelength equal 


In order to calculate the critical stress required to 
move dislocations through the lattice it is necessary to 
have some basis for evaluating the characteristic length, 
l=n?), of dislocation line which has to be moved as a 
unit to obtain yielding. Since the yield stress is equal to 
g,/n, the longer this length the smaller the yield stress. 


T9355 

The longest conceivable length that can be chosen, and 
which Nabarro uses in his first paper,'® is that of a 
Frank-Read source. If this length is LZ, the yield stress 
will be equal to 

ciL\3 


pec In (1) 


On the other hand, Mott'® chooses as the charac- 
teristic length the smallest segment of dislocation line 
that can be moved an average distance \ without in- 
ducing movement in the remaining length of the disloca- 
tion line. For this case he obtains n= [ 27b/dec In(1/c) }"/*, 
and he finds that the yield stress is equal to 


ou= (20 In 1 c) (2 


Equation (1) represents a lower limit to the yield stress 


and equation (2) an upper limit. 


Fic. 10. Young’s modulus versus temperature for 


four lead-tin specimens 


Dislocation motion can occur for stresses smaller than 
oy, but the resultant displacement will be of the order X. 
The actual stress field that a dislocation of length / feels 
as it moves through the lattice will be of wavelength 
b/c\® but its amplitude will vary from zero to values 
much greater than The average value of the 
amplitude will be approximately equal to oy. From 
statistical theory the number of wavelengths in the 


Om. 


stress field felt by the dislocation having a maximum 
amplitude between o and o+de will be proportional to 
exp(—o* If a stress is applied some of the 
dislocations will be able to move but they will only be 
able to move a distance approximately equal to \. For 
stress greater than oy the dislocations will be able to 
move large distances before they are stopped since there 
will be so few places in the crystal where the amplitude 
of the stress field is greater than oy,. 

If an 
taining 
friction 
friction 


alternating stress is applied to a crystal con- 
impurity atoms as is the case in an internal 
experiment, a large increase in the internal 
is to be expected when the maximum stress 
reaches the value oy. Under this circumstance large 
dislocation motion can take place and hence large 
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energy losses arise. The stress in the internal friction 
curve at which the internal friction starts to rise rapidly 
is thus equal to the yield stress of the material if the 
yield stress depends only on the impurity concentration. 
Actually the yield stress of a metal crystal depends on 
the impurity concentration and the stress required to 
activate a Frank-Read source. For high-impurity con- 
centrations the effect of the impurities is predominant 
and Eq. (2) should give the yield stress. For low- 
impurity concentrations the stress required to activate a 
Frank-Read source is the yield stress, and Mott’s 
equation is no longer applicable. However Eq. (2) is 
still applicable for calculating the break in the internal 
friction for this case. Thus internal friction measure- 
ments enable one to extend the measurement of that 
portion of the total yield stress due to impurities to 


values much lower than can be obtained in static tests. 


= 
= 
w 
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11. Decrement as a function of absolute 
temperature for pure lead. 


Fic. 


In Fig. 11 is plotted the resolved shear stress for the 
break at room temperature versus oy. Also plotted are 
points from the paper by Linde, Lindell, and Stade’ on 
the change in the critical shear stress in copper con- 
taining small amounts of Mn, In, and Sn. This work has 
been discussed in the light of Mott’s theory by Cottrell.” 
The scatter in the points is too great to permit any 
conclusion regarding the validity of the powers used in 


the break- 


away stress is roughly proportional to the concentration, 


Mott’s formula. It is clear, however, that 
e, and uw. The expression ¢= .15uec gives as good a plot 
for the lead points as Mott’s expression. 

Although plotting the experimental points using 
Mott’s formula gives a linear relationship, the agree- 
ment is still not good between theory and experiment 
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since the magnitude of the experimental points are an 
order of 10 too low. Part of this discrepancy is due to 


thermal stress fluctuations which can help dislocations 
over the stress barriers. Experimental work on the 


an 


gel 


yield stress as a function of temperature show 
of 


he repancy 


increase in the yield or 3 on 


or 
of 


ol a ta 


stress 
extrapolation to absolute zero. Part 
can also be accounted for, as pointed out by Cottrell 

if the length of the coherent piece of dislocation line was 


The two earlier papers'' 


underestimated by Mott. 


used longer lengths and got smaller answers for 


A length of 3 to 5 times longer tl 


yield stress. 


used would bring agreement between 


experiment 
For the impurities to be effective in holding up the 


dislocations and thus give rise to a break in the internal 


friction-strain amplitude curves it is necessary from rate 
theory that exp(—Q/kT) be less than w/v where rv is the 
frequency of vibration of a dislocation ~10" sec, w is 
the frequenc 5 of vibration of the applied stress ~3 X 10 


required to move a length ol 


its stable equilibrium 


sec and Q is the work 


coherent dislocation line from 


position to the first unstable equilibrium position. The 


magnitude of this energy is approximately equal to A 


times the 


coherent length times the average force per 
unit length exerted by the impurities on the dislocation 
If the length is equal to 7?\ then the force per unit length 
Using a length 


to 


three times longer th 


is o,b/n and the energy is equa 


of coherent dislocation line in used 


by Mott gives the expression 3*/ub*e* for this energy 1n 


the concentration range used in this experiment. For Bi, 


Sn, and Cd, in lead the Q’s are approximately .5, 1, and 
3 ev respectively. For these values the relationship 


kT 


dislocation line 


exp v holds true. If the length of coherent 


had been picked from Mott’s theory, the 
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theory and 
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Fic. 13. Decrement vs resolved shear stress at break for various 
specimens. Decrement measured at 200°C and resolved shear stress 
at room temperature. 


value of QO for Bi would have been too low and it would 
have been impossible to account for the break in the 
lead-bismuth specimens. 

The strain amplitude independence of the internal 
friction in the low-amplitude region can also be ex- 
plained using Mott Nabarro’s Nowick’s 
theories. As mentioned before at stresses smaller than 


and and 
oy some of the dislocations can move a distance of the 
order of \. The length able to move when the stress is in- 
creased from ¢ tog+do will be equal to A exp(—o?/ay")do 
where A is a constant. A can be evaluated from the fact 


that 


x 


f Ae “loM"dg = AouxN, 
) 


where .V is the total length of dislocation line in the 
crystal. 
The energy dissipated per cycle for stresses smaller 
than oy will be given by 
) 


Energy lost =f oA NXb 
V Om 


Since the total energy stored in a unit cube is equal to 
o”/2u, the decrement will be given by 


Decrement = wv, 


as long aS 

At temperatures higher than 100°C there is a trend 
for specimens having the lowest stress at the break in 
the internal friction curves to have the highest decre- 
ment. Figure 13 shows a plot of the decrement at 200°C 
as a function of the resolved shear stress at the break. 

The room temperature value of the stress at the break 
used rather than that at 200°C owing to the 
difficulty of measuring this stress for the specimens con- 
taining the smallest amounts of impurity atoms.) An 


was 
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inspection of the data in Table I show that this relation- 
ship is no longer valid at room temperature where all the 
specimens have about the same value of the decrement. 
It may be that at room temperature background losses 
such as losses in the cement joint are great enough to 
mask the true internal friction of the material ; however, 
this appears unlikely. Also in qualitative agreement 
with Eq. (3) is the fact that as the stress at the break 
decreases with temperature the internal friction in- 
creases. The rate of change of the lowering of the shear 
stress at the break with increasing temperature is too 
great to account for by any simple theory since it 
appears to decrease exponentially. Theoretical expres- 
sions such as that due to Becker” on the variation of 
yield stress with temperature show a decrease of the 
stress with some power of the temperature. If the im- 
purity atoms were fixed in the lattice and did not move 
about a dependence of this last type should hold true. 
However, impurity atoms can move about at greater 
speeds than the moving dislocation at high temperatures. 
This movement should lead to a more rapid decrease in 
the stress at the break than if the impurity atoms were 
fixed in the lattice. 

Besides the hysteresis losses due to dislocations 
moving back and forth over potential hills there will 
also be a loss proportional to the frequency from dis- 
locations that oscillate back and forth in potential wells 
without ever leaving them. The energy loss from these 
dislocations can be calculated from their equation of 
motion, which can be written as 


(o6/X)x=06 sin(2rwt), 


where B is a dissipative force constant, (o7b/A)x the 


approximate restoring force when the dislocation is 


displaced a distance x from its equilibrium position, and 
ab sin(27wt) is the applied force per unit length on the 
dislocation. If M is the total length of dislocation 
contributing to the energy loss due to this process, then 
the decrement in the kilocycle range of frequency would 
be given by 


Decrement = Mu B2rwd"/o 1)", (4 


if hysteresis losses were zero. Since A27tBw/boy is 
always much less than 1 in the kilocycle range of fre- 
quency for typical values of \, 7, and for a value of 
B=5X10% the energy loss due to 
hysteresis will be much greater than that portion of the 
loss which is frequency dependent. Nowick’s picture is 
thus better able to account for the energy loss in the 
kilocycle range of frequency than a modified Koehler 
approach to the problem of internal friction of single 
crystals of dilute alloys of lead. The frequency depend- 
ence has still to be checked to confirm this and it is 
hoped that work being carried out by E. W. Kammer 
and S. D. Hart of this laboratory will clarify this point. 

The number of dislocations in a lead crystal can be 
estimated with the use of Eq. (3). For a value of the 
decrement equal to 10~*, of A equal to 106 and ay equal 


24 


dynes/sec,”” 
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to 10° dynes/cm?, the value of V is approximately 
2X10*. This value, although low, is not out of line with 
estimates of the length of dislocation lines in an annealed 
metal. 

CONCLUSION 


The internal friction of dilute alloys of lead is inde- 
pendent of strain amplitude up to a critical stress at 
which point it starts to rise. The value of this stress can 
be decreased by increasing the temperature and in- 
creased by increasing the impurity content. At room 
temperature the magnitude of stress at the break is 
approximately equal to .15 vec. This dependence on uy, «, 
and ¢ can best be explained in terms of the theories of 
Nabarro and of Mott. 
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Note Added in Proof 


S. Takahashi and H. Konno (private communica- 
tion) have also observed breaks in internal friction- 
strain amplitude curves. They observed breaks in 
polycrystalline samples of dilute alloys of 
(Cu-Al, Cu-P, Cu-Zn). Their experimental points, cov- 
ering a stress range of 10°-10° dynes/cm’, follow reason- 
ably well the Nabarro-Mott theory. 

It should also be pointed out that impurity effects 
similar to those found in the present work have been 
observed in irradiated NaCl. (D. R. Frankl and T. A. 
Read, Phys. Rev. 89, 663 (1953), D. R. Frankl, Phys. 
Rev. 92, 573 (1953). 

C. Tysalk and G. V. Raynor (Acta Cryst. 7, 
(1954) have recently made lattice constant measure- 
ments on a series of lead rich alloys. Their measurement 
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of ep; is about the same as that of Hofe and Hanemann. 
Their results for es, (—0.028) and €cqg (—0.045) are 
different from those quoted in this paper. The measure- 
ments of Jenkel and Mader on Pb-Cd, however, were 
over a much wider range of composition than were 
those of Tysalk and Raynor. If the new lattice param- 
eter data are used the bismuth and tin points in Fig. 


12 are brought closer together; on the other hand the 


fit becomes worse for the cadmium points. 
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X-RAY MEASUREMENTS ON SILVER FILINGS* 


F. R. L. SCHOENING and J. N. VAN NIEKERK? 


\ Geiger counter spectrometer, with crystal-reflected CuKa radiation, is used to determine the shapes 
99.999 per cent) 
silver. Because the filings recover rapidly at room temperature, the observations are made 
on specimens kept at —30°C. 


From the Fourier coefficients and breadths of the diffraction profiles, particle size and strain values are 


and breadths of the X-ray diffraction profiles of filings from high purity 
99.0 per cent 


and electrolytic 


calculated. Normal strain values are found and particle size values of the order of 200 A are obtained. No 


experimental evidence is found for the presence of stacking faults in plastically deformed silver. 


Curves illustrating the rate of recovery (increase in intensity with time of a profile maximum) of two 


conditions are given 
UNE ETUDE DE LIMAILLES D’ARGENT, AUX RAYONS X 
Les formes et largeurs des profils de diffraction des rayons X, donnés par des limailles d’argent de haute 
pureté (99.999 pour cent) et d’argent électrolytique (99.6 pour cent), ont été déterminées aux moyen d’un 
spectrométre 4 compteur de Geiger, en utilisant la radiation CuKea réfléchie par un cristal. Etant donné que 
ces limailles subissent une restauration rapide a la température ambiante, les observations ont été faites 
Les dimensions des particules et les valeurs de la déformation furent calculées 4 partir des coefficients de 


sur des échantillons maintenus a 


Fourier et de la largeur des profils de diffraction. Les valeurs trouvées de la déformation sont normales, les 
dimensions des particules sont de l’ordre de 200 A. On n’a pas trouvé de preuve expérimentale de |’existence 
de défauts d’empilage dans de |’argent déformé plastiquement 

On présente des courbes de vitesse de restauration (accroissement de l’intensité d’un maximum de profil 
en fonction du temps) pour deux échantillons limés dans des conditions différentes 


RONTGENOGRAPHISCHE MESSUNGEN AN SILBERFEILSPANEN 


m und Breite der R6ntgenbeugungslinien von Feilspinen von Reinstsilber (99.999 prozent) und 
wurde mit Hilfe eines Zihlrohrspektrographen und mit am Kristall reflek 
.upfer Ka Strahlung gemessen. Da sich die Feilspine bei Zimmertemperatur schnell erholen, wurden 


ktrolytsilber (99.6 prozent 
die Messungen an Proben, die eine Temperatur von —30°C hatten, ausgefiihrt. 
neren Spannungen wurden aus den Fourierkoeffizienten und aus den Linien 


Die Teilchengrésse und die in 
Es ergaben sich normale Spannungswerte und Teilchengréssen von etwa 200 A. Das 


ndensein von Stapelfehlern in plastisch verformtem Silber liess sich experimentell nicht nachweisen. 


Es werden fiir zwei unter verschiedenen Bedingungen gefeilten Proben Kurven angegeben, die die Erhol 


ungsgeschwindigkeit, d.h. die Intensitatzunahme am Linienmaximum als Funktion der Zeit, angeben. 


1, INTRODUCTION the specimens it was necessary, in certain cases, to make 

The influence of plastic deformation on the diffraction specimens kept at 

lo . . — 30°C. At such tempera recovery of the specimen 

recent years. Although it is generally agreed today that was found to be negligibly small. rougnout this in 

the broadening of the diffraction lines, which is observed VeSUgation the term recover) 1S used - a restric ted 

sense and merely implies the increase in intensity with 


time of a profile maximum. 


when metals are cold-worked, is due to the combined 


effects of lattice strains and small particles, attempts to 
separate strain broadening from particle size broadening 

are still in their beginning stages. By making use of the 


Fourier coefficients derived from the experimentally de- 
termined diffraction line profiles, Warren and Averbach!* 
have developed a method whereby strain broadening 
from particle size-stacking fault 
broadening. this 
method has been applied to the X-ray diffraction profiles 
obtained with silver filings. 

Preliminary investigations had shown that for freshly 


can be separated 


During the present investigation 


prepared silver filings the peak intensities of the 
diffraction profiles, when measured at room tempera- 
ture, increased continuously with time while the line 
breadths decreased. In order to prevent such recovery of 
* Received April 1, 1954; in revised form July 26, 1954. 
{ National Physical Laboratory, Pretoria, South Africa. 
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A Philips High Angle Goniometer, with monochro- 
matic CuKa radiation obtained by reflection from a 
curved quartz crystal, was used to measure the diffrac- 
tion profiles of filings obtained from high purity (99.999 
per cent) and from electrolytic (99.6 per cent) silver. 
The high-purity silver rods were filed mechanically 
under liquid oxygen and also at room temperature (25- 
28°C). In the latter case the filings were allowed to drop 
into liquid oxygen. When preparing X-ray specimens the 
filings were removed from the liquid oxygen, washed in 
alcohol, dried and sieved through a 325-mesh per inch 
sieve. They were then hand packed into specimen car- 
riers. The time that elapsed between removing the 
filings from liquid oxygen and starting measurements 


\ 
10 
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was kept at exactly one hour for all specimens. During 
this period the filings were exposed to room temperature 
and partial recovery must have taken place. While 
making profile measurements the filings were kept at a 
temperature of approximately —30°C by blowing a 
controlled stream of cold, dry air onto the samples. 

After all the profiles had been recorded the cold air 
stream was shut off and the counting rate at the maxi- 
mum of the 200 reflection was measured at five-minute 
intervals. For these measurements the width of the 
Geiger counter receiving slit was increased slightly to 
allow for a possible shift in the peak position. The filings 
were left exposed to room temperature and after 8 and 
33 days the line profiles were again measured, this time 
without cooling the specimens. The filings were then 
annealed for 5 hours at 500°C and these specimens were 
used to determine the sharp profiles. 

In the case of electrolytic silver the filing was done 
only at room temperature and profile measurements 
were made on specimens kept at room temperature. The 
filings were then annealed and it was found that the line 
profiles given by such filings were identical with the 
profiles obtained from annealed high-purity filings. 

Although all the /k/ spectra obtainable with CuKa 
radiation were measured at times, on account of the 
anisotropy of silver only the 111, 222, 200 and 400 
reflections were investigated systematically. Profiles of 
the diffraction lines were obtained by measuring the 
counting rate at various points along the lines and 
plotting the results. Intervals between the points meas 
ured ranged from 0.025 to 0.5 degrees in 26, depending 
on whether the measurements were taken near the 
maximum or near the foot of a diffraction peak. The 
number of counts recorded ranged from 1600 at the 
base, to 25 600 at the peak maximum. 

Integral line breadths of the diffraction profiles were 
determined by planimetering the area between a profile 
and its background level and dividing this by the height 
of the profile. 


specimen 


High purity Ag filed at 
— 183°C and measured 
after: 

1 hour at room temperature 

8 days at room temperature 

33 days at toom temperature 

High purity Ag filed at room 
temperature and measured 
after: 

1 hour at room temperature 

Electrolytic Ag filed at room 
temperature and measured 
at room temperature 


* Defined by as LO 
t Defined by 0.28 coté. 
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FIG Fourier coefficients of 


sponding lower) profiles plotted 


silver filed at room temperature 
liquid oxygen and measure 

at room temperature 

perature and measured 


room tempe rature 


3. FOURIER ANALYSIS OF LINE SHAPES 


The diffraction profiles were corrected for instru 


mental broadening according to Stokes* and Fourier 


coefficients were evaluated using Lipson and Beevers 
strips. In Fig. 1 the results obtained for some of the 
profiles are shown. 

Warren and Averbach* have shown 
a-brass, a definite distribution exists | 
coefficients of the various reflections 
against distance. They have interpreted this regul: 
distribution as being due to stress isotropy. Because 
lectroly tic 


a similar regularity it is inferred 


corresponding plots for e silver do not revea 
that Stress ISOLTOpy 1S 


Warren and 


separat ing strain 


absent in silver. Following essentially 


Averbach’s!” method of broadening 


from particle size broadening, values as tabulated in 


Table I were obtained. Che strain values are only very 


approximate, because the scatterir 


rms strain versus distance plots did n 
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111 200 222 400 2sin#/A 

Fic. 2. Plots of 8 cos#/X versus 2 sin@/d for the 111, 222, 200 

and 400 reflections of high-purity silver filed in liquid oxygen. 

Measured at —30°C after one hour annealing at room tem- 

perature. @: Measured at room temperature after 8 days anneal 

ing at room temperature. X : Measured at room temperature after 
33 days annealing at room temperature 


Because the Fourier method does not separate the 
effects of particle size (fragmentation) from stacking 
faults, observations on the angular shift of the diffrac- 
tion lines were made to decide between these two possi- 
bilities. For face-centered cubic crystals, gliding on the 
{111} planes, Paterson® has calculated both the direc- 
tion and the amount of shift that will result for each 
diffraction line when stacking faults occur. Although 
very small angular shifts were detected during the 
present investigations, they did not follow the pattern 


yrredicted by Paterson. 
| 


4. ANALYSIS OF LINE BREADTHS 


The profiles obtained from high purity silver filings 
after they were left to recover at room temperature for 8 
and 33 days, were too sharp to permit the evaluation oi 


reliable Fourier coefficients. However, to obtain a quali- 


tative picture of the happenings during recovery it was 


decided to apply Hall’s® additive method to the ob- 


served line profiles. For this the observed 


corrected for 


| ry} 


breadths were instrumental influence 


following the method described by Schoening, van 
Niekerk and Haul.’ Using the corrected breadths plots 
as shown in Fig. 2 were obtained. From these particle 
size and strain values as tabulated in Table I were 
calculated. 

It may be mentioned that in none of the plots ob- 
tained for the entire Akl spectrum was it possible to 
draw continuous curves through the points. This affords 
further evidence as to the anisotropy of silver. 
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5. DISCUSSION 


Referring to the results tabulated in Table I it should 
be stressed that the strain values are only approximate 
and that too much importance should not be attached 
to the difference in the values obtained by the two 
methods. Corresponding values of particle size differ on 
the average by a factor of two. These differences can, 
however, be accounted for. Williamson and Hall® have 
shown that the simplifying assumptions on which their 
method is based will lead to particle size values which 
are too large by a factor between 1 and z. 

In Fig. 3 the counting rates at the maximum of the 
200 diffraction peak, for two high-purity silver speci- 
mens, are shown. From these curves it is evident that 
after one hour’s recovery at room temperature (the 
time required for specimen preparation) the recovery 
rate of the filings prepared under liquid oxygen is much 
higher than that of filings prepared at room tempera- 
ture. Assuming that the rate of recovery did not change 
appreciably during the first hour, it follows that, be- 
cause of its much slower recovery rate, the sample filed 
at room temperature will be closer to the state 
that prevailed immediately after filing than will be the 
sample prepared under liquid oxygen. The higher strain 
values that were obtained for the sample filed at room 
temperature (see Table I) are therefore not surprising. 

The greater rate of recovery of the filings prepared 
under liquid oxygen, in spite of their lower residual 
strains, may be explained as follows: either the rate of 
recovery is not determined by the magnitude of the 
strains measured in the manner described in section 3, or 
different processes are active in the two samples. It is 
possible, for example, that recrystallization may already 
have started in the sample filed under liquid oxygen, 
while in the sample filed at room temperature only a 
slow release of the stresses, accompanied perhaps by 
crystal growth, may have taken place. This is a plausible 
explanation if, as seems very likely, it is assumed that 
filing at —183°C will bring about more deformation 
than will filing at room temperature. 

The particle sizes are smaller than those obtained by 


COUNTS/SEC 


HOURS 
Fic. 3. Counting rate at the 200 reflection maximum plotted 
against time of annealing at room temperature. Points are taken 
from measurements made at 5 minute intervals. Upper curve is 
for high purity silver filed under liquid oxygen. Lower curve is for 
high purity silver filed at room temperature. 
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Wood? for silver (800 A), nickel (1200 A) and iron 
(3200 A) and by Williamson and Hall’ for aluminium 
(4000 A). They can, however, be compared with values 
obtained by Warren and Warekois" for a-brass (180 A 
along [111 ], 80 A along [100 ]) and by McKeehan and 
Warren"! for thoriated tungsten (200 A). For a-brass the 
systematic shift observed in the positions of the diffrac- 
tion peaks was explained as being due to stacking faults 
in the lattice which constitute the boundaries between 
these ‘‘particles.”’ A systematic shift of this nature was 
not observed in silver and it is therefore concluded that, 
contrary to a-brass, stacking faults do not contribute 
appreciably to the particle size broadening. 

A qualitative picture of the happenings during the 
later stages of recovery is afforded by the results ob- 
tained from the analysis of line breadths shown in 
Table I. It appears that the particles grow to a certain 
value then remaining nearly constant, while stresses are 
released until the lattice strains finally approach zero. 
Although these latter results were obtained by using a 
comparatively inaccurate method, it must nevertheless 
be stressed that the results do not depend strongly on 
the type of profile assumed, but rather on the observa- 
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tion that the breadths of the high-angle reflections de- 


those of the low angle re- 


crease more rapidly than 


flections. Figure 2 illustrates this point. 

For electrolytic silver bigger particle size values and 
lower strain values were found than for the high purity 
sample filed at room temperature. 


This paper is published by permission of the Sout} 


and Industrial Research. 
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METALLIC TERNARY PHASES IN THE Mn-Ta-O SYSTEM* 


NILS SCHONBERG} 


Mn-Ta-O samples have been prepared in different ways and have been examined by x-ray methods. 


[wo ternary phases have been found to exist, i.e 


and the MneTaQO; phase of a structure closely related to that of CoSn 
interatomic metal-metal and metal-oxygen distances indicate weak metallic 


properties for the latter phase 


, the metallic Mn;Ta;0 phase of the n-carbide structure 


B35 type). The abnormally great 


as well as nonmetallic (ionic 


The configurations of the ternary phases in the Mn-Ta-X systems, where X is any of the nonmetals C, 


N and O, have been discussed 


LES PHASES METALLIQUES, TERNAIRES, DANS LE SYSTEME Mn-Ta-O 


Des échantillons de Mn-Ta-O furent préparés par différentes méthodes et ensuite examinés aux rayons X 


On y aconstaté l’existence de deux phases ternaires, a savoir, la phase métallique Mn3;Ta;O ayant Ja struc 


ture du carbure-n et la phase Mn2TaQs, 
ce dernier cas les distances interatomiques métal-mé 


que ia 


caractérisées. 


dont la structure se rapproche de celle de CoSn 


tal et 


phase en question a des propriétés métalliques, ainsi que non-métalliques 


type B35). Dans 
métal-oxygéne, anormalement grandes, indiquent 


ioniques) faiblement 


On a discuté les configurations des phases ternaires dans les systemes Mn-Ta-X, ot X représente les 


éléments non-métalliques C, N et O. 


TERNARE METALLISCHE 


PHASEN 


IM SYSTEM Mn-Ta-O 


Mn-Ta-O proben wurden auf verschiedene Art und Weise hergestellt und réntgenographisch untersucht 


Es wurde die Existenz von zwei terniren Phasen gefunden, 
Phase mit einer dem CoSn 


einer Karbidstruktur und die Mn2oTaO 


und zwar die metallische Mn;Ta;O0-Phase mit 
B35 Typ) nahe verwandten Struktur 


In dieser Phase deuten die anormal grossen Metall-Metall und Metall-Sauerstoff Bindungen auf schwache 


metallische wie auch auf nicht-metallische (ionische 


Die Konfigurationen der terniren Phasen in Mn-Ta-X Systemen 


N, werden diskutiert 


oder O ist 


INTRODUCTION 


A systematic investigation of Me’-Me’-O systems 
undertaken by the present author, where Me’ and Me” 
are transition metals with Me’=Ti-Cu and Me”’=Ti, 
Zr, Nb, Ta, Mo, W, and Re, has revealed the existence 
of several metallic ternary oxide phases. The majority of 
he n-carbide structure! with 


these oxides are of 1e 


th 
tl 
metal atoms in a hexagonal close-packed arrangement 
(L’3 type) and with the general formula Me’Me”’O have 


general formula Me’;Me’’;0.** Some oxides with the 


also been prepared.* 

Two metallic oxides exist in the binary Ta-O system 
(@- and y-phases).° The §-phase has a metal atom 
arrangement obtained by an orthorhombic deformation 
of the body-centered tantalum lattice. The phase can 
dissolve oxygen up to an oxygen content corresponding 
to the formula Ta,O. The 
composition TaO and is of the B1 type. 

The oxide phase with the lowest oxygen content in the 
Mn-O system is MnO of the B1 type. The properties of 
this oxide indicate that it can hardly be characterized as 


-phase has the probable 


a metallic compound. 


EXPERIMENTAL 


The starting materials used for the preparations were 
tantalum metal powder (Fansteel) or degassed tantalum 
* Received April 9, 1954. 


Institute Chemistry, 
Sweden. 
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of University of Uppsala, Uppsala, 
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wobei X eines der Nichtmetalle C, 


hydride (Metal Hydrides Inc.), manganese metal (Ferro- 
legeringar, Stockholm, 99.9 per cent) and manganese 
dioxide (Baker’s analyzed). The samples were prepared 
in three ways: 


1. The powdered metals and MnO, were carefully 
mixed in different proportions, moulded into brickettes, 
and heated in zirconia crucibles in a high frequency 
vacuum induction furnace at various temperatures be- 
tween 1400°C and 1800°C 

2. The same mixture of metals and oxide as above 
and sealed silica tubes at 


heated in evacuated 


1000°C for periods varying between one hour and two 


Was 


weeks. 

3. Binary Mn-Ta alloys were prepared in a vacuum 
furnace starting from the powdered metals. The pow- 
dered alloys were then oxidized by means of steam in the 
presence of hydrogen in great excess at a temperature of 
about 700°C. 


The best results were obtained with methods 1 and 2, 
although the heating of the samples in silica tubes (2) 
often caused reactions with the inner walls of the tube. 
The samples from method 3 were often heterogeneous. 

The phase analysis and structure determinations were 
made from powder photographs taken with Cr-Ka and 
Cu-Ka radiation in a camera of the Guinier type. For 
measurements of the high-angle reflections, additional 
photographs were taken with focussing cameras of the 


Haigg-Phragmén type. 


i= 
| 
~ 
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THE STRUCTURES AND COMPOSITIONS 
OF THE PHASES 

Two ternary phases were found to exist in the section 
of the Mn-Ta-O system with the oxygen content up to 
50 atom-per cent. Their compositions closely correspond 
to the formulae Mn;Ta;O and MneTaQ; respectively. 

In agreement with the data published by Wallbaum‘ 
the only intermetallic compound in the Mn-Ta system is 
Mn2Ta of the Laves C14 type with the observed dimen- 
sions :a= 4.844 A, c=7.922 A, c/a= 1.635 (V= 160.9 A 


MnzTa;O0 


This oxide is of the y-carbide structure and is thus 
isomorphous with the oxides Me’;Me”;0, the 
Me’ atoms have 


where 
following combinations of Me’ and 
been reported previously by the present author: 

Me’=Mn-Cu, Me”’=Ti; Me’=Mn-Ni, Me”’=Mo or 
W. It was only possible to prepare the phase in the 
presence of fairly large amounts of other phases, e.g., 
MneTa, 


the same type for which it has been possible to deter- 


PaO, and Ta,O;. By analogy with the oxides of 


mine the Me’: Me” ratio the proposed formula is used, 
although the Mn:Ta ratio may be somewhat smaller 
than unity. The unit cube edge was found to vary 
between a=11.15 A (V=1386 A*) and a=11.18 A 
(V=1398 A$ 


Mn.TaO 


At the oxidation of Mn;Ta;0 another phase was 
found besides tantalum oxide phases. It could be pre- 
pared in a fairly pure state with MneTa, Mn;Ta;O or 
Ta,O; as impurities, if Mn2Ta was oxidized carefully 
with steam according to preparation method 3, men- 
tioned above. The oxygen content could not be de- 
termined with any accuracy, but the phase analysis of 
samples from methods 1 and 2 indicated a content of 
approximately 50 atom-per cent oxygen, so that the 
probable formula is written Mn2TaQs. 

The black compound 
with the invariable unit 
=3.578 A, c/a=0.672 


has hexagonal symmetry 


5.321 A, 


The observ ed 


cell dimensions a 
(V =87.72 A® 


the unit cell 


low-density value of 6.30 indicates that 


TABLE 


bdo W bo 


w 


Calculated and observed int 
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contains one formula unit MneTaQOs, giving a calculated 
density value of 6.41. 

\s no systematic absences of powder photograph re- 
flections occur, many combinations of atomic positions 
in several space-groups must be considered at the first 
step of the structure determination. The large value of 
29.24 A*) as compared 
with the corresponding one for the Mn;Ta;O0 phase 

, Shows that the metal-metal distances as a 


14.50 A 
) 


mean must be approximately 25 per cent greater than in 


the volume per metal atom 


the pure metals. A systematic comparison between the 
observed line intensities and the pF |? values calculated 
for different positions of the metal atoms, starting from 
the high-symmetrical space-groups which fulfil the re- 
quirements mentioned above, shows that good agree- 
ment is obtained for the following atomic positions in 


the space-group D, P6/mmm 


2 Mn in 2(d 
1 Ta in 1 
The only possible grouping for the three O-atoms is at 


the centers of deformed metal atom octahedra, i.e 


O in 3 


the 
and the 


observed for 
Mn Table I, 
interatomic distances are listed in Table I. 
The MneoTaQO; phase is tl 


related to that of 


intensities calculated and 


[faO; phase are compared in 
jus of a structure closely 
TaN*” of the B35 type.” As a mean 
the intermetallic distances in TaN (12-coordination) are 
10 per cent greater than in the pure metal. A similar 
ph 
of 28 per cent for the increase of intermetallic 


comparison for the Mn ase gives the high value 
distances 
as compared with those in the metals corrected for 12- 
that the metal-metal bonds 
than in TaN and that the 


extent must be due to 


coordination. This indicates 


in MnoTaO 
stability of the lattice 


are much weaker 
to a great 
strong metal 
If the radius values of the Mn and Ta atoms (12- 
ordination)! are 1.27 A and 1.49 A, and that of the O- 
tom 0.60 A, the calculated Mn-O and Ta-O 


would be 1.87 A and 2.09 A respectively in 


oxvgen bonds 


distances 


the case of 


TaO 


m KO 
UI Ww 


W bo DO 


NAR Y 
intensitics for the Mn. MMB; phase 
hkl I } ] 
1,0,0 37 30 2,0 14 15 31.2 ( 5 2() 
0,0,1 2 2 1,0 4 5 5.24 20 15 15 
1,0,1 87 90 8 16 15 0 
1,1,0 54 50 2 1 774 19 15 0 
2.0.0 7 5 I: 27 30 4.0.2 2 0 15 
1.1.1 3 3 O 0 0 1.7 2 0 15 
2.0.1 31 30 3.0 2 3.0.3 | 0 rf) 
0.0.2 7 5 1.0 11 10 5.0.0 1 0 10 
2.1.0 7 10 4.0.0 2 0 392 j 5 ; 0) 
1,0,2 6 5 4.0.1 11 15 0,0,4 2 0 0 2 0 
2,1,1 42 50 1,1,3 1 0 5.0.1 7 5 25 30) 
15 15 16 15 0 10 
1.1.2 30 30 20.3 11 10 33.0 ( 5 3 24 3) 
2,0,2 5 . 3,2,0 3 3 1.0.4 2 0 39 22 2() 
3,0,1 2 
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TABLE IT. Interatomic distances in the MnzTaQO; phase. 


> bonds the corre- 
sponding distances are 2.23 A and 
2.16 A, if the radius values of the Mn?*, Ta?*+ * and O? 
ions are presumed to be 0.91 A, 0.84 A and 1.32 A re- 
It is evident from Table II that the actual 
considerably greater than 


metallic bonds. In the case of ion 


| to be 


spectively. 
meta 
those calculated both for metallic bonds and ionic bonds 
and have values intermediate between the latter ones 
metal atom-+oxygen ion. In all 
rons in the outer 


l-oxygen distances are 


and the radius sums: 
probability some of the s- and d-elect 
shells of the metals have been displaced towards the 
oxygen atoms but not to such an extent that it is correct 
There are elec- 
Ithough 


to designate the bonding as ionic. 


for the formation of metallic bonds, a 


ll be weak. 


trons left 


these bonds wi 


The MneTaQO; phase exists as an intermediate oxide in 


val in the Mn 
with 


the MnO-TaO inter -Ta-O system. The 
TaO phase can by analogy the corresponding 
oxides of the NaC] structure among the group IV and V 
elements be characterized as having metallic properties. 
On the other hand MnO for several reasons cannot be 
specified to be a metallic oxide. With regard to bond 
type MneTaQO; is intermediate metallic 
TaO phase (probably with tice) and the 
nonmetallic MnO 
type and with the 

The mean Ta-O distances in Mn; 
MneTaO; and TaOsz are 2.08, 2.19, 2.22 
respect ively 

A corresponding electron displacement from the tran- 
1 the MneTaQO; phase 
Mo;0,! 
metal-oxygen distances 
metal atom 


between the 


a defective lat 
phase, both binary oxides of the B! 
same lattice constants=4.43 

Ta;0, Ta,O, TaO, 


, 2.66 and 2.02 A 


sition metal towards oxygen—as i! 

exists obviously in the metallic oxides Cr,;0," 
and 30," as the 
from 


interatomic 
the radius 


3ecause of the low 


can be derived sums: 


+ oxygen ion. oxygen content this 
displacement is at most 2/3 electrons per metal atom. 
“free” electrons in the outer s- and d- 
al bonds of such a nature that the 


as in the 


The remaining 
shells form metal-met 
intermetallic dist 
pure metals. 

Attempts were also made to replace Ta in Mn2TaO 
with Nb, but no analogous compound seems to exist in 

* The radius value of the ‘Ta?* been derived from that 
of the Ta** ion (=0.71 A)* using the expression given by Pauling," 
t2= (nB/AZ?)Vr, fe r the calculation of the radius rz of an ion 
of valency Z. The to be u~-9 


ances are almost the same 


ion has | 


Born exponent is taken 
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the Mn-Nb-O system. The only phases thereby obtained 
were Mn2Nb (C14 type), NbO and NbOs. 

A study of the Me’-Ta-O systems, where Me’ = Ti, Cr, 
Fe, Co, and Ni, showed that no ternary phases seem to 
exist for Me’=Ti, V and Cr. For Me’= Fe, Co and Ni, 
on the other hand, ternary phases were obtained, most 
likely having metallic character. According to the distri- 
bution of the diffraction lines they have rather compli- 
cated structures, and it was not possible to obtain them 
. Fe further forms the Fe;Ta;0 compound 
which is not the case for 


in pure states 
of the n-c structure, 
Me’=Co and Ni. 
TERNARY METALLIC Mn-Ta-X PHASES 
WITH X=C, N, AND O 

It may be of interest to compare the Mn-Ta-X sys- 
tems, where X is any of the nonmetals C, N and O. 

No homogeneous ternary Mn-Ta-C phase seems to 
exist. In a recently published paper about the formation 
Kuo’ argued that the inability of Ta to 
form phases of this type with the metals of the first 
period of transition metals (Ti-Cu) is due to the fact 
that the only metal in this period suitable for such a 
formation must have properties intermediate between 
those of Cr and Mn. Thus no double-carbides Cr;TasC 
or Mn;Ta;C exist according to Kuo but triple carbides 
(Me’(1), Me’(2));Tas;C in the combinations Me’(1) 
= Cr, Me’(2)=Fe, Co, Ni, Cu, and Me’(1)=V, Me’(2) 
=Fe, Co, Ni. 

Two ternary Mn-Ta-N phases have been prepared,'® 

, MnTaN, with unknown structure and Mn;TaN, of 

a an ordered “‘anti-TiP” structure. In the latter 
compound the N-atoms have octahedral surroundings of 


of n-carbides 


metal atoms. 

The O-atoms in Mn;Ta;0 are situated at the centers 
of slightly deformed Ta atom octahedra. The configura- 
tion and the nature of the Mn2TaO; phase have been 
discussed above. 
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THE SEGREGATION OF IMPURITIES TO GRAIN BOUNDARIES* 


W. R. THOMAS} and B. CHALMERSt 


It has been experimentally shown that polonium segregates to grain boundaries in an alloy of lead and 
5 per cent bismuth in which the polonium was present to the extent of one part in 10. The results show that 
the amount of polonium contained in the boundary is a function of the orientation of the crystals adjacent 
to the boundary and of the temperature at which equilibrium is attained. The boundaries were produced 
by symmetrical rotations of seed crystals about the [001] direction so that the boundaries consisted mainly 
of edge type dislocations. 

The number of polonium atoms is calculated for boundaries with @ up to 15 degrees to be one atom of 
polonium in every 2X10* dislocation sites; a dislocation site is the intersection of a dislocation and an 
atomic plane. The number increases to about four times this value for boundaries with an orientation 
difference of 25 degrees. 

The concentration of polonium in the boundaries decreased rapidly with annealing temperature; only 
the high-angle boundary segregate persists at the higher annealing temperatures 


LA SEGREGATION D’IMPURETES DANS LES JOINTS INTERCRISTALLINS 


On a montré expérimentalement qu’il y a ségrégation de polonium dans les joints intercristallins, dans un 
alliage de plomb avec 5 pour cent de bismuth, contenant une part dans 10" de polonium. Les résultats 
permettent de constater que la quantité de polonium contenue dans un joint est une fonction de l’orientation 
des cristaux adjacents au joint et de la température a laquelle l’équilibre est atteint. Les joints furent produits 
au moyen de rotations symétriques de cristaux-germes autour de la direction [001 ], ce qui donne des joints 
consistants principalement en dislocations-coin. Pour des joints 4 angle @ jusqu’a 15°, le calcul donne un 
atome de polonium par 2X10 intersections d’une dislocation avec un plan réticulaire. Ce nombre est ap 
proximativement quatre fois plus grand pour des joints 4 angle 6 égal a 25 

Une élévation de la température de recuit conduit 4 une diminution de la concentration de polonium dans 
les joints; aux températures de recuit plus élevées, la ségrégation ne persiste que dans les joints 4 grande 
différence angulaire. 


DIE AUSSCHEIDUNG VON VERUNREINIGUNGEN AN KORNGRENZEN 


Es wird experimentell nachgewiesen, dass sich Polonium an den Korngrenzen einer Bleilegierung mit 
5% Wismuth, in der Polonium in einer Konzentration von 1:10" vorhanden war, abscheidet. Die Ereigniss¢ 
zeigen, dass die an der Korngrenze zuriickgehaltene Poloniummenge eine Funktion der kristallographischer 
Orientierung der der Korngrenze benachbarten Kristalle und der Temperatur, bei der Gleichgewicht erreicht 
wurde, ist. Die Korngrenzen wurden durch symmetrische Rotationen von “Keim” kristallen um die (001 


lauptsacnucn at otul versetzunge 


Richtung hergestellt. Infolge dessen bestanden die Korngrenzen 


I 
Die Anzahl der Poloniumatome wurde fiir Korngrenzen mit 6-Werten bis zu 15° zu einem Atom Poloniu: 
je 2X 108 Versetzungsstellen berechnet Eine Ve rsetzungsstelie ist 
einer Kristallebene. Die Zah] der Poloniumatome wiichst auf etw 
ein 25° aufweisen. 


Die Poloniumkonzentration an den Korngrenzen nimmt s¢ 
die Ausscheidung an Grosswinkelkorngrenzen ist bei héheren 


INTRODUCTION the evidence has been produced by experiments design¢ 


. to measure the difference in concentration. 
It has been suggested by numerous investigators on Ure 
. are numerous examples in the liter 
the basis of their own observations and on theoretical 
: investigations providing indirect evidence. Spretnak 
grounds that impurities segregate to grain boundaries. 
. Speiser’ suggest that the temper brittleness founc 
Such segregation might be expected, since at the grain “go 2 : 
: Sé > steels 1s due to the concentration of carbon al 
boundaries there exist some regions where large foreign 
srain boundaries; their argument is based on the ap 
atoms and others where small foreign atoms will fit with 
pear the grain boundaries in metallographi 
less strain than they do within the crystal lattice. 
Therefore, the concentration of impurity should be = on or thermodyn ar 
| argument. t has been found that small amounts O 
higher at the boundary than it is within the body of the @8Ument. 4! brittl . 
vy embrittle copper at low temperature,’ and 
grain. The evidence for this type of segregation can be copper at low 
divided into two categories; indirect, where the experi- though no com 
la boundaries was observed metallographically 
mental data are most easily explained by the assumption ees 
' ¢ suggested that this was the cause of the embrittlement 


Miekk-Oja* has measured the effect of small add 
of iron and phosphorus to brass on the re rystalliza 


that this type of segregation exists; and direct, where : 
itions 

Received Apri 28, 1954. . 5 
t Department of Metallurgical Engineering, University of | temperature and concluded that the manner in which 


} 


t Division of Applied Science, Harvard University, Cambridge, 
Massachusetts. 


loronto. these elements inhibit recrystallization is due to concen 


tration at the grain boundaries. It is also well known 
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The calculation of the number of dislocations can be 
obtained from the equation 


4 
DX sin 


V= 
d 


where D is the length of boundary perpendicular to the 
line of the dislocations, d is the lattice constant, which in 
this case is 4.94 and @ is the orientation difference in 
degrees. If it be assumed that all the dislocations are 
edge-type and that their lines are parallel to the 
emulsion, then the number of polonium atoms per dis- 
location of 2 mm length (the length of the slit) is 
calculated by dividing the total number of polonium 
atoms in a 2 mm length of boundary by the number of 
dislocation lines. The table gives the values obtained by 
this calculation, and the number of dislocation sites per 
atom of polonium, a dislocation site being the intersec- 
tion of a dislocation and an atomic plane. 


2.0 10 1.8 105 
4.9 10 1.8X10 
7.7X10 1.8X 10 
2X10 2.7X10 
7X10 6.5X 10 
3x 104 7.2X10 


/ 
R 
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DISCUSSION 


Shockley and Read have derived an expression re- 
lating the energy of the grain boundary to the angular 
difference of orientation of the crystals, of the form 


y= E,6(A —I1né). 


The experimental data on the energies of grain bound- 
aries in silicon iron, lead, tin, and silver agree remark- 
ably well with the prediction of the theory and show 
that the dislocation model of the boundary is satisfactory 
for small angle boundaries. In fact, the experimental 
data fit the theoretical curve far beyond the limit to 
which the theory should be valid. Read and Shockley 
state that this is probably due to a fortunate cancella- 
tion of errors although the reason for this cancellation 
is by no means clear. 

A critical examination of the experimental data shows 
that the change in boundary energies from low angle to 
high angles may not be smooth. The results of the 
measurements of grain boundary energies in silicon 
iron’! suggest a sharp change at 20 degrees, that for 
lead’ at 16 degrees and that for tin'* at 6 degrees. The 
results for silver are not precise enough to indicate any 
abrupt change. Achter and Smoluchowski" have studied 
the diffusion of silver in grain boundaries of copper and 
found diffusion to be absent in boundaries where the 
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relative orientation is less than 20 degrees and to rise 
sharply as the difference of orientation increases from 20 
degrees to a maximum at 45 degrees. 

The results of the present investigation show that an 
abrupt change occurs in the segregation of polonium at 
grain boundaries at 16 degrees in the alloy of lead and 
bismuth. The first portion of the curve of Fig. 3 is an 
approximately straight line indicating that each disloca- 
tion added to the array to produce an increment of 
rotation brings with it a specific number of polonium 
atoms. 

At 15 degrees the spacing of the dislocations in the 
array is about 4 lattice parameters, which is the distance 
at which the cores of the dislocations begin to interact.'® 
It is likely, therefore, that an increase in the number of 
dislocations will increase the strain in the region be- 
tween the cores. The extra impurity atoms may be 
accommodated in the regions between the cores of the 
dislocations, or a higher proportion of the dislocation 
sites may be occupied by polonium atoms. It is probable 
that the curve of relative concentration vs 6 levels off 
above 25 degrees when all the single dislocations have 
lost their identity and the structure of the boundary is 
one of extreme disorder. 
that the concentration of im- 
purity in a single dislocation can be related to the 


Cottrell'® has shown 


temperature, the average concentration of impurity 


provided it is dilute, and the strain energy of the 


dislocation by the function 


where Cy is the average concentration and V is the 
strain energy. This predicts an exponential curve re- 
lating the concentration of impurity at the boundary to 
the annealing temperature, whereas Fig. 5 suggests that 
the relationship is linear. It is possible that equilibrium 
was not reached at the lower annealing temperatures, in 
which case the corresponding points would be spuriously 
low. If the points for the lower temperatures were 
higher, the exponential relationship would appear more 


probable. 


SUMMARY 


It can be concluded that the concentration of im- 
purities at a grain boundary is a function of relative 
orientation and of temperature. The results imply that 
the structure of the grain boundary changes abruptly as 
the orientation difference increases through 15 degrees. 
The dislocation model of the boundary is satisfactory for 
low angle boundaries but inadequate to completely 
explain the properties of high angle boundaries. 
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THE YIELD PHENOMENA, KINK BANDS AND GEOMETRIC SOFTENING IN TITANIUM 
CRYSTALS* 


A. T. CHURCHMAN; 


Single crystals of titanium grown by a modification of the strain anneal technique show discontinuities in 
the stress strain relationship when containing 0.1 wt.% oxygen and nitrogen. The discontinuities are ex 
plained as a manifestation of the yield phenomenon modified by geometric softening taking place during the 
formation of kink bands. An explanation of fragmentation is suggested for materials which form kink bands. 


LES PHENOMENES D’ECOULEMENT, LES BANDES DE PLIAGE ET L’ADOUCISSEMENT 
GEOMETRIQUE DANS DES MONOCRISTAUX DE TITANE 

On constate ]’existence de discontinuités dans les relations tension-déformation de monocristaux de titane 
contenant 0.1 pour cent d’oxygéne en poids, produits par une technique modifiée de déformation-recuit. 
Ces discontinuités sont interprétées comme une manifestation du phénoméne d’écoulement, modifié par un 
adoucissement géométrique qui apparait lors de la formation de bandes de pliage. On suggére une explication 
de la fragmentation pour les matériaux qui forment des bandes de pliage 

FLIESSERSCHEINUNGEN, KINKBANDER, UND GEOMETRISCH BEDINGTE 
ERWEICHUNGEN VON TITANKRISTALLEN 

Titaneinkristalle, die mit Hilfe einer modifizierten Spannungs-Gliih methode geziichtet waren, zeigten 
Unstetigkeiten in den Spannungs-Verzerrungsbeziehungen, wenn sie 0,1 Gew. % Sauerstoff und Stickstoff 
enthielten. Diese Unstetigkeiten werden als Folgen von Fliesserscheinungen erklirt, die durch geometrisch 
bedingte Erweichungen, die bei der Bildung von Kinkbindern auftreten, modifiziert worden waren. Es wird 
eine Erklarung der Fragmentation von Stoffen, die Kinkbander bilden, vorgeschlagen 


INTRODUCTION polycrystalline mild steel and have been observed more 
recently in molybdenum! and in single crystals of a-iron* 
both of which have a body-centered cubic structure, in 
zinc’ and cadmium! with close-packed hexagonal crystal 
structures, and in a-brass® and aluminium-4 per cent 
magnesium’ with face-centered cubic structures. These 


Yield phenomena have been observed in a number of 
metals in which interstitial impurities are present 
notably nitrogen). The stress-strain curves for ma- 
terials showing the yield phenomena have certain char- 


acteristics: (a) a drop in load is associated with the : . 
phenomena have been explained in terms of an inter- 


start of plastic flow in an annealed specimen; (b) a : ile : 
action between the strain field produced by the im- 


smooth stress-strain curve is obtained on immediate 
purities in the metal lattice and the strain fields as- 


sociated with dislocations. This interaction is called 
“Cottrell locking.’”’? The observed stress-strain curve 
may differ from the simple case due to other superim- 


retesting; and (c) the discontinuous stress-strain curve 
is again obtained after a low-temperature annealing 
treatment. Curve A of Fig. 1 shows an idealised case. 


The phenomena have been known for a long time in boy supa! 
posed phenomena. In the case of zinc and cadmium,** 


: complete recovery occurs during strain ageing, resulting 
\/ in curves of type B in Fig. 1. In iron, on the other hand, 
) a form of precipitation hardening occurs during strain 


ageing, resulting in a curve of type C in Fig. 1. In all 
these cases, however, the basic yield characteristics are 
observed. Yield phenomena found in the stress-strain 
curves of titanium are modified by a further complica- 
tion, as will be reported in this paper. An explanation on 
the basis of geometric softening is put forward to ac- 


St ress ——— 


count for this modification. 


EXPERIMENTAL METHOD 


Strain Material 


Fic. 1. Idealised stress-strain curves for single crystals of three 
different materials in which curves (a) represent fully annealed 
crystals and (b the crystals on retesting after a low temperature produced in this Laboratory by the van Arkel process, 
ageing treatment. A shows the yield phenomena alone. B the yield hy 
phenomena modified by recovery during ageing. C the yield 
phenomena modified by precipitation hardening during ageing. strain anneal technique.* Crystals of two compositions 

were examined with purities of 99.85 and 99.95 per cent 

* Received May 6, 1954. eee net which contained iron <0.005 per cent, silicon <0.02 

+ Research Laboratory, Associated Electrical Industries Limited, ’ 

Aldermaston, Berkshire. 
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The titanium used in the following experiments was 


and single crystals were grown by a modification of the 


per cent, tungsten, molybdenum and boron <0.0001 


; 

a |b b la 
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per cent. The difference between the two samples lay in 
their oxygen and nitrogen contents. The relationships 
between hardness and combined oxygen and nitrogen 
content determined from published data® was relied 
upon to evaluate the approximate amounts of these 
elements present. A gas analysis carried out at the 
National Physical Laboratory on two samples with a 
Vickers pyramid hardness of 97 gave the combined 
oxygen and nitrogen content as 0.014 per cent +0.001 
per cent which is in agreement with the above relation- 
ship. The Vickers pyramid diamond hardness number of 
the two compositions examined were 90 and 160, which 
correspond to combined oxygen and nitrogen contents 
of 0.01 wt. per cent and 0.1 wt. per cent, respectively. 
The orientations of the crystals relative to the stress 
axis were determined by the back-reflection Laue 
technique. 


Testing Conditions 


Shouldered strip test pieces were used with a 5/8 
1/16” 
sisted of one or more crystals which extended right 


gauge length. The gauge length con 


across the cross section of the specimen and which, in 
the tensile test, behave free of boundary constraint. The 
four faces of the gauge length were electro-polished, 
before testing, in a 5 per cent perchloric acid acetic acid 
bath.” The specimens were tested in a rigid machine of 
the Polanyi type, being mounted by clamping into axial 
loading shackles. The rigidity of the machine is such 
that a stress relaxation of approximately 25 |b/sq in., 
corresponding to an 0.5 mm scale deflection, involves a 
specimen extension of only 10~° in. if the relaxation is 
rapid compared with the strain rate. The machine is 
therefore sensitive to quite small variations in the stress 
required for plastic flow. Test temperatures above and 
below room temperature were obtained by placing the 
specimen in a vacuum vessel containing heated silicone 
oil or a suitable coolant. Ageing of the specimens im si/1 
was also possible in this manner. 


THE YIELD PHENOMENA: STRESS-STRAIN CURVES 


Titanium crystals containing only 0.01 wt. per cent 


oxygen and nitrogen showed no signs of discontinuities 


Strain 


Fic. 2. Stress-strain curves for two titanium crystals containing 
a total of 0.1 wt. per cent of oxygen and nitrogen. In both cases 
the slip plane is (1010) with Xo=45° in Test 23 and 35° in Test 26 
Note the small initial discontinuity with the lower Xo value, 
although the discontinuities after ageing are similar. Note also 
that the curves do not apparently show any work-hardening until 
after the onset of duplex slip (arrowed in Test 26) 
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Fic. 3. The 
slipping on the (1010 
after 600 hours rest at 


stress-strain cu of a crystal of the lower purity 
tested at 190°C, at 24°( 
at 240°C after 18 hours 
18 hours at 240°C 


room temperature 
at temperature, and again at 23 after 
the « 


g the te 


urves except in ¢ 


the 


per cent 


190 


specimens containing 0.1 wt. 


in the stress-strain curves even at On 


other hand, all 


oxygen and nitrogen showed discontinuities during the 
The 


initial test at room temperature yield charac- 
that is, (1 


Fig 


liate 


teristics were in evidence (see a load 


) 


drop was observed : é in reloading Vave a 


180°C 


met 
curve; (3) annealing at 
The 
in Fig. 1, 


recovery and strain age-hardening are negligible factors. 


smooth stress-strain 


restored the discontinuous curve stress-strain 


curves appeared to be of type (A in which 


However, a small strain age-hardening, as measured by 
the difference between the flow stress immediately be 
fore annealing and the lower yield stress after annealing, 
was observed, but the magnitude was only of the order 


of 20 per cent of that observed in iron 
Complete strain ageing and the return of a yield point 
from one to two 


required an annealing treatment of 


180°C. Up to 600 
temperature resulted in no detectable ageing 


curve 


hours at hours’ treatment at room 


see Fig. 3, 


\ number of features distingui the behaviour 


observed in titanium from that of other metals showing 
the yield phenomena. Thus the discontinuity produced 
after ageing was never so large as the initial one and the 
magnitude of the fall in stress appeared to depend on 
orientation (see curves a, Fig. 2). On the other hand, the 
magnitude of the fall in stress was not markedly affected 
Che 
shown in Fig. 3 for a crystal slipping on the 

240°C 


Che actual 


stress-strain curves are 
1010 
after ageing at 
20°C after 
190°C was 


by the test temperature 


system when tested at 


room temperature, al and again al 


ageing at 200°C yield stress at 


twice that at room temperature: this increase in 


strength is of the same order as that of a crystal of 


similar orientation, but of the higher purity, in 


which no signs of yield phenomena were observed. The 


23 

° 

24°C 23 C. 
10000 

240°C 
a) |b) c) d) 

Strain 
vhere the specimen ma e ageing durinMkst. The disco 
tinuities at 240°C and 190°C differ ver ttle in magnitude 

— 
40,000) 
Test 23 Test_ 26 
= 
20000 | | 
| 
° | 


ACTA METALLUR 


Test 36 
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| Ja) 
first observed 


b) 


° 
Strain 


8% 

Fic. 4. The stress-strain curves obtained with a crystal contain 

ing a total of 0.01 wt. per cent of oxygen and nitrogen slipping 

on the (1010 Y¥o= 433°. Curve (a) was taken in the fully 

annealed state, curve (b) after an annealing treatment of 18 hours 

at 200°C. Note that there are no discontinuities in the curves, 
even after ageing. 


system. 


fall in stress at the start of plastic flow in the low- 
temperature test is only about 50 per cent above the fall 
in stress observed during testing at 240°C and at 20°C. 

Examination of the stress-strain curves of the two 
types of titanium crystals revealed a difference in the 
apparent rates of work hardening. In the less pure 
crystals showing the yield phenomena the stress-strain 
curves after the initial drop in load were either parallel 
to the strain axis or had a negative slope (see Figs. 2 and 
3). After considerable deformation the slope became 
positive and the onset of duplex slip in a crystal was 
usually marked by an increase in the slope of the stress- 
strain curve. The shape of the stress-strain curve again 
appeared to be orientation-dependent. In the purer 
crystals (see Fig. 4) the stress-strain curve was a normal 
one showing a positive rate of work-hardening and no 
discontinuities. 


METALLOGRAPHIC EXAMINATION 

The appearance of the slip lines was different in the 
two groups of crystals examined. In the purer crystals, 
flow commenced with isolated and fairly evenly spaced 
slip lines. As the deformation increased the spacing 
between The deformed 
after 0.5 and 1.5 per cent extension were examined by 
electron microscopy using both “‘Formvar” and carbon 
replicas" with and without low-angle shadowing with a 


the lines decreased. surfaces 


gold palladium alloy. In titanium no fine slip was re- 
solved between the optically visible slip lines but these 
slip lines were themselves resolved into two or three finer 
traces (see Fig. 5). 

However, in the less pure crystals the slip first ap- 
peared in groups of two or three lines (see Fig. 6). With 
increasing deformation the regions in which slip had 
taken place increased until after about 0.5 per cent 
extension the density of the slip lines was approximately 
the same all over the crystal. This behaviour is charac- 
teristic of other metals showing the yield phenomena** 
local regions of inhomogeneous de- 


and indicates 


formation. 
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Cross-slip was occasionally observed in the less pure 
crystals, especially in orientations in which the stress 


axis was near to the c-axis (see Fig. 7). 


KINK BANDS 


Metallographic examination of specimens of the less 
pure crystals during tensile testing showed that the 
discontinuity in the stress-strain curve was associated 
with the appearance of tilted regions on the surface of 
the specimens” (see Fig. 8); these did not appear with 
the first slip lines on the specimens but only after ex- 
tensions of approximately 0.1 per cent. Even though 
ageing reintroduced further discontinuities it did not 
normally lead, to a multiplication of the tilted regions. 
The tilted region did not increase appreciably in width 
with increasing deformation, which distinguished it 
from the Liiders bands associated with the yield phe- 
nomena in steels. Further microscopic and X-ray ex- 
that the lattice is rotated in the 
that 
increasing deformation. The phenomenon has been ob- 


amination showed 


tilted regions and this rotation increased with 


served in other metals in which the tilted regions have 
been called kink bands."* The appearance and magnitude 
of these kink bands were related to the crystal orienta 
tion, as were a number of features of the stress-strain 
curves of titanium. 

A large discontinuity and a negative work-hardening 
curve were associated with the formation of a kink band 
which occupied a large part of the crystal and in which 
there was a considerable lattice rotation. In the large 
bands (1010) slip was always involved but, at least in 
part, this was a consequence of the orientation effect. 


Fic. 8. Kink bands formed after (1010) slip in titanium crystals 
of the lower purity. In the case of the large band (a) the (1010) 
plane makes an angle of 52° with the stress axis and in the case of 
the multiple banding (b) the (1010) plane is 37° away from the 
stress axis. The bands are revealed because of the tilt which they 
produce at the specimen surface. In (a) the band is the light region. 
The dark region corresponds to heavy slip. In (b) the slip lines 
are coarse and can be seen. The bands here correspond to the 
lighter regions at 90° to the slip lines. 20X. 
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Pirate I. Fic. 5.—An electron micrograph of a (1010) slip trace afte h 
is resolved into a number of steps of different heights. 50,000. Fic. 6 he grouping or uneve1 
in the initial stages of deformation of a crystal with a discontinuous stress strain curve. 100X. Fic 
nium crystals of the lower purity. The main traces correspond to (1010) slip. The cross slip traces, w 


can be seen joining some of the main traces. 300X. 
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PLATE II. Fic. 9.—The bend plane boundary of a kink band showing the change in slip direction over a small region near to this 
boundary. The slip lines are straight on either side of this narrow region of bent lattice. 600. Fic. 11.—The boundary of a kink band 
in a crystal slipping on a (1010) plane, after 30 per cent elongation. The main bend plane boundary is the bright line at which the 
direction of the slip lines changes markedly. A second boundary can be seen as a dark line inside the kink band. The angular difference 
between these two boundaries increases with increasing deformation. Note the second slip system operating inside the kink band. 300. 
Fic. 12.—Regions of marked change of slip direction observed in a polycrystalline titanium specimen after deformation (at 200°C 
during which discontinuities were observed in the stress strain curves. 800X. 
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As the c-axis approached the stress axis the slip system 
changed from (1010) to (1011) and then to (0001).* 
With this change of orientation and slip system the 
bands became much less pronounced and usually more 
than one in number (Fig. 8), each involving only a small 
lattice rotation. 

The bend planes bounding the tilted regions in the 
crystals were usually straight and approximated to 
traces of {1120} planes. The particular (1120) plane 
involved was found to be the one perpendicular to both 
the operative slip direction and slip plane. 

In crystals which formed kink bands after (1010 
slip, the lattice in the kinked region was rotated about 
the [0001 | axis from the matrix orientation, the line of 
intersection of the slip plane with the bend plane. With 
increasing extension this rotation increased to as much 
as 25 degrees. The rotation in bands formed during 
(1011) and (0001) slip were, however, too small for 
accurate analysis; nevertheless, the rotation during 
kinking after basal slip appeared to be about a [1010 ] 
axis, which is the line of intersection of the basal plane 
and the bend plane. This is in agreement with recent 
findings on the axis of rotation of aluminium during 
kinking." 

The bent region of the lattice was confined to the bend 
plane boundary of the band (see Fig. 9) as shown by the 
occurrence of asterism in back-reflection Laue photo- 
graphs. Inside and outside the kink band the photo- 
graphs showed no asterism, indicating that the lattice is 
unbent in these regions, as other workers have shown for 
aluminium, copper’® and zinc.'® This is in agreement 
with the dislocation picture of deformation bands" 
which is that the bands are regions bounded by planes at 
which dislocations are piled up causing a fairly sharp 
lattice bending. 

The region of the bent 
polygonise after an annealing treatment of 12 hours at 
850°C. The polygon boundaries were approximately 


lattice was observed to 


perpendicular to the slip lines and were revealed by 
thermal etching which occurred during the annealing 
(see Fig. 10). That the polygon boundaries separated 
regions of slightly different orientation was shown in the 
back-reflection Laue photographs in which the asterism 
streaks were broken down into discrete spots very close 
together. After deformation (approxi- 
mately 30 per cent elongation in tension) the asterism 


considerable 


streaks appeared to be broken into diffuse spots before 
annealing, which then served only to sharpen the spots. 
A similar phenomenon has been reported during the 
deformation of zinc'* and molybdenum." Aust, Maddin 
and Chen" ascribed the phenomenon to fragmentation, 
in which small units of slightly disoriented good crystal 
were connected by highly strained regions. 

A possible mechanism for this type of fragmentation 
was suggested by the appearance, after considerable 
deformation, of a second bend plane at the kink-band 
boundaries (see Fig. 11). Further deformation resulted 
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Fic. 10. The region of a kink band after annealir 
at 850°C. The surface has thermally etched during the annealing 


boundary 


process. The change in direction of the original slip lines can still 
(The lines are approximately horizontal). In the region of 


n at right angles t 


be seen 
lattice bending a sé ries of marki 7s Can be see 
the old slip lines. These are 
of slightly different orientation (approximately 30 minutes 


ar¢ 150X. 


polygon boundaries separating region 


in further rotation of the lattice while the angular 
difference between the two components of the kink-band 
boundary increased. If a number of these boundaries 
formed during the deformation, the outcome would be 
slightly disoriented regions of good lattice separated by 
bend planes or regions of piled-up dislocations. As the 
disorientations would involve increasing degrees of rota- 
X-ray 
pattern would show diffuse spots lying along an ar¢ 


h the 


tion about a given crystallographic axis, the 


corresponding wit asterism that would have re- 


sulted from a uniform bending of t] tice about the 
same axis. Complete polygonisation or sharpening of the 
ise of tempera- 


‘climb”’ of 


spots would not be possible without a rise 
ture to provide the activation energy for the ‘ 
dislocations from one plane to another. 


DISCONTINUITIES IN THE STRESS-STRAIN CURVES 


OF POLYCRYSTALLINE MATERIAL 


Polycrystalline titanium and zirconium of 99.85 per 
cent purity also showed discontinuities in their stress- 


strain curves, but only when tested at temperatures 
above 90°C when the criteria of the yield phenomena 
observed. The which the dis 


were temperature al 


continuities appear is probably a function of grain size. 


The grain size which corresponded to a critical tempera 
ture of 90°C was 25 grains/mm?. Microscopic examina- 
tion of specimens which had been tested above 90°C 
showed wedge-shaped regions in which there were sharp 
changes in the direction of slip (see Fig. 12) resembling 
the bands of “‘secondary slip” observed by Honeycombe 


in aluminium,’ 
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THE RELATIONSHIP BETWEEN GEOMETRIC 
SOFTENING, KINK BANDS AND THE YIELD 
PHENOMENA IN TITANIUM 


Differences between the stress-strain curves of ti- 
tanium and those of other metals showing the yield 
phenomena can be explained by a combined effect of 
geometric softening, kink-band formation, and the yield 
phenomena. Kink bands were observed only in crystals 
of titanium showing the yield phenomena. This suggests 
that the kink bands are a means of relieving local lattice 
stresses (bending) produced by the inhomogeneous 
deformation associated with the yield phenomena. This 
hypothesis is given further support by the nonappear- 
ance of kink bands where the crystal has from an early 
stage in the deformation been able to slip on a second 
system. In such cases the local stresses are relieved by 


duplex slip. A second slip system was often observed in 


the kinked regions but this was due to the change in 
orientation relative to the stress axis produced by the 
rotation of the lattice in the kink band. 

Schmid and Boas" have shown that during the 
deformation of a single crystal by slipping on one 
system, the lattice was so rotated that the slip plane and 
direction were brought more nearly into coincidence 
with the axis of the applied stress, thereby increasing 
the resolved stress on the slip plane. Assuming no work- 
hardening, they predicted a relationship between stress 
and strain which showed a falling applied stress to 
maintain flow—the actual shape of the curve being 
governed by the original orientation of the crystals. The 
larger the angle (Xo) between the slip plane and the 
stress axis of the original crystal, the greater the initial 
rate of rise in the resolved shear stress on the plane and 
the lower the necessary applied stress to maintain 
plastic flow. Andrade and Roscoe” used this argument 
to explain ‘stove piping’ in zinc crystals with high Xo 
values. In zinc crystals of such orientations the rate of 
work-hardening was such that with increasing extension 
the flow stress continuously fell, thus localising the 
region in which deformation occurred. Such a process is 
a geometrical property of the mode of deformation of a 
crystal and should therefore be independent of the 
testing temperature or of low-temperature annealing 
treatments in which recovery does not take place. 

Due to the three possible slip systems in titanium 
there will only be a limited range of values for Xo (less 
than O to 60 degrees): the range will differ with the 
purity of the crystal, for purity has been shown to affect 
the relative values of the critical resolved shear stress 
for slip on the various slip systems.* The initial rate of 
work-hardening of titanium is higher than that for zinc 
discussed by Andrade and Roscoe; this will limit further 
the range of orientations showing a falling stress-strain 
curve due solely to geometric softening. Except in a few 
orientations the principal effect of geometric softening 
will be to vary the apparent rate of work-hardening (see 
Fig. 4). 

That the observed discontinuity in the stress-strain 
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curves of the crystals containing 0.1 wt. per cent of 
oxygen plus nitrogen is not due solely to geometric 
softening is shown by the reappearance of a discon- 
tinuity after a low-temperature annealing treatment and 
by the uneven distribution of slip in the early stages of 
deformation. 

In crystals showing the yield phenomena, inhomo- 
geneous deformation will result in local bend stresses 
between the macroscopic regions which have slipped and 
In suitable orientations these 
stresses may be relieved by duplex slip; in others they 
lead to the formation of bend planes which migrate 
further bend stresses into a 


those which have not. 


under the influence of 
narrow region forming a kink band. The lattice in the 
kink band is so rotated that the resolved shear stress on 
the slip plane is increased. The rate of increase will again 
depend on the initial orientation of the crystal. The 
formation of kink bands thus accentuates the effect of 
geometric softening and, as shown in Figs. 2 and 3, leads 
to an apparent negative work-hardening curve. The 
onset of duplex slip—whether it occurs at an early stage 
in the deformation, when it inhibits kinking, or in the 
kink bands after a certain amount of lattice rotation 
results in an increased rate of work-hardening. 

We can now explain the apparent anomalies in the 
yield behaviour of titanium. It is apparent that the 
yield phenomena are not very marked and are coupled 
with quite a high rate of work-hardening. Because of 
two factors the observed stress-strain curves differ from 
the continuous stress-strain relationship usually ob- 
tained with metals. One arises from the yield phenomena 
and the other from geometric softening accentuated by 
the lattice rotation involved in the formation of kink 
bands. Whereas the yield phenomena are strongly tem- 
perature-dependent’ but have not been reported to be 
affected by orientation changes, the geometric softening 
is strongly orientation-dependent, and is not affected by 
changes in test temperature. It appears that in certain 
orientations the contribution from geometric softening 
is equal to, or greater than, that from the yield phe- 
nomena. Therefore crystals of these orientations will 
show a much enhanced difference between the upper 
yield stress and the stress required to maintain plastic 
flow. Herein lies the explanation for the apparent 
orientation dependence of the difference between the 
upper and lower yield stresses. 

In a similar manner the temperature dependence of 
the magnitude of the discontinuity at the initiation of 
plastic flow will be smaller than expected on the basis of 
the yield phenomena alone and will vary with the initial 
orientation of the crystal. 


THE MAGNITUDE OF THE YIELD PHENOMENA 


The two groups of crystals of titanium, one which 
shows the yield phenomena and the other which does 
not differ only in the oxygen and nitrogen content of the 
material. 

Oxygen and nitrogen go into interstitial solution in 


8 
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the titanium with a wide range of solubility in the a- 
phase.” In other metals exhibiting the yield phenomena, 
the solubility of nitrogen in the a-phase at room temper- 
ature is very low.** A wide range of solubility can 
arise either from a favourable size factor, when only a 
small distortion of the lattice is caused by solution, or 
from a high chemical affinity between the atoms con- 
cerned. In the case of titanium there is a very high 
affinity for oxygen and nitrogen, as shown by its 
‘gettering’ properties, its reduction of nearly all oxides, 
and the thermodynamic stability of the solid solution of 
oxygen in titanium. Lattice parameter measurements of 
titanium containing oxygen” or nitrogen”® show that the 
c-parameter is expanded more than the a parameter but 
that up to about 2 wt. per cent this results in an in- 
significant change of the axial ratio. Above 2 per cent 
the axial ratio increases with oxygen content as the a 
parameter does not appreciably change. The distortion 
produced by the nitrogen appears to be somewhat 
greater than that produced by oxygen atoms. Ehrlich” 
has shown that the interstitial oxygen atoms can occupy 
sites in the unit 
(2/3, 1/3, 1/4) and (2/3, 3/4) when the titanium 
atoms are at (000) and (1 3,1 
sites are spherically symmetrical and expansion of the 
lattice at a constant c/a ratio results in a simple dilation 


hexagonal cell corresponding to 


1 


> > 
2 2). These interstitial] 


of this space. This type of distortion involving no shear 
has been shown to react as in face-centered cubic metals 
only with the stress field of the edge components’ of 
dislocations. This results in a weak locking of the dis- 
locations. One would expect local shear stresses to be 
developed when only one of the two interstitial positions 
was filled. The symmetrical distortion, together with the 
high chemical affinity of titanium for the interstitial 
elements, will result in a much smaller reduction in free 
energy by the association of interstitial atoms with 
dislocations and so in a much weaker locking than is the 
case possible in other metals. 


CONCLUSIONS 


1. Single crystals of titanium containing 0.1 per cent 
combined oxygen and nitrogen show the yield phe- 
nomena durlng tensile testing. 

2. The phenomena are not detected in crystals con- 
taining 0.01 per cent interstitial impurlty. 

3. Large kink bands are developed during the tensile 
testing of those crystals which show the yield phenomena 
but which are not suitably oriented for duplex slip. 

4. The rotation of the lattice in the kink bands is such 
that it increases the effect of geometric softening on the 
stress strain curve. 

5. Specimens in which kink bands are produced 
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during deformation show a negative work hardening 
curve. 

6. The superposition of geometric softening and the 
yield phenomena results in a much smaller temperature 
dependence of the flow stress than is normally associated 
with the yield phenomena. 

7. A possible mechanism for fragmentation is sug- 
gested for materials forming kink bands. 
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ON DEFORMATION BY TWINNING* 


F. C. FRANK} and N. THOMPSON 


In considerations of the crystallographic directions of loading needed to operate particular twinning 
systems, due attention is not always paid to the distinction between the strain due to complete twinning 
and the macroscopic strain due to formation of a thin twin lamella. The subdivision of the orientation 
diagram according to the twinning system which can be operated by axial loading is a more complicated 
one than customarily indicated. The hypothesis of a shear stress criterion for twinning leads to a further 
complexity of subdivision according to the sequence of preference of the various systems permitted within 
any one region. 


SUR LA DEFORMATION PAR MACLAGE 


Dans les considérations sur le choix des directions cristallographiques le long desquelles on applique la 
charge pour faire agir un systéme de maclage, il n’est pas toujours suffisamment tenu compte de la différence 
entre la déformation due au maclage complet et la déformation macroscopique due a la formation d’une 
mince lamelle de macle. La subdivision du diagramme d’orientation, d’aprés le systeme de maclage qui agit 
lors de l’application d’une charge axiale, est plus compliquée qu’il n’est habituellement indiqué. L’hypothése 
d’un critérium de tension de cisaillement pour le maclage ne fait qu’accroitre la complexité du diagramme par 
la nécessité de subdivision d’aprés le degré de préférence des divers systémes permis dans une région donnée 


ZUR VERFORMUNG DURCH ZWILLINGSBILDUNG 


In Betrachtung der kristallographischen Richtung der zur Aktivierung eines bestimmten Zwillingssystems 
notwendigen Belastung wird der Unterschied zwischen Verzerrungen auf Grund einer vollstaindigen Zwill 
ingsbildung und makroskopischen Verzerrungen auf Grund der Bildung von diinnen Zwillingslamellen nicht 
immer geniigend beachtet. Die Unterteilung des Orientierungsdiagramms nach Zwillingssystemen, die durch 
Die Hypot hese 
eines Scherspannungskriterions der Zwillingsbildung bedeutet eine weitere Komplizierung der Orientier- 


\xialbelastung aktiviert werden k6énnen, ist komplizierter als im allgemeinen angegeben 


1 méglichen Bevorzugung der verschiedenen innerhalb eines Teildiagramms 


1 
ungstelidlagramme wegen der nul 


auftretenden Systeme 


INTRODUCTION 


The main purpose of this note is to draw attention to 
a rather trivial but prolific source of error in connection 
with the deformation of a body by mechanical twinning. 
When even Barrett falls into the error, it seems neces- 
sary to signpost the danger. The essential point is this: 
when a crystal is completely converted into one of its 
deformation twins, this involving a non-infinitesimal 
in- 


shear of magnitude s, all directions lying in the 
itially) acute sector between the two undeformed planes 
K, and K,° are shortened while all directions lying in the 
obtuse sector are lengthened. The acute angle in ques- 
to 


tion is conventionally called 2¢ and is equal 
arc tan(2/s 


On the other hand, if only a thin lamina of twin on the 


: it is less than 90 degrees by arc tan(s 


plane K;, is formed in the crystal, then the distance apart 


of two points initially separated by a distance large 
compared with the thickness of the lamina increases or 
decreases according as the line joining them lies in one 
or other of the guadrants bounded by the plane A, and 
the plane normal to the shear direction. Thus the 
following sentence, quoted from Barrett! is erroneous: 
‘““A specimen whose longitudinal axis lies in one of the 
two regions in the acute angle between K, and K,° will 
be shortened by the formation of a twin, while a speci- 
men in the obtuse angle between K, and K," will be 
* Received April 23, 1954. 
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lengthened.’’ Of the two statements in this sentence, the 
first is true and the second false. 

Since mechanical twinning is always a progressive 
process rather than the sudden conversion of the whole 
body into its twin, much more importance attaches to 
the deformation produced by the formation of thin twin 
lamellae than to that produced by complete twinning. 
In particular, it is a necessary condition in order that an 
applied load should produce twinning of a particular 
kind that it should do positive work for an infinitesimal 
growth of the twin. This depends only on the sign of the 
resolved shear stress on the composition plane in the 
shear direction. It is possible to have an axial load which 
would do a positive nett amount of work on completion 
of twinning, but would initially be doing negative work, 
and therefore inhibiting the process. This is the case for 
axial tensions lying in the sector of angular width 
arc tan(s/2) between the second undeformed plane K-' 
and the plane normal to the twinning shear direction. 

The condition as specified is a necessary one without 
prejudice to the possible significance of other stress 
components in influencing twinning: e.g., the possible 
influence of normal stress on the composition plane, or 
the possible prior requirement of other deformation 
processes before twinning commences. 

Subsequent writers have been misled by the analysis 
of elongations in completed twinning due to Schmid and 
Wassermann? which is summarised by Schmid and 
Boas.’ The latter treatment does not appear to state the 
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error explicitly, but its introduction under the title 
“Betatigung der mechanischen Zwillingsbildung” for 
Section 39 undoubtedly makes it a trap even for the 
fairly wary. There are also some independent errors: 

typographical errors in equation (31/1) in the English 
edition only, and in the last two equations, unnumbered, 
on the same page in both English and German editions, 
and a mistake in Fig. 70 where VI and IV should be 
interchanged on the diagram. (These numbers may 
alternatively be interchanged in the legend, but con- 
tinuous counterclockwise numbering appears prefer- 
able.) The figure is reproduced, with the same error, as 
Fig. 36 by Hall.* We reproduce it here as our Fig. 1, 
with this error removed, and Arabic numerals substi- 
tuted for roman ones to prevent its recurrence. It shows 


the directions of elongation and contraction in the 
complete twinning of zinc. Figure 2 shows the more im- Fic. 2. Change in length as a function of orientation, consequent 
upon formation of a thin lamellar 

are poles of twinning planes. D;—D, are tw 


Those twinning systems giving ris« 


portant distribution of elongations and contractions 


listed : all others produce a contractior 
Cy 1, 6. ¢ 1, 4, 6. ¢ 1,3,4,6. D 


I] 
all 


pointed out the inadequacy of Schmid and Wassermann’s 
diagram from prac tical observation. On the other hand, 
in a-iron, for which the twinning shear is much larger, 


the sectors in which complete twinning gives elongation 


but formation of a thin twin gives contraction have 
widths of 195 degrees. This is a more significant 
alteration: in particular, the inference from the diagram 
of Schmid and Boas (their Fig. 71) that tension can in 


genera! produce a greater variety of twins than com- 


pression is now denied. The appropriate revised dia 


gram is shown here as Fig. 3. The figure is easily con 


structed by noting that four successive poles on a great 
circle, say, |, O01 |, |112 |, represent re- 


Fic. 1. Change in length as a function of orientation, consequent +} 
¢ : spectively the pole of a twinning plane, the adjacent 


upon complete twinning of a zinc crystal. 7;-7¢5 are poles of age : 

twinning planes. A—1-6 contraction. B—2, 3, 5, 6 contraction; cube pole, the pole of its second undistorte lane and 
1, 4 extension. C—2, 5 contraction; 1, 3, 4, 6 extension. D—1-6 _jts shear direction. Great circles drawn 90 degrees from 
the first and last of these four poles represent the 
required spherical quadrant boundaries, and the elonga 


accompanying the formation of thin twin laminae in . 
tion 1s positive in the quadran containing the aqajacel 


zinc. This diagram has twice as many boundaries and 


nine instead of four distinct fields in the fundamental! 


great circle boundary is ce! 
triangle. The construction is simple enough: sector ; ae 
the fourth of these poles, 
boundaries for any one twinning system are great circles 
90 degrees away from the pole of its composition plane 
and from its shear direction respectively ; and, for zinc, 
the elongation is in each case negative in the sector 
containing the hexad axis. The second boundary is 
absent from Fig. 1, being replaced by the trace of the 
second undeformed plane which coincides with the 
composition plane of the conjugate (or reciprocal 
twinning system. 


Actually, since the shear in the twinning of zinc is not 
very large, the additional regions are narrow (4 degrees 
wide), and since they are near to the boundaries, they Fic. 3. Twinning in «-iror 


are regions of low driving force for the twinning processes ee ee eee 
ensue stress Cat 
concerned. It is therefore not surprising that no one has numbering follows th 
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trace of another twinning plane. The additional bound- 
aries appearing on the revised diagram are the four 
{111} traces, and only one of them crosses the funda- 
mental triangle. 


THE HYPOTHESIS OF A CRITICAL SHEAR STRESS 


So far, our discussion, insofar as it has dealt with 
stresses, has dealt with a necessary stress condition for 
twinning. This condition is compatible with, though it 
does not necessitate, the hypothesis of a critical shear 
stress condition for twinning. Such a hypothesis states 
that twinning proceeds if and only if the resolved shear 
stress on the composition plane resolved in the twinning 
shear direction, exceeds a critical value. We may con- 
this 
twinning stress: no other stress component does any 
The 


hypothesis thus is that twinning proceeds at a critical 


veniently call resolved stress component the 


work for an infinitesimal growth of the twin. 
value of the twinning stress. There is some evidence that 
in some circumstances (perhaps when plentiful twin 
nuclei already exist) this may be the case. If so, addi- 
tional boundaries can be added to our diagram in some 
of the regions in which the necessary condition allows 
two or more modes of twinning, dividing these regions 
into sub-regions in each of which a particular twinning 
mode is preferred. 

Such boundaries will be the loci of those directions of 
tensile stress which produce equal twinning stresses on 


S 
two twinning systems. In a hexagonal crystal there are 


three types of such loci, which may conveniently be 
described by a nomenclature borrowed from the chem- 
istry of aromatic compounds: 

1) para-type, when the two twinning planes con- 
cerned are, for example, 1 and 4. The locus has two 
branches which are readily seen to be (a) the diameter 
bisecting the line joining the poles of the two twinning 
planes, and (b) the circumference of the stereographic 
diagram. This is a trivial case, since both branches 
coincide with boundaries of the fundamental triangle. 


Fic. 4. Twinning in zinc. Geometrical construction to draw 
the locus (b’ab) of directions which produce equal twinning stresses 
on systems 4 and 6. 


VOL. 


Fic. 5. Formation of thin lamellar twin in zinc. Final subdivision 
of fundamental triangle. Possible twinning systems are enumerate¢ 
in order of preference: (a Tensile stress. (b) Compressive stress. 


2) meta-type, when the twinning planes are, for ex- 
ample, 4 and 6. The locus again has two branches (a) the 
diameter bisecting the join of the two poles—again 
trivial; (b) a great circle drawn in Fig. 4 as 6’ab and 
part of which is shown as the arc ab in Fig. 5a. The 
construction to obtain this arc is as follows: Denote by 
D, the twinning direction in the plane 7, etc. Draw the 
great circle through 7, and Ds; and also that through 
T, and D4. These two will intersect in a point X which, 
by symmetry, will lie on the first branch of the locus. 
The point X is then the pole of the great circle (6’ab) 
which constitutes the second branch of the locus. This 
branch passes through the point of intersection of the 
and the zonal boundary 
point a, Fig. 5a). A 


trace of the twinning plane 7., 
which passes through the pole 7, 
proof of these relations is given in the Appendix. 

3) ortho-type, when the twinning planes are, for ex- 
ample, 2 and 3. There are two branches as before, a 
trivial, diametral one, and a second, in the form of a 
great circle, which can be obtained by a construction 
analogous to that used above. The arc cd in Fig. 5a is 
part of this branch. Considering the case of a zinc crystal 
subjected to a tensile stress, these additional boundaries 
further subdivide four of the previous sub-regions, 
making a total of 13 sub-regions in all. Moreover, the 
hypothesis of the existence of a critical stress for 
twinning permits us to place the various possible modes 
of twinning in order of preference in each sub-region. 
This has been done in Fig. 5a. It should be noted that 
this refinement does not alter the number of permitted 
twinning modes for any specified direction of stressing ; 
it simply places them in an order of preference, which 
varies from point to point. 

For a zinc crystal subjected to uniaxial compression, 
Fig. 5b is appropriate. The complexity of this diagram 
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near the hexad axis implies that many modes of twinning (cf. Schmid and Boas, p. 9 Eng. ed. 
are almost equally likely. Thus small variations in local 


stress conditions—even, for example, local stre due “ -cosPXTs, 


to the formation of the first twin, may start up Similar expressions can be obtained for the three ot! 
different systems. Under these conditions we find large quantities involved in (1); the left-hand side of 
numbers of fine twins on many systems. On the other equation can thus be written: 
hand, the twins caused by tension at right angles to the 
hexad axis are usually larger, and in general confined to sinT eX -cosPXTe-sinDeX -cosPXD, 
two systems. The four other systems are permitted, but, 
unless the stress axis lies close to the points 6 or d of sinTyX -cosPXT4:sinD,X -cosPX D 
Fig. 5a, two systems are much preferred. : . , ; 
But PXD, and PX Dg= PXT, in virtue of the 
APPENDIX construction used to draw Fig. 4: also 7,X¥=7 4X and 
= from symmetry. Thus the above expression 
A. To prove that the curve 6’ab, Fig. 4, drawn 
Is equal to unity, and the theorem is established 
described in the text, is the required locus. 
) . = ; B. ‘To prove (i) the circle b’ab, (ii) the zone boundary 
Let P be a point on the curve. Then a tensile stress / # Paw 
: ;' ; ‘ through 7, and (iii) the trace of the twinning plane 7 
in the direction P produces a resolved shear stress on the ; 
, are concurrent 
plane 7 and in the direction Ds, equal to : : 
Let a’ denote the point of intersection o 


F cosPT,-cosPDsg. last-named lines, (ii) and (ili). Then since D 
of line (ii), a’Dy=7/2. Also a’T, 
pole of the great circle through D 


this great circle; therefore a’ X T 


A similar expression gives the twinning stress on the 
system 74, Dy. Thus if P lies on the required locus, we 


have to prove that 
ot the great circle 6’ab; therefore a 


cosPT.-cosPD; 
=1. 
cosPT,;:-cosPD; REFERENCES 


Join P to the points XY, 7s, 74, Ds, Ds by great circles. d\n. 3 + (1953 ast 
For simplicity, only the first two of these lines are - d anc Wassermat 

drawn in Fig. 4.) Then, referring to the triangle Y P7¢, a 2 OE Oe 

theorem of spherical trigonometry states ; Eng. ed. Plasticity 


cosPT;=cosTsX -cosPX+sinT,X -sinPX -cosPXT, 


is the pole 
?. But X is the pole 
| 
fetals (New York, McGraw H 
5 in, Metallwirtschaft, 1930, V. 9 
sta islizitat Be I 
Crystals (London, F. A. Hughes 
& Co., 1950 
eee 1. E. O. Hall, Twinning (London, Butterworth, 1954 


SOME APPLICATIONS OF ISOACTIVITY LINES* 


MATS HILLERT?+ 


\ connection between phase boundaries and isoactivity lines in isothermal sections of ternary diagrams 
is shown. Thereby laws relating to these diagrams can be proved in a very simple way 
The connection between the slope of tie-lines and the change in activity along a phase boundary is demon 


strated qualitatively and a quantitative formula is derived 
CERTAINES APPLICATIONS DES LIGNES D’ISOACTIVITE 


On indique |’existence d’un rapport entre les limites des phases et les lignes d’isoactivité dans des sections 
isothermes de diagrammes ternaires. De 1a, les lois se rapportant a ces diagrammes peuvent étre démontrées 
trés facilement. 

Le rapport existant entre la pente des lignes de conjugaison et la variation de l’activité le long d’une 


limite de phase, est démontré qualitativement; on déduit aussi une formule quantitative 


EINIGE ANWENDUNGEN VON ISOAKTIVITATSKURVEN 


Es wird eine Beziehung zwischen den Phasengrenzen und den Isoaktivititskurven in den isothermen 


Bereichen der terniren Diagramme gezeigt. Auf Grund dessen lassen sich die diese Diagramme betreffenden 
Gesetzmiissigkeiten sehr einfach beweisen 
Die Beziehung zwischen der Steigung der Konoden und der Aktivititsinderung lings der Phasengrenze 


vird qualitativ erlautert, und es wird eine quantitative Formel abgeleitet 


INTRODUCTION have been drawn in two different ways in Figs. 1 and 2. 
An isoactivitv line in an isothermal section of a It is evident that Fig. 2 shows an impossible eared 
ternary diagram is the locus of al] points which represent straight line the 
a certain chemical activity of a component. Such lines three times by line. The direction 
afford a very suitable means of presenting the results of lines can thus give some information about isoactivity 
activity measurements and have been used for this lines in one-phase regions. By means of this a better 


purpose by, among others, R. P. Smith! and J. Chip- understanding has been gained of some phenomena in 


man.” Isoactivity lines also have some general! properties alloyed iron-carbon-systems.” Some other uses Of 1S0- 
which might be of practical value. activity lines will be demonstrated in this paper. 

It has been shown** that an isoactivity line for a 
component cannot intersect a straight line from the 
component more than once. Figures 1 and 2 show a 
simple ternary diagram with two one-phase regions and 
one two-phase region. Tie-lines have been drawn in the 
two-phase region. The component represented by the 
right corner is considered. It is self-evident that each 
tie-line is a part of an isoactivity line, since different 
compositions along it consists of phases of the same 
compositions, only in different amounts. The continua- 
tions of these isoactivity lines in the one-phase regions 

Fic. 2. Impossible arrangement of isoactivity lines for 
the right corner component 


I. CONNECTION BETWEEN ISOACTIVITY LINES 
AND PHASE BOUNDARIES 


Figure 3 shows a two-phase region. Three tie-lines 
have been drawn and the middle one has been extended 
to the right. Consider a component P, arbitrarily chosen 
on this extension. Each tie-line must be part of an 
isoactivity line for this component (as well as for all 
other components). Suppose the continuations of these 


isoactivity lines in the one-phase region form angles 
the right corner component. — with the phase boundary ad as Fig. 3a demonstrates. 
= Such a straight line can then be drawn from the com- 
* Received May 28, 1954; in revised form June 22, 1954 
+ Massachusetts Institute of Technology, Cambridge, Massa 
chusetts. 
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ponent, that intersects one of the isoactivity lines twice 
(in d and e). This is forbidden, as already mentioned in 


HILLERT: 


the introduction. The only way of avoiding this error is 
to let the isoactivity line through g be tangent to the 
phase boundary at this point as Fig. 3b demonstrates. 


Il. APPEARANCE OF TERNARY DIAGRAMS 


The laws relating to ternary diagrams have been ex- 
tensively treated by Schreinemakers.’ Intersections be 
tween two phase boundaries in isothermal sections of 
ternary diagrams were later treated by Lipson and 
Wilson’ in a simpler way. Section I in this paper now 
offers a possibility of an even simpler way of proving the 
laws relating to isothermal sections. Figure + demon- 
strates this for a specific case. 

Consider a sample with the composition represented 
by the upper corner of the three-phase region. Two 


components, 4 and B, are chosen on the extensions of 


for a component P, chosen on the 


Fic. 3. Isoactivity lines (7 
Impossible case. (b) Possible case 


extension of a tie-line. (a 


the two tie-lines from the corner. The isoactivity lines 
for 4 and B (74 and zz) in the one-phase region must be 
tangent to the phase boundaries at the corner. The 
right part of Fig. 4 can thus be constructed from the 
left part. If the B content is increased in the sample 
without formation of a new phase, then the A activity is 
decreased, since isoactivity lines for A further away 
from A than 7, are reached. Thus, 


Olna, 
and 
Onp 


Oa i 
<0 
Onp 


The B-activity is, however, increased if the A content is 
increased, since then isoactivity lines for B closer to B 
than jg are reached. Thus (0 Inagz)/(0n4)>0. This is 
impossible since the two derivatives must be equal: 


a, 


0 ag 1 


On. RT dn40np Ong 

The left part of Fig. 4 shows therefore an impossible 
case. The extensions of the two phase boundaries must lie 
either both within the three-phase region [ (0 Inag) 
and (@ Ina4)/(0n,) are both negative ] or one on each 
side [ (0 and (0 Ina4)/ (Ang) are both posi- 


tive |. Figure 5 illustrates the last case. 


ISOACTIVITY 


LINES 


hy] 


4. Impossible 


appearance 


Ill. CHANGE OF ACTIVITY ALONG PHASE 
BOUNDARIES 


It was mentioned in the introduction that the dire 


tion of the tie-lines in a two-phase region gives somé 


information about the direction of the isoactivity lines 
in the one-phase regions. At the same time, the directior 
of tie-lines also gives information about the change of 
activity along the phase boundaries.’ The activity wi 
thus decrease upwards along the phase boundaries in 
Fig. 1 since each point on the phase boundaries lies on at 


isoactivity line further away from the component 


this case the right corner) than any lower point. This 


change in activity can in fact be computed 

tatively. 
Let (x, y, 2 

fraction of two points, one on each phase boundary and 


and (x, y’ be the composition (in mol 


both on the same tie-line. The activities a), ad» and a; ol 


the three components must be identical in the two 


points. The Gibbs-Duhem equation gives: 


yd Ina 


vd Ina + 
Inay+-y'd |Inao4 
a, can be eliminated: 
d In air 


d\n a 


Notice that z=1—x—vy and 
nates for one of the points can 


slope of the tie-line, which 


if x and y are considered as rectangular coordinates 
is always possible to choose a right 


rhe 


angled triangle for 


ternary representation. result 


35 
/ 
\\\ i ° 
// 
//// 
//// 
| 
Ax x8 
. 
y’s)d In aoa=0, 3 
1—x’—y’. The coord 
be substituted by the 
A 
‘ VAS 
iz 
5 Possi appearance of terna iwral 


ACTA 
validity, will be: 


d in ay 


k+ ka 


dina 


1—y+k 


It is easy to show geometrically that k+y—kx is 


equal to zero if component 1 lies on the extension of the 


tie-line with the slope k. Equation (6) then gives d Ina, 
=() and the ac tivity of component 1 does therefore not 
change in the direction of the phase boundary. This is a 
rigorous proof of the statement in Section I that phase 
boundary and isoactivity lines are tangent at the end 
points of the tie-line, if the component has been chosen 
on its extension. 

Equation (6) can be simplified by some approxima- 
tions. Consider only dilute solutions, i.e., 1— y+ ka=1, 
and assume Henry’s law holds for component 2 at the 
point (x,y,z), =dv/y. then 


d \na Equation (6 


simplifies to 


which can be integrated easily if k/y is a constant 
related to the partition coefficient K for component 2 
between the two phases by k/y= (K—1)/(x’—.x) ]. This 
might often be a good approximation. We integrate 


Eq. (7) from the end-point of the phase boundary on the 
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x-axis, 1.e., v’=0. Let a," be the activity of component 1 
at this point. 


where a; is the activity at an arbitrary point on the 
phase boundary, & is the slope of the tie-line from this 
point and y is its mole fraction of component 2. 

mole fraction of component 1 varies along t] 
boundary, x should be some mean value. 
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SOLUBILITY OF CEMENTITE IN LIQUID IRON* 


MATS HILLERT} 


From a theoretical study of the solubility of cementite in liquid ir 
for graphite and cementite intersect at about 10°C below the eut 


is presented which explains some of the solidification characteristics of 


LA SOLUBILITE DE LA CEMENTITE DANS LE FER LIQUIDI 


En se basant sur une étude théorique de la solubilité dans le fet 


solubilité pour le graphite et pour la cémentite se rencontrent 4 environ 10°C er 


eutectique. Un diagramme Fe-C revisé est présenté. Ce diagramme permet d’expli 
ristiques de la fonte. 


DIE LOSLICHKEIT VON ZEMENTIT IN FLUSSIGEM EISEN 


Es wird auf Grund einer theoretischen Untersuchung der Léslichkeit in fliissigem Eiser 
die Léslichkeitskurven fiir Graphit und Zementit etwa 
schneiden. Es wird ein berichtigtes Fe-C Diagramm verdffentli 


des Gusseisens erklirt 


INTRODUCTION supercooled liquid /», which is saturated with respec 
The solubility of graphite in ferrite, austenite and COMEDIES, bad rated with 
liquid iron and of cementite in ferrite and austenite are graphite. his ubility curves 
rather well established. There is, however, relatively CCMNCECE and graphite ae eee below 
little information about the solubility of cementite in Cuter om temperature and oby lously above 1085 ; 
liquid iron. The only point on this solubility curve is supercooled 
known with any accuracy is at the eutectic. Usually the Phe activity ch Se boundaries can bi 
solubility curve for cementite is drawn parallel with that COMPute quantitatively by the approximate ¢ 
for graphite.! Tentative free-energy diagrams for the 6) m reference Iti valid oni) 
Fe-C system seem to indicate, however, that the two but if it ied to t 
curves should intersect below the eutectic temperature. diagram a value of V.0 1s obtains I for tl 
he Of supercooled liquid in equilibrium 


1085°C. A similar analysis of the Fe-C-P 


950°C’ gives an activity value 0.35 at 950°C 


\dditional evidence for this conclusion will now 


presented. 


I. USE OF TERNARY DIAGRAMS 

Il. USE OF THERMODYNAMIC DATA 
It has been shown that the slope of tie-lines in ternary 
diagrams provides information about the variation 1 ] ne Se oer data for 
activity along phase boundaries.’ Figure 1 shows a part ed by Darke and Guilt) 
of the Fe-C-W diagram at 1085°C.° The slope of the tie 
lines in the two-phase region austenite+ cementite re 
veals that y; (alloyed austenite in equilibrium with bot! 
cementite and liquid) has a slightly lower carbon a 
tivity than yo (unalloyed austenite in equilibrium wit! 
cementite). On the other hand the slope of the tie-lines 


} 


In the two-phase region liquid T cementite SI 


OWS tnal 
alloyed liquid in equilibri ith both cementite and 
alloyed liquid In equullbrium with both cementite and 
austenite) has an appreciably higher carbon activity 
than /) (unalloyed, supercooled liquid in equilibrium 
with cementite). 


ac 


The carbon activity of the austenite yo is known to be 
1.03.6 The carbon activity of the supercooled liquid | 
should therefore be appreciably less than 1.03 and thus 
less than that of graphite, which is 1 by definition. TI 
Received May 28, 1954; in revised form , 
7 Massachusetts Institute of Technology, Cambr 
chusetts 
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. Fe-C diagram showing the probable solubility 
curve for cementite in liquid 


found by fitting the equation to the value x¢=0.161 
i.e., 3.95 per cent by weight) for the solubility of 
graphite in the liquid phase at 1027°C, obtained by 
extrapolation from higher temperatures. By successive 


approximations it can be found from these equations, 


that liquid in equilibrium with cementite at 1027°C has 
the carbon activity value 0.65. The carbon content of 
this saturated liquid is 3.4 per cent (1.e., xc=0.14). The 
2 has been drawn in accordance 


Fe-C diagram in Fig. 
with this value, which is considered to be more reliable 
than the values found in section I. The latter indicate a 
slightly less slope of the solubility curve for cementite. 

If the activity equations given by Darken and Gurry 
are valid for higher carbon content than the solubility 
value of graphite, it is found that the melting point of 
cementite is as low as 1210°C. The experimental data 
underlying these equations are, however, rather limited 
and cementite has therefore, quite arbitrarily, been 
given a higher melting point in Fig. 2. 

Since it has been shown by three different methods 
that the solubility curves for graphite and cementite 
intersect below the eutectic temperature, this may be 
considered a well-established fact. The temperature of 
intersection seems to be about 10°C below the eutectic 
temperature of cementite. The peritectic equilibrium 
between liquid, graphite and cementite at this tempera- 
ture is of course metastable with respect to austenite. 


III. SOLIDIFICATION OF CAST IRON 


White cast-iron contains cementite whereas grey cast- 
iron contains graphite. It is well known that rapid 
cooling and low carbon content promote white solidifi- 
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cation, i.e., formation of cementite. Slow cooling and 
high carbon content promote grey solidification, Le., 
formation of graphite. These facts can now be explained 
by means of the Fe-C diagram. 

If a eutectic liquid is cooled very slowly it precipitates 
graphite and austenite and it never becomes super- 
saturated with respect to cementite. If the liquid is 
cooled just below the eutectic temperature for cementite 
+ austenite, then it becomes supersaturated with re- 
spect to cementite but is still more supersaturated with 
respect to graphite. The supersaturation with respect to 
cementite, however, increases more rapidly with further 
decrease in temperature than the supersaturation with 
respect to graphite. Below the temperature, where the 
two solubility curves for cementite and graphite inter- 
sect, the liquid can be said to be more supersaturated 
with respect to cementite than graphite. Graphite in 
equilibrium with liquid is here metastable with respect 
to cementite. Thus a rapid cooling should promote 
formation of cementite. It should be noted that the 
equilibria between graphite and liquid and between 
cementite and liquid are both metastable with respect to 
austenite at these temperatures. As soon as austenite 
has been formed in contact with the cementite, graphite 
becomes stable with respect to cementite. 

The Fe-C diagram also shows that a liquid, richer in 
carbon, must become more supersaturated with respect 
to graphite before it becomes supersaturated with re- 
spect to cementite. Thus high carbon content should 
promote grey solidification and low carbon content 


should promote white solidification. 
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LATTICE AND GRAIN BOUNDARY SELF-DIFFUSION IN CADMIUM* 
E. S. WAJDA,; G. A. SHIRN,{ and H. B. HUNTINGTON? 


The bulk and grain boundary diffusion in cadmium of 99.5 per cent purity have been measured 
tion of temperature. The bulk diffusion constants as measured in single crystals are given b 


cm?/sec exp 18,200 cal/mol-RT 
and D»1=0.10 cm?/sec exp 19,100 cal/mol-RT 


where Dy and D,s refer respectively to diffusion parallel and perpendicular to the hexagonal axi 
grain boundary diffusion gave D,= 1.0 cm?/sec exp(— 13,000 cal/mol-RT). These results are compares 
analogous values obtained for zinc. The implication for the determination of mechanism 

less clear cut. 


L’AUTO-DIFFUSION DANS LE RESEAU ET LES JOINTS INTERCRISTALLINS 
DU CADMIUM 


On a mesuré |’auto-diffusion en fonction de la température dans le réseau et les joints intercristallins de 
cadmium 99.5% pur. Les constantes de diffusion dans le réseau, mesurées dans des monocristaux, sont 
données par les équations suivantes: 

D4, =0.05 cm?/sec exp 18 200 cal/mol-RT 


et Dys=0.10 cm?/sec exp(—19 100 cal/mol-RT 


ou Dou et Drs se rapportent respectivement a la diffusion parallélement et perpendiculairement a |’axe 
hexagonal. Pour la diffusion dans les joints intercristallins on a trouvé la valeur D,= 1.0 cm? exp (—13 000 


cal/mol-RT). Ces résultats sont comparés aux valeurs analogues, obtenues pour le zinc. Les im; 
menant a la détermination du mécanisme sont, dans ce cas-ci, moins bien définies 


DIE GITTER- UND KORNGRENZENSELBSTDIFFUSION IN KADMIUM 


Die Volumen- und Korngrenzendiffusion von 99.5% reinem Kadmium wurde als Funktion der 
gemessen. Die folgenden Diffusionskonstanten wurden fiir die Volumendiffusion in Einkrist: 
mentell ermittelt : 

D»,=0.05 cm?/sec exp 18 200 Kal/mol-R1 


und D»1=0.10 cm?/sec exp(—19 100 Kal/mol-R1 


wobei sich D. und Dys auf die Diffusion parallel resp. senkrecht zur hexagonaler 
Falle der Korngrenzendiffusion ergab sich ein D,=1.0 cm?/sec exp 13 000 Kal/mol 
werden mit den entsprechenden Resultaten fiir Zink verglichen. Ihre Konseq 
Klarlegung des Elementarvorganges sind in diesem Falle weniger augenfillig 


I. INTRODUCTION II. EXPERIMENTAL TECHNIQUE 
In a previous paper! an investigation of the self- [he experimental techniques used in 
diffusion in zinc was described showing a definite tion were largely the standard ones for 
anisotropy for the diffusion process along the c-axis of — sectioning studies of diffusion. Details availa 
the hexagonal zinc structure and perpendicular to it. In _ earlier zinc papers!” will be omitted 


another paper® the grain boundary self-diffusion in zin« Single crystals of cadmium were grown 


nere. 


was reported. The activation energy for grain boundary _ per cent purity by the Bridgman method an 


diffusion turned out to be 61 per cent of that forthe bulk specimens whose figure axis was within 10 degrees 


diffusion in the case of zinc. being either parallel or perpendicular to 
A similar investigation has now been carried out for axis were retained. Properly oriented 
cadmium which also has an hexagonal structure with a_ selected by a method suggested from 
c/a ratio of 1.88.6, 1.6 per cent larger than that of zinc. ‘‘punching”’ by Smakula’ as follows. Upon indentin; 
This work herein described gives the results for the surface of a crystal to be oriented with a sharply point 
activation energy and the temperature-independent — tool such as a scriber, a strain pattern results whicl 
factor in the diffusivity which will be compared to those definitely correlated with the orientation of the crystal 
obtained for zinc. his correlation is easily seen when the pattern is made 
on a crystal of known orientation. The strain pattern in 
* Received Fame. 1954. cadmium takes the form of a pair of lobes radiating from 
+ Now at Department of Physics, Union College, Schenectady the punch mark at 180 degrees. The center line of these 
_ lobes is always perpendicular to the basal planes of the 
t Department of Physics, Rensselaer Polytechnic Institute : 2 és 
Trov, New York. crystal. A few of these patterns suffice to orient the 
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Specific Activity 
vs x? 
+? 


Cts./min/cc x 10 


| parallel diffusior 


the X-ray 


the zine crystals in reference 1. 


crystal. This method is much faster than 
technique employed on 
The orientation of the crystals can be made easily to 

ithin 5 degrees, which is sufficiently accurate for this 
vestigation. So long as the specimen axis li hi 


10 degrees of either the hexagonal axis or basal plane, 
Ul e orientation can be disregarded in calculating Dy, or 


D,. without introducing an error of more than 3 


properly oriented crystals were cut to 


remove smear, annealed to check 


possible 


rABLE I 


0.065 
0.045 


0.081 
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VOL 


0 
(cm® /secx 10” ) 


D 


] 


gie crystals 


for Du 


(sir 
for Du; 


recrystallization and electrodeposited with Cd!*®. This 
cadmium isotope has a half-life of 43 days and is 
predominantly a 0.5 Mev gamma-emitter. The plating 
bath used a Cd(OH).-NaCN type and gave a thin, even 
deposit. The prepared specimens were diffused at various 
temperatures and corresponding times ranging from 5 
hours to 3 months. After cutting 1 mil sections from the 
specimens in a lathe, the cuttings from each section were 
dissolved in a 50 per cent nitric acid solution and, to 
insure uniform geometry for counting, were sealed in 
glass tubes. The activity was then measured with an 
Good 


were obtained in times of the order of an hour. 


automatic G. M. counter.’ counting statistics 

The polycrystalline specimens were made by melting 
the 99.5 per cent purity cadmium and casting into slugs, 
to achieve a small size of crystal- 


marked radial 


which were quenched 


lites. These crystallites displayed a 


orientation just as in the case of zinc.” The size of these 
crystallites was about 0.06 mmX3 mm. The specimens 


exactly the same as the single crystal 


spt tl 
diffusion times were used. The experimental procedure 


was the same as outlined in reference 2. 


were treated 


samples, ex¢ iat lower temperatures and longer 


III. RESULTS 


The single crystal data were analyzed in the standard 
manner as described in reference 1 by plotting the 
logarithm of the activity of each section against the 
penetration distance squared as required by the theory 
of homogenous diffusion. The slope of this curve is pro- 
portional to the diffusion coefficient. Typical radio- 
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activity-penetration curves at 7= 237°C are shown in 
Fig. 1. A definite anisotropy is noted between the plots 
for D,1 and D,.. The measured values for the self- 
diffusion coefficient for the two crystallographic ori- 
entations in the range from 110°C to 
315°C are shown in 


temperature 
Table I. 

Under the assumption that the temperature-depend 
ence of the diffusion constant is described by 


exp(—Q RT), 


one plots the logarithm of D against 1/7 and the slope 
and intercept will give the activation energy (() divided 
by R and the temperature-independent part of the 
diffusivity (Do) respectively. A plot of the data is shown 
in Fig. 2. A least-square fit for these data gives the 
following values for the activation energy and frequency 
factor, 

Perpend:culat 
O=19.1+0.7 kcal/mol 
10 cm?/sec 


Parallel 
V=18.2+0.3 kcal/mol 


Do= .05 cm?/sec 


The polycrystalline data are here interpreted on the 
basis of Fisher’s analysis,* which predicts a linear rela 
tion between the logarithm of the activity of the sections 


with the penetration distance. The analytical expression 


for the ratio of the volume diffusion constant to the 


grain boundary diffusion constant is 
Ina 


ay 


where a is the isotope activity per unit volume, at 


Distance 


20 


3. Polycrystalline diffusion. Symbol + for run at 7= 105° 
for run at 7=85°C with ¢= 1080 hours 


vith ‘=792 hours; 


NTINGTON: 


SELF-DIFFUSION IN CADMIUM 


I] 


distance y, measured in a direction normal to tl 
surface on which the origina! isotope was deposited ; 
the diffusion time; and 6 is the thickness of the uniforn 
grain boundary. As in the case of zinc,” 6 was assumed t« 
5X10 
curves for grain boundary diffusion are shown in Fig. 3 
The individual 
Table II. 

\ plot of the logarithm of the D, against 


Fig. 4. A le 


iow-temperature range 


] 


be about cm. Typical activity-penetratior 


diffusion measurements are given 


the reciproca 


temperature is shown in ist-square | 
applied to the points in the 
gives the following results for the activation energy 


independent factor: 
2 kea 


D 1.0 cm? / sec 


temperature 


13.0+1. mo 


IV. CONCLUSIONS 
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TABLE III. 


Di, Du (HCP) Dia Du 


Mechanis 1=1.63 

Interstitial 

Ring of four 

Vacancy (non-basal 

Vacancy (basal 

Ring of three (basal 

Ring of three (non-basal 
he above-mentioned mechanisms are fully described in reference (1). 
D, was considerably larger than the r.m.s. deviations for 
QO; and Q, as calculated statistically. For cadmium this 
difference is about 1 Kcal/ mol and is roughly comparable 
to the r.m.s. deviations (o1,=0.44 Kcal/mol and o1= 1.0 
Kceal/mol). Whereas for zinc it was quite unlikely that 
the observed results could be attributed to a single 
activation energy, for the case of cadmium the plots of 
InD, vs 1/T are more nearly parallel and the possibility 
of the single process cannot be eliminated with reason- 
able certainty. From statistical reasoning for random 
events it can be concluded that, for any observed differ- 
ence in activation energies AV=Qi—Qu, the relative 
probability that other data arise from a 
process with a single activation rather than from two 


observed 


separate processes with separate activation energies is 
g1°+o1:7)}. This quantity in the 


given by exp— { (AQ)? 
present case is .4;. One concludes that there is approxi- 


mately an equal statistical probability for either one or 
two processes on the basis of present data. It should be 
pointed out that this probability calculation takes into 
account no correlation between Q,, and Q,. Since they 
both refer to processes in the same material and manifest 
in the same temperature range, such a correlation does 
exist and it is not surprising that, if two mechanisms are 
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at work here, the task of resolving them experimentally 
is difficult. 

The effect of different mechanisms on the ratio of 
D,/D\, in hexagonal metals has been developed from 
geometrical considerations. The values for D,/D,, for 
six reasonably possible mechanisms are given in Table ITI 
for the close packed hexagonal lattice and for cadmium 
(c/a=1.89). From the table it is apparent, that if only 
one mechanism is operative, it may be either the 
interstitial mechanism (1) or ring of four (2). If the 
observed difference in ( is truly significant and a pair of 
processes is operative, then either mechanism 3 (or 
possibly 6) which favor D,, could be coupled with either 
of the basal mechanisms 4 or 5. 

In the case of zinc it seemed reasonably clear that at 
least one or possibly two vacancy mechanisms were 
operative. Here the situation is much less clear but one 
is tempted to assume that analogous mechanisms are at 
work. 

Further comparison with zinc shows that though the 
c/a ratio is greater for cadmium the diffusion constant 
is less anisotropic. As for Q, the activation energy for 
grain boundary diffusion, it appears that the ratio of 
(V,/Q, is some 7 per cent higher for cadmium. 
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KINETICS OF PRECIPITATION OF TIN FROM LEAD-TIN SOLID SOLUTIONS* 


D. TURNBULL and H. N. TREAFTIS+ 


At all temperatures, 7, and initial solute concentrations, Xo, investigated 
tation of tin, 8, from lead, a, is effected by the nucleation and growth of cells. Each cell consists of ¢ 
plicity of 8-plates, originating from a single nucleus, interspersed in the depleted a. Independer 
and Xo, the kinetic law of precipitation is, with rare exceptions 


v= 1—exp — bi 


This kinetic law is consistent with the hypothesis that all nuclei originate at the beginning of precipitation 
within a limited number of singular elements of the structure. Precipitation proceeds 107 to 10° times faster 
than calculated from Seith and Laird’s data on the rate of diffusion of tin into 

is greatly increased by cold-working the supersaturated a 


LA CINETIQUE DE LA PRECIPITATION DE WET AIN A PARTIR DES 
SOLUTIONS SOLIDES PLOMB-ETAIN 


A toutes les températures, 7, et concentrations initiales, Yo, considérées, 
précipitation d’étain, 8, 4 partir de plomb, a, s’éffectue par la germination et la croissance de cellules. Chaquc 
cellule consiste en une multiplicité de lamelles de 8 provenant d’un seul germe, qui pars¢ment 
Indépendamment de T et X> la loi cinétique de la précipitation est, avec de rares exceptions 


v=] -€xp bt 


Cette loi cinétique est compatible avec l’hypothése que tous les germes naissent au début de la précipitatior 

dans un nombre limité d’éléments simples de la structure. La précipitation est 107 4 10° fois plus rapide que ne 

l’indique le calcul basé sur les données de Seith et Laird concernant la vitesse de diffusion de |’étain dans |e 


rd 
Lecroulssage de | a@ sursature 


plomb. La vitesse de la précipitation est considérablement accrue par 


DIE KINETIK DER AUSSCHEIDUNG VON ZINN AUS FESTEN BLEI-ZINN LOSUNGEN 


Das erste, schnelle Stadium der Ausscheidung von Zinn, 8, aus Blei, a, ist bei allen untersuchten Tempera 


turen 7 und Ausgangskonzentration von Xo der geldsten Komponente, durch die Keimung und das Wach 


stum von Zellen beeinflusst. Jede Zelle besteht aus einer Vielzahl von 8 Plattchen, die von einem einzigen 


Keim ausgehen und Zwischen denen sich das verarmte a befindet. Unabhingig von JT und YX» ist das kinet 
ische Gesetz der Ausscheidung mit wenigen Ausnahmen 


r= 1—exp(—d/ 


Dieses kinetische Gesetz steht im Einklang mit der Hypothese, dass alle Keime beim Begin1 

ung innerhalb einer begrenzten Anzahl spezieller stellen im Gefiige entstehen. Die Ausscheidu 
107 bis 108 mal schneller als nach den Angaben von Seith und Laird tiber die diffusionsgeschw 
Zinn und Blei berechnet. Die Ausscheidungsgeschwindigkeit wird durch Kaltbearbeitung des tiber 
stark erhdht. 


INTRODUCTION Inferences about the rate of nucleation in a precipit 
tion process are of doubtful validity in the absence of 


Borelius and co-workers! have measured the rate of 
satisfactory theory tor the kinetic law. Also, there 
precipitation of tin (8-phase) from lead-rich solid solu- S@UStactory theory for the Kinetic law. iso 
some other important characteristics of the precipil 
+1] } } 


tions (a-phase). Their results were shown to be ap- anti hag- 
behavior in lead-tin that are not explained by 


parently in agreement with the Borelius-Konobeyevski 
(B-K) theory of nucleation. On the other hand, Hardy* 
showed that the results also appeared to be consistent 
with the Becker theory of nucleation. (See review of 


Borelius or Hardy interpretations. 
Seith and Laird® have reported that the interd 
coefficient, D, of lead and tin in a containing 
yer cent tin can be described as a function of 
Hollomon and Turnbull’ for detailed discussion of these! 
theories.) The interpretations of Borelius ef a/. and . 
Hardy presupposed that nucleation is effected in struc- D=4.0 exp| — 26,000, RT | cm* sec 
turally pure (excepting for point defects) a-crystals. No [Tf jt is assumed that the rate of diffusion of 
satisfactory explanation was offered for the kinetic law precipitation is described by D, it follows that 
of precipitation. By the kinetic law we mean x= /(/ minute period at 300°K tin could be drait 
where x is the fraction of precipitation (to be quanti- q-region having a linear extent of 2 t 
tatively defined later) that has taken place isothermally an initial atom fraction of tin in Rb 
in time /. rapid stage of precipitation is nearly completed in 
— minutes and microstructural observations indicate that 
‘ Received June 25, 1954. : the thickness of the depleted a region is of the order of a 
+ General Electric Research Laboratory, Schenectady, 
Vork micron. Hence, during precipitation the diffusion coeth 
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atoms is apparently 10° to 10° 
The precipitation measure- 
more 


clent of tin 
than is predic ted by Eq. 
lly much 


made on solutions initia 


than used in Seith and Laird’s measure- 


ments were 
concentrated 
ments; nevertheless it would be very surprising if the 
rate of diffusion of tin in @ increased by a factor of 10% 

the atom fraction, Y, increases from 0.02 to 0.10. 


the rate of precipitation of tin is 


] 


is likel ly tn 
many orders of iheastsert larger than is predicted from 
This rapid rate 


the appropriate volume diffusion data. 


of precipitation might be accounted for either (a) by the 
presence of a much greater than equilibrium number of 
point defects during as suggested by 
Zener’ and Seitz,* 
solution along diffusion short circuits sweeping the solid 


precipitation 


or (b) by a drainage of tin from 


1dvance of the precipitate. It has been 


t elements of incoherent grain bound- 


solution in 
demonstrated?’ tha 
aries and dislocation channels are about equally effective 


snort 


circuits in self-diffusion. 
time, 7, required for the 
half completion of precipitat 
atom fraction, Yo, of tin ina. 
1/7)/dT is dependent on X» when the 
temperature exceeds a characteristic value 7’, but inde- 
| of Xo for T<TZ”’. T’ is a function of Xo. To 
iis result, Borelius and Ha 
namic part, AG*, of tl 
ier to nucleation becomes negligible at 7= 
is still 
xample, al r= 273 K a 
tor =().100 r is 500 
han for Yo=0.100. For 


Borelius ef al. report the 
1ermal ion as a function 


‘and the initial They 


rdy assume that the 


1e potential energy 
it How- 
strongly dependent upon Y 
well below 7” 


"Tl 


temperature 
times larger for 


prec Ipitation limited or 


expect 1/7 to be at most psd pro- 
portional t , so there seems to be a factor of at least 
100 in the variation of 1/7 with XY» not accounted for by 
the Borelius and Hardy interpretatior 


Because of these inadequacies in Borelius and 


Hardy In 


netics of prec 


erpret EN we have reinvestigated the ki- 
pitation of tin from lead-tin solid solutions 
law and its 


ne purpose 


tes of nucleation and growth 


EXPERIMENTAL 


was followed by measuring the resist- 


as a function of time at constant 


Preparation of Alloys 


were made from American Smelti 


99.999 per cent ire lead, and 


Vulcan 
Wires 20-30 


» made for 


0.. 99.997 
ind 2-4 inch 


surements. 


es in length were 
Most of the 
uniform cz 


wires (cast 


Pyrex tubes of ipillary 
bore 20 t ter. In this operation spec ified 


:mounts of the pure metals are placed in bulb A of the 


RGICA, 


times larger 


VOL. 


VOLTAGE 
LEADS 


NICHROME WIRE 


20 MiL PRECISION 
CAPILLARY TUBING 


SPECIMEN 
SILVER 
WIRE 
TIPS» 


~ 


diagram of (a) wire casting vesse 


nen mounting 


Schematic 
and (b 


Fic. 1. 
specil 
vessel shown in Fig. The vessel is evacuated (to 10 
to 100 micron pressure of mercury) and partly immersed 
in a furnace held at a temperature exceeding the melting 
point of the alloy. The melt is then run from bulb A to 
bulb B and a portion of it forced int 
the pressure of an inert gas. The entire apparatus is then 


the capillary by 


rapidly cooled so that the alloy in the capillary solidifies. 
The cast wire is easily removed from a capillary tube 
that is clean initially. Afte 
vessel was thoroughly cleaned and a new capillary sealed 


r each casting operation the 


in. The alloy remaining after preparation of the wire was 
to +1 part 100). Before beginning 


a series of measurements the wire 


analyzed for tin 
was sealed in an 
evacuated pyrex tube and homogenized at 225°C for a 


period of at least 15 hours. 
\ few of the wires were extruded 


I extruded wire 
2-inch 


from 1 
coated copper mold after melting in air. 


diameter specimens chill cast in a graphite 


Resistance Measurements 


2-inch length of lead-tin wire was 
tipped 1/16 inch diameter 


in Fig. 1b. The 


silver 


An approximately 


nounted across two silver 


constantan rods as shown wire and 


copper potential leads were secured to the tips by 


solder having the same composition as resistance 


nichrome rods were hel a transite 
) 


specimen. The 
backing secured to a 1 inch 
that 


The axes of the 


diameter supporting rod 


could be displaced vertically in either direction. 


nichrome and supporting rods were 
istance, a 1.000 ampere 
within 1 part in 10°) wa 


To determine res current 
passed 


held constant to 


through the wire and the resulting drop in potentia 


between the gg el potential leads) was measured as a 


function of time. The potential determinations were a 


10 lt corresponding to 10~° ohm i 


resistance change, AR, 
from 


curate to abou 
nce. The magnit > of the 


rapid stage of pre ipita ion 


resista 
during the ranged 
approximately 0.002 to 0.006 ohm out of a total 
ance of 0.04 to 0.08 ohm. Hence, the 
200 to 600. 


resist- 
uncertainty in AR 


is about 1 part in 


TT TO vaQuUM PUMP 
PYRE | 
-+ ROO } 
} 
| 
BULB 8B y 
J 
* BULB A 
y f, 
8 OY 
34 + 
50 MIL DIAM 
= 
lor 
Precipitation 
emperature vertical. 
\lovys and Ke- 
fl ng ( 
Detinning Co., ‘nt pure tin. 
mils in diameter 
the resistance 
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Homogenization 


For heat treating the wires, a rectangular nichrome 
wound furnace, having chamber dimensions 15 inch 
and 3 inch high, was positioned about 3 inch directly 
temperature bath. The 
chamber was closed excepting for a small slot at the 
bottom that admitted the wire and its supporting rods. 
Argon gas, preheated by circulation through a copper 
coil wound around the inner surface of the furnace, was 


above the constant furnace 


passed through the chamber during heat treatment. For 
temperature measurement the hot junction of a thermo- 
couple was positioned in the vicinity of the wire mid- 
point. Temperatures along the whole length of the wire 
between the silver terminals deviated no more than 10 
from the chamber temperature at 250°C. Prior to a 
precipitation rate measurement, the wire was heated at 
250°C (about 80-100 degrees higher than the equi- 
librium homogenization temperature) for one hour. 


Procedure 


All the necessary electrical connections for measuring 
f(t), where R is the wire resistance, were made be- 


fore homogenization. Hence, after the heat treatment 
the wire was plunged directly into a constant tempera- 
ture bath; the standard current started and timing 
begun. The bath was thermostated to +0.1°C. Silicone 
oil served as the bath fluid excepting for 0°C an ice bath 
(with an arrangement to keep pieces of ice from ccn- 
tacting the wire) was used. 

The rate of resistance change with time, dR/d/, at 
first increases from zero to a maximum (dR/dt),, and 
then decreases as time increases. Resistance was re- 
corded until dR/dt had fallen to a value approximately 
1 per cent of (dR/dt),,. The points to be shown in the 
figures were calculated from resistances read from con- 
tinuous recorder curves. 

We have given in Table I the initial resistance, Ro, 
rounded off at the fourth place for tabulation) of a 
particular wire (3C) as a function of temperature. Also 
given is AR which is defined by: 

where R, is the resistance at the time that 


fallen to (1/50) (dR/dt) ». 


I. Variation of resistance change, AR, for a single 1 
Yo=0.147 (Wire 3¢ 


TABLI 
during precipitation with 7. 


AR 


yhms Ex] ( AR/R 


0.087 
0.083 
0.077 
0.067 
0.057 
0.049 
0.041 
0.029 


(0.0063 
0.0062 
0.0059 
0.0056 
0.0052 
0.0046 
0.0041 
0.0032 


0.0063 
0.0063 
0.0062 
0).0057 
0.0051 
0.0045 
0.0039 
0.0029 


0.0728 
0.0763 
0.0806 
0.0852 
0.0887 
0.0926 
0.0952 
0.0992 


KINETICS OF PRECIPITATION 


wire: 


is interesting that for a given 


AR« X 


the 


where is the equilibrium atom fraction of 


al we deduce 


on 1 


From data of Borelius « 


proximate dependenc e of X to be: 


log Y 


the experimenta AR at \ 
temperatures with the value of AR calculated ¢ 


of 


Table I also compares 


iSS 


the validity temperatures 


Eq. (3). For all 


agreement between the two values of AR is excell 


RESULTS 


Much exploratory work was done in this invest 


and it is not prac ticable to report all of the result 


detail. Therefore, we shall describe the represent 
findings of most significance and state the 


deviations from these that were found. 
The Kinetic Law 


We now give a more precise definition of t] 
x, of precipitation that has occurred in 


follow S: 


where Y, is the “apparent”’ atom fraction of 
time /, Y 
identical with X,. In order to obtain x () we mu 
relate some property of the prec ipitating system, suc! 
resistance, to x. 


It 


isothermally during precipitatior 


] 


is expected that the specific energy, 


mately proportional to the of 


measured 


amount 
unit mass of alloy. Nystrom 


precipitation of tin from lead 


calorimeter. Assuming 


where 7 


3 for low temperatures and 


concentra 


temperatures and initial 
probably derives from the more 
cipitation : 


exp 
have shown one 1 
0.192 and 7 


by 


Be reli 
R 


vis related to R 


359. If it 


+} 


e fo 


is 


W here R 


desc ribed by 


is the “‘final”’ value of XY but is not necessarily 


15 
| 
ap 

1210 
+-2.11 
e ir O 
@ 
\ 
\ \ 
evolve 
precip le pel 
LE for 
E,, he finds for 
genera re 
for X is assume 
73 Glowing equation: 
288 
303 
320 
333 R R 
348 
358 
373 wire resistance it time 
Eq. (7) with n=3.0 for xZ0.5. For the 
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lowest initial concentrations and temperatures reported 


by Nystrom, and assuming the validity of Eq. (8), our 


results are best described by Eq. (7) with n= 3.0. Hence, 
there is an excellent correspondence between the kinetic 
law calculated from calorimetric data and that obtained 
from resistance data with the use of Eq. (8). 

On the basis of this agreement we have used Eq. (8 
f(t). In 
is defined, as before, to be the 
adR/dt fallen to 
exceed Y,. 


to convert all of our results from R,;= to 
this calculation R 
resistance at the time that has 
1/50)(dR/dt),,. Hence, XY; must 


sumed relation between R and x is probably a poor 


The as- 


approximation for x 50.5. 
We find that R; is related to x. 
by: 


the resistance at 
{= a 


Ro —R;)~0.6(Ro— R,, 


lhe very marked decrease in precipitation rate when 
AR~0.6(Ry— R,, 
This effect is not due to a peculiarity of the electrical 


was also observed by Borelius e al.' 


kinetic data on cast wires. 


which, according to Borelius, AG* 


TABLE II. Summary of some 


is 


Isappear 


temperature at 


per cent 
0.0072 
0.0167 
0.0185 
0.0163 
0.0157 
0.0041 


wt. per cent 


0.035 
0.052 
0.066 
0.074 
0.089 
0.095 
0.089 
0.057 
0.026 
0.0063 


WD 


O 


OC 


7 (9.0 wt. per 


0.042 


DS 


0.089 
0.062 
0.0159 


0.170 (10.5 wt. pe 


0.130 
0.412 
0.426 
0.44 
0.292? 
0.109 
0.0079 


VOL. 


x] 


LOG In [i/i- 


Dependence of Li on log? for 


cast wires. T= 

behavior of the precipitating system, for calorimetric 

data, kindly sent to us by Professor Borelius, indicated a 

similar sharp decrease in dX ,/ dt at Xy— Xy~0.7(Xo— X,). 
Therefore, we conclude that precipitation occurs in 

two stages possibly described by two kinetic laws. The 


first rapid stage drains 60 per cent of the thermodynamic 


excess of tin from solution and the remainder is drained 
out in a second very slow stage. It may be that drainage 
of tin in the fast reaction is effected primarily by 
diffusion short circuits but the slow reaction is limited 
by lattice diffusion. 

We shall now describe our results on the first stage of 
precipitation. 

Rates of precipitation, dx/d/=2, in different cast 
wires or in a succession of experiments on one wire for a 
constant degree of precipitation x=c, temperature, and 
initial atom fraction of tin generally agreed to within 12 
However, there was a single 


percent [ (dx/dt).=<, | 
cast wire in which 2, differed as much as 33 per cent in a 
succession of experiments. Among different cast wires of 
the same composition the precipitation rates (shown in 
Table II) in wires 2C and 3C exhibit the widest disa- 
greement (a total error of 25 parts per 100 in the tin 
analyses would account for this disagreement). The 
maximum scatter in #, for the extruded wires (7, Xo 
constant) was larger than for the cast wires and often 
exceeded 20 per cent. The rate measurements of Borelius 
ef al apparently scatter as widely as ours for extruded 
wires. 

The differences in #, for a given specimen are often 
substantially larger than the measurement errors and 
seem to indicate changes in the specimen. A wire might 
change in a succession of experiments in (a) initial 
homogeneity of composition, (b) average composition, 
(c) microstructure—including such fine structural de- 
tails as the dislocation distribution. We found that for a 
particular wire Ry was reproduced to 1 part in 4000 in a 
succession of experiments where #, differed as much as 33 
per cent. Considering that the total change in R during 


3) 1955 
6c a 
5C (#1) a 
(#2) 
a 
-0 50} 
w/a 
1020 
a 
6 x 
-100 
VA 
50 
0.80 0% 1.00 110 20 30 
LOG ? 
shoud 
Wire No. 17C X,o=0.112 (6.8 T.= 298 
273 3.2 6.26 
298 2.8 5.04 
315 2.9 4.91 1955 
323 2.9 4.94 
2 3.0 5.21 
252 3.0 6.98 
n=3.0 
Wire No. 2( \ 0.147 (9.0 T..= 320 
273 
73 
288 
303 3.1 
319 
333 3.1 
348 2.7 
363 
373 30 
nu=2.9 
Wire No. X)=0.14 cent) 7.=320 
273 3.1 | 3.96 
288 a9 0.086 
303 0.119 
320) 0.135 2 
333 2.9 0.125 
348 2.8 
358 
373 3.1 Si 
Wire No. 15C cent) 7.=330 
273 3.0 2.49 
300 0.98 
371 3.1 0.93 
334 0.89 
353 2.9 1.44 
373 3.4 2.71 
303 3 2 6.14 
fiz 3.1 
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precipitation was 320 parts in 4000 and no trend in # 
was discerned in successive experiments, we conclude 
that the scatter in #, is probably due primarily to 
microstructural changes that occur in successive homog- 
enization and precipitation treatments. 

To indicate the order of reproducibility of the data 
the results of three experiments at 273°K on two cast 
wires of the same composition (X9=0.147) are shown as 
log Inl1/(1—.x) ] vs log? plots in Fig. 2. The linearity of 
the curve is consistent with Eq. (7) and the slope of the 
composite line i= 2.9. 

If a single kinetic law (i.e., one value of ) applies, it 
should be possible to superpose «= /f(/) relations by 
multiplying the unit of time for each isotherm by a 
suitable factor, f, ‘‘superposition factor.”’ All of the 
isothermal relations were thus superposable. Figures 3a 
and 3b show the superposition of representative iso- 
wires. The curves were made to 
f=1.00 at 273°K. 

For x<0.5 all isotherms are satisfactorily described 
by a straight line relation between log In{.1/(1—x 
log as predicted by Eq. (7). The slopes, , of these lines 
for each of four cast wires, having Yo ranging from 0.112 


therms for two cast 
coincide at x=0.5 with 


and 


to 0.170, at a series of temperatures are given in 
Table II. 7, the average n value, is also shown. The 
relation between log In[1/(1—.x) ] and log at repre- 
sentative temperatures for three of the wires are shown 
in Figs. 4a, 4b, and 4c. 

The average of all the #-values for cast wires is 3.0 
with a mean deviation of +0.15 and, excepting for one 
specimen, the maximum deviation is 0.4. In a single cast 


‘1G. 3a Superposition of kinetic relations for different 
temperatures. Wire 3C, Xo=0.147 


TIME (MIN AT 


Fic. 3b. Superposition of kinetic relations for different 
temperatures. Wire 15C, X»=0.170 
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ceeded 0.4, 2 bein wo successive experiments at 
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Isotherms for 
des ribed by Eq. 
of these lines (see, 


ter more widely 
Dependence of Precipitation Rate on Temperature 
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From Eq. (7) with n= 3, 
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when x= 


Combining (10) and 


follows for constant Y 


dX». 
T or Xo and In(1/7 


curves will be identical for all values of c. 
vs 1/T and Xo therefore 
also describe the shapes of the In(b)!/4 vs 1/T or X 
vs 1/T or Xo for any 


Thus, the shapes of the Inz, vs 1 
vs 1/T or X 
Borelius? curves of In(1/71/ 
curves as well as the shapes of Inz 
value of c. 

Logd for each of the representative isotherms is given 
in Tables II and III. However, for purposes of inter- 
preting the results of thermal cycling experiments, it is 
more convenient to consider the variation of precipita- 
tion rate with temperature and initial tin concentration. 
Therefore, we have also listed in Tables II and III « 
for each of the isotherms. 

In Fig. 6, Inao.2 is plotted against 1/7 for each of the 
initial concentrations. These points are shown as circles 
and the curves through them are solid. The shapes of 
hese curves are qualitatively very like the shapes of the 


TABLE III of kinetic results o1 
extruded wire (XY o=0.147 


Summary 


0.062 
0.229 
0.068 
0.032 
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d \n(1/71/2) vs 1/T relations found by Borelius e/ a/' at 
the corresponding initial concentrations. Below some 
temperature 7” characteristic of Yo, d Inao.2/d(1/T) be- 
comes virtually independent of Y 
between 7” and Xo 
with found by Borelius ef al. 

Although we are in fair agreement with Borelius e/ al 


Our relationship 
agrees within experimental error 


on the dependence of precipitation rate on temperature 


and initial concentration, the absolute magnitudes of 
our rates are considerably less than they report. In 
Fig. 7, In(1/71/2) vs 25C, 
¥o=0.124) in this 
In(1/71/2)= f(1/T 


1/7 found for a cast wire 


investigation is compared with 
reported for the same composition 
by Borelius ef al. Our 1/712 values are about a factor of 
2 to 3 smaller than the corresponding values of Borelius 
el al. We found that the rates in extruded wires are 
significantly larger than in cast wires (cf. Tables II and 
III). Our conclusion is that the absolute magnitude of 
the precipitation rates are considerably dependent upon 
the concentration of structural impurities in the solid 


Fic. 6. Dependence of logarithm of precipitation rate (at 


after various temperature cycling treatments, on 1 


solution. These results further demonstrate the inva- 
lidity of interpretations of existing kinetic data for this 
system assuming homogeneous nucleation and growth 
of precipitate particles in structurally pure crystals. 


Results of Thermal Cycling Experiments 


Thermal cycling experiments sometimes provide in- 
formation that is useful in separating the nucleation and 
growth components of precipitation rates.* In such ex- 
periments precipitation is completed at a temperature 
T, after having been begun at a different temperature 
T,. The initial rate of precipitation, #’; at the second 
temperature, where (*=.,)72, should be due only to the 
growth of 8 particles nucleated at 7). Thermal! cycling 
experiments in which the first temperature 7, is greater 
than the second temperature 7» 


» will be designated as 
down-cycling experiments and the inverse type of ex- 

* See, for example, Wert’s'® experiments on the precipitation of 
carbide and nitride from a-iron. 


18 \CTA 
a9 * x 
d 020 
v/ “ayn 
e//¢ 
c 
/ / 
* 
LOG 
Fic. 5. Dependence of Log In| 1/1-— on log/ at various 
temperatures for an extruded wire. Y9=0.147 
Hence, 
A 10 
where 4,=3(1- In(l—c) P*. Let x=c. 
It then follows: 
| / 11 
# 
d In&./d(1/7 3 
/ SA 
a/ 
Rate TEMP CY 
«=0.2), 
Temp.°K i I Logt 
273 3.4 3.45 
333 2.9 1.71 
363 3.8 3.33 
373 2.9 4.45 
fix 3.95 
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periment in which 7;> 7 as up-cycling experiments. In 
either event the precipitation rate at the second temper- 
ature 7. will 
denoted by the symbol #’.. Tests in which precipitation 


and degree of precipitation x«=c, be 
begins and goes to completion at the same temperature 
will be designated direct precipitation experiments and 
the corresponding precipitation rate denoted by &,. It 
may be possible to relate z’../%, to V’/ N where .V’ and .\ 
are the number of nuclei operative at 7, as a result of 
the thermal cycling and direct precipitation processes, 
respectively. 

Let «= f(t) for direct precipitation at 72, and «= /;( 
at 7. after some prior precipitation at 7). /;(¢) is defined 
to coincide with f(t) at «=.;. Initially we calculated 


fi(t) on the assumption that the resistance, R, of any 
wire would be a single function of x, at constant temper- 
ature, independently of thermal history. Figure 8 com- 
pares f(t) and f(t) so calculated from a series of 
experiments in which NX 9=0.147, 7,;=373 and T>» 
=273°K. f,(t) calculated in this way approaches a 


BORELIUS ET AL 


THIS INVERTICATION 


+ 

Comparison between precipitation rates obtained by 
and in this investigation for XYo=0.124. (Our 


Fee. 7. 
Borelius et 
wire 25C). 


a 


limiting value less than unity, x,;, that is smaller the 
larger is x,;. Table IV gives 1—.x, for each x 

This failure of /f:(/) to approach unity and the ap- 
parent dependence of 1—., on x; is accounted for if it is 
assumed that: 


1. Precipitation is effected by the growth of ‘‘cells.”’ 
Each cell consists of a multiplicity of 8-particles, al 
originating from a single nucleus, interspersed in a. 

2. The atom fraction, X ;, of tin within a cell formed 
at temperature, 7, is related to the equilibrium concen- 
tration, X,, of tin at ‘hai temperature by the equation: 

Xo—Xy 
=(, (15 

Xo—X, 
where C is temperature independent. The basis of this 
relation is not yet understood. 

3. Upon quenching to 7» 
precipitation of tin within the parts of cells grown at 7). 


there is no appreciable 


Until swept over by a cell boundary, the concentra- 
tion of tin in the supersaturated solution remains at X». 


KINETICS CIPITATION 


Thus, must be identified with the volume fra 


of the specimen transformed by the growth of the cells. 
In a thermal cycling experiment, cells nucleated at one 
temperature will develop a two layer structure upot 
growth at a second temperature. This struc 
“core” formed at 7), wl 
Xo—C| X \ 

wherein XYo—( 


. Since the fina! 


ture 


consist of a erein the fina 
concentration 


T 
given by Eq. (4 


tin concentration wit 


formed at 


TABLE IV. Comparison betw 


a element is determined perature 


which it formed it is evident imen resist 


ance cannot be a single function of at tant 


Cons 
temperature. 
With the use of 


can calculate 


Lhe aSsuMplions explained above, 


the correction be applied 


convert LO [rans formed 


Snould 


correction, 


, oODLalned [rom Its on wire 


and 


are in excellent agreement as may be seen from Table 


from this series of experiments is plotted a; 


in Fig. 9. Here the initial transformed volume fract 
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0. Dependence of x on / at 72 after prior precipitation to 
at 7). 7; <T’ and Extruded wire, X¥o=0.147 
T 2 have been corrected by the 
Vhere both 
temperature, 
independent of the thermal cycling treatment, at least 
for +; <0.2. In this event, /,(¢)= f(t). Figure 10 shows 


and J» were less than a characteristic 
the precipitation rate proved to be 


the excellent correspondence between /,(/) and f(t) for 


an extruded wire cycled between 333°K and 273°K. 
Similar results from experiments with a cast wire are 
given in Fig. 11. 7,, corresponds, within experimental 
error, to the temperature 7’ at which d Inz,/d(1/T) 
becomes independent of Xo. These results indicate that 
the distribution of cell number with size at constant «x is 
independent of temperature when T<7". 
When 7>7”’, the precipitation rate 
pendent upon thermal history (see Fig. 8). 
compares the kinetic relations, /,(¢) and f(t), obtained 
from cycling an extruded wire from a low (7,=273°K) 
to a higher temperature (7»=373°K). For this composi- 
tion (Yo=0.147) 273< 7’ <373°. At 373° 1.7. 
A series of up-cycling experiments were carried out 
with 7,;=273°K and the initial volume fraction pre- 
cipitated at this temperature, x ;, approximately equal to 
(0.02. The logarithms of the resulting precipitation rates 
at x=0.2 [logz’ (triangular 
points) as a function of 1/7 and Xo in Fig. 6. p is defined 


is clearly de- 
Figure 12 


»=logpay.2] are shown 
by the equation: 


¢/ Xe. (16) 


When 7, is less than the characteristic temperature, the 
resulting from up-cycling and direct pre- 
when 


rates at 7: 
cipitation are equal. However, 2’o.2>Z0.2 


SYMBOL 


15 


TIME 


11. De nee of x on dat 273°K after prior prec ipitation 


at 333°K. Wire 4C, Yo=0.147. 


addition of 
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Down-cycling experiments were carried out with 
T.=273°K and 7; varied between 393° and 298°K. 
Figures 13a and 13b show several down-cycling iso- 
therms x=/,(f) at 273°K corresponding to various 
temperatures 7; of initial precipitation for cast wire 
20C, X 9=0.147. In these experiments p was evaluated 
from the initial rate of precipitation at 273°K, i.e., at 
x=x,;. When 7; exceeded the characteristic temperature 
the initial precipitation rate at 273°K was less than the 
corresponding direct precipitation rate but these rates 
(4; and ;) were equal when 7,<7’. In Fig. 6 log(%o.2/p) 
(square points) from the down-cycling experiments is 
plotted against 1/7 for different XY». Here p is evaluated 
p)= f(T). 


at x=; and 


Effect of Cold Working 


[t is well known" that cold-working a supersaturated 
solid solution greatly increases the rate of precipitation. 
We did not attempt a complete evaluation of the effect 
of cold-working on the precipitation of 8 from a but 
made a few experiments on this effect that are pertinent 
to the evolution of our interpretation. 


(Mim) 


Fic. 12. Dependence of x on / at 373°K after prior precipitation to 
x=x; at 273°K. Extruded wire, X¥y»>=0.147. 


The change of resistance of a cold-worked super- 
saturated solution is the sum of two factors, one due to 
recovery and the other to precipitation. However, we 
found that the displacement of resistance due to cold- 
working the a at a low temperature is negligible in 
comparison with the total change in resistance due to 
precipitation at a low temperature, e.g., 273°K. There- 
fore, it appears that += f(t), for a cold-worked specimen, 
calculated with the use of Eq. (8) should have at least 
qualitative validity. 

Figure 14 shows the effect of straining an extruded 
wire at liquid nitrogen temperature 9 per cent in tension 
prior to precipitation at 273°K. Figure 15 compares 
x= f(t) for a cast wire at 273°K (a) without prior strain 
and (b) hammered flat at 273°K immediately after 
quenching from the homogenization temperature (in a 
period short in comparison with the precipitation time). 

From these and other of our results we conclude the 


following: 


1. Cold-working the a@ greatly increases the rate of 
lin precipitation. The effect increases with strain and ., 
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for a hammered specimen was as much as four times 
larger than x, for a specimen that had not been strained. 

2. There is no such simple functional relationship 
between x and ¢ as Eq. (7) for strained specimens. If we 
attempt to describe the data with Eq. (7), is less than 
3.0 and decreases with increasing x. 

3. The effect of strain on %, is most pronounced in 
the early stages of precipitation. For x>0.6 there 
appears to be little difference between “, values for the 
hammered and unstrained specimen (see Fig. 15). 


Microstructural Observations 


We deduced from the kinetic results that the pre- 
cipitate must form by the growth of cells containing a 


30 


TIME (MIN) 


Fic. 13a. Dependence of x on / at 273°K after prior precipitation 
to x=x; at Wire 20C, X)»>=0.147. 
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Fic. 13b. Dependence of x on ¢ at 273°K after prior precipitation 
to at T;. Wire 20C, X¥o=0.147. 

multiplicity of 6-particles dispersed in a. Recently 
Tiedema and Burgers” established that such cells do 
indeed form and grow in a lead-tin alloys. It appeared 
that 6-lamellae were dispersed within the cell a. Mr. 
Donald Wood of our laboratory independently verified 
the cell-like mode of precipitation in this system (see 
Fig. 16a) and clearly resolved (see Fig. 16b) the lamellar 
8-precipitate. Wood found that the cells nucleate prefer- 
entially at grain boundaries. Tiedema and Burgers’ 
alloy specimens were single crystals but the cell nuclei 
formed at dendrite boundaries where the composition 
segregation would be highest. There is some possibility 
that these nuclei came from occluded crystals. 

This cellular mode of precipitation has been observed 
in many systems and is known as the “recrystallization”’ 
shall call it cellular transformation). 


reaction (we 


KINETICS OF PRECIPITATION 


TIME (MIN 
Fic. 14. Dependence of x on ¢ at 273°K for unstrained wire and 
for same wire strained 9 per cent in tension at boiling temperature 
of liquid nitrogen. Extruded wire, X9=0.147. 


Geisler’ has reviewed its essential features. Usually the 
cells nucleate at grain boundaries and a reorientation of 
the a matrix accompanies their growth. In the lead-tin 
system there is no evidence that any mode of precipita- 
tion other than the cellular reaction is operative. 


INTERPRETATION 
The Kinetic Law 


for nucleation and growth trans- 


The kinetic law 
formations is usually of the form of Eq. 
and 4. How w is related to the 


7) with 


ranging between 1 


mechanism of nucleation and growth has been reviewed 


in other publications. 
We have to account for n=3 
that appear to be greater than the experimental error. 


with rare departures 
From microstructural results, we know that (a) the cells 
have a form that 
dimensions are negligible in comparison with the wire 


is nearly spherical, (b) the cell 


diameter, and (c) the interlamellar spacing of 8 within 
the cells is approximately constant. We picture a cell 
growing uniformly in three dimension with a constant 
density 


spacing) of tin diffusion sinks 


as evidenced by the constant interlamellar 
2-edges) in its surface 
Therefore, the cells should advance linearly at a rate 
independent of time. How the constant surface density 
of B-edges is maintained will be discussed in a following 
publicati yn. 
If the cell grows linearly at a constant rate, 

only account for n=3 if the number, .V, of cells/ volume 
remains constant throughout the precipitation. In this 
event the constant b of Eq. (7) is given by: 


b= (49/3) NG*, 17 


Fic. 15 Dependen¢ eof xont: 
same wire hammered flat at 
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‘ast film after 16 minutes at 300°K. XY 9=0.124. 
Magnification 


where G is the linear rate of cell growth. The constancy 
of .V implies that all the cell nuclei are formed in the 
earliest stages of precipitation. Since the initial super- 
saturation of the a-matrix is not reduced until swept by 
a cell boundary, it follows that the nuclei must originate 


at a limited number of singular sites. Activation of 


nuclei at these sites occurs either athermally during 
quenching or isothermally at the beginning of transfor- 
mation. .V and G will depend upon Xo, 7, and strain. 
Wood finds that the cells nucleate preferentially at 
grain boundaries. If .V is of the same order of magnitude 
or smaller than the number, g, of solid solution grains 


g 
per unit volume, we should expect n=3 (for x not too 
large) as though nuclei had formed randomly. However, 


it is possible for the specific number of nuclei at grain 


boundaries to be so great (that is, V>>g) that all the 


grain boundary area is coated with cells while the 
amount of precipitation is still very small. From this 


point the total ‘ransformed volume should increase at a 


Fic. 16b. Cast film after 16 hours at 300°K. X 
Magnification 2000. 
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constant rate so that » would be unity. For the more 
general case, m should fall between 1 and 3 approaching 
3 for x0 but decreasing below 3 as x increases. In our 
lead-tin wire, .V must have been of the same order of 
magnitude as (or less than) g since n~3 for x <0.5. 
Occasionally » found in experiments with extruded 
wire was significantly larger than 3.0. This result may 
indicate that 
persists throughout the transformation period. Relief of 


thermal nucleation in some instances 
the transformation strain by plastic flow of random 


elements of the matrix would also lead to x>3.0. 


Kinetic Law in Thermal Cycling Experiments 


In the following discussion # will represent the rate of 
precipitation that results from direct quenching to T»2 
from the while #’ will 


homogenization temperature 


denote the rate at 7» after some precipitation at 7,. In 
interpreting these results it will be assumed that G is 
independent of thermal history. 

Let precipitation proceed for time ¢ at TJ» after 


transformation to x=x; at 7, (t=0, x=x;). Then: 


= NGF ], (18) 
where 
\,=number of cells nucleated at 7}. 
\V>o=number of cells nucleated at 7s. 
In{1/(1—x,)} 
that is, 


r,=radius of cells at 


When .V2>>.\, and for « very large it may be that Eq. 
18) does not adequately compensate for impingement ; 
however, we shall draw conclusions from (18) only in 
limiting cases where (18) should be a satisfactory ap- 


proximation. Integration of (18) gives: 


Inf (1—a 


When /=0, (18) become 


We deduce from Eqs. and (22) that 


1/ No)!#=p. 

is valid if there is no precipitation or 
formed at 7). 
it follows: 


Equation (23 
solute in the cells 


is small and \ iy Vo, 


resolution of the 
Provided x 


(24) 


Figure 17 shows the dec omposit ion of f /) for a down- 
cycling (373—+273°) experiment into two components. 
One of the components derives from nuclei formed at 
273° and is calculated from the f(t) curve for 273° also 
shown in Fig. 17. The second component results from 
nuclei formed at 373° and is obtained by subtracting the 
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first component from f,(/). The second component is 
approximately linear over the intermediate range of 
values as expected on the basis of Eq. (20). The 
decomposition was not carried further because the 
impingement correction becomes more uncertain as 
fo(t) increases. 

From Eqs. (13), (17), and (23) with Xo constant we 
can relate the rate of precipitation to the rate of cell 
growth as follows: 


and 


Here y, and 7, are constants and &, and G correspond to 
T which is variable. The subscripts refer to the thermal 
cycle; in (25a) 7,;,=T, T.=T,, while in (25b) 71:=T 
and T.=T. 
Figure 6 log fi(1/T) or 
T (1/7) plotted against 1/7 for four Xo 
values with 7,=273° and T>T,. For T less than the 
characteristic temperature, the dependence of cell growth 
rate on J is identical whether it is deduced from down- 


shows 


log (Xo.2p) 7 


= Je 


COMPONENT OF 373°+273° 
"DUE TO 373° NUCLEI! 


COMPONENT OF 373° + 273° 
QUE TO 273° NUCLEI 


40 
TIME (MIN) 


7. Decomposition of x=/,(¢) from a down-cycling experin 
into two components. Wire 18C, Y»9=0.147 


cycling or up-cycling experiments; that is, /i(1/T 
= f.(1/T) when T<T’. However, when the 
growth rate inferred from down-cycling experiments is 
larger than the corresponding rate inferred from up- 
cycling experiments [ f2(1/T) when T>T”’ 

In the down-cycling experiments (T° 
lated from (23) but in the up-cycling experiments 
(T,—T) there was some tendency for 8 to redissolve at 
~0.02 


—T.)p was calcu- 


the highest temperatures so x; was kept small 
and p evaluated from (24) with c=0.2. Because of this 
resolution in up-cycling, we believe that /,(1/7), (Eq. 
25a), may be a more satisfactory representation of the 
dependence of log(y.G) on 1/7 than is fo(1/T 

In any event we can draw the following conclusions 
from the thermal cycling experiments: 


1. At constant Xo, ‘V increases with decreasing 7 
until 7=7". For T’, N is constant. 

2. With Xo constant, InG is not a linear function of 
1/T, possibly excepting the temperature range 7’ < 27. 
G increases with increasing 7 to a maximum G=Gypax at 
T=T max and then decreases sharply with further in- 
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PRECIPITATION 


T=T 


is of the order of 5 or 6. 


crease in 7. At 
X o/X 


x the supersatruation ratio 


Further Remarks 


As an electrical conductor, our precipitating system 


consists of spherical elements (cells) having a charac- 


teristic conductivity, \,, imbedded in a matrix of con- 
ductivity, Am. 
of the resultant conductivity of such a system upon the 


Landauer" has discussed the dependence 


concentration and size of cells. From Landauer’s treat- 
ment we infer that while the validity of our Eq. (8) is 
questionable for x very large, it ought to satisfactorily 
describe the dependence of R on x when x<0.4. 

We are in essential agreement with Borelius and co- 
workers on the facts, so far as they determined them, of 
precipitation in the lead-tin system. We have shown that 
their 1/7; 
from 0 to 0.5. We are in good agreement with them on 
» With Xo and T though in absolute 


is proportional to #,., where c may range 
the variation of 1/7; 
1/7; cast 
siderably smaller than theirs. Also, we 
d logt,/d(1/T) or dlog(1/7; l(1/T 


pendent of Xo at some temperature 7”= f(X 


magnitude our values on wires are con 


find that 
becomes inde 
that is, 
about the same as found by Borelius ef a/. Their limited 
results on the kinetic law appear to be consistent with 
our findings. However, Borelius ef a/ report no micro 
structural or thermal cycling experiments that have 
given us basic information on the _ precipitation 
mechanism. 

There are some important questions not resolved by 


our formal interpretation. These are: 


1. Why, as shown by the microstructural and 
kinetic evidence, precipitation of tin from lead occurs at 


a rate 10’ to 10° times greater than calculated from Seith 


and Laird’s results on the diffusion of tin into dilute 
lead 
2. What are the 


dependenc e of logG on 1/T 


solutions of tin in 


reasons for the complexity of the 


3. Why does VV become temperature independent 
below some critical temperature 7 


slow reaction. 


1. What is the mechanism of the 


These questions will be dealt with in the following paper 


entitled, ‘“Theory of Cellular Precipitation.” 

CONCLUSIONS 
1. Prec ipitation of tin from lead takes place 
distinct stages. The first stage is a “‘fast’’ reaction that 
drains about 60 per cent of the thermodynamic excess of 
tin from solution. The remaining 40 per cent of the tin is 


drained at a rate (slow reaction) about 2 orders of 


magnitude slower than the fast reaction. 


2. The kinetic law for the fast reaction is: 


exp bt 


With rare exceptions, »= 3.0 independently of tempera 


ture or initial tin concentration. 
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3. Precipitation is effected by the nucleation and 
growth of cells. Each cell consists of a multiplicity of 8- 
particles, all originating from a single nucleus, inter- 
spersed in a. This mode of precipitation has been re- 
ferred to in the literature as the “recrystallization 
reaction.” 

4. We deduced that b is related to the number NV of 
cell nuclei and their rate of growth G as follows: 


b= (4n/3) NG. 


5. The precipitation rate #,, at constant transformed 
volume and temperature, is independent of thermal 
cycling treatments (wherein precipitation is begun at 
one temperature and completed at a different tempera- 
ture) when the cycling temperatures are less than a 
characteristic temperature, 7’. #, is strongly dependent 
on the thermal history if one of the cycling temperatures 
exceeds 7”. 

6. Even for 7<T”’ 
dependent upon the initial concentration, Xo, 


the precipitation rate is strongly 
of tin; for 
example, when Xo increases from 0.112 to 0.170, z, 
increases by a factor of about 15. 

7. The kinetic law is satisfactorily interpreted if it is 
assumed that all cells have nucleated at the beginning of 


precipitation and originate from a limited number of 


singular sites mostly in the vicinity of grain boundaries. 
Therefore, interpretations of the precipitation kinetics 
in this system that have presupposed nucleation in 
structurally pure crystals have to be abandoned. 

8. At constant initial tin concentration, the number 
of nuclei increases with decreasing 7 until the charac- 
teristic temperature is reached. .V is constant at temper- 
atures equal to or less than 7” 

9. G increases with increasing 7 to a maximum Gyax 


VOL. 3, 1955 


at Tmax and then decreases sharply with further increase 
in JT. At Tax the supersaturation ratio is 5 or 6. 

10. Precipitation takes place about 10’ to 10* times 
faster than calculated from Seith and Laird’s results on 
the diffusion of tin into dilute solutions of tin in lead. 

11. Cold-working the supersaturated solid solution 
greatly increases the precipitation rate. 
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THEORY OF CELLULAR PRECIPITATION* 


DAVID TURNBULL? 


The rate of cellular precipitation can be described by thre 
atoms in the cell boundary; /, the spacing of the precipitate lam 
nucleated per unit volume. In the precipitation of tin (8) fron 
ary diffusion is deduced to be 9-10 kcal/gm atom to be compared 
atom for the volume diffusion of tin into lead. It is inferred that nucleation of 8 is catalyze 
impurities in the a and that the rate of the cellular reaction should be many orders of mag 
structurally perfect crystals than in ordinary polycrystalline aggregates 
The existing kinetic results on precipitation in lead-tit to be consistent with the Bec} 
theory and not consistent with Borelius’ theory 


THEORIE DE LA PRECIPITATION CELLULAIRI 


La vitesse de la précipitation cellulaire peut étre définie par trois paramétres: Da, le c« 
des atomes dans la paroi de la cellule; /, l’espacement des lamelles de précipité dar 
nombre de cellules apparaissant par unité de volume. Dans la ] 

a), ’énergie d’activation pour la diffusion dans la paroi dé 

que l’énergie d’activation pour la diffusion de |’étain dans 
germination de 8 parait étre catalysée par des impuretés struct 
de la réaction cellulaire devrait étre de plusieurs ordres de grand 
parfaite que dans des agrégats polycristallins 

Les résultats existants sur la précipitation dans le plom| 
germination de Becker et ne pas étre conforme | 


THEORIE DER ZELLAUSSCHEIDUNG 


Die Geschwindigkeit der Zellausscheidung liisst 
Dz, der Diffusionskoeffizient der Atome in der Zellgrenze; | 
der Zelle und N, der Anzahl der Zellen pro \ olumene I! I 
Blei a) wurde die Aktivierungsenergie det Zellgr n 
mit der Aktivierungsenergie von 26 Kcal/Grammaton 
Es wird angenommen, dass die Keimbildung von 8 dur 
die Geschwindigkeit der Zellreaktion in struktu 
geringer sein sollte als in gewohnlichen polykri 

Die vorhandenen experimentellen Daten zur Ausscheidur 
ungstheorie und nicht mit Borelius’ Theorie iibereinzustim: 


INTRODUCTION cipitation ot silver from copper However. 
. report any analysis of the results. 
In the preceding paper! the results of a kinetic in 
vestigation of the precipitation of tin (8) from lead-tin o ~— 
kinetic results on precipitation of tin from 


t} 


solid solutions (a) are described and formally inter- : = 
. he theory of cellular precipitation 


preted. Precipitation was effected by the nucleation and 
7 [wo important theories, one due to Becker and 
other to Borelius and Konobeyevski (B-K the 

the formation of precipitation nuclei from solid 


have been developed In order t proy ide 


growth of cells. Each cell had a duplex structure con- 
sisting of 6 lamellae interspersed in a. 

This mechanism of precipitation has long been recog- 
nized and discussed? as the “recrystallization reaction.” 


We prefer the designation “cellular precipitation”’ since Lor dis 
the driving energy for the process derives from the underlying each of these theories. 
solute supersaturation. In some systems, lead-tin being 
an example, cellular precipitation appears to be the only : 
mechanism operative. In other systems the cellular 
reaction is preceded by “‘general precipitation,” a reac- » the atom fractio1 

tion whereby isolated precipitate particles nucleate and the a@ solid solution 

grow. Apart from the investigations on lead-tin there r= the inc rease in Iree energy ol 
seem to have been very few kinetic investigations of the suiting Irom the formation Of 
cellular reaction. Bumm,’ using a metallographic tech 


Che « omposition of the ciuster wil 


nique, measured the isothermal (350°C) rate of pre- 


oe which is the atom fraction of B in 
* Received June 25, 1954. 
¢ General Electric Research Laboratory, Schenectady, New 


York. 
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In general, 
AG= f(i, AX, e, ©), (1) 


where ¢ and e are, parameters describing the strain and 
shape of the cluster, respectively. In discussing the 
relative merits of the two nucleation theories we shall 
assume, as did the original proponents, that e=0 and 
e=constant. Hence: 


AG= f(i, AX). (2) 


To become a nucleus for the 6-precipitate a cluster must 
pass through a succession of states with 7 and AX in- 
creasing. AG for this succession at first increases reaching 
a maximum AG*= /(i*, AX*) and then decreases. 

The Becker nucleation theory assumes that the critical 
free energy for nucleation, AG*, is a consequence of the 
free energy ‘area, a, of the interface between the nucleus 
and a. For simplicity, Becker set AX*= X3—X where 
Xs is the atom fraction of B in B. Then: 


where AGy is the free energy/volume (neglecting the 
interface free energy) for forming 8 from a of composi- 
tion X, and A is a geometrical factor determined by the 


nucleus shape. For an ideal or regular solution 


AGy = — (kT In(X/X,)=— (kT /?) InS, (4) 


where v is the volume of an atom in 8, X, is the atom 
fraction of B in a in equilibrium with 8. 

Few measurements of the interfacial energies between 
solid phases have been reported. However, van der 
Merwe® and Brooks® have suggested that solid inter- 
phase boundaries can be described as dislocation arrays 
as can boundaries between misoriented crystals of the 
same phase. Hence, we expect that for a given boundary 
dislocation density, the energies of these two types 
grain and solid interphase) of boundaries will be of the 
same order of magnitude. Suppose that low index 
planes, pa and pg, of the two structures a and 8, re- 
spectively, are similar. Let 6= (d@a—dadg)/ags | where 
dq, and ag are the atomic spacings in pa and pz, re- 
spectively. The dislocation density, d, in the a—6 bound- 
ary increases with increasing 6. When 6~0.10 to 0.15, d 
is sufficiently large so that o~o,, where o» is the 
maximum energy of the boundary between misoriented 
metal grains.* We expect that o will have a similar or 
greater magnitude if there are no low index planes 
similar between the two structures. 

Brooks®* has pointed out that when o~¢,,, 8 cannot 
nucleate (in a structurally pure crystal) at a perceptible 
rate unless the supersaturation is very high. In order to 
show the basis for Brooks’ conclusion, we shall start 
with the following expression for J, the frequency of 
nucleation/volume derived by Turnbull and Fisher® 
from Becker’s assumptions: 

I= (X—X,)n,v exp[ — (AG*+AG4)/kT ], (5) 


* Tt is interesting that Nabarro’s’ estimate of o for 6~0.10 to 
0,15 is of the same order as gm, 
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where 
n,=number of atoms /cc. of solid solution. 
v=frequency of atom vibration. 
AG ,=free energy of activation for diffusion of B 
in A, 


Precipitation will become perceptible when | AG*/kT| 
and I’ will be dependent upon AG, but our 
fundamental conclusion will not be much affected by an 
inaccurate assumption on the relation between AG 4 and 
I’. Therefore, we shall set /’=10* sec"! and 
AG 4/kT=10~'*. With plausible values of v, and 
(X—X,), we get ¢~30. Combining Eqs. (3) and (4) 


gives: 


InS’~2(A (6) 


where SSS’ in order that JS J’. 

7» for lead is not known. However, ¢,, values for other 
face centered cubic metals satisfy the empirical relation 
(om/o1)>1/3, where o; is the free energy/area of the 
liquid-vapor interface. Assuming that this inequality is 
generally valid, we estimate a,, $ 150 ergs/cm? for lead. 
Setting o between a and £8 equal to o,,=150 and as- 
suming that tin nuclei are spherical, we calculate that at 
350°K, S’~50 for the nucleation of tin in structurally 
pure lead crystals. This result confirms Brooks’ theory 
that the homogeneous nucleation of incoherent interfaces 

i.e., interfaces containing a high density of dislocations) 
is not possible unless the supersaturation is very high. 

The dislocation density in the a—@ interface is reduced 
provided the 8 nucleus is strained an amount, e¢, so that 
the difference in atomic spacing between p, and pg is 
reduced. If e=6, the a—G interface (with pa// pg) is co- 
herent (i.e., free of dislocations). The free energy of the 
coherent a—@ interface may be very much less than ¢,,. 
However, Nabarro’ has shown that for 6S 0.03 to 0.04, 
the coherency strain energy, £, (i.e., the strain energy 
in the nucleus when e=6) becomes a considerable frac- 
tion of the AG, usually available. Hence, coherent 
nucleation is unlikely to occur at an appreciable rate 
unless there are similar low index planes between a and 
8 for which 60.05. 

Thus, according to the Becker theory, nucleation of 8 
in structurally pure a-crystals, if there are no simple 
similar planes between the two structures or if 
6>0.10, cannot take place at an appreciable rate unless 
the supersaturation is extraordinarily high. Actually tin 
precipitates from lead quite rapidly when S~2. Simi- 
larly, silver precipitates from copper (6=0.12) at an 
appreciable rate when the supersaturation level is quite 
low. These results are consistent with the Becker theory 


only if the precipitation nuclei originated at structural 
impurities in the a such as grain boundaries, disloca- 


tions, or particles of an extraneous phase. 


Borelius-Konobeyevski (B-K) Theory 


Borelius and Konobeyevski assume that the interfacial 
energy between a and £ is of no consequence in nuclea- 
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tion kinetics and that AG* can be identified precisely 
with the volume free energy change, AG,,, associated 
with the critical fluctuation AX. With 7 and T constant 
and X <X, (at Y=X,, 0°’G/d?X =0) the functional rela- 
tion G= f(X) is of such a form that AG= f(AX) in- 
creases with small AX to maximum AG,, at 
AXn=(Xm—X).F It is assumed ad hoc that 
critical number of solute atoms, i*, must participate in 
the fluctuation and AG* is set equal to (AG,,) ;* with 
AX, = AX*. In order for the B-K theory to be consistent 
with experience, Borelius calculates that 7* must be of 
the order of several hundred atoms. This result implies 
that (AG,,) x, r= goes through a minimum at i= 7*. 
However, strict thermodynamical considerations require 
that AG,, be directly proportional to 7 and no analysis 
has been offered showing that AG,, = f(7) has a minimum 
at a large i-value. 

Independently of the AG,,= f(z) relation, the B-K 
theory does predict that AG* disappears when XY = X,. 
For a given X there is a temperature, 7, at which 
“e=X and below which X¥>X,. Let # be the rate of 
precipitation at a given fraction, x, of the sample pre- 
cipitated. x is defined by: 


some 
some 


where X ,=atom fraction of tin in solution at time /, X + 
is defined as in the preceding paper, and X ,= Xo at /=0. 
Borelius assumes that d Inz,/d(1/T), (@=%, when x=c), 
is dependent on Xo when AG*>O and that lack of 
dependence of d |nz,/d(1/T) on Xo may be taken as 
evidence that AG*=0. He calculated, assuming ideal 
entropy of mixing, X.= (7) for a number of systems 
and found that d Inz,/d(1/T) appeared to become inde- 
pendent of Xo at temperatures 7” in good agreement 
with 

For example, Borelius and associates” have found 
that the temperatures 7’= f(Xo) in the lead-tin system 
at which d Ina@./d(1/T), (@.« 71/2 where 71/2 is the time 
for half-precipitation), becomes independent of Xo are 
in excellent agreement with the values 7.= f(Xo) calcu- 
lated on the assumption that lead-tin solid solutions are 
regular in their thermodynamic behavior. 

The B-K theory leaves unresolved a serious dilemma 
about the form of the kinetic law when T7<7”. It is 
expected that x= f(¢) will have a form characteristic of 
nucleation and growth processes for AG*>0 or T>T". 
However, if AG*=0, we do not expect the precipitation 
mechanism and kinetic to be describable by 
nucleation and growth kinetics. It appears, therefore, 
that the form of x= f(t) should change markedly when 


law 


the precipitation temperature goes from T>T7, to 
T<T,. What form x= f(t) will take when T <7, is not 

t Hollomon and Turnbull implied that X,,=X,-. This implica 
tion is erroneous and we regret that we did not discover the error 
until the paper was in press. However, our basic criticism of the 
B-K theory is not altered by correction of the mistake. 


CELLUL 


ch 


PRECIPITATION 
clear. Presumably precipitation would be a coarsening 
phenomenon (as is probably the case in the growth of 
Guinier-Preston zones) whereby large tin clusters grow 
at the expense of smaller ones. However, this process is 
incomprehensible unless the a8 interfacial energy is 
greater than zero. 


THEORY 
Kinetic Law 


It has been shown"! that precipitation of tin from 
lead occurs in two stages. In the first stage, designated 
‘fast reaction,” about 60 per cent of the thermodynamic 
excess of tin is drained from solution. The remaining 40 
a rate 


per cent of tin is drained in a “slow reaction” at 


about two orders of magnitude less than in the fast 


reaction. 
It was established! that the kinetic law for the fast 


reaction, at least for x2 0.5, is: 
x= 1—exp(—bdi 


where, with rare exceptions, 7= 3.0+0.25 independently 
of X,» or 7. To account for the microstructural observa 
tions, it was assumed that all the cells have nucleated in 
the earliest stages of precipitation (effectively at zero 
time) and grow at a constant linear rate G. Therefore, 


when the cells have a spherical form, 
3) NG*, 9 
is the number of cells/ volume. It was further 


deduced that 
number of singular sites* mostly in the vicinity of grain 


where .\ 


the cell nuclei originate at a limited 


boundaries. 


These results are inconsistent with the Borelius 
interpretation of the precipitation kinetics in this sys- 


tem in the following respects: 


1. The form of the kinetic law is independent (..e., 
n=3.0) of whether precipitation is carried out at tem- 
See Table II of 


appears that a nucleation 


peratures well above or well below 7 
preceding paper). Hence it 
and growth mechanism is operative at all temperatures. 


2. All cell nuclei appear to originate from structural 
impurities and are activated in a period negligible in 
comparison with the period of cell growth. Borelius 
assumed that tin nucleates homogeneously in stru 
turally pure a. 

On the basis of Becker’s theory and Brooks’ treat- 
ment of interfacial energy, we concluded that homo 
geneous nucleation of tin from a@ is unlikely at super 
saturation ratios less than 50. In agreement with this 
conclusion, we have no evidence of homogeneous 
nucleation of tin up to supersaturation ratios at least as 

Professor M 
nology, has independently 
nickel-gold system originate at a limited number of prefer 
(A.E.C. Metallurgy Information Meeting, Schenectady, New 
York, June 1954 


Cohen, of the Massachusetts Institute of Tech 
+} 


established that ll nuclei in the 


red sites 


x= (7) 
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high as 30. Hence the results relating to the kinetic law 
are, as far as they go, consistent with the Becker theory. 


Cell Growth 


In the preceding investigation the following facts 
were developed about isothermal] formation of cells. 


1. The cells are composed of 8-lamellae interspersed 
in @ having an orientation different from the a-matrix 
into which the cell grows. 

2. The interlamellar spacing, /, is apparently con- 
that the should be time 


stant so cell growth rate 


independent. 


The structure of these cells is very similar to that of 
pearlite nodules formed in the decomposition of austen- 
ite. Accordingly, we shall take as our starting point a 
theory of growth of pearlite nodules proposed by Zener" 
and further developed by Fisher.’ Zener assumes that 
solute atoms reach the lamellae edges by volume diffusion 
and derives the following expression for G: 


—X, 


G=u- (2D /1), (10) 


X 


where D is the volume diffusion coefficient. The as- 
sumption that the rate of growth of pearlite nodules is 


controlled by the volume diffusion of carbon appears to 


be compatible with the known facts. 

However, as noted in the first paper, tin precipitates 
from lead at a rate many orders of magnitude greater 
than calculated from the diffusion data of Seith and 
Laird." Wood 
rate G~10 
account for this rate assuming volume diffusion D~10 
a number 10° times larger than the value of D 


has observed cells that had grown at a 
§ cm/sec at 300°K in which /~10~ cm. To 
se¢ 
at 300°K extrapolated from Seith and Laird’s results. 

Therefore, it appears that tin may be drained from 
the a by diffusion along diffusion short circuits that 
sweep the solid solution in advance of the growing cell. 
It has been shown that dislocation channels and ele- 
ments of incoherent grain boundaries are almost equally 


effective as 


short circuits for the self-diffusion of 


silver.'*!° We expect that these imperfections will also 
short circuit the diffusion of substitutional solute atoms 
generally. Usually dislocations will be generated by the 
growth of precipitate due to transformation strains. The 
channels of these dislocations will facilitate the trans- 
port of solute atoms to the precipitate particle. How 
ever, in cellular precipitation the cell boundary itself 
probably constitutes a diffusion short circuit* that is 
more important than the dislocation channels formed by 
cell growth. This boundary is incoherent and sweeps all 


elements of the solid solution completely as the cel 


grows. 


. The possibility that the cell boundary might be the sought for 
sweeping diffusion short circuit was suggested to me by J. C. 
Fisher. Also, C. S. Smith'® has implied that solute atoms drain 
preferentially along the cell-matrix boundary during cell growth 
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Let D» be the diffusion coefficient in the cell boundary 
and \ the boundary thickness. Assume that the tin is 
drained only by diffusion along the cell boundary. Then 


0/2), (11) 


where 7 is the time required to drain the grain boundary 
region of solute. But 


T= P Dp. 

Therefore, 
Xo—X, 
(ADz 

Xo 
Now to account for the observed rate of cell growth 
Drp~10-* to 10 This magnitude of Dz 
corresponds (assuming the applicability of the Dushman- 


cm* sec 


Langmuir equation) to an activation energy, Qz, ol 
grain boundary diffusion equal to 9 kcal/ gm atom to be 
compared with Q;= 26 kcal/gm atom activation energy 
Op/Q,) between these 


for lattice diffusion. The ratio 
numbers is 0.35 and agrees fairly well with 
=().44 for self-diffusion in silver. 

In the preceding paper we showed how it is possible 
the 
deduce p= (.V;/.V2)! 
rate with temperature. Here .\, 
of nuclei formed on direct quenching to temperatures 7 
and 7». (In a thermal cycling experiment precipitation 
takes place to x=; at J; and is then completed at 7». 


from thermal cycling experiments to 


> and the variation of cell growth 


results of 


and .V» are the number 


These deductions are valid only if G is independent of 
thermal history. 

The results of these thermal cycling experiments (see 
Fig. 6 of preceding paper) showed that at constant X, 
and over the temperature range 7>273°K, InG is not a 
linear function of 1/7. From Eq. (13) we derive: 


T)=d |In(Xo—X,)/d(1/T 
+d\InDp/d(1/T)—2d |nl/d(1/T) 


When 
d |InG/d(1/T)= — (Og/R)—2d Inl/d(1/T), 


d \|nG/d(1 
l4a 


14b) 


since d InDz/d(1/T)=—Q2/R. This result shows that 
when / depends on 7 a straight line relation between InG 
and 1/7 is not expected. 

Borelius e/ al'® had also found that d In(1/71;2)/d(1/T 
is not constant when 7 >273°K. However, their results 
indicate that d In(1/71/2) /d(1/T 
constant over the temperature range 200 to 273°K. For 
d(InG)/d(1/T)=d In(1/ry2)/d(1/T). 
Assuming that constancy of d |InG/d(1/T) implies con- 
stancy of / in this temperature range, we calculate that 
QOpz=10 kcal/gm atom in excellent agreement with 
Op~9 kcal/gm atom estimated from results of micro- 


for X¥)»=0.235 is nearly 


these conditions 


structural observations. Therefore, the concept that 
diffusion of tin atoms along the cell boundary is the rate 
governing step in cell growth is entirely consistent with 
the experimental evidence. 
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The Interlamellar Spacing 


We do not know whether or not the 6-lamellae of the 
precipitation cells are interconnected but they do origi- 
nate from one primary nucleus. The lamellation may be 
brought about by (a) branching of existing 8 as seems to 
be the case in pearlite formation, or (b) secondary 
nucleation of disconnected 8-particles brought about by 
the transformation strain energy developed during cell 
growth. 

Zener" has proposed that the interlamellar spacing 
will take on the value that maximizes G. He showed that 
the growth rate is a maximum when one-half of the 
driving free energy for precipitation is tied up in a-8 
interfaces. From this result the following relation be- 
tween / and the supersaturation ratio, S, is deduced: 

l=4ov/kT \nS. 15 

To obtain the dependence of / on T and hence on S at 
constant Xo, Eq. (14a) is integrated between 273°K and 
T to give: 


In (le73/lr) = 


The dependence of G on temperature is obtained from 
the results of the thermal cycling experiments (see 
273°K as a 
temperature. From this dependence and setting 0 ,= 10 
kcal/gm atom [from the low temperature value of 
d \n(1/71/2)/d(1/T) obtained by Borelius ef al 
calculated lp/lo73, at various XY 
temperature and the supersaturation ratio, S. In Fig. 1 
for three 


Fig. 6, preceding paper) with reference 


], we have 
values, as a function of 
we show plotted against log(.S7/So7z; 
different initial concentrations of tin. The points all fall 
on a single straight line of slope 1.1 [a 10 per cent shift in 
Q(z would change the slope to the value unity predicted 
by Eq. (15) ]. In the high temperature range, repre- 
sented by the dashed portion of the line, (Go73/Gz7 
= f(T) deduced from the results of down-cycling experi 
ments (7-273) is in disagreement with f(7) calculated 
from the up-cycling experiments (273—+7). For reasons 
explained in the earlier paper the points shown in this 
temperature range (dashed line) are calculated from the 
down-cycling experiments. For the low temperature 
range (solid line of Fig. 1), (Ge73/Gr) = f(T) 
whether calculated from up-cycling or down-cycling 
experiments. 

The independence on X, 
nothing about the relation of /s7; to Xo. The propor 
tionality between / and 1/logS indicates, as was already 


is the same 


of ls73/lp of course implies 


assumed, that / is not strongly temperature dependent 
when 5S is very large. 


\TION 


Although our results are consistent with the fun 


tional relation between the interlamellar spacing and 


supersaturation ratio predicted by Eq. (15), the value 
of / required to make the equation quantitative is much 
smaller than observed. From microstructural observa 


300°K 


100 times greater than the 


tions 1t appears that / at and supersaturation 


ratio 6 is at least value 
l~ 25 A predic ted by the theory when the a—@ interfac ial 
energy 150 ergs/cm’. 


that 


Therefore, the Zener assumption 
/ is limited only by the dissipation of driving free 
energy in a-@ interfaces appears not to be valid for 
cellular precipitation in lead-tin 

We may now re-examine the assumption that G is 


independent of thermal history. If the interlamellar 
spacing were always irrevocably established at the tem 


perature of nucleation, G would be strongly dependent 


on thermal history. However, it seems more reasonable 


to suppose that / in the part of the cell that is growing is 
uniquely determined by the growth temperature. Conse 
quently / in the core of a cell grown at one temperature 


will be different from / in the shell of the ame cell 


formed at a different temperature. There 


new interlamellar 


transient period during which the 
spacing is established. However, this transient appears 


to be very short since the precipitation rate is inde 


pendent of thermal history whe T’ even though / 
appears still to be very temperature dependent 

It was established that the se ute left in the cell 
high temperatures is not drained out of solution 


appreciable rate when the temperature is lowere 


fact is explained as follows: 


a Rapid precipitation al 
effected by diffusion of solute 
boundary. Within the cell sol 
drained by volume diffusion or 
tionary dislocation channels. 

b) The interlamell 
distance, is larger 
hig! 


temperature 1 


temperature 


] Dependence of int 


ratio as d 
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LOG (Ny/N573) 


6.00 


00 ~—-4.00 
Dependence of cell number on supersaturation ratio 
as deduced from kinetic results. 


Fic. 2 


Cell Nucleation 


From the results of the thermal cycling experiments 
we can calculate .V7/.Vo72 as a function of T or S where: 
\Ny=number of nuclei formed on direct quenching 

to 7, and 


Nr=No73 at T=273. 


Log (.Vr/Noz3) was calculated from the results sum- 
marized in Fig. 6 of the preceding paper and is plotted 


. The points are from down-cycling 


against S in Fig. 2 
+273, and are nearly independent of Xo. 


experiments, 7- 
Also shown is a smoothed curve of log(.V7/.V 273) = f(S) 
deduced from the results of up-cycling experiments 
(273—-T) with «=0.2. The curves are identical when 
SS4.5 but diverge considerably at S<4.5. However, we 
can certainly conclude the following: 


1. Vr is independent of T and S when T<T” 
corresponding to S>6. 

2. When T>T7", \r increases with increasing S and 
decreasing T. As S goes from 2.0 to 6.0, V increases by a 
factor of at least 8 and more probably 30. 

3. Nr/Noz3 appears to be dependent on S only. We 
do not imply that .V27; is independent of Xo. 


It is certain that .V»73 or /s73 or both must be strongly 
dependent upon the initial tin concentration since the 
precipitation rate at x=0.2, %o.2, and 273° increases by 
a factor of 16 when Xo goes from 0.112 to 0.170. For 


X 


", and constant 7 we deduce that 


dlnz,/dX 9)r=(1/3) (17) 


It is interesting that log(1/71,;2)7 (we have shown that 
determined by Borelius ef varies linearly 
with 1/(logS)? at all temperatures. This dependence is 
shown for 273°K in Fig. 3a and for 356°K in Fig. 3b. 
We cannot as yet interpret this result since we have no 
knowledge of the relative magnitude of the two terms of 
Eq. (17). 

We have concluded that nuclei originate at certain 
singularities such as grain boundary elements or dis- 
location channels. Singular sites that have fulfilled some 
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critical condition of structure (or strain), composition, 
and size become nuclei. Suppose that nuclei form from 
clusters of pure tin that have collected within the 
singular element. Let 7 be the number of tin atoms in the 
cluster and e¢ the strain in the element due to its devia- 
tion from structural regularity. AG,, the free energy of 
forming a cluster within the element is dependent upon 
i, Xo, T and e. The critical condition is fulfilled when 


and AG,=AG,*. Then: 


18) 


We can understand why the number of nuclei does not 
increase significantly with time at temperature if one or 
the other of the following hypotheses is valid: 


1. Nucleation is athermal so that only those ele- 
ments in which i $i* upon reaching the transformation 
temperature become nuclei. 

2. A limited number of elements become thermally 
activated to nuclei in a short time in comparison with 
the period of cell growth. 

Either hypothesis implies a spectrum of singular 
elements such that the fraction that can be promoted to 
nuclei increases with increasing XY» and decreasing 7. A 
singularity spectrum might have its origin in: 


1. Variation in e€ among the elements. 


Fic. 3a. Dependence of precipitation rate on supersaturation ratio 
at T=273°K. (Calculated from data of Borelius et al.!°). 


Xo 
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. 3b. Dependence of precipitation rate on supersaturation ratio 
at T=356°K. (Calculated from data of Borelius et al.!°). 


60 
0.0- 
os 
fof 
-1 00} 
/ 
0.170 
le 4 0.147 
/ 0.124 
or. 
i*= f(Xo, T, ©). 
* 
+ 
0100 
\ 
0.0 + 
+ 2356°K 
-4.00L 
2 4 6 oe 10 i2 


TURNBULL: CELLU 
2. Variation in the volume of the elements provided 
the total number of lattice sites within the element is of 
the order of 7*. 
3. A size distribution of tin clusters formed by 
composition fluctuations at high temperatures; these 
fluctuations being “frozen-in” at low temperatures. 


At temperature 7” and below a decrease in tempera- 
ture causes no further increase in .V. This nucleation 
“cutoff” may indicate that: 


1. All of the singular elements are promoted to 
nuclei when T is decreased to 7”, or 

2. There may be a kinetic condition for growth of a 
nucleus in addition to the thermodynamic one that 
Suppose that this kinetic requirement is i>7,. Then the 
observed nucleation cutoff would be accounted for if 
i*>t, when T>T"’, i*=i, at T=T’, and i*<i, at 

When cells nucleate at grain boundaries, the differ- 
ence in orientation between the cell and matrix a is 
readily explained by a theory due to C. S. Smith.'® Ac- 
cording to Smith, a cell may nucleate in grain B but 
grow into adjacent grain A. The cell does not grow into 
B at an appreciable rate because there is no diffusion 
short circuit on the B side. The driving force for the 
reorientation of the grain A, may come from either (1) 
the transformation strain energy that causes plastic 
deformation of a as the cell grows, or (2) the surface 
energy differential between 6-B, and B-Aq. Since 8 
nucleated in B, it is a reasonable supposition that the 
interfacial energy between 8 and B, is less than between 
8 and A,. The orientation relationships observed in 
cellular precipitation apparently are consistent with 
Smith’s theory. 

According to T. J. Tiedema and W. G. 
nuclei for the cellular reaction in lead-tin may some- 
but at dendrite bound 
have been 


Burgers!’ 


times form in single crystals 
aries. In this case the reorientation must 
effected either by the formation of cells in occluded 
crystallites within the single crystal or by recrystalliza- 
tion of a around a 6-particle due to the transformation 
strain energy. 


Second Stage of Precipitation (Slow Reaction 


We shall consider three possible explanations for the 
slow reaction. The first is: (1) the cellular reaction slows 
down in its later stages to a much greater extent than 
predicted by Eq. (8). Such a slowing down would occur 
if impingement of cells along a grain boundaries were 
complete before the a-matrix cells were consumed by 
cell growth. However, the magnitude of the rate de- 
crease is much greater than expected because of grain 
boundary impingement alone. If transformation strain 
energy drives the reorientation of a, G might decrease in 
the later stages of the cellular reaction because of the 
operation of strain relief mechanisms other than cell 
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growth. Whether or not this explanation is valid will 
have to be established by microstructural observations. 

A second possible explanation is: (2) the chemical 
potential of the cellular precipitate, 6’, 
normal 8 by virtue of either (a) its high specific surface 


exceeds that of 


area, or (b) a nonequilibrium structure (for example, it 
may be strained). Hence in order to maintain equi- 
librium the atom fraction, X’,, of tin in the cell a would 
have to exceed XY,. To account for the observed differ- 
ence between X’, and X,, Au, the difference in chemical 
potential between 8 and the postulated @’, should be of 
the order of 10° ergs/cc. Thus the slow reaction would 
correspond to reversion of 8’ to 6 either by (a) coarsening 
or (b) transformation. From microstructural results we 
that Au~10° ergs/cc is 
magnitude greater than the specific surface energy of 


conclude several orders of 
a—@ interfaces in the cells. 

If, after completion of the cellular reaction, the tem- 
perature of the wire be slightly raised, there should be a 
transient process in which the postulated 6’ starts to 
redissolve. No ev idence for such a process Was found , on 
the contrary, upon heating the wires after the cellular 
reaction tin continued to drain slowly from solution 
temperature Xe~Xy, 

is the atom fraction of tin remaining in solu- 


until a was reached at which 
where X 
tion at the lower temperature. 

A third and perhaps more attractive explanation of 
the slow reaction is (3) the tin is incompletely drained 
from an element swept over by a cell boundary. Ac- 
cordingly, the cellular reaction would correspond to the 


he 
11 


extension of 8 by cell boundary diffusion and the 


reaction to the thickening of 6 by lattice diffusion of t 
residual thermodynamic excess of solute not collected i1 
the cellular reaction. 

As yet I have no explanation for the interesting result 
that Xo—Xys« Xo—X, at temperatures of pre- 
cipitation. 


all 


Effect of Cold-Working 


the supersaturated a greatly 
The kinetic 


solution ca 


Cold-working of 
creases the rate of precipitation law 


precipitation from the cold-worked not be 


unless we let ” decrease rapidly 
3.0. 


described by Eq. (8) 
with time and at f=0, n< 

Three variables, Dz, /, and .V, describe the rate of 
precipitation. We expect that plastic deformation will 


not have much effect on Dp», but 


the dislocation channels 


introduced may serve as auxiliary diffusion short cir 


cuits. Cold-working should facilitate the reorientation 
of a in regions remote from the grain boundary with a 
resulting increase in .V. We have no theory on how / may 


be affected due to cold-working. 


Further Remarks 


Our results, though consistent with the Becker nucle- 
ation theory, provide no quantitative verification of it 
In all experiments to date both nucleation and growth of 


de 
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precipitate in lead-tin have been catalyzed by uncon- 
trolled structural impurities in the crystal. There is no 
evidence that any nucleation of tin occurs in structurally 
perfect elements of a crystals. In order to test critically 
the theories for nucleation of precipitate in solid solu- 
tion, it will be necessary to follow the course of pre- 
cipitation either in “‘perfect’’ crystals or in crystals in 
which the structural deviations are specified and 
controlled. 

To the best of my knowledge, perfect solid solution 
crystals have not been prepared. However, crystals 
nearly free of imperfections might be obtained from the 
crystallization of very small droplets (ca 10 micron 
diameter) of liquid alloy. The comparative precipitation 
rates in these small crystals and in ordinary crystals 
would be of great interest. In particular, it is expected 
that the rate of cellular precipitation in small crystals 
would be greatly depressed. 

It is probable that the nucleation and growth of cells 
is one of the most important mechanisms for the forma- 
tion of incoherent precipitates. As already noted, the 
driving force for the a reorientation may be the differ- 
ence between the matrix a-$ and the cellular a—$ 
interfacial energies. However, since 6 is incoherent, ¢ is 
probably not very dependent upon boundary orienta- 
tion. Thus branching of 6 within a cell, resulting in a 
greatly increased rate of growth, can be accomplished 
with very little increase in specific surface energy. On 
the other hand, a coherent precipitate is not likely to 
assume the lamellar habit since the interfacial energy 
between it and the matrix is very dependent upon 
boundary orientation. 

General precipitation of a coherent structure often 
precedes and sometimes precludes the cellular reaction. 


However, once nucleated the cells containing incoherent 


precipitate grow at the expense of the generally distrib- 


uted coherent precipitate particles, which are strained. 
In systems where coherent precipitation is energetically 
impossible, the cellular reaction may be the only opera- 


tive mechanism. 


Conclusions 


1. The facts relating to the kinetic law of precipita- 
tion in the lead-tin system are, so far as they go, con- 


sistent with the Becker theory of nucleation and 
inconsistent with Borelius’ interpretation based on the 
Borelius-Konobeyevski theory. 

2. It is deduced that the precipitation rate is de- 


termined by three parameters: 


Dp, the diffusion coefficient of atoms in the cell 
boundary. 
the spacing between precipitate lamellae in 
the cell. 
V, the number of cells/volume nucleated. 


3. The rate of cell growth, G, can be explained with 
the hypothesis that the rate-limiting step is diffusion of 
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solute atoms along the cell boundary. When the driving 
free energy is very large: 


where A is the interatomic spacing. 

4. We deduced that / is inversely proportional to the 
specific free energy that drives precipitation. This result 
is qualitatively in agreement with Zener’s theory for the 
interlamellar spacing in pearlite but the proportionality 
constant in the lead-tin system deviates from Zener’s 
theory by about two orders of magnitude. 

5. It seems necessary to suppose that there exists a 
singularity spectrum with respect to the temperature 
and initial concentration required to form a nucleus 
within the singular element. 

6. The thermodynamic excess of solute is not com- 
pletely drained from solution by the sweeping cell 
boundary. The residual thermodynamic excess drains by 
lattice diffusion (slow reaction). 

7. The nucleation and growth of the cellular precipi- 
tate is catalyzed by structural impurities in the solid 
solution. It is predicted that this process will be several 
orders of magnitude slower in perfect than in imperfect 
crystals. 

8. Probably cell nucleation and growth is one of the 
important modes of formation of incoherent 
precipitates. 

9. Preferential nucleation of cells at a boundary 


most 


between a-grains A and B may be explained with the use 


of the following hypotheses: 


a) B nucleates in B, with an orientation relation- 
ship that minimizes the interfacial energy between 8 
and B, as proposed by C. S. Smith." 

b) 8 does not grow in B because of the unavaila- 
bility of diffusion short circuits. 6 does lamellate and 
grow into A, since the cell-A, is an effective short 
circuit for solute diffusion that sweeps the A, as the cell 


grows. 


10. As Smith'® has suggested, the driving force for a 
reorientation in cell growth may be the difference be- 
energies though the possibility that the reorientation is 


tween the matrix a-8 and cellular interfacial 
driven by transformation strain energy cannot be ruled 
out. 

11. Lamellation of 8 within a cell may be facilitated 
by the relatively weak dependence of the interfacial] 
energy of the incoherent a—6 boundary upon boundary 
orientation. Lamellation cannot occur in coherent pre- 
cipitation because in this case ¢ is strongly dependent on 


boundary orientation. 
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A THERMAL ETCHING TECHNIQUE FOR REVEALING DISLOCATIONS IN SILVER*+ 


A. A. HENDRICKSON? and E. S. MACHLIN** 


\ thermal etching technique for revealing dislocations in silver has been developed. The technique reveals 
single dislocations in silver as evidenced by the close agreement between the experimentally measured area 
density of dislocations in bent single crystals and the area density calculated using the Cottrell formula for 
the excess density of dislocations as a function of the radius of curvature of the bent crystal. It has been 
found that the density of dislocations in recrystallized specimens and as solidified crystals is about 210° 
per cm*. A new mode of subgrain formation has been found. The type of subgrain morphology obtained is 
shown to be dependent upon the orientation between the crystal and the tension direction. 


UNE TECHNIQUE D’ATTAQUE THERMIQUE PERMETTANT DE REVELER 
LES DISLOCATIONS DANS L’ARGENT 


On a développé une technique d’attaque thermique, qui permet de révéler des dislocations dans l’argent. 
Cette technique révéle des dislocations individuelles dans l’argent, comme le prouve le bon accord obtenu 
entre la densité des dislocations mesurée expérimentalement dans des monocristaux fléchis et la densité 
calculée au moyen de la formule de Cottrell donnant la densité des dislocations en excés, en fonction du 
rayon de courbure du cristal fléchi. On a constaté que la densité des dislocations dans des échantillons 
recristallisés et dans des cristaux solidifiés est d’environ 210° par cm?. Un nouveau mode de formation de 
sous-grains fut trouvé. On montre que le genre de morphologie des sous-grains, obtenu, dépend de l’orienta 
tion du cristal par rapport a la direction de la tension. 


EINE THERMISCHE ATZTECHNIK ZUM SICHTBARMACHEN VON 
VERSETZUNGEN IN SILBER 


Es wurde eine thermische Atztechnik zum Sichtbarmachen von Versetzungen in Silber entwickelt. Die 
Technik zeigt einzelne Versetzungen auf. Dies lisst sich an der guten Ubereinstimmung zwischen der 
experimentell bestimmten Flichendichte der Versetzungen in durch Biegung verformten Einkristallen und 
der nach Cottrell berechneten Flachendichte zeigen. Der Berechnung liegt Cottrells Formel fiir die zusatz 
liche Versetzungsdichte eines ‘“‘gebogenen”’ Kristalls als Funktion des Kriimmungsradius zu Grunde. Es 
zeigte sich, dass die Versetzungsdichte in rekristallisierten und in aus der Schmelze gewachsenen Proben 


etwa 2X10® pro cm? betrug. Es wurde eine neue Art der Feinkornbildung gefunden. Es wird gezeigt, dass 


es von der relativen Orientierung des Kristalls zur Zugrichtung abhingt, welche Art von Feinkornmor 


phologie auftritt. 


INTRODUCTION this consideration alone, thermal etching promised to be 
The concept of the dislocation has been used ex- 2 successful method for preferential etching of disloca- 
tensively and successfully to describe many phenomena 0M singular lines. 
in metals. However successful the theory has been in The purpose ol this research was to develop and 
precisely describing the structure and properties of verity a thermal etching technique for revealing disloca- 
metals. it has lacked considerably for need of visual ion lines in silver. A technique of this kind must be 
observation of a dislocation or of groups of single dis- reproducible within the limits of laboratory control to 
locations. Only recently have these observations been raw any significant results. Hence it was required to 
; : show that there was an etching condition without a 


critical etching time to produce the same quantitative 
result. In addition, it had to be shown that correlations 
of the results of the technique with the amount of strain 
and geometry of deformation were consistent with the 


made in salt crystals! and in lineage boundaries in 
Germanium.” 

Since the strain energy of a dislocation line is small, a 
successful etching technique to delineate it must be able 
to differentiate small differences in energy. The work of 
Chalmers’ has indicated that a thermal etching of silver 
might well accomplish this purpose. Chalmers noted 
that thermal etching delineated grain boundaries at 
300°C and at 600°C began to preferentially etch grooves 
along planes of high atomic population in order to 


basic theory. Having established good evidence that the 
observed etch pits were dislocation intersections, other 
experiments were performed utilizing the thermal etch- 
ing technique. Because of the limited application, these 
led to questions rather than answers in regard to the 
minimize the very small surface energies involved. With related topics of strain, recovery and recrystallization. 

* Received July 14, 1954. ; SPECIMEN PREPARATION 

+ This paper is based on a thesis submitted by A. A. Hendrickson 
in partial fulfillment of the requirements for the Master of Science Single crvstals were grown from 99.9 per cent silver 
degree at the School of Engineering, Columbia University. 4 

t Formerly Graduate Student and Research Assistant, Columbia 
University; now Physical Metallurgist, Ampco Metal, Inc., from the crystals with a minimum amount of distortion 
Milwaukee, Wisconsin. by the use of a cut-off wheel 0.020 in. thick. Heating of 


** Associate Professor of Metallurgy, Columbia University, 
New York, New York. the specimens during cutting was very low since a feed 


utilizing a modified Bridgman technique. Slabs were cut 
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PLATEI. Fic. 1 


after it was bent 


Appearance of a surface of a single crystal therma hed for te 
it to produce predominantly single giide al inné d at 
1700X. Fic Thermally etched { 

minutes at 600°C. 1700. Fic. 5 
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Crystal bent about a 1 cm bend radius. Annealed for 5 hours at 600°C. 2800. 
| number of etch pits after bending about a 0.25 cm radius. Annealed at 850°C for 10 hours. 


PLATE II. Fic. 6. 


Fic. 7 Observed 
1700X. Fic. 9.—Photomicrograph showing etch pit density in the strained (right) and recrystallized 


portions of a crystal bent around a 4 cm radius and annealed for 6 hours at 550°C. 420 X, polarized light. 
Fic. 11.—Crystal bent around a 0.25 cm radius. Annealed at 800°C for 16 hours and at 850°C for 16 more 
hours. 1700X. Fic. 12.—Same as Fig. 11. 2800. Fic. 13.—Bent to 4 cm radius. Annealed at 550°C for 


6 hours. Thermally etched. Electropolished. Bent some more (to about 3 cm radius). Thermally etched. 


1950. 
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of only 0.010 in./min was used. Before bending, all 
specimens were electropolished in a 9 per cent KCN 
solution at as high a current density as would produce a 
smooth, stain-free surface. This current density was 
about 12.5 amps per sq. in. The specimen was agitated 
rapidly during this polishing operation. The specimen 
surfaces were then washed and dried thoroughly in cold 
water and alcohol followed by drying rapidly in a 
stream of argon. At least five minutes of washing in cold 
water is required to produce a stain-free surface on 
thermal etching. Microscopic examination at 600X 
insured a smooth, stain-free surface for etching. 

All thermal etching was carried out in a tube furnace 
controlled within +8°C with a Tag Select-Ray multiple 
point controller. The specimens were etched in a 
thoroughly cleaned, porcelain crucible inserted into a 
vicor tube. The etching medium was one part of oxygen 


tensile 
a direction 


bend axis 


001 


Fic. 4. Stereographic plot showing the axis of bend and 
direction for specimens illustrated by Figs. 5a and 5b 
diluted in nine parts of argon. The gas ratio was con- 
trolled by 
The total 
satisfactory etching conditions. 


a double connection to a water manometer. 
gas pressure of one inch of water provided 


The X-ray patterns were obtained by the usual back- 
reflection Laue techniques. Because of the small cross 
section of the specimens, the orientations found are 
accurate to only +5°. 


EFFECT OF ETCHING TEMPERATURE AND TIME 


Etching temperature was the first variable investi- 
gated. A high temperature, 850°C was first attempted. 
It was found that the growth of etched areas proceeded 
too rapidly for good control during etching. Conse- 
quently, a lower temperature, 600°C, was investigated. 
This temperature provided satisfactory thermal etching 
conditions. Figure 1 illustrates the appearance of a 
surface of a single crystal thermally etched for ten 
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TABLE I 


2.9K 10 


minutes after it was bent to produce predominantly 
single glide and annealed at 800°C for 10 hours. 
h pits did 
The 


same crystal with single glide predominating was tl] 


It had to be shown that the number of et 
not vary with etching time at this temperature. 
1er- 
mally etched for 10, 20 and 40 minutes. Figures 1, 2 and 
3 show that the observed number of dislocation inter- 
sections with surface did not increase with etching time 
but only growth of the etched areas proceeded. Thus, it 
was illustrated that a satisfactory temperature for 
thermally etching dislocation intersections existed and 
roduced at this tempera- 


pits | 


ture was independent of etching ti 


that the number of etch 
me. 


EFFECT OF BEND RADIUS 


The excess density of edge dislocations of the same 


o produce a certain amount of strain in bending 


sign 


has been calculated by Cottrell: 
rb, 


where p is the number of dislocations per unit 


parallel to the bend axis, r is the bend radiu 


neutral axis and 6 is the Burgers vector of the disloca 


In the case of silver, 0 is tl 
110 


In order to demonstrate that tl 


e interatomic distance in 
direction. 

1e observed density of 
was consistant with Cottrell’s relation, four 


etch pits 


single-crystal slabs were bent around an axis given in the 


The 


tension direction 


stereographic plot of Fig ixis of the 


cryst: 
is also given in Fig. 
at 600°C ar 


parallel to the 


[hese crystals were annealed for five hours 


The 


are 


observed calculate 


| able 


1e observed number of et 


thermally etched. and 


then 
density of dislocations compared in 
Figures 5a and 5b illustrate tl 


pits after no bending and a 1 cm bend radius respect 
In addit 


and observed densities of dislocations w 


ively. ion, a further comparison of calculated 


as made u 


Figs. 1, 6 and 7. In these specimens the bending geome 


try varied from specimen to specimen 


lable IT gives the comparison between the observed 
and calculated dislocation densities for varying crystal 


orientation-bend geometry. The correlation sum- 


TABLE I] 
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Fic. 8. Graphical correlation between predicted 
1d | 


densities of dislocations 


observed 


marized in Fig. 8. is apparent that the agreement 
] 


between calculated and observed densities is extremely 
good. The observed discrepancies can be accounted for 
in a number of ways. The calculated value may be too 
he event 


that the Burgers vector should 
to the (112) direction or that wrong sign edge 


small in 


{ 
( orrespond 
dislocations have been generated during the bend but 


have not been annihilated during subsequent anneal or 


that screw dislocations have been generated and inter- 
sect the surface observed. The calculated value may be 
too high if the Burgers vector for the dislocations is 
oriented away from the tension direction. The fact that 
good agreement has been obtained may result from a 
cancellation of the above affects. It is interesting to note 
that the worst disagreement occurs for the case where 
the Burgers vector (110) is parallel to the tension axis. 
In this case, the second factor would be negligible and 
the calculated value would be expected to be too low, as 
observed. Because the agreement is quantitative, it has 
been concluded that each pit corresponds to a single 
dislocation intersection with the surface. 

Another observation that has significance is the value 
of the dislocation density for the annealed state. The as- 
grown crystal of Fig. 5a has a density of 2.5 10®/cm’. 
This value is in agreement with the value observed in a 
recrystallized grain. The density of the latter, calculated 
from Fig. 9, is about 2 10°/cm?. These observed values 
estimated values of 10°/cm? for the 


contrast with 


annealed state. 


EFFECT OF BENDING GEOMETRY 
The effect of bending geometry was investigated 
superficially. The orientations of the crystals are as 
shown in Fig. 10. Group 1 orientation showed pre- 
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dominantly single glide and the appearance after an- 
nealing a specimen in this orientation after ten hours at 
800°C is shown in Fig. 1. As shown, single glide (the 
existence of parallel dislocation singular lines) has led to 
the classical polygonized structure observed by Cahn® 
in hexagonal crystals, that is, dislocations aligned in 
nearly plane boundaries normal to the slip direction. 
Multiple glide was involved in the specimens of group 
2 and 3 orientations. Thus, the dislocations are not 
parallel in these specimens and as shown in Figs. 6 and 7, 
the dislocations tend to line up in curved walls. It is 
interesting to note that certain pits are darker than 
others. Although a number of explanations for this be- 
havior may be given, it is preferred to abstain from 
speculation on this point. Perhaps, the most interesting 
observation made is shown in Figs. 11 and 12. These 
figures show the appearance of crystals of group 2 
orientation after annealing for 16 hours at 800°C and 16 
more hours at 850°C. The “dislocation-free’’ areas have 
been shown by means of Laue back-reflection diffraction 
patterns to be subgrains that are slightly disoriented 
from the deformed matrix. The rate of growth of these 
subgrains is extremely slow compared to the rate of 
migration of recrystallized-deformed crystal boundaries, 
such as shown in Fig. 9. It is believed that this fact 
implies two different mechanisms of boundary migration 
for the above This observation deserves 
further investigation. It is apparent that in order for the 


two cases. 
type of behavior illustrated in Figs. 11 and 12 to occur, 
it is necessary that no faster process leading to a de- 
crease in dislocation density exist. Such processes are 
polygonization and recrystallization. By comparing the 
dislocation densities in the regions outside the subgrains 
shown in Figs. 11 and 12 with that determined from 
Fig. 7, it is found that no change in dislocation density 


© axes 


@ tensile directions 


(1) O @ (1) 


001 oll 


Fic. 10. Stereographic plot of the bend axes and directions of 
the tensile stresses for predominently easy glide (1), complex 
glide (2), and greatest complexity (3).* 


* Smallest bend radius. 
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with annealing time has occurred in these regions. 
Hence, it can be concluded that these dislocations are 
stuck. The question arises as to whether recrystalliza- 
tion is absent in this set of specimens because of the 
immobility of the stuck dislocations or because no 
recrystallization nuclei are present. It was found that 
the specimens in group 3 tended to recrystallize at lower 
deformation and temperatures than the specimens in 
group 2 orientation. The question arises in this case as 
to whether the case of recrystallization of group 3 
specimens is due to the presence of recrystallization 
nuclei absent in group 2, or whether the dislocations are 
stuck in group 2 but are not stuck in group 3. The 
answers to these questions must await further experi- 
mentation. The observations of Lucke and Lange’ on 
the strain hardenability of face-centered cubic crystals 
as a function of orientation of the tension axis are 
significant. They found that the resolved shear stress 
corresponding to a given resolved shear strain increases 
in the direction {110} to {111}. The fact that we have 
found the ease of recrystallization to increase in this 
direction may imply a correlation between strain 
hardenability and ease of recrystallization. That further 
experimentation is required to establish this point is 
obvious. 


OBSERVATIONS OF DISLOCATIONS ALONG 
SLIP BANDS 


The final survey made was to answer the question as 
to whether dislocations could be observed along slip 
bands using the thermal etching technique. A crystal 
was therefore subjected to the following treatment: 
Bent to 4+ cm radius; electropolished and annealed at 
550°C for six hours followed by thermal etching; bent 
some more (larger than 3 cm radius) and thermally 
etched without prior electropolish. The resulting surface 
is shown in Fig. 13. The slip direction is at a slight angle 
to the plane of the figure. The following observations 
have been made. In the regions excluding the slip bands 
the dislocation density is about 9.5 X 10° dislocations/cm 
(compared to 8.7X10*/cm?® calculated for the 4+ cm 
radius). If the slip band region is included and a grand 
average density obtained the result is 1.3 10'/cm? (as 
compared to 1.2 10*/cm? for a 3 cm radius of bend). It 
appears therefore that new dislocations are introduced 
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on new slip bands rather than on bands which already 


have dislocations. Before this deduction can be a 
cepted, it is desireable to investigate this phenomenon 
further. It can be concluded, however, that dislocation 
distributions along slip bands can be made visual. The 


utility of this technique is obvious. 


CONCLUSIONS 


1. Thermal etching of silver at 600°C in dilute solu 


tions of oxygen produces microscopic etch pits; 1 
number of these etch pits is independent of etching time. 
2. The density of etch pits observed is proportional 
to the reciprocal radius of bend and correlates well with 
the calculated density of excess edge dislocations re 
quired for the bend radii. 
3. The 


varies 


geometrical configuration of the etch pits 


with the complexity of deformation. Predomi 
nently single-glide results in the etch pits lining up into 
straight boundaries perpendicular to the slip direction 
More complex glide results in boundary formation be- 
coming more difficult and the boundaries formed are 
irregular in shape. 

+. A high degree of complexity in deformation may 
immobilize the dislocations. Long annealing at higl 
temperatures of immobilized dislocation configurations 
results in the formation and growth of subgrains which 


are relatively free of dislocations. These subgrai 


slightly disoriented with respect to the deformed matri 
5. The density of dislocations in recrystallized a 
2X 10°/ 


6. Dislocation distribution along slip bands car 


grown crystals is about 


revealed by thermal etching. 
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THE INFLUENCE OF GRAIN BOUNDARIES ON THE NUCLEATION OF SECONDARY PHASES* 
P. J. CLEMM and J. C. FISHER} 


In calculating the critical energy required for the nucleation of grains at two, three and four grain junc 


tions it is necessary to know (1 


matrix grain boundary area which has been absorbed 
the dihedral angle between the surfaces bounding the nucleus and (2) the 


calculated as a function of (1 
radius of curvature of the bounding surfaces. 


the volume of the nucleus, (2) the surface area of the nucleus, and (3) the 


by the nucleus. These three quantities have been 


To illustrate the use of the calculated equations the critical energy for the nucleation of ferrite from 


austenite at two, three and four grain junctions has been calculated. 


L°INFLUENCE DES JOINTS INTERCRISTALLINS SUR LA GERMINATION DE 
PHASES SECONDAIRES 


Pour calculer la valeur critique de |’énergie requise pour la germination des grains nouveaux aux jonctions 


de grains, doubles, triples et quadruples, il est nécessaire de connaitre (1 


la surface du germe, 
trois quantités furent calculées en fonction de (1 


2) le rayon de courbure de ces mémes surfaces. 


angle 


le volume du germe, (1) l’aire de 


3) aire de la surface des joints de la matrice qui ont été absorbés par le germe. Ces 


solide entre les surfaces qui limitent le germe, 


En vue d’illustrer l’emploi des équations déduites de cette facon, on a calculé la valeur critique de l’énergie 
| | 


pour la germination de la ferrite 4 partir de l’austenite aux jonctions des grains, doubles, triples et quadruples. 


DER EINFLUSS VON KORNGRENZEN AUF DIE KEIMBILDUNG SEKUNDARER PHASEN 


Will man die zur Keimbildung von Kristallen an Zwei-, Drei- oder Vierkornpunkten notwendige kritische 


Energie berechnen, so muss man (1 
und (3 


Gréssen wurden als Funktion von (1 


das Volumen des Keimes, 
die Grésse der von dem Keim absorbierten Korngrenzenfliche der Wirtskérner kennen. Diese drei 
dem diedrischen Winkel zwischen den den Keim begrenzenden Flichen 


2) die Grésse der Oberflache des Keimes 


und (2) dem Kriimmungsradius der begrenzenden Flaichen berechnet. 
Um die Anwendungsmdglichkeiten der theoretischen Gleichungen zu illustrieren, wird die zur Keimbildung 


von Ferrit aus Austenit an Zwei-, 


In calculating the nucleation rate of a second phase B 
in a homogeneous solid matrix A the critical nucleus is 
spherical, and the critical energy that must be supplied 
by thermal fluctuations (in the absence of strain energy) 


1S 


4B 
3Af,’ 


where W’™* is the critical energy, 7.2 is the interfacial or 
grain boundary energy between phases A and B, as- 
sumed isotropic, and Af, is the difference in volume free 
energy between phases A and B.! 

In a polygrained metal, however, the nucleation of a 
second phase is much more likely to take place at a 
grain boundary or at the junction of several grains, 
since at these sites the grain boundary that is eliminated 
by formation of a nucleus provides an energy source 
that can supply some of the needed critical energy for 
nucleation, thereby reducing the amount to be supplied 
by thermal fluctuations. 

Let the grain boundary area that is eliminated be- 
tween A-—A grains in forming the nucleus of a new phase 
B at a grain junction of phase A be 


A { 


where 7 is the radius of curvature of the surfaces bound- 
* Received August 4, 1954. 
{ General Electric Research Laboratory, 


York. 
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Schenectady, New 


Drei- und Vierkornpunkten erforderliche kritische Energie berechnet. 


ing the new phase B; let the new grain boundary area 
formed between grains A and B be 


A iB= br’, 
and let the volume of the new phase B formed be 


Here a, b, and ¢ are coefficients that are functions of the 
A-A and A-B grain boundary energies. Then the work 
done in forming a nucleus of volume V is 


W 
W => f,cr’. 
Y 


The work of formation of the critical size nucleus corre- 
sponds to dW /dr=0, for which 


4 (byap—ayaa)’ 


W*= 
27 fas, 


The problem of grain junction nucleation then is 


reduced to finding the coefficients a, 6, and c, corre- 
sponding to various types of grain junction. 
TWO-GRAIN JUNCTIONS 
First, the case of a simple grain boundary or two- 
grain junction will be considered. The grain boundary is 
assumed to lie in a plane, and it is assumed that all 
grain boundary energies are isotropic. 


= 
70 


AND FISHER: 


Fic. 1. 


The critical nucleus of the newly formed phase B will 
have the shape of a symmetrical lens as shown in Fig. 1. 
The dihedral angle at the edge of the lens is determined 
by equilibrium of the interfacial energies. 

Letting the grain boundary energy between the two A 
grains be y44 ergs/cm* and the grain boundary energy 


A and B grains be yz ergs/cm*; then the 


between 
forces exerted by the grain boundaries on a length of the 


perimeter of the lens are as shown in Fig. 2, which is 


A2 


DYNES/CM 


DYNES / CM 


DYNES/CM * A686 \ 


Yas 


Fic. 2. 


drawn perpendicular to the lens perimeter at point P. 
For equilibrium at point P, or at any other point along 
the edge, the angle @ must be such that 


cos 


2y iB 


Figure 3 shows a diametrical cross section of the lens 


where PR is the trace of the area A44 and POR and 


NUCLEATION 


OF 


PSR are the 


SECONDARY 


PHASES 


traces of the area A 4. Then 


A 


sin*6r?, 
or 
a=r7 sin’6, 


Also, 


and 


Further, 


(2—3 cosé+cos’*é). 


These equations may be represented in somewhat 
more convenient form if we let 


THREE-GRAIN JUNCTIONS 


Here the volume of the newly formed phase particle 


will be bounded by three equivalent spherical surfaces 
as shown in Fig. 4. 

The dihedral angle at the edge between two surfaces 
us- 


will again be determined by the force diagram ill 
trated in Fig. 2. 
For the three-grain junction the area 


and volume 


oefficients are as follows: 
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{p= 
dor cost )r 
Y, b cos). 
AS 
h 
r— 
3 
3 
and 
2r 
3 
k = 
2 
\ 
\ / \ 
\ / 
| 
_ 
ic. 4 
Chen 
ad k ‘ 
b=4r(1—k), 
ar 
c= 2—3k+hk’). 
YAA 3 
r SIN @ | 
r 
6 | 
48 —_#_.2___ a= 38(1—k?) —k(3—4k2)!, 
r COS ~ 
12 > kB 
) 
c= 2] r—2a+—(3—4k Bk(3—k?) 
Fic. 3 3 


rTALLURGICA, 


1 
a=arc sin 
2(1—k?)? 
k 


O=arc cos 


2) 


FOUR-GRAIN JUNCTIONS 


Here the volume of the newly formed phase will be 
bounded by four equivalent spherical surfaces. It is a 
spherical tetrahedron, as sketched in Fig. 5. The area 


Fro. 5. 


and volume coefficients are 


@=arc sin 
2(1—k?)} 


V2—k(3—K?)? 
6= arc cos 


K(1—F)! 


To illustrate the use of these equations, the energy 
required to form a ferrite grain in an austenite matrix 
can be calculated and plotted as a function of the radius 
of curvature of the nucleus surfaces for the case of a 
ferrite grain nucleating 


1. Entirely within an austenite grain 
2. At a two austenite grain junction 
3. Ata three austenite grain junction 
4. At a four austenite grain junction. 
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The numerical quantities used in the calculations are 
as follows? * 


yaa Austenite—austenite 850 ergs/cm? 
yap Austenite—ferrite 600 ergs/cm? 


A fv (Austenite—ferrite), —4.35X 10° ergs/cm’*.* 


The results when plotted are as shown in Fig. 6, 
showing clearly that four-grain junctions are the most 
favored nucleation sides for ferrite nucleation (W* is the 
smallest), three-grain junctions next most favored, 
followed by two-grain junctions, and finally grain 
interiors. 

Another conclusion which may be derived from the 
equations for a, 6, and c and from the force diagram of 
Fig. 2 is that when y44/2y4p exceeds the following 
critical values the forces at the grain edges will no longer 
be in equilibrium and there will be a continuous free 
energy decrease as the new phase grows from zero size.* 


grain interior 
2-grain junction 
v3 


(=0.806) 
2 


3-grain junction 


4-grain junction (2/3)?(=0.817). 

Whenever y44/2y.4z exceeds these critical values the 
growth of a new phase will be controlled not by nuclea- 
tion but only by its growth rate and the amount of grain 
boundary present per unit volume. 


w* (MAX 

GRAIN INTERIOR 
O 2 GRAIN JUNCTION 
O 3 GRAIN JUNCTION : 
@ 4 GRAIN JUNCTION * 


ENERGY ) 


1.913 x 10-® ERGS 
0.220x 10-8 ERGS 
0.0436 x10-® ERGS 
0.0096xI0-8 ERGS 


(10-8 ERGS) 


Ww 


OF NUCLEUS FORMATION, 


ENERGY 


100 200 300 400 
r 
RADIUS OF CURVATURE OF BOUNDING SURFACES 


OF FERRITE NUCLEUS 


Fic. 6. Energy of ferrite nucleus formation as a 
function of surface curvature. 


* The temperature at which these values were determined is in 
the neighborhood of 1000°K 
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NUCLEAR ELECTRIC QUADRUPOLE INTERACTIONS IN ALUMINUM* 


T. J. ROWLAND? 


\n experimental study of the nuclear magnetic resonance absorption of aluminum in solid solutions con 


taining zinc or magnesium as solute is presented. The magnitude of the electric gradients caused at the Al 


lattice sites by the solute atoms is estimated and compared with the relative sizes of various solute atoms 


in a common solvent. Effects of precipitation and < 


applic ations are discussed. 


innealing have also been detected, and some possible 


LES INTERACTIONS DES QUADRUPOLES NUCLEAIRES, ELECTRIQUES 
DANS L’ALUMINIUM 


On présente une étude expérimentale de l’absorption magnétique, nucléaire de résonance de |’aluminium 


en solution solide contenant du zinc ou du magnésium comme soluté. On a estimé la grandeur des gradients 


électriques causés par la présence d’atomes de soluté aux noeuds du réseau d’aluminium et on l’a comparé 


aux dimensions relatives des différents atomes dans un solvant commun. On a constaté aussi des effets de 


recuit et de précipitation; certaines applications possibles sont discutées. 


ELEKTRISCHE KERNQUADRUPOLWECHSELWIRKUNGEN IN ALUMINIUM 


Es wird iiber eine 
Lésungen von Zink oder Magnesium in 
elektrischen 
abgeschatzt und mit den relativen 


Experimentaluntersuchung der kernmagnetischen Resonanzabsorption in festen 
Aluminium berichtet. Die Gréssenordnung der Gradienten der 
Felder, die an den Al-Gitterplatzen durch die gelésten Atome hervorgerufen werden, wird 
\bmessungen der verschiedenen gelésten Atome in einem gegebenen 


Lésungsmittel verglichen. Es wurden ausserdem Einfliisse von Ausscheidungen und Gliihungen aufgefunden. 


Einige mégliche Anwendungen wurden diskutiert. 


INTRODUCTION 


It has recently been shown! that nuclear magnetic 
resonance techniques are capable of detecting deviations 
from cubic symmetry on an atomic scale in metallic 
crystals of cubic lattice structure. The electric gradients 
at the nuclear sites having noncubic environment inter- 
act with the nuclear electric quadrupole moment to 
produce a change in energy of the nuclear spin levels 
from the value in the absence of the gradients. Al?’, 
which has a nuclear quadrupole moment Q of +0.156 
«10 


width in the pure metal which can be explained almost 


4 cm*,? and a spin J of 5/2, has a resonance line 
entirely by local field (dipole-dipole) broadening. For- 
eign atoms or lattice imperfections will cause additional 
broadening of the line in a powdered sample which, if 
sufficiently drastic, will cause an apparent decrease in 
intensity. 

The difference in energy between adjacent space- 
quantized levels of the aluminum nucleus, when in an 
external magnetic field Ho and an axially symmetric 
electric field is to a first approximation, 


3e*qQ 
(1 ) 


(2m—1)(1—3 cos? 6) 


AW —, 
87 (27—1) 


where Ayp=uHo/I, m and m—1 are the magnetic 
quantum numbers of the adjacent levels, @ is the angle 
between //y and the axis of the electric field, and g is the 
electric gradient at the nucleus in the direction of that 
axis. The frequency of the m=1/2——1/2 transition is 

* Received August 10, 1954. 

t Division of Applied Science, Harvard University, Cambridge, 
Massachusetts; now at Metals Research Laboratories, Electro 
Metallurgical Co., Niagara Falls, New York. 
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seen to be unchanged according to (1). Since all angles 6 
are present in the polycrystalline samples, the satellite 
(transitions 5 2, 3/2—>1/2, —1/2——3/2 


2—-— 5/2) take on a characteristic shape*® and 


lines 
and —3 
cause a broadening, though no shift, of the resonance.! 

The m=1/2——1/2 transition will be broadened in 
second-order perturbation. The shift of the individual 


components, using the notation above, is 
hyo t+ A (1—9 cos*é) (1—cos"8), 


AW 


where 
9 2I+-3 


64 4/°(27—1) hy 


The shape of the absorption line in a polycrystalline 
material can be determined by the straightforward 
process used by Pake.‘ 

Figure 1 shows that the line broadens and its center of 
gravity moves to lower frequencies. The dashed curve 
describes the theoretical central line shape and the full 
curve the absorption as it might be observed when 
broadened by local fields and other sources of sym- 
metrical broadening. Nierenberg and Ramsey*® have 
discussed the same problem in molecular beam spec- 
troscopy. 

The shape of the absorptions to be discussed can be 
written to a good approximation as a function 


x 


f P(g){(9 35)g (v)+ (26 35)g q(¥)}dq, (3) 


where P(g) denotes the probability that the gradient g 
exists at any particular lattice site of the nuclei under 


(2) 
74 
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study and in an alloy is a function of the composition. 
P(q) is normalized so that ©.” P(q)dqg=1, thus N P(q), 
where .V is the total number of nuclei of gyromagnetic 
ratio y and quadrupole moment Q, is the number of 
nuclei having quadrupole coupling | e’Qg/h!|. The func- 
tion 
g and g 
all the satellites, describes the total resultant satellite 


v) describes the central line shape for a gradient 
v), which is made up of functions representing 
shape for gradient g; the functions g(v) are also nor- 
malized so that g(v)dv=1. 
$y integrating the resonance curve the total amount 
of power absorbed by the nuclear spin system can be 
determined. Experimentally the integration is usually 
extended over only a rather narrow region surrounding 
vo, thus only those transitions will contribute to the 
observed absorption which occur within this region, say 
from vp—Av to vp+Av. The shape of the satellites sug- 
gests another simplification which will be used to 
interpret the data. The major satellite contribution to 
the observed absorption derives from their peaks, or 
infinities, which occur at 0= 7/2. The limited integration 
automatically excludes all those peaks contributed by 
nuclei at which g>20hAv/3e°Q for the 
m=5/2-—>3/2 transition). Let us consider a primary 


(calculated 


solid solution of c atomic fraction of solute. If we are 
observing the solvent resonance and a solute atom in the 
n'th-position causes a > 20hAv/3e?0 while that in an 
then 
vo— Av 
where 7 is 


n’+-1 neighbor position causes a g, 
the plot of the integrated intensity (from 
vot+Ayv) should follow the function (1—c¢ 

the number of neighboring lattice sites contained in a 


to 


sphere passing between the n’ and n’+1 neighbors. 
Equivalently is the number of solvent atoms, in a 
sphere around a solute atom, which have an electric 


1—< 


probability that a solvent nucleus has no solute atom 


gradient g greater than 20hAv/3e0. is the 
inside this sphere of critical radius, provided the solution 
is ideally random. 

In the present experiment aluminum alloys of various 
zinc and magnesium contents were used to determine 
the extent of the influence of the solute atoms and the 
magnitude of the gradients caused by them in the 
aluminum lattice. 

Pure aluminum (99,99 


scopically pure zinc to provide the Al-Zn alloys 


was alloyed with spectro- 
and 
with “commercial pure” (99.9) magnesium to provide 
the Al-Mg alloys used. They were made in graphite 
crucibles and heat treated prior to the resonance experi- 
ment in such a way as to bring about single phase 
equilibrium. The papers of Fink and Van Horn® and 
Fink and Smith? were used as a guide in establishing the 
desired state. Inasmuch as all of the specimens were 
used in the form of filings the final solution heat treat- 
ment was carried out on the cold-worked (as filed 
material, immediately before use. 

The detection equipment of 
Knight-Watkins type of radiofrequency spectrometer.° 
[he external magnetic field of about 5560 gauss was 


consisted a Pound- 


ie 


QUADRUPOLE INTERACTIONS 


Fic. 1. The theoretical shape of th 
powdered material when gV is! 


broadens the line and 


pole interaction 
supplied by a permanent magnet. Over the volume of 
than 0.3 
Al 


1u- 


the sample the field inhomogeneity was less 


width of tl 


gauss, very small compared to the 1e 
was Sli 


resonance in the metal. The magnetic field 


soidally modulated at 280 cps with a peak amplitude of 


1.1 gauss. The frequency of the r-f oscillator was slowly 


swept through the resonance and the oscillator output 


fed into a phase sensitive detector with a band width of 


e particle size of the sample in € 


| Was 


very case 


he experimentally 


observed quantities do indeed correspond to nuclear 


absorption only. 


RESULTS AND DISCUSSION 


Che width and shape of the absorption 


] 
al 


loys remain approximately constant over tl 
comp sition to be considered. C | 


region cel 


to the maximum absorpt 


grated intensity in the 


portional 


these maxima are plotted 


as 


concentration. They represent 
atom in the alloy under like 


strength and modulation of the 


The absorption Is seen to dro] 
pure Al 


Since 


characteristic of 


\! 


cording to theory, precisely 9/35 


pure value the centra 
5 of the 1 
component lines this remaining absorpti 
l is a double log: 


with it. The lower part of Fig. 2 


plot of the satellite intensity only (..e., 


9/35) versus the zinc concentra 


line drawn tl the experimental points determu 


l1rougn 


the exponent to be about 98; this number 
spnere 


| a at 


which g is less than approximately 6X 10 


associated with a around outside ol 


cm “, corre 


sponding to a Av of about 5X 10* sec~'. More precisely 


two values of 7 corresponding to gradients necessary to 


75 
tne > absorption 1n a 
Le 
> 1/8 sec 
Ox 
in Al-Z 
e range of 
te 
ion In Fig. 2 
] 
rapidly {rol \ 
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iT 
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SATELLITE INTENSITY OF 
ALUMINUM 
C= ATOMIC FRACTION ZINC 


~08 


| 


(b) 


-02 


Fic. 2. (a) Intensity of absorption per Al atom as a function 
of the Zn content in annealed alloys. (b) The satellite intensity 
alone closely obeys the function (1—c)*%*, the m= 3——} transition 
of Al is unaffected by a near neighbor zinc atom in a 5560 gauss 


external field 
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cause each satellite pair to fall outside of yo Av could be 
defined, but this is unwarranted by the data. 

From the unaffected central line we can estimate an 
upper limit for g;, the gradient at an Al atom with a zinc 
nearest neighbor. Let us say that if the central line were 
broadened to 2 kc/s it would show up as a broadening of 
the observed absorption. Then, using Eq. (2) we find 
that 10° cps or g:< 1.2K 10" cm™, where 
vy=6.18X 10° cps and V=0.156X10™ cm® have been 
used. 

From the data given above for the satellites one can 
estimate whether or not it is possible to satisfy both 
conditions simultaneously. It was stated that outside of 
a sphere (around an impurity) containing about 98 
atoms, g is less than 6X10" cm™*. This sphere will 
include 6th neighbors but not 7th. Let us therefore take 
g7=6X 10" We find gi= (177/171)*g7= 18.5 X6X 10”! 
= 1.110" cm“ indicating that indeed the nearest 
neighbor’s central line can escape broadening while 6th 
neighbors satellites are significantly broadened. 

In two ways the data resulting from the work on 
Al-Mg alloys differ markedly from that on the Al-Zn 
discussed above. The intensity drops more abruptly 
the m=1/2——1/2 

is observed as an 
the ratio 


solute additions and 
transition is affected. The latter 

asymmetrically broadened line. In Fig. 3 
2( Vm Z0(Ymax) has been plotted for the Al-Mg alloys 
as a function of the atomic fraction Mg. The exponent n, 
describing the number of atoms for which g>6X 10", is 
130 for this case; thus magnesium atoms must cause 


with small 


greater strain at neighboring sites than do zinc in the 
aluminum lattice. 

Using the simplest elasticity theory for homogeneous 
isotropic media! the relation between the radial strain 
surrounding a foreign atom and the size of this atom is 
s,= fa*’/r’, where f is the fractional difference of the 
radii of the impurity and the solvent atoms in the alloy, 
a is the solvent bulk atomic radius and r is the distance 
from the impurity center. The uncertainty in the mean- 
ing of f makes this of doubtful quantitative use, but 
perhaps as a proportionality it is valid. Let us assume 
that the electric gradient at a lattice point is propor- 
tional to the strain at that point. Then at points of equal 
g in the vicinity of two different impurity species 
the relation hold. Of course 
n, being the experimentally deter- 
mined exponent for the first impurity and d, the atomic 
density of the alloy in atoms/cm’. Similarly r2 is related 
The number of nuclei 


fra®/r= foa®/re® will 


to m2 and thus 
affected by gradients caused by an impurity are directly 
proportional to the fractional difference in radius of the 


No. 


impurity and solvent atoms in any one solvent. If nm, 
pertains to Mg, of radius a; and #2 to Zn of radius a*, 
each in Al, we find /;=1.3 fs, ie., As 
mentioned above, further evidence that a Mg atom 
causes larger gradients than does a Zn atom is found in 
the shape of the central component for high Mg content. 
It no longer remains symmetrical, as was the case in 


| 
\ | 
\ | 
LO 
| | 
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Al-Zn, but becomes somewhat asymmetrical and broad- 
ened and the recorded peak-to-peak amplitude drops. A 
higher magnetic field Hy) would decrease the second- 
order interaction, and according to the estimate of the 
gradients obtained from the satellite behavior, an in- 
crease in Hy by a factor of about 1.7 should make the 
central line behave as it does in Al-Zn at 5560 gauss. 

Because of the rather slight drop in g(ymax) and the 
asymmetry of the central line it is probable that its 
perturbation is due to nearest neighbors only. Using 
notation introduced previously it can be described by a 
shape function 


(1—c)"g.0(v) +[1—(1—c)” 4 


where g-9 is the unperturbed central line shape. Equa- 
tion (4) merely represents the second term of 


g(v) 5 


since the first term is less than 10~* for c greater than 
0.05. The solid line in Fig. 3 is a plot of the function 
0.743(1—c)'+ (the dotted line in Fig. 3). The dotted 
and full lines coincide beyond about 4 atomic per cent 
Mg. Figure 1 shows g,, ina powder assuming g the same 
at each lattice site. The present situation demands that 
the quadrupole width be a fraction of the dipolar 
broadening instead of vice versa as is represented in 
Fig. 1. The peak at »»— 164A /9/ contains about twice the 
intensity of the one at »+A/h; consequently, when this 


line is superimposed on the essentially unperturbed 


Fic. 3. Intensity per Al atom in Al-rich Al-Mg solid solution 
The satellite intensity is proportional to (1—c)!*° showing that < 
Mg atom causes higher gradients at neighboring Al sites than does 


a Zn atom. 


ELECTRIC 


ADRUPOLE INTERACTIONS 


Fic. 4 


atomic per cent 


Experimental absorption of 
Mg: (a) as 


filed from the quenched materia 
after a 250°C, 5 day anneal. A Mg-rich 


(b) from the same sample 
phase precipitates 


lower 


central line, an increase in the absorption on the 
side of the line takes place. 

Curve (a) of Fig 
central line of Al in an Al-14 atomic per cent Mg alloy 


Curve (b) was obtained from the same alloy as curve (a 


4 illustrates this asymmetry in the 


[OT 


after it had been held at a temperature of 250°C 
days. During the precipitation process the Mg content 


of the matrix decreases so much that second order 


perturbation effects become unnoticeable. This is a 


relatively minute effect compared to that which could be 
expected if the impurity concentration in the solid 
solution should drop below that necessary for satellite 


disappearance. Drastic changes could then occur, and, 
using appropriate normalization conditions for nucleat 


absorption per atom in one phase of a two-phase system 


the precipitation process might be followed quite closely. 


Exact quantitative interpretation of the shape of the Al 
Mg content iff 


\l atoms 


resonance in Al alloys of 
because it is probable that * more 
than one Mg neighbor. 

Throughout the discussion of quadrupole effect 
plete randomness of the solute atoms on the latti 
The 
ordered structures is fairly straightforward 


has been assumed. extension of the 


chosen alloys could give much information 


ordering process and degree of ordering as a function 


temperature and composition. In the experiments di 


cussed here the effects of short range order would be 


the straight 


slight causing a very small deviation from 


line plot of log intensity versus log composition. Even 


intensity will not deviate 
1 of a random solution if 


for maximum ordering the 
significantly from that expecte 
it is dilute. This has been calculated by Bloembergen 
for a face-centered cubic lattice. Greater deviations in 
intensity naturally accompany higher solute concentra 
tions, and, according to the computation referred to 
above, a measurable effect might be observed in alpha 


brass of 10 to 30 per cent zinc. 


| \ 
| | 
oOo 
|| 
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Fic. 5. Experimental result of annealing a cold-worked specimen 
of Al-0.64 atomic Mg. The absorption curves were ob- 
after the following treatments: (a) as filed; (b) after a 

7-hour anneal; (c) after a 480°C, 2-hour anneal. The pure 
is included for comparison 


per cent 
tained g 


Al curve (d 


Nuclear resonance provides a sensitive method of 
detecting lattice imperfections.” The usefulness of the 
technique, when applied to metals, is demonstrated by 
an experiment on the annealing of a low-impurity sample 
of Al. The result should be of interest to physical 
metallurgy because of the correlation between hardness 
and “locked-in” dislocations.”»“> Here we have a 
method, superior in some ways to a conductivity study, 
of determining the amount of material subjected to 
strain due to lattice imperfections. 

A powdered sample of Al-0.64 atomic per cent Mg 
was prepared as described before; the absorption in 
Fig. 5a was observed soon after filing. This sample was 
heated to 250°C and held there for 87 hours; it was then 
cooled to room temperature, and curve 5b determined. 
A second specimen was filed (same result) and held at 
480°C for two hours. After cooling, curve 5c was ob- 
tained and further heat treatment caused no further 
change. Clearly the experiment involves no precipitation 
processes and therefore the interpretation must lie 
predominantly in the migration and recombination of 
the im- 


dislocations which have been obstructed by 


yurity atoms. The fact that the resonance in pure Al, 


‘ig. 5d, shows no effect of working proves the necessity 


of having the impurity atoms present to tangle the 
dislocations. Enough of these imperfections are trapped 
in the 0.64 atomic per cent Mg sample to cause the 
complete disappearance of the satellites and to make the 
observed intensity fall on the dotted line in Fig. 3. The 
point describing the effect of the impurity atoms alone, 
devoid of locked dislocations, is plotted at c=0.0064 
near the solid curve in Fig. 3. 

The present data on pure Al, which are different from 
nuclear resonance results in pure, cold-worked copper,' 
are consistent with the findings of workers in other fields. 
Dehlinger'® first showed that the X-ray line broadening 
was “‘negligible’”’ for pure Al and Wood" found the same 
result, attributable to the self-recovery during cold 
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work of Al. In this respect Wood found Al to behave 
quite differently from Cu, Ag, Ni and Mo at room 
temperature, and he reproduces X-ray photographs in 
support of his statement. A recent article on X-ray line- 
broadening from filed aluminum and tungsten by 
Williamson and Hall'* shows that the lines from high- 
purity Al have a very low value of broadening compared 
to that from a commercially pure (99.7% Al) sample. 
Both of these breadths were much less than were pro- 
duced by the cold-worked tungsten. Seeger!’ has re- 
cently shown that the difference between pure aluminum 
and copper at room temperature can be ascribed to the 
fact that the activation energy needed to create a jog 
when two dislocations lines cross each other is ten times 
lower in aluminum than in copper. 

At room temperature the dislocations can readily 
move in the aluminum lattice, which consequently will 
have a very low random density of dislocations. On the 
contrary in cold-worked copper at room temperature the 
dislocations form a locked network and their density is 
high. Nuclear resonance data confirm this viewpoint. 
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TRANSITION STRUCTURE IN LEAD-SILVER ALLOYS AND A DISLOCATION MECHANISM* 


R. D. HEIDE 


An electron metallographic investigation of lead-silver 


silver has demonstrated the occurrence of a transition Iz 
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A heat treating schedule for growing crystals of the transitio1 


adequate for indexing the structure as HCP with a=2 

about 1} per cent. The formula is indirectly deduced t 
The extended dislocation model in FCC cryst 

duced by the silver solute and to account for the 

The possibility of mass transport of solute to grain bound 


accelerated silver precipitation in grain boundaries 
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JEL-SILBER LEGIERUNGEN 


EIN VERSETZUNGSMECHANISMUS 


Eine elektronenmetallographische Untersuchung von 


zwischen 0.009 und 0.23 prozent Silber hat das Auftret 


eines Bleikristalls gezeigt. Die zur Ziichtung von 
E] 


mit 


perioden ermOglichten 
dichteste Kugelpackun 
indizieren liess. Die Formel der Verbindung 


a=2.29A; c=4.76A und 


vurde 
Ein erweitertes Versetzungsmodell des kubisch-flich 
durch die Silberldsung hervorgerufenen erhebli 

gangsstruktur bei der Silberausscheidung zu erkliren. I 
Atome zu den Korngrenzen mit Hilfe von Versetzungen 


ausscheidung an den Korngrenzen erkliren 


INTRODUCTION 


The experimental results reported herein were ob- 
tained some years ago and although the main features 
were reported orally! and mentioned briefly in previous 


publications,”* a full report was postponed until at least 
a partially satisfactory physical explanation could be 
proposed. Speculations concerning a mechanism for 
hardening and precipitation in pure lead containing only 
0.01-0.02 weight per cent silver were entertained but 
not actually seriously considered until the paper by 
Suzuki‘ appeared and the treatment of dislocations in 
metals was consolidated in the books by Cottrell’ and 
Read.* It is now felt that the experimental information 
can be presented as something more than just metal- 
lurgical phenomena with little in the way of physical 
mechanism to improve the understanding of such 
observations. 

The interpretation of the structural features of the 


* Received May 14, 1954; in revised form August 15, 1954 
t Bell Telephone Laboratories, Inc., Murray Hill, New Jersey. 
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Fic. 1. Phase diagram for lead-rich silver alloys after Seith and 
Keil. Z. physik. Chem. 22, 350 (1933). The estimated solubility 
at room temperature is about 0.013 atom per cent silver 
0-0.05 atomic per cent) silver. Both 
in the elemental state with 


weight per cent 
silver and lead are F.C.C 
the parameters exhibited in Table I. The size factor 
based on Table I is about 17 per cent indicating a very 
restricted solid solubility of silver in lead consistent with 
Fig. 1. 
solubility for Pb in Ag 
electronegativity difference does not 


The relative valency effect allows a greater 


than vice versa while the 


strong 


suggest a 
tendency for intermetallic compound formation such as 
is found in the Pb-Au system. No stable intermetallic 
compound of lead and silver is known. The equilibrium 
precipitation of silver in a lead crystal along the solid 
solubility line of Fig. 1 yields A tk & 
of the order of 1-2 per cent Pb). A 


crystal of silver 
saturated with lead 
point of interest in connection with Table I and of im- 
ith silver as a 


| and Pb solute atoms are completely 


portance later is the evidence’ that with 


solvent, In, 
ionized. The implication of this is that the elastic strain 
in a lead crystal containing dissolved silver atoms can be 
reduced by the formation of clusters or ‘“‘clouds”’ rich in 


silver so that the interdispersed lead atoms in the 
cluster have their radii reduced by further ionization 
and so achieve a radius more compatible with silver. If 
the reduction in strain energy through the formation of 
silver-rich clusters is sufficient to compensate the mixing 


entropy term in the free energy, then it would be ex- 
pected that the solid solution of silver in lead will not be 


homogeneous. Since the alloy melts at about 320°C, the 


mixing entropy term cannot be greatly increased over 
room temperature by heating the solid below the melting 
point and the exi e of clusters at temperatures as 
high as 300°C is possible. As will be discussed later, the 


presence of dislocations and stacking faults apparently 


Fic. 2. 


Tensile properties of polycrystalline lead-silver alloys 
pro] ycr} 
in quenched and slow cool condition as a function of silver 


concentration. 
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favor the formation of silver clusters along with the 
thermodynamic argument just given. 


B. Mechanical Properties** 


The addition of small amounts of silver to lead can 
produce a large effect on the mechanical properties as 
seen in Fig. 2 where tensile strength and elongation at 
failure are plotted against silver content in the range of 
interest here. Two points are of main concern in con- 
nection with Fig. 2. The first is that the alloys given a 
slow furnace cool have about the same tensile strength 
as pure lead and the second is that the quenched state of 
the alloy is the strongest. As near as can be ascertained, 
the tensile strength of the alloys is maximum at quench 
and decreases continuously thereafter with aging at 
room temperature. This is a significant difference from 
the case of age hardening alloys such as Al-Cu where the 
strength increases to a maximum with aging time before 
decreasing again as the alloy is over-aged. If the mecha- 
nism is not different (from say Al-Cu) then it will be 
necessary for age hardening to occur in a matter of 
minutes at room temperature following the quench 
which is difficult to accept from a diffusion standpoint. 
Rather long diffusion paths are necessary in dilute 


Valence 


4* 


ight to be only 

wever, become 

s that in completely 

e radii of ¢ out 0.15A less or a 

of 1.59A with 

alloys. Structural evidence presented in the next section 

indicates that for times up to 20 minutes following the 

quench, the silver has not all precipitated and become 
immobilized as F.C.C. crystals. 

In considering the mechanical properties, it must be 
remembered that at room temperature, lead recrystal- 
lizes readily and that such changes occur during physical 
testing. 

C. Structural Investigation 

The structural investigation was carried out using 
light microscopy, electron diffraction and electron mi- 
croscopy. The surfaces for examination were prepared 
by electropolishing in an acetic-perchloric bath and then 
etched either by reducing the current from the value 
used for polishing or removing, rinsing and etching in 
molybdic acid. Electron diffraction patterns were then 
taken of the prepared surface following which a replica 
for electron microscope examination was prepared. The 
molybdic acid etch always produces a crystallographic 
attack on annealed (or quenched) pure lead as seen in 
Fig. 3. The surfaces exposed by the etch are ap- 
parently (111). 

** The author is indebted to Dr. R. G. Treuting of these labora 
tories for the data on mechanical properties. 


TABLE I 
Lattice stant Crystal radius Coordination 
Pb 19 =4.94A 1.74A 12 
= 
| 


(b) 


Pirate I. Fic. 3.—Crystallographic etch attack and twin boundary in high purity lead. Electropolish and molybdic acid et 
replica. Fic. 4.—(a) Lead—-0.01 per cent silver quenched from 260°C. Finely divided, accumulated silver appears black on t 
replica. The electron diffraction pattern exhibits broad rings indicating a crystal size of about 30A. (b) Same specimen as (a) but 
cooled from 260°C. Relatively few large particles of accumulated silver and a crystallographic etch attack. Sharp, grainy rings for silver 


and a few spots for the underlying lead crystal are seen in the diffraction pattern. Fic. 5.—Lead—0.009 per cent silver quenched from 
260°C. This alloy exhibits practically no hardening. The etch attack is crystallographic with scattered regions where the attack is 


perturbed as seen above. 


8] 


BOUNDARY REGION—" 


Pirate II. Fic. 6.—Photomicrograph (a) and electron micrograph (b) illustrating accelerated agglomeration of silver in the grain 
boundary region after creep test. Lead—0.012 per cent silver. Fic. 10.—Silica replica showing transferred needle-shaped crystals of the 
n transition structure grown by the heat treatment described in the text 
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When silver is present in the lead, the surface prepa- 
ration described always leaves a residue of stranded or 
accumulated silver on the lead surface. The following 
conclusions were reached concerning the stranded silver. 


1. The crystal and particle size of the stranded 
silver are a function of the thermal history of the alloy 
only and are independent of variations in the prepa- 
ration. 

2. The silver in the alloy was never actually dis- 
solved in the etchant. The lead was chemically removed 
from around the silver and it was simply stranded on 
the newly formed surface. 


Pf 3. The crystal size of the stranded silver is either 


the same as that in the original alloy or is a measure of 
the number of silver atoms occurring in a cluster or 
“cloud” in the alloy which condensed upon etching. 


The effect of heat treatment on the state of aggregation 
of the stranded silver is demonstrated in Fig. 4+. The 
alloy is 0.017 per cent* silver and shows the fine disper- 
sion resulting from a quench from 260°C as contrasted 
to the few large chunks of silver resulting from a furnace 
cool. The electron diffraction patterns are also displayed 
showing the great difference in crystal size as determined 
from the broad rings in Fig. 4a compared to the sharp, 
grainy rings in Fig. 4b. The particle size of the silver in 
the quenched condition is of the order of 700 A while the 
crystal size as determined from diffraction line breadths 
is about 35 A. The crystal size is the more important 
quantity as far as the alloy is concerned but the particle 
size and the nature of the etch attack are both indi- 
cations of hardening. 

The solid solubility of silver in lead at room tempera- 
ture is estimated to be about 0.007 per cent. This silver 
content is insufficient to give a discernible electron 
diffraction pattern for silver while for a 0.012 per cent 
silver specimen good patterns are obtained. Apparently 
true solid solution silver does not give rise to the 
stranded silver particles seen in Fig. 4+ nor does it inter- 
fere with the crystallographic attack. 

Some experiments with single crystals containing 
0.017 per cent silver showed that after quenching from 
260°C the prepared surfaces exhibited a uniform dis 
persion of stranded silver. In polycrystalline specimens, 
however, occasional grain boundary regions exhibited 
relatively large chunks of precipitated silver even 
though the sample had been quenched. This accelerated 
precipitation of silver in the grain boundary regions was 
found to be greatly exaggerated in creep test specimens 
1000 


dominantly intercrystalline. In addition to the large 


after a hour test. Failures in creep were pre 


silver particles in the grain boundary areas, the lead 
itself exhibited a crystallographic type etch attack such 
as seen in the furnace cooled or pure lead samples. These 


*Unless otherwise specified, per cent composition will 


understood to be weight per cent. 
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“‘soft’’ regions were often several microns wide as illus- 


trated in Fig. 6.” 
D. Transition Structure 


During experiments in which specimens were quenched 


from 260°C and then aged at various temperatures 1 


examine the degree of segregation of silver, a new 


crystallographic phase was discovered in one specimen 


Attempts to reproduce this structure failed until finally 


it was found that the controlling factor was the elapsed 


time between quench and anneal. From a number of ex 


periments, it was determined that the strongest patterns 


for the new, transitory structure could be obtained by 


the following sequence. 


1. Cold work 30 minutes at 260°C (in oil 
) silicone oil at 


Quench into a light room tem 
perature 

Stress relieve 30 minutes at 
Hold at O°C (ice 
Anneal 20 minutes at room 


Annea! 


lower temperatures 


room tempera ture 


water) for 5-10 minutes. 


temperature 


5 minutes at 130°C or longer times a 


This rather peculiar sequence of treatments mu 


adhered to in order to grow large crystals of the tr 


tion structureT hereafter referred to as ‘ 


for (2 juencl 


and (3) is simply to relieve 
prevent recrystallization 1 


tr 


turns out to be a nucleation 
intermediate nucleus 


figures quot 


hought to be 


cent \n elemental 


been obtained but some guesses ca! 


Che latt 
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that if » contains bot 

must be reduced in si ysta 
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number of hexagonal silver intermetallic compounds are 


lend credence t tne n icture 


This means 
lead atoms 


radius given in 


known which Severa 


of these are given in Table II. If it thata 


is now assumed 
lead atom becomes completely ionized in a 

the reduced radius of 1.59A (Table I) put 


environment, th 
the m structure in the class of compounds of Table II and 
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TABLE II. Hexagonal close packed intermetallic 
compounds containing silver. 


Crystal 

radius ol 
secon 
metal 


Compound 
Ag;In i. 

Ag; Al: 1. 


allows a packing in the crystal such as for Ag,Sn or 
Ag;Sb. Since tin is assigned a valence of 4, the best guess 
is that 7 Pb-Ag has the formula Ag,Pb. The radius of Sn 
given in Table II is thought to be the fully ionized 
radius which compares with the reduced radius of 1.59 
for Pb. Until analytical data can be obtained, AgyPb 
will be taken as the formula deduced from the lattice 
parameters. 

If a denotes a disordered solid solution of silver in lead 
then the precipitation reaction occurring is 


1 ) 


where 8 denotes F.C.C. silver saturated with lead. The 
decomposition »—8 occurs through a shear of the 
hexagonal lattice to form F.C.C. silver with the ex- 
pulsion of lead atoms. The shear mechanism is suggested 
by the fact that plastic deformation accelerates the 
decomposition. The a—7 reaction will be considered in 
the following section. 


E. Mechanism of Precipitation and Hardening 


Any mechanism advanced to account for the behavior 
of the dilute lead-silver alloys must be capable of ex- 
plaining the following salient experimental facts. 


1. The large amount of hardening brought about 
by a solute present in an atom concentration of the order 
of 3X10-. This concentration of silver raises the tensile 
strength of lead from 1800 psi to nearly 2500 psi. 

2. Formation of a hexagonal close-packed transi- 
tion structure. When large crystals are grown, this 


Ag d 
(0004) _|1.1I9A 
(20 21) 1.21 


(2020) | 1.25 
1.35 


(1012) 
(1011) 
(0002) 
(1010) 


1.75 


2.24 
2.58 


253 


Fic. 7. Indexed electron diffraction pattern for F.C.C. silver 
and H.C.P. » Pb-Ag with d-values for the y-structure (a=2.92A, 
c=4.76A, c/a=1.63). 
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transition 
Ag«Pb. 
3. Sensitivity of the » structure to plastic de- 
formation. 
4. Tendency for accelerated silver segregation near 


structure (nm) is indirectly deduced to be 


grain boundaries particularly under conditions of creep 
test. 

5. Maximum 
(Aging results in softening of the alloy.) 


hardness at the time of quench. 


The work of Cottrell® and Suzuki* concerning the 
interaction of solute atoms with dislocations offers an 
attractive mechanism for the lead-silver alloys. 

The model is based on the extended dislocation con- 
sisting of two partial dislocations separated by a strip of 
stacking fault as originally advanced by Heidenreich 
and Shockley.’ Figure 8 shows an extended dislocation 
on the (111) plane of an F.C.C. crystal with the two 
partials P; and P, separated by the fault of width w. The 
width of the faulted strip, w, in a pure crystal is de- 
termined by the repulsion between P; and P»2 balanced 
by the energy of the fault, e«. This can be shown to be* 


pa” 
= (2) 


where yw is the shear modulus and ‘‘a”’ the interatomic 
distance. For copper, (2) gives a width of about 30A 


Fic. 8. An extended dislocation on the (111) plane in a F.C.C. 
crystal. P; and P2 are Shockley partials separated by a strip of 
hexagonal stacking fault. 


with w=4X10" dynes/cm? and e~20 ergs/cm?. Nu- 
merical values of € are not known 
assumed that w for pure lead is of the same order as for 
copper. The stacking in F.C.C. is ABCABCABC where- 
as after the of P; the stacking becomes 
ABCACABC thus producing the hexagonal close packed 
faulted strip. Figure 7 is the structural basis of the 


for lead so it is 
passage 


model. The behavior of lead-silver must now be ac- 
counted for through the interaction of the silver solute 
atoms with the extended dislocation. 

Consider a lead crystal containing silver in atom con- 
centration of the order of 3X10~*. According to the 
phase diagram, the silver should be in substitutional 
solid solution at 260°C. The misfit silver atoms interact 
with the elastic stress fields of P; and P» and will be 
attracted to the compression side of P; and P» by a force 
varying inversely as the square of the distance between 
atom and dislocation.** 
atmosphere of silver atoms about the partial dislocation 


This attraction produces an 


* See p. 74 of ref. 5. 
** See p. 56 of ref. 5. 
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as shown in Fig. 9b. The atmosphere of solute atoms 
will act as a drag on the motion of the extended disloca- 
tion as shown by Cottrell.’ AccordIng to Suzuki,‘ there 
is a possibility that solute atoms will be absorbed into 
the fault separating P; and P» in a concentration de- 
pending upon the gain in free energy. The result will be 
an increase in the critical shear stress required to move 
the dislocation. Suzuki’s results indicate that in F.C.C., 
the solute atoms in the fault promote hardening more 
effectively than does the atmosphere about the partials 
P, and Ps, at least under conditions where the solid 
solution is not supersaturated. The atmosphere about 
P; and P: would serve as a reservoir for driving Ag 
atoms into the fault strip. Figure 9c illustrates both the 
atmosphere and the adsorption of silver into the fault. 
The consequences of the model depicted in Fig. 9c are 
quite far-reaching, the salient features being: 


1. The hexagonal close-packed fault containing 
silver is a region more favorable to the formation of 
nuclei of ‘‘n’’ crystals. 

2. The critical shear stress for slip has been raised 
by virtue of the drag of the atmosphere** about P; and 
P, and the energy of the fault. 

3. At low stress levels (insufficient to tear the dislo- 
cation away from the silver atmosphere) mass transport 
of silver will occur with motion of the dislocation. 


With the crystal still at solution temperature (260°C 
consider the effect 
laden dislocations for which the rate is determined by 
the rate of diffusion of silver. At 
diffusive motion will occur chiefly by glide and will be 
away from the center of the crystal toward the bound- 


this 


aries. Silver-laden dislocations which reach the surface 


or a grain boundary and disappear will produce an 
enhanced local concentration of silver in the boundary 
region. This concentration will tend to level out either 
by diffusion of individual atoms back toward the center 
or by the formation of silver embryos if the local con- 
centration is sufficiently high. If the latter occurs, an 
embryo for silver condensation is produced which will 
re-dissolve if given time. Thus, a dynamical situation 
exists with silver being transported to the boundaries by 
dislocations where it is “dumped” to precipitate short 
lived silver embryos. When the specimen is quenched, a 
number of these grain boundary nuclei already present 
relieve resulting supersaturation by condensation on 
these nuclei.* This will also occur on any similar nuclei 
formed in the interior of the crystal by annihilation of 
dislocations. The model thus provides a mechanism for 
the nucleation of precipitate near the grain boundaries 
even in the absence of plastic deformation. This ex- 
plains the large silver precipitate particles occasionally 
seen along the grain boundaries in quenched specimens. 

Suppose now the specimen is quenched from 260°C 

** See p. 136 of ref 5. 

* This is the commonly observed heterogeneous nucleation at 
grain boundaries. 


of thermal diffusion of the silver 


temperature 


TRANSITION STRUCTURE 


(a) 


° ° 
(c) 

Fic. 9. (A Edge-on view of extended dislocation showing 
stacking fault between partials P; and P2. (B) Atmosphere of 
solute atoms about P; and P». (C) Sorption of solute atoms into 
the fault (Suzuki 


The situation depicted in Fig. 9c already exists and 
hence the quenched specimen should be harder than 
pure lead. The specimen is supersaturated after the 
quench and solute atoms in the atmosphere will find 
ready made embryos in the extended dislocations. 
The formation of the 7 transition structure now ap- 
pears straightforward. In the quenched condition, the 


adsorption of silver into the fault is aided by the super- 


saturation of the matrix and by the reduction in size of 
lead atoms in a silver environment as previously dis- 
cussed. The fault strip is thus a favored site for nuclei of 
a hexagonal close packed crystal. The width of the fault 
strip w is increased due to a decrease in € and according 
to the diffraction line widths, attains a size of 40—50A. 
The effect of deformation on the hexagonal embryo ts 
evident. If the extended dislocation is subjected to a 
stress sufficient to tear it away from the silver atmos 
phere, the passage of P, through the fault shifts it back 
to F.C.( 
silver crystals rather than hexagonal lead-silver. This 


‘. and it becomes a nucleus for growth of F.C.C 


accounts for the effect of the stress relief period in the 
procedure for growing larger crystals of n. The ice tem- 
treatment increases the supersaturation to 
drive more silver atoms into the faul 
tice is in the 


perature 
and increase its 
this stage, the transition lat form 
and P». If the temperature is 
now slowly raised, the surviving, ordered hexagonal 


size. At 
of a ribbon separating P, 


regions will grow more rapidly and they can break loose 
from the lead lattice and grow. The growth will occur in 
a direction to minimize the free energy and in this case, 
a needle is formed as shown in the electron micrograph 
of Fig. 10. There is uncertainty now as to whether the 
observed needle was formed by growth along its c-axis 
normal to the fault) or whether the needle is a segment 
of the original fault thickened by the heat treatment 
until it broke away. In the latter case, the axis of the 
111) 


plane parallel to the fault strip. Plastic deformation of 


needle is not the c-axis but was originally in the 


the lead crystal exerts a shear on the y crystal which 
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changes it back to F.C.C. as previously found experi- 
mentally. Thus, the model is capable of accounting for 
points (2) and (3) as well as (1) and (5) of the original 
requirements. 

The remaining feature to be examined is the behavior 
of the model uncer creep conditions. Suppose a poly- 
crystalline specimen whose grains contain silver-laden 
is submitted 


extended dislocations (as shown in Fig. 9% 


to a creep test (800 psi). The dislocations move slowly 
under the applied stress dragging the silver atmosphere 
and the silver in the fault along with them.* For each 
unit slip occurring on a glide plane, a dislocation must 
traverse the entire crystal grain. Each unit of slip in 
which a dislocation disappears at the grain boundary in 
““dump- 


the polycrystalline specimen must result in the 


ing’ of a load of silver atoms at the boundary. This 
results in an enhanced local supersaturation at the 
boundary and the likelihood of formation of a stable 
silver nucleus. The nucleus will proceed to drain off the 
solid solution silver in its vicinity until the solubility 
line is reached at the temperature of the test. A layer of 
lead containing massive silver particles and only about 
0.007 per cent silver in solution (saturated) thus forms 
at the grain boundaries. As creep progresses, more silver 
nuclei will form and then grow by relieving the super- 
saturation to produce a slowly thickening shell of lead 
containing equilibrium solid solution silver and massive 
silver particles. Thus slow deformation results in ac- 
grain boundaries and the 
the center of the 


celerated softening at the 


srowth of this soft region toward 


grain. When failure occurs, it should progress by failure 
in the soft material and hence be largely inter¢ rystalline. 
From a qualitative standpoint, then, the dislocation 
model appears to be capable of explaining the me- 
chanical and structural properties of the dilute lead- 
silver alloys. 

can be accounted for 


The effect of silver content 


rather naturally. When the silver solid solution content 
to ‘‘saturate” the atmosphere and fault of 


is sufficient 
the extended dislocation, further increase in silver con- 


tent will result in more drag on the moving dis- 


The 


optimum degree of supersaturation is obtained and 


locations. hardness should level off when an 


remain level until the supersaturation is sufficient to 
cause spontaneous nucleation of silver precipitate which 
reduces the solid solution silver below optimum and 
causes softening. 

The dynamics of the system are intimately connected 
with the rate of diffusion of silver in lead since both the 
drag on the moving dislocations and the rate of growth 
of silver nuclei are determined by diffusion. The effects 
of solute atoms other than silver should be explicable 
using the dislocation model. Solute atoms with a lower 
diffusion rate should produce a lower creep rate although 
they would require longer times to do so since the build 
up of the solute atmosphere and fault concentration 


* The veloc ity 1s dete rmined by the rate of diffusion of silver 


in lead (see ref. 8 
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would be slower. The difference between quench 
hardening in lead-silver and age hardening in lead- 
calcium should be chiefly a matter of diffusion rate and 
the ability to dissolve solute in the fault strip. 

The general conclusions from the experimental work 
and the mechanism advanced should apply to any 
F.C.C. alloy and particularly to dilute, age-hardening 
alloys. The main features of the investigation are as 


follows: 


1. The general experimental findings in the lead- 
silver dilute alloys are summarized in the points at the 
beginning of Section E. 

2. The extended dislocation consisting of two par- 
tial dislocations separated by a strip of stacking fault 
offers a natural mechanism for explaining both the 
structural and mechanical properties of the alloys. 

3. The stacking fault can serve as a favored site for 
the formation of an hexagonal transition lattice in 
supersaturated solid solutions as well as increasing the 
critical shear stress for slip. 

4. The extended dislocation tends to accumulate 
solute atoms and under conditions of thermal diffusion 
or creep results in a mass transport of solute atoms to 
surfaces and grain boundaries. This mass transport can 
lead to accelerated precipitation in grain boundary 


regions. 


Evidently, an extension of the general dislocation 


model to other alloy systems such as Al-Ag, etc. is 
highly desirable. The generality of the hexagonal transi- 
lattice in F.C.C 


tion age hardening alloys must be 


light of competitive forces depending 
If the fault 
energy is not lowered by dissolution and ordering of 


examined in the 
upon misfit on planes other than (111 


solute atoms, then the resistance to slip will not be 
greatly increased and precipitation may prefer other 
habit planes. Just how far and under what conditions 
this model is applicable in generally explaining both 
hardening and transition lattices remains to be seen. 
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SELF-DIFFUSION IN THALLIUM*} 


G. A. 


The self-diffusion of single crystal thallium has been measured fron 
as a tracer and the standard sectioning technique. For diffusion paralle 
by an activation energy of Q=22.9 kcal/mol and a Dy=0.4 cm?/sec, and for diffusion per] 
c-axis Q=22.6 kcal/mol and D)=0.4 cm?/sec. The cubic phase was investigated also an 
values Q= 20.0 kcal/mol and Dy of order 0.7 cm?/sec. Possible mechanisms are discusse 


L’AUTO-DIFFUSION DANS LE THALLIUM 


On a mesuré |’autodiffusion dans des monocristaux de thallium, entre 150°C et 275°C 
comme traceur et la technique habituelle des sections. Pour la diffusion parallélement a 
expérimentales sont en accord avec une énergie d’activation Q=22.9 kcal/mol et un coefficient 
cm?/sec; pour la diffusion perpendiculairement a l’axe ¢ ces valeurs sont Q= 22.6 kcal/mol et Dop=0.4 
On a aussi étudié la phase cubique pour laquelle on obtient des valeurs de Q= 20.0 kcal/mol et 
de 0.7 cm?/sec. Les mécanismes possibles sont discutés 


SELBSTDIFFUSION IN THALLIUM 


Die Selbstdiffusion in Thalliumeinkristallen wurde zwischen 150°C und 27 
Indikator benutzt, und es wurde eine der iiblichen Schnitttechniken angewandt 
parallel zur c-Achse liessen sich die Ergebnisse gut durch eine Aktivierungsenergi = 22.9 Kca 
Dy =0.4 cm?/sec darstellen. Fiir den Fall der Diffusion senkrecht zur c-Achse betrug O = 22.6 Kcal 
D)=0.4 cm?/sec. Die kubische Modifikation wurde ebenfalls untersucht, Q betrug 20.0 Kca 
war von der Gréssenordnung von 0.7 cm?/sec. Es wurden mégliche Elementarprozesse diskutiert 


I. INTRODUCTION coated pyrex tubes and lowered through a temperature 


The study of Anisotropic Diffusion initiated by the gradient. The ahha =e ee cylinders 
work on zinc! and followed by the work on cadmium® has about ; and 3/5 inches in Giameter. The 
been extended to thallium. Thallium was chosen for O™€Mt@hons oF the cylinders were determined by back 
study because it has a hep structure with c/a ratio of reflec tion Laue pi ouiens 
1.60 which is within 25 per cent of the ideal for close- hose : rystals which a suitably oriented were 
packed spheres. This is in contrast to Zn and Cd where ™ounted in wax and carefully cut to size and shape with 
c/a ratio is much greater than the ideal (1.86, 1.88 re- 4 fine jeweler’s saw. The smear from the saw was re- 
spectively). Also, a suitable isotope, Tl? (.76 mev 8, 2.7 


yr), is available. to check for recrystallization whi 


moved by lathe and etching. An anneal was then made 


when It ap} eared, 


As explained in reference 1, analysis of the data for indicated incomplete etching ating with 7 was 
operating mechanisms is based on a sufficiently compre- done with the following solutio1 
hensive catalogue of possible mechanisms. These are 
TINO 10 


reproduced in Table II along with the ratio of the 
Peptone 10 g 


contributions of each mechanism to the diffusion in the 
directions perpendicular and parallel to the c-axis for Cresol 10 c 


c/a=/8/3 and 1.60. The mechanisms are described in |. 
Thickness of piate 


6X mm 


Che spec imens were allt 


reference 1. 

Thallium undergoes a phase transition at about 
230°C, being hcp below this temperature and probably 
bec above. Data on diffusion in the bcc form were taken 


ranging from 
as a matter of general interest. running Irom one hour to 
diffusion anneal th Is were in pyrex 


Il. EXPERIMENTAL PROCEDURE tubes at reduced pressure ‘ffects of evaporation 


were found 

Che diffusion data were obtained by a standard oe aa 

d er the adiitusion period the gs] imens were mountet 
After the diff lt] 

} 


sectioning technique. Single crystals of thallium were. 
in the lathe and about 20 mils were removed 


grown from 99.9* per cent purity thallium as obtained rena a a n 
from Belmont Smelting and Refining Works, Inc. The cyunars ul Suriace to remove e effect 
thallium was sealed at reduced pressure in aquadag diffusion. Next the crystals were sectione 
about .025 mm thick parallel 
* Received August 26, 1954 sections were weighed 
Tt Work supported in part by AEC Contract No. AT(30-1)-1044 
tt Rensselaer Polytechnic Institute, Troy, New York. Now at <a Bes 
Sprague Electric Company, North Adams, Massachusetts distance squared gave the diffusion coefficient D 


and count 


activity. The plot of In specific activity vs penetration 
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D (cm’sec x 107'°) 


. 1. Self-diffusion in thallium. @ = _L to c-axis; 
to c-axis; O =cubic phase. 


III. RESULTS AND CONCLUSIONS 
The data are plotted as InD vs 1/T in Fig. 1. From the 
slopes of the plots, which have been fitted with a least 
squares fit, the values for Q and Dy» are: 


TABLE I 


D 
kcal/mol 


kcal/mol 
kcal/mol 


0.4 cm?/sec 
0.4 cm?/sec 
0.7 cm?/sec 


22.9+0.5 
22.6+1 
bec 20.0+0.5 


rhe ratio D D 


temperature =25 


Since the temperature range of the cubic form is so 
small the extrapolation to obtain D, is not very accurate 
and is to be taken only as an order of magnitude. 

It appears from the data that there is little or no 
difference between the activation energies parallel and 
perpendicular to the c-axis. There is a tendency for the 
diffusion in the perpendicular direction to be greater 
than that in the parallel direction. This is the opposite 
of what was found for zinc and cadmium and is attrib- 
uted to the fact that in the cases of zinc and cadmium 
the c/a ratio is greater than that for the ideal case 
whereas for thallium the reverse is true. 


TABLE II. 


Di/Di 
Me 


Ring of 4 
Interstitial 
Vacancy (nonbasal 
Vacancy (basal 
Ring of 3 (basal 
Ring of 3 (nonbasal 
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Upon applying the considerations discussed in the 
introduction of reference 1 to the data for the hcp form 
of thallium one can observe that since the activation 
energies for the two directions are of about the same 
value it is quite possible that only one mechanism is 
operating. Assuming that this is the case one can im- 
mediately remove the two basal mechanisms (5 and 4 of 
Table II) as possibilities because of their zero contribu- 
tion to D,, In the direction of the c-axis. Comparing the 
D,/D\, ratios of the rest of the possibilities with the 
same ratio from the data one has, respectively, 1.04 for 
mechanisms 1 and 2, .25 for 3, and .65 for 5 compared to 
1.22 for the data. Therefore, if the assumption of only 
one mechanism operating is made, the interstitial or 
ring of four are the most probable ones. 

However, the difference between the two ratios 1.22 

and 1.04 is greater than the probable error of the data, 
making the above comparisons unsatisfactory. This 
leads one to suspect that possibly two mechanisms are 
operating, with about the same activation energy. Since 
D,>D,,, the choice of either of the basal mechanisms 
4 or 5 of Table II) as one of the two mechanisms 
operating is required to prevent obtaining negative 
values for the Do’s of the respective mechanism. Then 
[reference 1, Eq. (10) ] 


D,,=A b Exp RT) 


D,= Aas exp(—Qr/RT) 


where a,=D>»,/D»,,, 6 refers to any of the four other 
mechanisms, and 


Choosing Q4,; to be the average of VQ, and (Q,, from the 
data and using a value of 2.2*10~ for 1/7, the values 
of Ay; for the various qa, are: 


Mech A4,s 


1 and 2 0.06 cm?/sec 
6 0.19 cm?/sec 
3 0.33 cm?/sec 


Since the activation energies are about the same one 
expects the two mechanisms to be of the same type (i.e., 
vacancy, ring, etc.). Therefore, the data are satisfied by 
either the two vacancy mechanisms or the two ring of 
three mechanisms. 
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INDENTATION FIGURES ON SINGLE CRYSTALS. I* 
E. VOTAVA,t{t S. AMELINCKX#t and W. DEKEYSER} 


This article gives the results of an interferometric study of indentation figures on « 
and NaCl. In the case of mica it is found that when the pressure, exerted 
too large, a fairly well-defined plastic deformation occurs (a bending figure). An 


] 
leavage laces Ot mica 


by a spherical indentator, is not 


attempt is made to explain 


the details of this deformation in terms of dislocations and this figure is correlated with the crack system 


of the pressure figure. 


In the case of NaCl the phenomenon is obscured by the presence of several gl 


explanation of the observed facts can be given. 


DES FIGURES D’EMPREINTES SUR 


il 
l 


de planes an 


DES MONOCRISTAUX., I 


Cet article présente les résultats d’une étude interférométrique de figures d’empreintes sut 


clivage du mica et du NaCl. 


On a constaté dans le cas du mica, que lorsqu’on exercait 
sphérique, une déformation plastique, relativement bien définie se produisait 
d’expliquer les détails de cette déformation en termes de dislocations et on a établi ur 
figure et le systéme de fissures de la figure de pression 


une pression modérée au mo 


figure de flexio1 


e correlator 


Dans le cas du NaCl ce phénoméne est obscurci par la présence dé 


a pas moyen de donner d’explication détaillée des faits observés 


EINDRINGUNGSFIGI 


REN AUI 


EINKRISTALLEN. 


Die vorliegende (Arbeit berichtet iiber die Ergebnisse einer Interferometerstudie der Eindringung 


auf den Spaltflichen von Glimmer und Steinsalz 


Drucken (die mit Hilfe eines Kugeldruckgerites erzeugt 


eine Biegungsfigur 


zu erkliren, und diese Form wurde zu dem Rissystem einer Druck 
Im Steinsalz ist die Erscheinung durch das Vorhandenseir 


keine ins Einzelne gehende Erklarung der 


1. INTRODUCTION 


When a small sphere of hard material is gently 
pressed on a crystal face, a permanent deformation is 
sometimes obtained, as can be deduced from the re- 
sulting topography; a so-called indentation figure. This 
figure is related to the symmetry of the face, provided 
the indentator is spherical. Indentation figures on single 
crystals have generally been studied macroscopically or 
by microscopic observation;' so far, only tin has been 
studied interferometrically.* 

When the load, and the speed with which it is applied, 
is increased, pressure or punch figures are obtained. 
These may roughly be described as a system of cracks, 
presenting a symmetry which is related to that of the 
crystal. Since it seems logical that there must exist some 
relation between the indentation and punch figures, it 
was thought that useful information concerning crack 
formation could be obtained by interferometric study of 
indentation figures and their relation to pressure and 
punch figures. In what follows, we describe such obser 
vations on mica and sodium chloride. An interpretation 
in terms of dislocations is attempted. Further work on 
material with different lattices—tin, bismuth, zinc and 
is in progress. 


aluminium 


* Received February 26, 1954 
7 Laboratorium voor Kristalkunde, Universiteit Gent 
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Es zeigte 


auftrat. Es wurde versucht, die 


beobachteten Tatsachen gegeben 


Glimmer bel nicht zu grosser 


sich, dass 1n 


ziemlich } 


Verformung durch Versetzungen 


wurden 


lare plastische Verformung—als 


Einzelheiten dieser 


figur in Beziehung gesetzt 


mehrerer Gleitebenen | ompliziert 


verden 


2. MICA; EXPERIMENTAL RESULTS 


When gently indenting a mica sheet which rests on an 
elastic underlayer, a bending figure, barely visible by 


ordinary microscopy but readily detected by inter 


ferometry is obtained When the load exceeds a certain 
value, pressure figures are obtained. They consist mostly 
of a three-armed—in rare cases, a six-armed—star. The 


arms of the star sometimes consist of a number of 


parallel cracks. It is difficult to obtain a pressure figure 


on a microscopic scale. 


When the load is applied very quickly, a percus 


figure is obtained. This is a SIX brant hed star ti 


through nearly 30 degrees with respect to the 
figure. Che relation between the three hgures is 


sented schematically in Fig. 1. 


Bending figures are most col 
2 and 


multiple-beam interferometry 


typical interferograms. They indicate that next to the 


central triangular depression, three other topographical 


features are present (see also Fig. 1). Fringes of equal 
chromati order proved that ney are hills. 
The deformation of the lattice was deduced from 


Laue diagrams. Figure 4a corresponds to an undisturbed 


region, Fig. 4b to a deformed area. This, together with 


the absence of steps on the surface (see interferogram 


indicates that the deformation is a pure bending about 


an axis lying in the (001) plane of the mica, and that 


only slip along the (001) planes is involved. The bending 
the the 


figures have a line of symmetry trace of 


ine 
entire cette 
\ 
5 
—= 
repre 
lied bi 
are 
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drawing of the relation between bending 


Fic. 1. Schematic 
hgure, pressure hgure and percussion hgure in mica 


plane) in agreement with the monoclinic character of 
mica. Another consequence of the symmetry is the fact 
that the figures produced from opposite sides of the 
same sheet are turned through 180 degrees. 


3. MICA; DISCUSSION 


The pressure exerted by the spherical indentator 
causes a shear stress in the mica crystal. The direction of 
this shear stress is, for reasons of symmetry, radial and 
we have a two-dimensional state of stress. In a plane 
section, perpendicular to the c(001) plane, the sense of 
001 
above and inward underneath 


the shear stress on planes is oriented outward 
see Fig. 5). It is evident 
that for diametrically opposed regions the stresses are 
opposite in sign. Exactly under the indentator the shear 
stresses on (001) are theoretically zero. 

As we have seen, slip only takes place on (001 
planes. It seems reasonable to admit that it occurs on 
the potassium layer, as the binding forces are weakest 
there. This layer, like every other one parallel to it in the 


mica structure, presents hexagonal symmetry. The glide 


directions being those of the most dense rows, three 
glide directions, making angles of 60 degrees e.g., [100 ], 
[4 10], [1 10 ], are to be expected. 

The six corresponding glide vectors, which are equal 
in length, are [100], 3[110], $110], [100], [110] and 
41110]. The resolved shear stress in the glide direction 


Glide vector 
Shear stresses id 


Fic. 5. Distribution of dislocations in a section perpendicular 
to (001) through a bending figure on mica. 
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will be maximum in those regions where the shear stress 
coincides in direction with the glide vector. Frank and 
Read* sources will preferentially be set in action in 
regions situated on lines where this condition is satisfied, 
and in the first place on points where the shear stress is 
greatest, i.e., not far from the center. 

The resulting deformation pattern will exhibit a form 
reflecting the ease with which Frank and Read sources, 
with the indicated glide vectors, come into action. That 
differences between them must exist is roughly to be 
seen from the following argument. 

When we consider the planes perpendicular to the 
glide vectors, and the distribution of ions in them, the 
succession in which we meet them on going from one 
lattice point to an equivalent one in a glide direction 
varies with the sense. Furthermore, this alternation of 
planes is not identical for the three glide directions, as is 
obvious from the monoclinic character of the lattice. So 


;. 6. Idealised distribution of dislocation lines 
in a (101) plane of mica 


we understand that the force necessary to activate a 
Frank and Read generator with one of the given glide 
vectors will depend on the sense of this vector. 
Accordingly, we should expect a deformation pattern 
closely related to the symmetry of the crystal, e.g., a 
pseudo-hexagonal one, exhibiting a line of symmetry. 
The fact that we only have a triangular pattern indi- 
cates, however, that three out the six possible centers of 
glide are far more easy to activate than the other three. 
We see here that the rather slight asymmetry of the 
mica structure, resulting from the shift of adjacent 
groups of hexagonal layers at the junction of the close 
packed (O-OH)~AI 


influence on the glide process. 


O-OH) layers, has a very marked 


Assuming that glide in each direction proceeds more 
easily in one sense than in the other, a situation as 
shown in an idealised manner in Fig. 6 will develop. 
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PiaTE I. (All figures reduced to three-fourths in repro PLATE II. (All figures reduced to two-thirds in reproductior 


duction.) Fics. 2, 3.—Interferograms of bending figure Fic. 7.—Surface of a NaCl crystal after indentation. Ordinary 

on muscovite. Fic. 4.—Laue diagrams of (a) undeformed light. Fic. 8.—Surface of a NaCl crystal after indentation. Phase 

and (b) deformed region of the bending figure. contrast illumination. Fic. 9.—Transmission photograph of a 
surface of NaCl showing the internal line system. Fre. 11 : 


mission photograph of side view of NaCl surface. Fics. 12, 13 
Interferograms of indentation figures on NaCl 
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Let us consider for the moment sources which are all 
situated in the same plane. The expanding loops will 
pile up near the center of the figure, as the shear stress is 
reversed there. This causes the sources to be stopped by 
the back stress of the dislocations piled up near the 
center after a limited number of loops has been formed. 
The loops will be approximately centered on the regions 
of maximum resolved shear stress. A cut AB along a 
glide direction, through the deformed mica sheet show- 
ing the distribution of dislocations is represented on 
Fig. 5. Sideways, the loops will meet and eventually be 
forced to form dislocations by the reaction [100] 
+3{110]=3[310]. The resultant dislocation is less 
mobile in the plane (001), dislocations will pile up be- 
hind the first of this kind which is formed in a plane, so 
giving rise to curvature of the lattice planes. 

In the outward sense, the dislocations will move freely 
until the stress is relieved. 

In the idealised case where the same symmetrical 
configuration of dislocation lines described here above 
would exist on several regularly spaced planes, this dis- 
tribution would produce “‘polygonised” hills, as walls of 
dislocations, comparable to those occurring in poly- 
gonised metals would be present. In reality the sources 
will in general be situated in different planes, and the 
observed topography will result from the superposition 
of less symmetrical dislocation patterns. Statistically 
this will be comparable to the idealised case, but the 
hills will now be smoothly bent, as is observed. The 
inclination of the hills with respect to the ideal cleavage 
face will be smaller on the outward side, as the disloca- 
tions are more widely spaced there. 

When the stress increases, the probability of having 
sources in the same plane increases too, and conse- 
quently the dislocations of the type with vector 
1( 310] will be formed with greater probability. They 
are not freely mobile in the (001) planes, being kept in 
equilibrium between the dislocations piled up on both 
sides of them. They have screw character along their 
greater part, and are also submitted to the stresses of the 
dislocations situated in other c(001) planes. We can 
imagine that with increasing stress they are forced to 
move in planes, which cut the c(001) plane following 
lines which have the directions of the pressure figure. 

As other dislocations lying in (001) planes are cut by 
such a movement, great numbers of vacancies and 
interstitial ions will be formed. In complicated ioni 
structures, as in mica, where the electrostatic neutrality 
in a volume as small as possible is essential, this must 
far more quickly lead to disrupture of the lattice (a 
crack) than in metals, where local high temperature 
favors the diffusion of the neutral atoms or vacancies, so 
preventing, to a certain extent, agglomeration of 
vacancies to microcracks. 

If we consider now the percussion figure, we see that 
the cracks are formed following [100] [760] [760] [4 | 
i.e., practically in the glide directions. The mechanism 


which is acting here must be quite different. 
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4. SODIUM CHLORIDE; EXPERIMENTAL 


NaCl was also studied. The cleavage following (100 


is perfect and small cubes with good faces can be ob 
tained by cleaving 


As Fig. 7 (incident light) and Fig. 8 (incident phase 


and | 010 


pressure ol 


dentator. These slip lines are faintly visible, oO! disappear 


completely in the middle. In transmission a further line 
Fig. 9 110 
by incl 


system can be seen having the directions 


110 


dent phase contrast (see Fig and also not by ordinal 


and As this system cannot be detecte 


incident light (see Fig. we must conclude that 
internal. Again, the lines are faintly visible or disappear 
completely in the middle. Figure 10a shows schemati- 
cally the observed facts. 

To get further information, a pressure figure was pro 
duced near the edge of the crystal. On a (010) plane, slip 
001 010 | and 
as | ig. 11 


schematl 


and 
also internal lines in the directions [011 ], 
10b is a 


lines are formed in the directions 


transmission) indicates. Figure 
drawing of this observation. 
Figure 12 is an interferogram of the pressure figure of 


Fig. 7; Fig. 13 is another example. As can be seen, four 
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denivellations are built up, which are lying exactly in 
the direction [110 ] and [110] (marked with dotted lines 
in Fig. 10a). It could be proved by fringes of equal 
chromatic order, that these denivellations are hills. 

In the case that the pressure with the spherical 


indentator is applied very rapidly, a percussion star is 


produced, lying in the directions [110] and [110] [5]. 


All other slip lines systems, which are present round the 
influence sphere of a pressure figure, can be found also 


round a percussion figure. 


5. SODIUM CHLORIDE; DISCUSSION 


The experimental pattern is very much more compli- 
cated than in the case of mica. This results from the 
action of several—possibly three—glide systems {110}, 
{100}, {111}, with a common slip vector 3[110 ]. 

The hills can be assumed to be built up as in the case 
of mica. This necessitates glide on the (001) face. 

Next to the hills we observe glide lines, marked 1, 
which develop most markedly at the corners of the cube. 
Such markings can be produced by slip on {100} or 
110 


planes the components of the applied force in the glide 


{110} planes. If we consider, however, for the 


direction, slip on them should be most pronounced in 
the center. As this is not the case one has to accept that 
100 


these glide lines belong to the faces, but the 
reasons why they are active is obscure. 

Furthermore, the glide markings 2 are only observed 
in transmission and by reflection phase contract mi- 
croscopy no evidence could be found that they reach the 
surface.* When the load is applied near the edge of the 
crystal an intricate pattern of lines is visible as surface 


* Note Added in Pri These markings are most probably due 


to glide on (110) planes, the burgersvector being paralell to the 
plane of observation no steps are raised. Their visibility is due to 


birefringence. 
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steps ; other lines lying at 45 degrees to the previous ones 
are only visible in transmission. 

This indicates that interaction takes place, which 
alternatively set to work different sets of glide planes. 
Further experimental work is needed in order to de- 
termine the mechanism. 


6. CONCLUSIONS 


From these observations we can deduce, as far as 
ionic crystals are concerned, that the formation of 
cracks can proceed in two different ways, according to 
the velocity with which a load is applied perpendicular 
to a crystal face. 

a) When the load is applied very slowly and when a 
single slip plane is active, rupture of the lattice results 
primarily from interactions of dislocations with different 
Burger vectors, thus from the fact that different slip 
directions are present. Cracks are then formed in direc- 
tions not coincident with the slip directions. When more 
than one slip plane is present, this stage is not developed 
because the stress on the less mobile interaction disloca- 
tion is released by slip on another slip system. 

b) When the load is applied more quickly, rupture 
proceeds nearly following the direction of easiest slip. 
Further work will indicate if this holds for other types 


of crystals. 
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LETTERS TO THE EDITOR 


Dislocations in Polygonized Germanium 


This note describes some direct observations of dis- 
locations in bent and polygonized' germanium single 
crystals. The data show the effect of increasing tem- 
perature of deformation in producing the block struc 
ture and suggest that the formation of domain walls 
normal to the slip plane involves climb of dislocations 
as well as movement along the slip plane. 

Polygonized structures were obtained by bending at 
higher temperatures and also by bending at lower tem- 
peratures followed by annealing. Germanium single 
crystal bars about 3.2 cm long with 1.5 mmX1.5 mm 
square cross sections were cut and deeply etched to 
remove the strained material. The bars were oriented 
with [112] as the longitudinal axis and a (111) plane 
as a side face. Each specimen was bent to a radius of 
approximately 5 cm about a [111] axis by placing it 
on graphite support blocks 3 cm apart and applying 
equal loads at the 1 cm and 2 cm positions while heating 
by the passage of an electric current. The temperature 
at which bending occurred was controlled by proper 
adjustment of the load and heating current. The total 
time of each specimen at maximum temperature was 
about 1 minute. After being deformed, the specimens 
face with 600 mes} 


CP-4 to 


were lightly ground on the (111 
carborundum and polish-etched with revea 
dislocations. 

Figures 1 to 3 show the dislocation configurations 
which result from bending at three temperatures. At 
500°C 
plastically, the dislocations are aligned in the traces of 


Fig. 1 


a low temperature for deforming germanium 


the (111) slip planes , as determined from the 


— | 
‘a* 


Fic. 1 


plane ot cry 


Dislocations in slip lines viewed on (111 
bent at 500°C, CP-4 etch, 1000 magnification. 
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Fic. 4. 250X—X-ray micrographs taken by Berg-Barrett 
technique with incident beam normal to bend axis. a, left, speci- 
men bent at 500°C. d, right, specimen bent at 800°C. Interpreta 
tion given in text. 


The presence of oriented domains in the specimen 
deformed at 800°C is ascertained by the Berg-Barrett’ 
X-ray micrographs in Fig. 4. The photograph of the 
specimen deformed at 500°C (Fig. 4a) shows dark 
striations due to the slip lines. The structure is com- 
pletely different with 800°C deformation (Fig. 4b). 
The light and dark areas here are interpreted as repre- 
senting small crystal domains of varied orientations. 
The block size indicated by the X-ray micrograph in 
Fig. 4b is roughly the same (10~* cm) as that shown by 
the light micrograph in Fig. 3. 

The specimen which was bent at 500°C and showed 
no polygonization was subsequently annealed in vacuum 
at 700°C for 26 hours. Figure 5, a micrograph of the 
(111) surface after polish-etching, gives evidence of the 
occurrence of after this treatment. 
Comparison of Figs. 1 and 5 indicates that the polygon- 


polygonization 


ized structure could not be formed by migration of 
dislocations solely along the slip plane. It would appear 
necessary to invoke climb to explain the change from 


Fic. 5. Dislocations in polygonization boundaries viewed on 
(111) plane of crystal bent at 500°C then annealed at 700°C. 
CP-4 etch, 1000 magnification. 
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the banded groupings of dislocations in the deformed 
specimen to the more uniform distribution perpendicu- 
lar to the slip plane in the polygonized structures. 


F. L. VoGetL, JR. 
Bell Telephone Laboratories 
Murray Hill, New Jersey 
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Sub-Grain Formation in Aluminum Deformed 
at —183°C* 


Fine-grained specimens of pure aluminum (99.99%), 
deformed at the temperature (— 183°C) of liquid oxy- 
gen, have been examined by X-ray microbeam methods 
both at the low temperature and at room temperature 
immediately after deformation. In both experiments 
the initially annealed specimens, of grain size ~30p, 


Fic. 1. X-ray microbeam back-reflexion photograph of alu 
minum deformed at — 183°C and examined at room temperature. 
Beam diameter 30u. 422 ring—CuKa radiation 


were immersed in liquid oxygen for periods of up to 
three hours and then were either strained in tension 
until they broke, or were hammered under a copious 
stream of liquid oxygen. The specimens were then 
replaced in liquid oxygen for some hours before X-ray 
examination. 

Immediate examination at room temperature, with 
an X-ray beam of diameter ~30u, of an aluminium 
specimen deformed at — 183°C showed resolution of the 
back reflexion ring into spots (Fig. 1). (The exposure 


96 
. 
| 


LETTERS TO 


Fic. 2. X ray microbeam back-reflexion photograph of alu- 
minum deformed at — 183°C. Examination carried out at — 183°C 
immediately after deformation. Beam diameter 10u. 422 ring 
CuKa radiation. 


time for microbeam photographs of this nature is 10-12 
hours). These were, however, much more fuzzy and 
diffuse than those obtained from the material deformed 
at room temperature.'! The sub-grain size was found 
from a spot count to be 1.2u, which is considerably 
smaller than the value of ~2.6u, found after deforma- 
tion at the 
shapes of the individual reflexions were made. The 
resolution of the photographs improves slightly with 


room temperature ; no measurements of 


time at room temperature after deformation. The angu- 
lar misorientations in material deformed at — 183°C 
appear to be approximately the same as for the material 
deformed at room temperature. The poorer resolution 
of the photographs is due to the smaller particle size, 
which leads to weaker reflexions and to an increase in 
the angular breadth of the reflexions. After two months 
at room temperature no growth of the particles was 
observed. 

A microbeam back-reflexion photograph was taken 
of an aluminum wire which had been heavily hammered 
at —183°C. During the exposure liquid oxygen was 
continuously spilled onto the specimen which was 
mounted on the specimen holder between asbestos 
sheets to reduce the conduction of heat from the camera. 
The photograph obtained with a beam of diameter 10u 
is shown in Fig. 2. No sign of resolution of the Debye- 
Scherrer ring into spots can be seen. The photograph 
bears a striking resemblance to those obtained by back- 
reflexion microbeam methods from copper or nickel 
deformed heavily at 

These experiments suggest that if particles are formed 


room temperature.” 


in aluminum directly on deformation at — 183°C, they 
are too small or too distorted to be detected by the 
present methods until some recovery has taken place. 
The sub-grain size of ~1y, found in material de- 
formed at — 183°C and examined at room temperature 
is in good agreement with that observed by Heidenreich 
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using electron microscopy.’ It is also approximately the 
same as the limiting slip band spacing found by Brown‘ 
in aluminum deformed at —183°C, and examined at 


room temperature. This suggests that the slip band 


spacing may determine the scale of separation of the 


deformed grains into sub-grains as is proposed else 
where.* If this is so, the boundaries of the particles are 
183°C, but the difference 


already determined at 


between the distribution and density of dislocations in 
the boundaries and in the particles must be so small 
that the spots from the partic les cannot be detected 
183°C. The resolu 


tion of the rings into spots after warming to room tem- 


when the specimen is examined at 


perature would then be due to the diffusion of the dislo- 


cations inside the particles to the boundaries, thus 


creating large local differences in the densities of disloca- 
tions. On this picture the degree and type of deforma 
would determine the size of tl while 


tion le particles, 


recovery would make it possible to detect the particles 
by accentuating the difference between the plastic 

distortion in the particles and in the boundaries. 
The express their thanks to the 
University of Wales (W.T.R.) and to the Department 
A.K. 


of Scientific and Industrial Research 
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Resistivity Changes in Silicon Single Crystals 
Induced by Heat Treatment* 

Resistivity changes in germanium as a consequence 

known 


to be 


for some time. 


associated, al 


hav c been 


been sl 


of heat treatment 


These have recently 10WNn 
least in part, with the presence of copper.* We have 
observed analogous ( hanges in the resistivities of silicon 
which, however, appear to be of different origin. 


Che 


crystals of Si grown from the melt by the pulling tech- 


phenomenon exhibits itself in certain single 


When portions of such crystals are heated for 
350-500°C 


nique. 


several hours in the temperature range 


increases in electron conductivity or decreases 


p-type 


in hole conduc tivity of over 2X10!'* carriers 
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INCENTRATION 


CTRON 


content of silicon crystal heated at 


by long anneal at 1100°C 


Fic. 1. Increase in electron 
460°C and final stabilization 


cm~* frequently occur. These changes are reversed upon 
heating at 1000°C or above for a few minutes. 

The rate of change in carrier concentration for a given 
specimen of Si depends on the temperature of heat 
treatment, being most rapid at about 440°C+10°C. 
Above and below this temperature, the rate decreases 
with temperature. A typical curve is shown in Fig. 1. 
Here the Si had an original resistivity of 25.0 ohm cm 
p-type and showed after 65 hours at 460°C an n-type 
resistivity of 0.47 ohm cm. As shown also in Fig. 1, this 
specimen returned to its original resistivity upon heat- 
ing 1/2 hour at 1125°C. This cycle 
long as the high temperature heating was short. After 


was reversible as 


2 hours at 1200°C the low temperature anneal rate was 
after 17 1100°C, no 
carrier increase occurred after 500 hours at 460°C. This 


slowed and hours at essential 


latter behavior, which has been called “‘stabilization,”’ 
seems to be favored by a prior low temperature anneal. 

At intermediate temperatures (between 500°C and 
1300°C) the resistivity changes depend on the tempera- 
ture of anneal and the past heat history of the Si. If 
maximum elec- 


the Si crystal has been brought to the 


tron concentration by long heating, at say 460°C, then 


on heating at about 500°C the electron concentration 


decreases monotonically, leveling off somewhat above 


its original value. In 
700°C 


similar crystals, subsequently 
heated at the electron concentration has been 


first to decrease, often back to its original 


observed 
value, and then to increase on further heating toward 
an intermediate value. Si specimens brought to the state 
of minimum electron concentration by heating to high 
temperature frequently show an electron increase upon 
heating at temperatures between 500°C and 800°C 
The above complicated changes appear to be inde- 
pendent of the atmosphere in which the anneals are 
carried out. Likewise, no role of surface impurities has 
yet been established. The changes occur in volume and 
do not appear to involve gross diffusional processes. As 
indicated above, we have been unable to establish that 
any equilibrium exists between carrier concentration 


and temperature. 
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The most striking effects of the heat treatment are 
connected with the crystal growth variables. When 
crystals grown in the normal manner* were examined 
after 10-20 hours anneal at 460°C it was found that 
the greatest changes in carrier concentration occurred 
in the central section of the crystals. In fact a layer of 
unchanged Si remained at the outside surface, the depth 
of which varied approximately inversely with the crystal 
diameter. The magnitude of the carrier increase in the 
central portions was also roughly inversely proportional 
to the diameter. 

These observations indicate that the phenomena are 
closely associated with the fluid flow in the molten 
silicon during growth. Impressive support for this is 
furnished by the effect of rotation of the crystal during 


growth. This is illustrated in Fig. 2 which is a photo- 


Fic. 2. Photograph of silicon crystal (original 25 ohm cm p-type 
after heat treatment at 460°C for 20 hours. Sections A and C, 
grown with rotation, are 0.4 ohm cn Section B, grown 
is unchanged 


n-type 


stationary, 


graph of a longitudinally sectioned crystal. The A and 
C regions were grown with the crystal rotated at 100 
rpm. The center section, B, was grown without rotation. 
After growth the crystal was annealed for 20 hours at 
460°C when the p-n junctions were brought out by 
means of barium titanate suspension applying 60 volts 
potential. These lines are evident on the photograph. 
A and C, which were rotated, showed an in- 
Section B, 


Sections 
crease in electron content of 1.75 10!® cm 
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xto'> 
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which was not rotated, showed an increase of only 
4.4X10" cm~*. At intermediate rotation 
depth of the skin at the crystal surface, which remained 
unchanged by annealing at 475°C, increased rapidly 


rates, the 


with decreasing rotation rates. 

The cause of the above described changes in resis- 
tivity is not at present understood. It is evident that 
the effect is intimately associated with the crystal 
growing process, but whether it involves lattice defects 
or impurities or both must await further work. 

C.S. FULLER 
J. A. DitzENBERGER 
N. B. HANNAY 
EK. BUEHLER 
Bell Telephone Laboratories 
Murray Hill, New Jersey 
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The Diffusion of Hydrogen in Iron and 
Ferritic Steels* 


The evolution of hydrogen from iron and ferritic 
steels has been reported by many investigators'** to 
differ markedly from the behavior predicted by the 
usual diffusion laws. Mathematical descriptions of the 
evolution rate have been found to require at least two 
distinct rate constants differing from each other by 
several orders of magnitude. In some cases the hydrogen 
diffusing at the 
distinguish it from the more mobile ‘‘diffusible’’ hydro- 


lower rate is termed “residual” to 
gen, and its rate constant is approximated as zero. 
Some authors have suggested essentially that the ‘“‘re- 
sidual”’ hydrogen is partially converted into “diffusible” 
hydrogen on heating, but that it does not disappear 
completely until after traverse of the alpha-gamma 
transformation.! 

This nonconformity of the evolution rate with diffu 
sion theory is apparently responsible in large measure 
for the widespread past use of strictly empirical expres- 
sions for representing the rate of hydrogen evolution 
from steel. Slowly diffusing or “residual” hydrogen has 
not always been detected, however, and in these cases 
the evolution rate appears to conform satisfactorily 
with Thus Sykes, 
reported that both their own evolution rate data and 
those of Andrew ef al® are consistent with the diffusion 


the theory. Burton and Gegg 


laws, despite the substantial quantity of “‘residual”’ 
hydrogen postulated by the latter authors as necessary 
More 


recently the diffusion laws have been applied to hy- 


in mathematical representations of their data. 
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drogen in steel by Demarez, Hock and Meunier,® who, 
like Sykes ef al, have dismissed the apparent presence 
of slowly diffusing hydrogen as a natural consequence 
of the manner in which the evolution rate theoretically 
varies with time. 

We have investigated the evolution of hydrogen from 
99.9 per cent pure iron by several experimental methods 
Hock 


equation for 


that described by Demarez, and 


Suitable 


including 
Meunier.® 


solutions of Fick’s 


finite cylinders were obtained from Carslaw and 


Jaeger.’ For a cylinder of length a and diameter 6 the 
solution of present interest is 


in which C is the average concentration, C» is the initial 


concentration and w(a, /) and x(0, /) are the respective 


functions for the time dependence of C/C» in an infinite 
slab of thickness a and an infinitely long cylinder of 


diameter b, respectively. Thus 


exp 
2n+1) 


exp 


in accordance with the derivation of Demarez e/ al 
period 


After a relatively short initial diffusion 


Eq. (2 


reduces to 


is 0.56 for finite cylinders 


form 


pointed out by Demarez ef a/, the precise 


is never obtained experimentally from sma 


‘Cause 


specimens examined at elevated temperatures be 
rl 1g 


osses nat occur au 


of the unavoidable hydroge1 


heating of the specimen to 


ture. The diffusion coefficient D, 


evaluated from the slope ot the fin 


under a variety of 


zero time is not precisely known 


tration ¢ Is not uniform througnout the sper Ime! 


[he experimental evaluation of g in Eq. (3) may be 


approached in several ways, of which that employed 


by Demarez e/ al, vi minimizing the time of heating 


the specimen to the experimental temperature 


The same effect is obtained by conducting the 


ment at a sufficiently low temperature 


heating time negligible comparison 
period of diffusion. In thi nnection we have tound 
that extractions conducted at room temperature yield 


curves of theoretical form over their entire lengtl 


The principal reason for attempting to establis! 


agreement between experimental and theoretical values 


of g is apparently to validate the application of diffusion 


— 
2 
4 32 « | 

(2 
$99) 10.05 
in whi 
\s 
of Eq. (2) 
however, is read 
versus / plo 
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theory. Any departure from Eq. (2) would probably 


result, however, from (1) non-uniformity of the initial 


concentration Co, (2) control of the evolution rate by 
processes at the specimen surface rather than by diffu- 
sion, or (3) variation of D with concentration. The first 
effect does not alter the apparent or measured value of 
D and hence need not be considered further. The last 
effect can be considered to include the possible co- 
existence of rapidly and slowly diffusing hydrogen. 

The effect of slow surface processes has been shown 
by Diinwald and Wagner* to be detectable from the 
manner in which the evolution rate varies with specimen 
dimensions. According to Eq. (2) the time required for 
evolution of a given fraction of the hydrogen from 
specimens of equal shape should vary directly with the 
square of the diameter when the evolution rate is 
diffusion controlled. When the rate is surface-controlled, 
on the other hand, this time is proportional to only the 


Both al? and 
have reported in effect that the time for 


first power of the diameter Derge ef 
Andrew ef al° 
a given degree of hydrogen removal is proportional to 
the square of dimensions in specimens larger than 3/8 


inch and at temperatures down to 25°C. Our own data 


confirm this finding, indicating that the evolution rate 


is entirely diffusion controlled under the conditions 


specified. 

To permit close examination of the possible variation 
of D with concentration, we have employed a modified 


lationship given 


experimental procedure based on a re 


by Geller and Sun,’ of which the following form applies 


10.05 


Ils actually proportional to 


to finite cylinder 


$29 
-Dt 


consi 


0 


hydrogen from the Spec imen into une 
| the measuring apparatus. Hence 


iret tly from the slope of a plot ol 


This method is more precise 

he measurement of pressures in 

ing volume, in that D is obtained directly 
of the experimental data themselves rather 


differences between large quantities. 


were on 9/32 to 3/4 inch 


iron specimens prepared by 


tial experiments 
“thermal charg- 
method of introducing reproducible quantities 
of hydrogen that consists of saturating in a hydrogen 
from 1000 to 1350°C, and then quench- 

to prevent hydrogen losses during 

the quench through the transforma- 

tion is known to have caused internal stresses, the subse- 
quent evolution of hydrogen into a vacuum appeared 
to be normal in all 
of D with 
cent. Hydrogen analysis of replicate specimens by both 


respects, yielding reproducible values 
nean deviations of from +10 to +20 per 
graphite crucible and tin vacuum fusion methods indi- 


cated, moreover, that the hydrogen had been quantita- 


RGICA, 


VOL. 3, 1955 

tively evolved from these specimens at single values of 
D in less than one hour at 300 to 650°C. Thus no slowly 
diffusing or “‘residual”’ hydrogen was evident in any of 
these “thermally charged”’ specimens. 

Subsequent experiments on specimens of the same 
material that had been hydrogen charged by a different 
method have indicated, however, that slowly diffusing 
or “residual” hydrogen is unmistakably present in 
specimens of less severe thermal history than those de- 
scribed above. Such specimens were prepared by “pres- 
sure charging,’ which consists of saturating with hy- 
drogen at 650°C under a hydrogen gas pressure of up 
to 75 atm. The apparatus for this purpose was patterned 
after that described by Hobson and Sykes.'? Although 
quenching from the saturation temperature was em- 
ployed here as well as in the previous charging method, 
a considerably less severe internal stress level was as- 
sured by the fact that the material remained ferritic 
throughout the heating and quenching cycle. 

The hydrogen from the 
charged” specimens at 385 to 575°C exhibited a be- 
havior that departed radically from that observed in 


the ‘thermally charged” specimens. Early in the process 


evolution of “pressure 


the evolution rate decreased in the expected exponen- 
tial manner and at essentially the same rate as that 
observed in the thermally charged specimens. After a 
period corresponding to the extraction of from 80 to 
90 per cent of the hydrogen in the previous specimens, 
however, the plot of log (flow rate) versus time became 
nonlinear, indicating a decrease in the rate of change of 
log (—8C/dt). Subsequent heating to 850°C, moreover, 
invariably resulted in a rapid evolution of additional 
hydrogen amounting to 20 to 50 per cent of the amount 
previously extracted in from 13 to 19 hours at the 
lower temperature. The conditions and results of five 
of these experiments are listed in Table I, which indi- 
ates (1) that the quantity of hydrogen that is not 


evolved during several hours heating in vacuum de- 


ABLE I. Vacuum extraction of hydrogen from 0.75 inch diameter 
X0.75-inch iron cylinders prepared by pressure charging. 


Specimen Preparation 
Hours at 650°C, 62-67 18 21 
atm. pressurt 
Initial extraction: Temp 385 a 575 990 
C 
Extraction time, hours 2.0 : 3. 
Hydrogen extracted, RV* 0.60 0.68 0. 7 0.84 
\dditional extractio1 
time, hrs. 
Additional He extracted, 


RV* 


Final extraction at 850°( 
Extraction time, hrs. 1.3 1 
\dditional He extracted, 0.30 0.25 


RV* 


0.75 


0.18 


0.75 


0.16 0.13 


Total He extracted, RV* 0.90 0.87 0.84 0.96 


RV =Relative Volum 100 g =0.00114_wt.‘ 


1955 
og dU /d +) 
a 
the How rate of 
ollecting volumé 
D may be evaluated 
og Hov 
al 
the correct 


creases with increasing temperature, and (2) that con- 
tinuation of vacuum treatment at 575°C for more than 
two hours is apparently ineffective in removing much 
additional hydrogen. 

That slowly diffusing or “residual”? hydrogen is not 
characteristic of ‘“‘pressure-charged”’ specimens alone 
is indicated by numerous previous reports of a similar 
behavior in electrolytically charged steel"! as well as in 
as-trepanned samples from massive sections of com- 


mercial steel.? If anything, “pressure-charged”’ speci- 
mens should be more representative of the interiors of 
thick steel sections containing hydrogen than any other 
specimens that can be prepared in the laboratory. 

Although much information on slowly diffusing or 
“residual” hydrogen remains to be learned, the follow- 
ing conclusions are indicated by 
thus far: 


the data collected 


1. Slowly diffusing or ‘residual’? hydrogen is not a 
consequence of the theoretical time dependence of the 
diffusion rate but a real component or effect detectable 
only after the removal of the rapidly diffusing or 
“diffusible” hydrogen. 

2. The amount of “residual’’ hydrogen appears to 
decrease as the specimen temperature is increased from 
400 to 900°C. 

3. The amount of slowly diffusing or “‘residual”’ hy- 
drogen appears to depend on thermal! history. Promi- 
nent quantities of this component were found in small 
iron specimens quenched from 650°C after heating in 
a high pressure hydrogen atmosphere, but not in speci- 
mens rapidly quenched from hydrogen atmosphere 
treatment 1000°C. 
hydrogen present in commercial steel might therefore 


above The amount of ‘“‘residual”’ 


be expected to be appreciable in hot-rolled or forged 
heavy sections, but not in rapidly cooled materials such 
as weld metal deposits. 
E. W. JOHNSON 
M. L. 
Westinghouse Research Laboratories 
East Pittsburgh, Pennsylvania 
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Electron Microscope Study of Slip Bands in 
Radiation-Damaged Aluminum Crystals 


Jamison and Blewitt! studied the effect of radiati 


damage on copper, using light 


face. The 


micrographs of 1 
phenomenon studied 


spac ing of slip lines. Phey showed that 
slip lines was greater in damaged copper, othe 
being the same. Heidenreich and Shockley? studied slip 


bands in pure aluminum with the electron microscope 


and demonstrated that a single band may have a fine 


Structure of several ¢ losely Spat ed bands wh 
be resolved by the light mi roscope. In the experime! 
reported here, the anode-oxide replication process as 


] 


described in the latter paper was used to study the fine 


structure of slip bands in both irradiated 
irradiated aluminum. 
The aluminum samples were 
After heat-treating to increase tl 
abraded, ele tro-polished, and 
cedure given by Heidenreich an 


The irradiated and the contro 
) produce slip lines. Che u 

simple bending, carried 
78°C, and 196°C. The 


amount 


room temperature, 


seconds, and the 


strain of 5 to 10 per cent al 


computed crudely by estimatin; 

of the central part of the specimen and assuming 
central plane to remain unchanged 
the microscopic strains vary 
scopic strain, particularly from cryst 
the polycrysta ine spec imen, 1 


to measure strain precisely 


this time. 
The damaged Samples were obtaine 
bardment in the Berkeley 6U-inch cyclotrol 


age was produced by 39.6-Mevy 


average bombardment was 8 
to 9X10!'® alpha-particles/cm 


below 100°C during a1 


prevent annealing of the dan 


one of the samples was recorded 


of a thermocouple imbedded 


wenty-five samples were observed 


been bombarded. Fac 


naving Nn nes opservab 


replica squares, each 
the microscope. Thi ields observed 


3000. 


the microscope was aboul 


replicas Of these 200 were photogra] 


On the basis of the electron-micr 


SCODE 
observations with the light microscope, 
lat irradiation at temperatures 1 


followed by straining a 


point 
increases the amount of sli 
given plane. The opinion 
observations of many 


1 


photogray} 


Similar observations 
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1. Slip bands in samples strained at — 196°C 


difference between irradiated and unirradiated samples 


strained at room temperature. The results for samples 


strained at —78°C were inconclusive. 


studies conducted the 


This note is based on for 
Atomic Energy Commission at North American Avia- 
tion, Inc., Downey, California. 

E. M. 
Rheem Development Laboratory 
Downey, California 
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A Possible Explanation of the Stability of 
Guinier-Preston Zones* 


In a recent article it was shown that different mo- 
bilities of the atoms in an alloy can be the explanation 
to the fact that flat Guinier-Preston zones are sometimes 
formed in a supersaturated alloy if there is difference 
enough in size between the atoms.' This last require- 
ment about the relative size of the atoms is dropped 
here and a more general discussion of Guinier-Preston 
zones will be given. Guinier® has recently published a 
critical review of experimental information about 
Guinier-Preston zones. 

Assume that we have an alloy composed of a majority 
of A-atoms and a few per cent B-atoms and that there 
is higher solubility for the B-atoms at high tempera- 
tures. If the initially homogeneous alloy is cooled down 
below the two-phase boundary there will be a tendency 
to form a new phase, and nucleation will occur. In 
general we can expect the nuclei in connection with 
different kinds of imperfections in the crystals, for in- 
stance, at the surface and at grain boundaries. The 
formation of the nuclei will not be studied here but 
their ability to grow will be discussed. We make the 
assumption that diffusion takes place via vacant lat- 
tice sites. 

Before we do this, imagine that we modify the original 
experiment of Smigelskas and Kirkendall* on a micro- 
scopic scale in the following way: Enclose a small brass 
grain in a copper block and heat this up enough for 
diffusion to take place at a reasonable rate. We can 
expect the brass grain to decrease in size like a salt 
crystal which is partly dissolved in water though the 
mechanism is different. We get a net flow of zinc atoms 
out of the grain and a flow of vacancies in the opposite 
direction. This will go on as long as the concentration 
of zinc atoms in the grain is greater than in the 
rounding matrix. If we have a small copper grain inside 


sur- 


a piece of brass we can expect a quite different be- 
haviour. The zinc atoms of the brass move more easily 
than the copper atoms and we get a flow of zinc atoms 
towards the copper grain which grows and becomes 
more and more diluted with zinc. The concentration 
gradient will decrease and the diffusion will be slower 
and slower. 

We go back to our alloy composed of A- and 5-atoms 
and assume that we have obtained a nucleus of a new 
phase rich in B-atoms which is big enough to grow for 
thermodynamic reasons (see, for instance, reference 4). 
The nucleus can eventually be an enrichment of B- 
atoms coherent with the original matrix, a Guinier- 
Preston zone. We will now study the possibilities for 
the nucleus to grow. In general, it contains both A- 
and B-atoms, but there is always a surplus of A-atoms 
in the initial phase so they will always be available. It 
is different with the B-atoms. There must be a move 
ment of such atoms from the inside of the old phase to 
the boundary between this and the nucleus. This re- 
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quires a certain mobility of the B-atoms. The boundary 
itself can eventually be considered as an arrangement of 
dislocations and other imperfections so it can act as a 
source or sink for vacancies. This is certainly true if the 
nucleus forms a new phase but it is more doubtful for 
a Guinier-Preston zone. If the B-atoms have the higher 
mobility, there will be a flow of these from the old phase 
to the boundary of the nucleus and a flow of vacancies 
in the opposite direction. Thus there will be B-atoms 
enough available for growth of the nucleus. Inside the 
nucleus itself vacancies will move towards the boundary 
and B-atoms in the opposite direction so that we get a 
normal growth. 

If the A-atoms have the higher mobility, very few 
B-atoms will move towards the nucleus for two reasons: 
they are fewer than the A-atoms and they have the 
lower mobility. A concentration gradient will mainly be 
leveled out by a flow of A-atoms from the regions close 
to the nuclei where there are few B-atoms and the possi 
bility for the nuclei to grow will be poor. 

The conclusion from the discussion above is that if 
Guinier-Preston zones are formed they will very quickly 
grow to a precipitate if the B-atoms have the higher 
mobility and probably never be detected as such. If the 


{-atoms move more easily the zones will be much more 


stable, which is important in age-hardening of many 


technical alloys. The only alloy system known to the 
author where we have information about both Kirken 
dall effect 
AlCu 


agreement with the discussion above. From 


and formation of Guinier-Preston zones is 


where the zones appear at the Al-rich side 
the discus 
sion also follows tn if we have Guinier-Presto1 
at one end of a binary system we cannot ex 


at the other. 
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Internal Friction in Titanium and Titanium 
Oxygen Alloys” 


The paper! by Pratt, Bratina and Chalmers entitled 
Titanium 


“Internal Friction in and Titanium-Oxygel 
Alloys,” 


of stress-relaxation across grain boundaries for which 


act epts the con¢ epl 


implicitly, if not explicitly, 
Ké first provided experimental evidence. In particular, 


explain the 


abnormally sharp drop in the ratio of the so-called 


“relaxed” to “unrelaxed” moduli of rigidity. 


Fig. 2 of the paper uses that concept to 


l 
2 
3 > \ 
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The evidence contained in Table I conflicts with Ké’s 


explanation for the sharp drop in the modulus of 


aluminium at elevated temperatures, and _ therefore 


conflicts with that explanation as applied to titanium, 
for the following reason: 
In the work on both aluminium 


frequency of vibration was approximately 1 cps. There- 


and titanium, the 


2 second, the stress on the sample rises 
From 


fore, during 1 
from zero to a maximum and back to zero again. 
this fact it follows that whatever stress relaxation occurs 
must take place in half a second or less. Ké pointed out 


that Zener’s equation 
G,/G 


requires stress relaxation be complete, and 


from his use of the word “slippery” to describe the grain 


I. 99.99°, aluminum, .033 i 


Dy the n thor l DY Ké 


boundaries, it appears that he believes complete stress 
time available, 
hat G,/G 


I shows that the 


relaxation will occur in the very short 


the temperal ure 1s! 
+} 


igh enough so t satisfies 
ie above equation. However, Table 
stress-relaxation across grain boundaries—if there is 
such a thing—is only beginning in half a second, and is 
complete. Table I gives 


at 450°C as Ké’s 


The « reep shown in this figure is 


certalnly iess 


than 5 per cent 


the same kind of data for aluminiun 


Fig. 7 gives for 175°( 


attributed by Ké to the same phenomenon of stress 


across grain boundaries as that which is 


relaxation 


supposed to explain the abnormal effect of temperature 


on the modulus. Therefore the evidence contained in 


Table ] 


relaxation across grain boundaries cannot be the ex- 


may properly: be used to prove that stress 


e rapid drop in the modulus. 


af 
planation for t! 


H. H. BLEAKNEY 
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Department of Mines 
Ottawa, Ontario, Canada 
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Note on the Temperature Dependence of Hardness 
of the Transition Metal Monocarbides* 


An empirical expression (1) for the hardness of 
metallic solids has been suggested recently by Nowotny 
and Vitovec,' which stems from earlier studies by Born? 
Furth,’* and relates hardness to the Lindemann 


frequen 


and 


(1) 


In this expression 7,,,, and 7 are the melting tempera- 
ture and test temperature respectively, expressed in °K ; 
M is the molecular weight; and V is the molecular 
volume. 

Nowotny and Vitovec have observed! that the tem- 
perature dependence implied by the expression (1) is 
identical with that derived by Becker®:®? and by Vito- 
vec and Nowotny* for the critical shearing stress of 
pure metals. They found good agreement with expres- 
sion (1) for hardness data on pure metals with but few 
exceptions, and were even able to show that this ex- 
pression will account for the decrease in hardness with 
increasing melting temperature observed in the mono- 
carbides of the fourth and fifth groups. Other relations 
previously proposed by Bottone*® and Friederich!® fail 
to agree with experimental! data in this latter respect. 

Despite these rather satisfying results, the relation 
proposed by Nowotny and Vitovec is subject to criticism 


on several points. First, expression (1) predicts zero 
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Fic. 1. Comparison of the LogH vs T and H vs VTn)—T. Repre- 
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hardness at the melting temperature, whereas it has 
long been known" that the hardness of metals is finite 
and frequently quite appreciable very near the melting 
temperature and drops to zero only when melting has 
actually occurred. 

Expression (1) also implies a linear dependence be 
tween H and (T,,,—T7)"”. This relation was tested using 
data for molybdenum,” covering a very wide range of 
test temperatures. This same set of data has been 
previously used to demonstrate the applicability of an 


expression of the form (2 


H= Ae 


as compared to one implying linearity between H and 
1/7. In expression (2), A=/ (crystal structure, melting 
temperature) and B= K/T,,,”. Figure 1 shows a com 


about 4.92 


bide 


Q 
5 


E 
E 
o 
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Fic. 2. Room temperature 
metal monocarbides as a functior 


lactor 


parison of the two relations for the molybdenum dat 
and here again, expression (2) appears to be 
satisfactory relationship. 

Since the publication of the paper by Nowotny and 
Vitovec! a hardness value has been reported for Hf 
) 


by Doney." As shown in Fig. this point does not 


agree with that predicted from the Lindeman: 
quency factor. 

Still a further test may be applied to the Nowotny 
Vitovec expression which will also answer the possible 
argument that expression (1) is more applicable to 
carbides than to pure metals. The hardness of TiC has 


recently been measured as a function of temperature. 1s < hange observe 


The specimen was vacuum sintered to a density of | mental at a rather 
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If TiC behaved like a pure metal, this abrupt change 
in slope would have occurred at about 0.55 Tn». It 
would thus appear that while the hardness-temperature 
have a semi-logarithmic behavior, other 


plot may 


processes or mechanisms are operative than is the case 


for pure metals. The Nowotny-Vitovec relation shows 
even poorer agreement with experiment with respect 
to both the slope and the homologous temperature at 
which the change in slope occurs. 

Studies are currently in progress which, it is hoped, 
will improve our understanding of the temperature de- 
pendence of strength of the monocarbides. These 
studies will include modifications of the hot hardness 
instrument to provide greater accuracy in testing these 
extremely hard materials and to allow extension of the 
measurements to high well as the 
application of the method to other members of this 


tempera tures, as 


carbide family. 


H. WESTBROOK 


General Electric Research Laboratory 
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Space Charges in Anodic Films* 


Dewald' has suggested that space charges may play 
an important role in determining the kinetics of anodic 
oxidation, and has given an equation for the average 
field in a film when a space charge is present. It is the 
purpose of this note to point out that the equation 
predicts a dependence of average field on film thickness 
which is not in accord with experimental observations 
except under conditions where the space charge is 
negligible. 

The equation given by Dewald for the average field is 


,;—1+ 


1 
1+ ) int (1) 


0 


where £y is the field when space charge is negligible, 
2a is the distance between interstitial positions in the 
oxide, g is the charge on the diffusing ion, and 6 is 
given by 

6=aD 


where D is the film thickness and a is a constant at any 
one formation rate and temperature. As 6 becomes very 
small compared to unity the second term of Eq. (1) 
approaches zero, and space charge is negligible. When 
6 is of the same or greater order of magnitude than unity, 
however, the variation of average field with film thick- 
ness is great enough to be detectable experimentally. 
As an example, consider the formation of an anodic 
film on tantalum at 40°C and 1 ma/cm?. Under these 
conditions the field is found experimentally to be 
6.5X10° volts/em. Taking g=5, a=1.5X10-* cm, 
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Eo=6.2X10° V/cm and assuming that a has a value 
such that 6=1 at D=500 A, the average field was calcu- 
lated for film thicknesses in the range of 100-5000 A. 
The voltage across the film corresponding to each thick- 
ness was then calculated from the average field. A plot 
of thickness versus voltage calculated in this manner is 
compared in Fig. 1 with experimental data obtained 
from measurements of capacity versus voltage under 
the stated conditions. It may be seen that the experi- 
mental points fall accurately on a straight line while 
the calculated curve is definitely nonlinear. For larger 
values of 6 the curvature of such a plot would be even 
more pronounced. Only when 6 is very small, that is, 
when space charge is negligible, is the variation of 
average field with film thickness so small as to be un- 
detectable experimentally. It is therefore concluded 
that the assumption of a negligible number of ions in 
transit through the film is valid. 

D. A. VERMILYEA 
Metallurgy Research Department 
General Electric Company 
Schenectady, New York 
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Internal Friction of Interstitial Solid Solutions of 
Oxygen and Nitrogen in Vanadium* 


Internal friction arising from stress-induced diffusion 
of interstitial impurities has been observed in a number 
of the bcc transition metals. Attempts to extend these 
measurements to additional bcc metals are being made 
in several laboratories. Hence, as soon as ductile V 
became available, it was natural that 
tions should be made using it. This note reports on the 


such investiga- 


internal friction of V containing oxygen and nitrogen; 
it serves in large part to confirm the observations re- 
ported earlier by Powers (1).7 

In the temperature range from 25°C to 750°C 
damping peaks exist in V containing oxygen and nitro- 
gen. These peaks are illustrated by curve a, in Fig. 1 
for a piece of V-wire known to contain carbon, nitrogen 


two 


and oxygen.{ From an observation of the position in 
temperature of these two peaks, 188°C and 272°C for 
a frequency of 1.2 cps, combined with detailed knowl- 
edge of similar peaks in other bcc metals, one would 
conclude that they are probably caused by interstitial 
impurities. Further investigation of their behavior after 
various metallurgical treatments of this and other 
specimens showed this to be so. 

Upon heating a specimen which exhibits these damp- 
ing peaks to about 1500°C in a vacuum of order 10 
the 188°C peak is reduced to a very low value. The 
272°C peak is practically unchanged, curves 6 and c¢, 
Fig. 1. If a specimen annealed in this manner is now 
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Fic. 1. Internal friction (in of V containing 
amounts of dissolved oxygen and nitrogen. a. Initial 
(frequency = 1.2 cps specimens annealed at 
peratures in hard vacuum (frequency ~0.7 cps 


ps); d. after addit 
(frequency ~0.8 cps addition of 
0.7 cps 


units VU 


} 


and ¢ 


of nitrogen after 


(Irequency 


heated to 1500°C in high purity nitrogen gas at a pres 
sure of a few millimeters, the 272°C peak increases in 
height as is shown by curve d, in Fig. 1. The 188°C peak 
does not reappear after this treatment. Since one would 
expect that the nitrogen content of the specimen might 
well be increased by this treatment, it seems probable 
that 
nitrogen. 

The controlled introduction of additional oxygen into 
the \ th 


To prevent Lie 
accumulation of large excesses of oxide in the specimen, 


this Liz + peak is indeed caused by dissolved 


was a more difficult problem 


with its accompanying embrittlement of the metal, 


an oxygen atmosphere of much lower pressure is re 


quired. Numerous attempts to find the rather critical 
conditions necessary for an equilibrium heat treatment 
were not fruitful; so a simpler nonequilibrium method 


was used. This consisted of the forming of a thin oxide 
layer on the V by a short exposure of the metal at 
1500°C to a few millimeters of oxygen and the subse 
quent dissolving of a part of this oxide in the V by a 
longer treatment in high vacuum at 1500°¢ This 


} 
| 


treatment must result 1n a rather non-uniform solution 


of oxygen, but it served the purpose for the 
After this treatment, the 188°C peak 


present 
investigations). 
Curve €, 


had reappeared; a typical result is shown in 
) 


Fig. 1. The nitrogen peak at 272°( 


also increased some- 
what during this treatment. The increase of the nitrogen 
peak is apparently caused by low purity oxygen. It thus 
seems likely that the 188°C peak is caused by the diffu 
sion of dissolved oxygen. 

The foregoing identification of these two peaks with 
dissolved nitrogen and oxygen confirms the observation 
of Powers on the identity of these two peaks. 

By carrying out the usual measurement of peak shift 
in temperature with frequency, one can readily deter- 


mine the expression for diffusion coefficient of both of 
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these elements in V.* These expressions are 


= .003 exp(—28,200/RT 
and 

= .018 exp — 35.100/RT 
The activation energies of 28,200 and 35,100 cal/mol 
are closely the same as those measured by Powers using 
the same procedure. The values of Do, 0.003 and 0.018 
sec are in the same range as those observed for 


diffusion in other interstitial alloys. 

If larger amounts of oxygen and nitrogen 6 are added, 
the peak height increases in the characteristic way. In 
addition to this, for large enough impurity additions, 
the peak broadens and shifts to higher temperatures as 
has been observed earlier for other metals.‘ This is ap- 
parently caused by stress arising from mutual inter- 
action of solute atoms or by stresses about precipitated 
oxide or nitride. 

The data presented in Fig. 1, curve a, show no grain- 
boundary peak. If V behaves in this regard about like 
other metals with comparable melting points, one might 
such and 750°C 


expect to see a peak between 500°C 


The fact that no peak is seen in this range may mean 


that grain-boundary motion under stress is inhibited by 


interstitial impurities (as has been observed for Fe), 


although there is some possibility that the grain- 


boundary peak lies at a temperature even higher 
than 750°C 
investigations show that the nitrogen 


Preliminary 
peak decreases with time at 272°C if the nitrogen dis- 
high level. Hence, it appears conceivable 
his method to study aging of super- 
tions for this binary system as has 


*n done earlier for other interstitial binary alloys. 
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Ordnance Research, U. S. Army. 
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Effect of Electric Field on Oxidation of Copper 


E. K. Rideal, quoting Wilkins, stated that “electro 
static fields of the order only of 30-40 volts/cm altered 
the high pressure, but not the low pressure oxidation 
rate of copper.’”? Although no further details were given, 
and correspondence with Professor Rideal indicated 
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that Wilkins had not published his results nor pursued 
the matter further, we considered the statement suffi- 
ciently challenging to warrant a check of the facts such 
as might be provided by a brief investigation. 

A condenser was constructed of commercial copper, 
the plates of which measured 2.5 X 2.50.6 cm. Separa- 
tion of the plates as measured by a dial gauge was 0.5 
mm. A potential difference across the plates, amounting 
to several hundred volts, was applied by means of a 
bat tery of dry cells. 

One plate of the condenser was heated by a resistance 
wire coil cemented to the back face. A 12-volt storage 
battery supplied heating current, the regulation of 
which proceeded automatically by means of a chromel- 
alumel thermocouple embedded in the condenser plate ; 
this operated, in turn, a relay-recorder potentiometer 
this method maintained 


Regulation by tem- 


150 


system. 
perature constant at within +2°C 

Che condenser was placed inside a chamber through 
which air, dried over calcium chloride, was circulated. 
The specimen surface was prepared by filing with a 
No. 4+ Nicholson file which had been previously im- 
mersed in concentrated nitric acid, and rinsed suc- 
cessively in water, acetone and distilled benzene. With 
the field applied first in one direction, the specimen was 
heated for one hour at 150°C. Time of heating included 
the transient period of temperature rise which averaged 
two or three minutes in all cases. A number of experi- 
ments were run for various values of field strength, then 
repeated with the field applied in the opposite direction. 

After the heating period, the specimen was allowed 
to cool to room temperature, and the thickness of Cu,O 
film on the surface determined by electrolytic reduction 
using the principle of coulometry. The procedure was 
that described by Campbell and Thomas,’ in which 
the oxide was reduced at a current density of 0.06 
ma/cm* in a 0.1 .V KCl solution previously deaerated 
by bubbling purified nitrogen through the solution. 
Time was noted for the specimen to change potential 
corresponding to complete reduction of the oxide. The 
thickness in Angstroms (A) is given by the expression 
itB/A, A in 
square centimeters, and B is a constant equal to 12.4. 

Oxide thicknesses obtained in this way for various 


when 7 is in milliamperes, / is in seconds, 


times of heating without application of the field are 


| 


Fic. 1. Oxide film thickness on copper heated for 
various times at 150°C. 
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TABLE I. Effect of electrostatic field on oxidation of copper 


Electric field 
volts/cm) 


9000 
9000 


14,000 
14,000 


15,500 
15.500 


\verage 
Standard deviation 


shown in Fig. 1. The data obey the logarithmic equation 
T=k log(1+1¢/r), where T equals thickness in A, and 
k and 7 are constants equal respectively to 425 A and 
1.6 minutes. 

Values of oxide thickness for heating periods of one 
hour in presence of an electrostatic field are given in 
Table I. These averages for fields with specimen posi- 
tive (660 A) 716 A 
with average values in absence of field, taken from 


and negative can be compared 


Fig. 1, equal to 675 A. The differences are not signifi- 


cant. Scatter of values, in all likelihood, is a result of 
the unavoidable variations of surface preparation. Pre- 
vious investigations have indicated that initial oxidation 
rates of metals very much depend on how the surface 
was prepared, and the presence or absence of trace 
impurities. Filing, like machining, appears to provide 
a better reproducible surface than abrading or pickling, 
as Volta potential measurements show.* But constancy 
of true surface area by this method is difficult to control ; 
the variations are important, and probably account for 
some of the present scatter. 

It can be concluded that within the experimenta 
variations of the present measurements, electrostati 
fields up to 15,500 volts/cm have no effect on the oxida- 
tion of copper in air. 

To summarize, data on oxidation of copper i 
150°C show that, within the experimental error, 
strengths up to 15,500 volts/cm have no effect on 
reaction rate. 

Support of this investigation by the Office of Nava 
No. N5-ori-78 NR 036-007 is 
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A Dislocation Model for the Origin of Fracture 
Cracks in Metal Crystals 


[It is fairly well established that fracture cracks in 


metals are initiated by plastic deformation. It is possible 
that cracks originate in highl 
ends of slips that have run uy 
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Figure 1c shows the configuration after slip has occurred 
by the motion of screw dislocations, with the resultant 
formation of a crack. 

The crack sketched in Figure 1c may close, forming 
two edge dislocations, unless a normal stress of sufficient 
magnitude is present across it. Certainly it cannot grow 
in the absence of plastic deformation unless Griffith’s 
criterion for crack propagation is satisfied. According to 
this criterion, a normal stress 


Ey 


is required where E£ is the elastic modulus of the crystal, 


y its surface energy, and c the crack width. Representa- 
tive values of these quantities are E~ 10" dynes/cm’, 


y ~ 10° ergs/cm*, c~ 10~* cm for a slip of several hundred 


atom distances, giving 


ao = 10'° dynes/cm? 

or about one per cent of the elastic modulus. This value 
is of the same order of magnitude as the observed 
fracture stresses of single crystals. 

The sequence of events sketched in Fig. 1 points out 
the importance of the normal stress across the slip 
plane, as well as of the slip process itself. If a hydrostatic 
pressure is superposed upon the tensile stress required 
to deform a tensile specimen, then a crack produced by 
screw dislocations crossing each other will tend to close 
up, increasing the ductility, as found experimentally by 
Bridgman. Conversely, superposed hydrostatic tension 

tend to promote brittleness. 
J. C. FISHER 
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Growth of Potassium Halide Crystals from 
Aqueous Solution* 


\ preliminary study of the growth of potassium 
bromide and potassium iodide crystals from aqueous 
solution has shown that under the proper conditions 
the solid crystals can grow as thin rods, platelets, or 
parallelepipeds. This morphology is surprising at first 
since both of these salts nave a cubic space lattice. 
However, the growth behavior may be readily ex- 
plained in terms of crystal growth mechanisms which 


have been recently suggested.'* 

Crystals in the form of rods, thin platelets and cubes 
are grown concurrently in the same aqueous solution 
by the following method. Enough chemically pure salt 
is added to singly-distilled water in a test tube to 
saturate the solution at about 75°C. The solution is then 
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rapidly cooled, with or without previous superheating, 
to about 35°C at which temperature rods, platelets, and 
cubes can be easily seen with the naked eye. 

It is estimated that the rods, when first visible, are 
about 10 microns in diameter and up to 1 cm in length. 
At this size they appear to be quite elastic and flexible 
as they swirl about in the turbulent solution. Fifteen 
or twenty seconds after the rods are first seen they 
appear to have grown in thickness, reaching a maximum 
diameter of about 1000 microns in about ten minutes. 
During this time their length increases only slightly. 
After thickening, the rods are weak and plastic while 
in solution or after they have been removed and dried 
in air. 

The platelets appear to be rectangular and many 
have uniform pastel colors similar to those reported for 
cadmium iodide platelets growing in aqueous solution. 
Platelets showing characteristic interference colors are 
probably less than about 15,000 A in thickness. A few 
of the thin colored platelets reach a maximum area of 
about 4+ mm® before they thicken and lose their color. 
When they are thin, the platelets seem to be quite 
flexible. It has been established that the edges of a 
platelet and the face-normal are parallel with (100 
directions of the crystal structure. This has been done 
by means of transmission Laue photographs, made with 
a flat crystal which had thickened sufficiently to allow 
it to be handled without distortion. 

Since the faces of crystals of all habits are probably 
parallel with {100}, the possibility of differential ad- 
sorption or differing nature of faces is excluded as a 
means of rationalizing the variation of growth rate. 

It has been proposed! that a crystal nucleus should 
grow at constant cross section as a rod if a growth source 
resembling a screw dislocation is emergent on a single 
face. The proposal was made specifically for mercury 
whiskers growing on glass from the vapor. However, 
the assumptions were sufficiently general to include any 
crystalline substance growing from vapor or from 
solution. 

It is recognized’ that nucleation of crystals occurs 
most readily on impurity particles. We have recently 
found,* for example, that the growth behavior of cad- 
mium iodide crystals from a solution which is free of 
colloidal particles is quite different from the growth in 
the presence of impurity particles. To rationalize the 
growth behavior of potassium bromide and iodide, it is 
only necessary to postulate that a salt crystallite, 
growing around a nucleating particle, generates a 
closed-loop growth step in a single face (to form a rod), 
a pair of closed-loop steps in a pair of mutually perpen- 
dicular faces (to form a platelet), or a spiral step emerg- 
ing in one face or a pair of parallel faces. This behavior 
should be general for cubic materials. 

Two spirals of opposite hand, emergent on a single 
{100} face, would give rise to a rod growing at constant 


LETTERS TO 
cross section. As longitudinal growth proceeded at a 
single end, the solution through which the growth 
occurred would be depleted of solute. The solute con- 
centration in the depleted volume would then increase 
by diffusion from the surrounding solution. The con- 
centration at the original impurity particle would in- 
crease first since the depletion occurred there first. 
When the concentration reached the supersaturation 
necessary to cause the two-dimensional nucleation on a 
{100} face, the rod would begin to thicken. Similarly, 
a spiral growth source emergent in a pair of parallel 
faces would give rise to a rod which would grow longi- 
tudinally by addition at both ends and would begin to 
thicken at its middle. 

The pair of closed-loop growth sources in mutually 
perpendicular faces would cause the crystals to grow as 
thin plates. The same diffusion-controlled mechanism 
described for rods in the preceding paragraph would 
cause thickening of platelets by two-dimensional nu- 
cleation. Thickening could also be brought about by 
the generation of a single or double spiral growth step 
on a flat face. This could occur by the growth of the 
plate around a second impurity particle or by the inter- 
section of two crystals.” It is possible that screw dis- 
locations might be generated in three mutually per- 
pendicular faces by growth around the nucleating 


particle. However, this would be a rare chance. Further- 


more, spiral growth sources are unnecessary to grow 


cubes because, for these salts, 


two-dimensional nuclea- 
tion on a perfect crystal surface requires only slight 
supersaturation.° 
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THE ROLE OF CRYSTAL STRUCTURE ON IRRADIATION EFFECTS IN METALS* 
D. WRUCK} and C. WERTi 


The resistivity of Fe has been found to increase more than that of Co and Ni when these metals are 
bombarded at —150°C by 12 Mev deuterons. The same effect was observed for Fe and Ni by neutron 
irradiation at room temperature. This result may be interpreted as indicating that Fe is affected to a greater 
extent than either Co or Ni by heavy particle bombardment, though other interpretations may also be made 
Annealing of the cyclotron-irradiated samples showed that a smaller fraction of the effect produced in Fe 
remained after a room temperature anneal than remained in Co and Ni. 


ROLE DE LA STRUCTURE CRISTALLINE SUR LES EFFETS 
DE L’IRRADIATION DANS LES METAUX 


La résistivité du fer est plus nettement augmentée que celle du cobalt et du nickel par bombardement A 
— 150° par des deuterons de 12 Mev et le méme effet est observé pour le fer et le nickel par bombardement di 
I 
neutrons a la température ordinaire. Ces résultats peuvent étre expliqués par une action différente du 
bombardement sur le fer et sur le cobalt ou le nickel, quoique d’autres explications soient aussi possibles 
I 


Pour les échantillons irradiés au cyclotron, le recuit provoque une restauration moins forte a la température 


ordinaire dans le cas du fer que dans ceux du cobalt et du nickel 


DER EINFLUSS DER KRISTALLSTRUKTUR AUF DIE VORGANGI 
BEI DER BESTRAHLUNG VON METALLEN 


Durch Beschiessung mit 12 Mev Deuteronen bie —150°C nimmt der Widerstand von Fe stiarker zu als 
der von Co und Ni. Die gleiche Beobachtung wurde fiir Fe und Ni bei Bestrahlung mit Neutronen bei 
Raumtemperatur gemacht. Obwohl auch andere Deutungen méglich sind, kann das vorliegende Ergel 


ebnis So 
ausgelegt werden, dass das Fe durch Beschiessung mit schweren Teilchen mehr zu beeinflusser 
Ni. Ein Anlassen der im Zyclotron bestrahlten Proben bei Raumtemperatur zeigte, dass eit 
der im Fe hervorgerufenen Wirkung bei Raumtemperatur erhalten bleibt als bei Co und Ni 


INTRODUCTION Another property of a metal which may play a role 


One of the facts which seems clear from experimental !" determining the degree of damage is the crystal 
‘ structure. This nranerty micht well he a factor hath 
studies of irradiation of metals is that different metals Structure. This property might well be a factor both in 


are affected by different amounts. It is of interest to affecting the number of displacements occurring during 


determine what properties are responsible for this differ- bombardment and the amount ol annealing taking pla e 
ence. Two properties which have previously been in- t a given temperature either during or after bombard 
vestigated in this regard are the effect of atomicnumber, ™e€nt- Clearly, to make a valid comparison between 
Z, and the effect of the binding energy of the lattice. metals of different structure type, one must choose 
The first of these seems to be well established by ™etals which differ little from each other in all 


measurements on Cu, Ag, and Au, metals which are xcept this. Three metals which seem to sati 
quite similar except for atomic number. Marx, Cooper Tequirements quite well and at the same 
and Henderson observed for these metals, upon COMparison between the most common 
bombardment at about — 130°C, a change in resistivity for metals) are Fe, ¢ 


which was larger the higher the atomic number.! This )-¢-P. almost ideal and 
effect has also been observed at 12°K for these metals F€ aS Close as Is possible and 
by Cooper, Koehler, and Marx.’ If the damage (say, in about the ne. hey are 3 
terms of interstitial-vacancy, I-V, pairs) is approxi- Portance of Chis Teature 1s, of « 
mately equal for equal resistivity changes in these lectrica! resisUiviliés are nol 
metals, as seems reasonable, then these experiments ©! !™portance since [his pro} 
may be readily interpreted as showing an increasing Present Investigation to recor 
effect for increasing Z. The effect of binding energy %0Me properties of these met 
is not so clear-cut with regard to degree of damage fable I. 


produced during bombardment. Although larger resis- his paper reports on a series of measurements n 
tivity changes have been observed in Ni and Ta than QF (ese three metals (called here the primary grou] 


. The reculte may he divided into two categories: 
in Cu, Ag and Au,! because of differences in other [he results may be divided into ) CALEROIICS . 


properties (electronic structure of the metals, for differences in damage produced by bombardment and 
example) one cannot express these resistivity changes in 2) differences in annealing after bombardm« ae IW 


* 4 irr lations were made: evclotron irradi 
terms of actual differences in amount of damage. An ‘Separate irradiation 
tion with deuterons at low temperatures 160°C to 


effect was observed upon annealing which was attributed 
—100°C) and (b) neutron irradi: pile 


ambient | 


to differences in binding energy. 


temperature. 
* Received May 20, 1954. 

Tt Now at Wright Field, Dayton, Ohio. 
t University of Illinois, Urbana, Illinois ment in an effort to provide substantiating information 


Ti and V were investigated under cyclotron bombard 
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TABLE I. Some physical properties of the metals bombarded. 


Heats 
sublimation 


at R.1 


94 Keal 
85 
85 
100 


85 


on another f.c.c. and another b.c.c. metal. Data ob- 
tained for these metals, while apparently correct, 
cannot at this time be used either to substantiate or 
refute the claims made for the primary group. This is so 
because one does not really know on what basis to 
compare them since their initial resistivities are greatly 
different from the others. 


EXPERIMENTAL PROCEDURE 


A. Cyclotron Bombardment 


Foils of the metals were bombarded at low tempera- 
tures in the University of Illinois cyclotron. The experi- 
mental procedure was much the same as that used 
earlier in this laboratory.! The specimens were poly- 
crystalline foils about 4 cm long, .2 cm wide and about 
008 thick.* for bom- 
bardment on an aluminum block connected to a liquid- 


These foils were mounted 


nitrogen container. The geometrical arrangement of the 
apparatus is shown in Fig. 1. The deuteron beam entered 
the apparatus through a defining slit and passed through 


Fic. 1. Cryostat and mounting block assembly 

* The purity of the foils was about as follows: Fe~99.95% pure, 
04%, Os; not much metallic impurity. Co~99+% pure; major 
impurities iron and nickel. Ni~99.5% pure; impurities not known 
V known to contain .14% C, .12% Oc, .11% Ne. Ti commercial 
purity 
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a .001 in. copper sheet before striking the foils. This 
copper sheet served to stop any heavy atoms that were 
carried along by the beam. That part of the beam not 
stopped in the foils was stopped by a thick block. An 
aluminum shield around block served to 
collect any secondary electrons which might be pro- 
duced. The flux of deuterons falling upon the samples 
was determined by measuring the charge collected by 


the entire 


the foils and target block. 

Since low temperatures were necessary, the entire 
assembly was designed to provide good heat transfer 
from the foils to the liquid nitrogen. The difficulty of 
making good thermal contact was increased by the 
requirement that electrical resistance measurements be 
made on them separately. This necessitated electrical 
insulation of the foils from the block at one end, which 
was accomplished by the use of thin mica insulating 
sheets between one end of the foils and the block. The 
foil temperatures obtained were not altogether satis- 
factory for all runs; it was found to be difficult to make 


cm 


MICRO-OHM 


Fic. 2. Resistivity change of foils in Run II. 


the thermal contact equally good for all foils. In two of 
the runs, one or more of the foils became as warm as 
— 120°C with the beam on. In the final run, however, 
all the metals in the primary group were below — 145°C. 
Even with higher foil temperatures on some runs, all 
the data show the same effect as far as the effect of 
crystal structure is concerned. 

The resistivities of the foils were determined from 
measurement of the IR drop produced in them by a 
known current. The gauge length (about 1.2 cm) was 
fixed by two .010-in. Cu wires spot-welded to the foils 
near the end of the irradiated section. The temperature 
of each foil was measured by means of a Cu-constantan 
thermocouple spot-welded to the back of the foil in the 
center of the irradiated section. 


B. Pile Irradiation 


Twelve specimens of iron and 12 specimens of nickel 


were irradiated in the Brookhaven reactor.* The speci- 


* Cobalt was not used in this measurement because the high 
radioactivity resulting from neutron irradiation would have made 


] 
it. 


handling of the samples difficu 


Dis 
I 
Crystal closest at | 
Metal type approach Z wt 
Iro1 I 48A «656 9.742 cr 1540° mol] 
Cobalt h.c.} 6.2 1495 
Nickel ( 49 59 6.8 1455 
Titaniur C.J 2.95 22 48 ~80 1820 
Var liun 63 . ~26 1735 = 
| 
Run IT 
| 
o 2 
he 
04} 
} 
en 
x Co + 
y = ° 10 20 30 40 » 50 60 70 
NTEGRATOR DEUTERONS / Cm 
“FLASK 
PEPER BOTTOM P T 
EUTERON 
EF r 
APERTURE ree: 
T x 


WRUCK anno WERT: CRYSTAL 
mens were coarse-grain polycrystalline wires .030 in. 
in diameter and about 6 in. long. The large grain-size 
was produced by first straining fine-grain wires about 
1 per cent and then annealing them for seven days in 
vacuum at 850°C. The grain-size of the iron wires was 
about 1/4 in. and that of the nickel wires about 1/32 in. 
Since both the iron and nickel wires were decarburized 
before this treatment, they were very soft. 

The resistivity of the wires at 77°K was determined 
over a 2-in. length of the specimens again by measuring 
the IR drop produced when a known current was passed 
through them. For measurement, the 
mounted in a jig which was immersed directly into a 
bath of nitrogen. Resistivity determinations were 
made both before and after irradiation to determine the 
effect of bombardment. Further measurements were 
made after the specimens had been annealed at succes- 
sively higher temperatures up to 500°C. Irradiation of 


wires were 


the samples was carried out at 50°C for two months. 
The integrated neutron flux was 1.2510" neutrons 
cm?.* 


40 
2 
Deuterons /cm 


Fic. 3. Fractional change in resistivity of foils in Run II. 


RESULTS 
A. Cyclotron Irradiation 
Bombardment 


A preliminary measurement of the increase in resis- 
tivity accompanying bombardment at low temperature 
of Fe, Ni and Co served to demonstrate that significant 
differences did exist. In this determination, Run I, the 


* This pile bombardment actually had a two-fold purpose: (1 
One of these was to compare the resistivity increase in iron and 
nickel attendant upon a given neutron irradiation. (2) The second 
was to see if any anelastic effects could be observed above room 
temperature in irradiated iron or nickel. Specifically, we thought 
there was a possibility of observing a relaxation peak of interstitial 
iron in the b.c.c. iron lattice similar to that observed for other 
interstitial atoms in b.c.c. lattices (for example, interstitial C and 
N in b.c.c. iron). Observations on nickel were expected to show no 
effect of this kind since this anelastic process does not occur for 
interstitial atoms in f.c.c. lattices. No significant changes after 
irradiation were observed in the anelastic behavior of either iron 
or nickel in the region from 25°C to 600°C. One is thus lead to the 
conclusion that, if interstitials are produced by bombardment, (1) 
they are either too few in number to change the anelastic behavior 
significantly ; or (2) they move in iron at a temperature lower than 
room temperature. 


STRUC LRRADIATION 


Fic Resistivity change of foils in Run ITI 
foil temperatures were not maintained as low as was 
believed desirable 120°C during bombardment), so 
further measurements were carried out with lower beam 
Che 
successtfu 
120°C 
mounting not discovered 
Run III) was 
from this point of view in that all 
145°C). Quite possibly the limit- 
ing factor in Runs II and III (e 


for Niin Run I] 


specimens to tne 


currents and better foil-mounting techniques. 


second measurement (Run II) was more 


though the Ni foil again was rather warm 
because of an accident in foil 
run. The final run 


until the end of the 


quite successful foils 
were rather cold 
xcept 
was the rate of heat transfer down the 
cooling blo k. 

The changes in resistivity which were measured 
Run II for the four metals Fe, Co, Niand Tiare plotte 
) 


in Fig. 2 as a function of inte; 


and Co show rather small chang 


Che data for Ti 


pared to those observed for Fe and Ti. 


may be somewhat misleading when comparisons are 
made from this plot, for the initial resistivit 


at least six times that of any of 


are unchanged, but Ti also falls to a rather low level. 
ILI, for the 


gether with data for V are shown in Figs. 4 and 5. TI] 


Similar data, Run primary group 


behavior of Fe, Co and Ni is relatively the same as 1 


Figs. 2 and 3. V behaved somewhat as Ti did; it hada 


Fic. 5. Fractional change in resistivity of foils in Run ITI 
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TABLE IT. Resistivity data for four bombardments. 


il TESISTIVITS 


Metal bombardment at 180°C p 


Run I (Total flux 167 10'* deut./cm? 
Fe — 120°C 2.63542 cm 1.193uQ cm 
Co — 120°C 2.803 211 
Ni —120°C 3.493 430 
Run II (Total flux 67 X10 deut./cm? 
Fe — 150°C .647 583 
Co — 145°C 2.167 .169 
Ni — 120°C 3.2; 177 
Ti — 100°C 20. 45 
Run III (Total flux 97 x 10% 
Fe — 160°C 2.25 .218 
283 
351 
.709 
16.49 .647 
Data of Marx ef al' (Total flux 11410" deut./cm?) 
Ni — 133°C 3.123 381 


rather high absolute change in resistivity, but a rather 
low fractional change because of its high resistivity. 
(Though Figs. 4 and 5 show only one curve for V, two 
foils were actually mounted and run. They behaved so 
similarly, however, that data for only one are plotted.) 

A summary of the data pertinent for comparison 
purposes is given in Table I, along with a piece of data 
for Ni taken from the paper of Marx, Cooper and 
Henderson. In this table are given (1) the values of 
initial resistivity of the foils at — 180°C. (This was the 
equilibrium value of obtained during 
measurement with about 1 ampere of current flowing 
through them.); (2) the highest temperatures reached 


tempera ture 


by the foils during bombardment, and (3) the resistance 
change recorded at the end of each run expressed both 
in absolute value and fractional change. 

With regard to Fe, Co and Ni, the chief conclusion 
that can be drawn from these data is that Fe undergoes 
a greater resistivity change upon bombardment than 
either Co or Ni, which behave in about the same way. 
The change is greater in Fe by a factor of from 3 to 
about 6, depending upon whether the comparison is 


30 40 «50, 60 
DEUTERONS/Cm 
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Fic. 6. Resistivity changes in Run III normalized at 97X10" 
deut./cm?. All experimental pcints for the metals fall randomly 
within the ranges indicated. 
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made through changes in p or in Ap/p;. Ti and V behave 
more like Fe or like Co and Ni, depending on the type 
of comparison. 

The shape of the bombardment curves as a function 
of integrated deuteron flux is nearly the same for all of 
these metals. In Fig. 6 is plotted the fraction of total 
resistivity change versus integrated flux for Run III. 
The final point for each metal is normalized to unity. 
This composite curve shows that whatever is the 
phenomenon which causes the bombardment curve to 
bend over, it is constant (or changes similarly) in these 
four metals during the course of the bombardment. 


Annealing 


At the 
annealing experiments were carried out. In Run I, 
pulse anneals were made by using the Joule heat of an 
ac current to maintain the foils at a given temperature 
for an hour or more. An accidental loss of vacuum pre- 
vented the taking of annealing data for Run II except 
for a room temperature anneal. A ‘“‘saw-tooth” type 


conclusion of each bombardment, some 


° 


° 
a 


FRACTION OF(OP), 
o 


TEMPERATURE °C 


Fic. 7. Anneal to room temperature of foils in Run III. 


of anneal was carried out after Run III in which the foils 
were allowed to warm up to a given temperature as the 
entire apparatus warmed up after all the liquid nitrogen 
evaporated. The results of the “pulse” anneal and 
“saw-tooth” anneal were quite similar. 

The results of the anneal for Run III are presented in 
Fig. 7. The ordinates refer to resistivity measurements 
made (at — 180°C) after the foils had warmed up to the 
temperature indicated. For convenience in comparing 
the metals, the curves are normalized. The rate of 
warm-up was about 20°C/hr except near room tempera- 
ture, where it was much slower. In the region from 
—150°C to room temperature, Fe is seen to anneal 
somewhat more (fractionally) than Co and Ni. The 
rather sudden drops at roughly — 100°C for Co and Fe 
were observed in the annealing measurements of both 
Runs I and III (also both V foils showed closely the 
same drop in Run IIT), What process this corresponds 
to is unknown. A summary of data obtained after room 
temperature annealing is given in Table III. Here are 
given the final resistivity change after bombardment, 
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(Ap) ;, the resistivity change still remaining (at — 180°C 
after room temperature anneal, (Ap), and the fraction 


remaining after the room temperature anneal. The 


amount of annealing seems to increase from Ni to Co to 
Fe. 

Some anneals above room temperature to 500°C 
were also attempted. They were not highly successful 
because of a large scatter of points. Within the spread 
of the measurements, there seemed to be no sharp 
temperature range in which the remaining resistivity 
disappeared. 


B. Neutron Irradiation 


Resistivity changes in Fe and Ni following neutron 
irradiation at 50°C showed the same trend as the cyclo- 
tron measurements. Table IV shows data for six of the 
specimens irradiated. The absolute change in resistivity 
was about four to five times greater for Fe than for Ni, 
the fractional change, more than double this. Annealing 


TABLE ITI. Effect of annealing at room temperature 
on bombarded foils. 


Measurement Metal 


Run I, 72 hrs at RT Iron 
Cobalt 
Nickel 
Run II, 6 hrs at RT Iron 
Cobalt 
Nickel 


Titanium 


Run III, 24 hrs at RT Iron 

Cobalt 
Nickel 
Vanadium I 
Vanadium II 


Marx ef al (Ref. 1 
20 hrs at RT 
96 
264 


Nickel 


measurements made on these wires were limited some- 
what since two of the Fe wires broke in handling (the 
remainder were used in measurements). 
Again the annealing data obtained showed too much 
scatter to allow detailed analysis of the results. 


anelastic 


DISCUSSION 


The cyclotron measurements show that Fe undergoes 
a much larger change in resistivity under low tempera- 
ture deuteron bombardment than do Co and Ni. The 
data for room temperature irradiation of Fe and Ni also 
show the same effect for these two metals alone. In both 
instances the effect is so large compared to the differ- 
ences one gets in making duplicate measurements on the 
same metal that there is small chance of its not being 
genuine. Interpretation of the observed effect seems 
not so clear-cut, however. One might suppose that 
either of these two extreme points of view might apply: 
(a) There are indeed more I-V pairs produced in Fe than 
in Ni and Co, or (b) The same number of I-V pairs is 


AND IRRADIATION 


TABLE IV. Effect on resistivity (at 7 


of iron and 1 


093 
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106 


8509u2 cr 
.8509 
8192 


0723u2 cn 
O823 


0782 


256 
2.445 


267 


013 
()?? 
019 


OU6 
OO9 
OOS 


produced in the three, but they cause a larger resis- 
tivity change in Fe than in the other two 

In trying to decide between these two (or some com- 
bination of them), one sees that a number of possibilities 
exist, even for these three quite similar metals. Some of 
these possible factors are intrinsic physical properties of 
the metals themselves and some are various unresolved 
features of radiation damage itself. The factors which 
will be considered here are (1) purity of the materials, 
(2) energy required to produce an I-V pair, (3 


elec- 
4) differences in 
of 


completely eliminated as a possible 


tronic structure of the metals, and 


annealing behavior. Unfortunately, none these 


factors can be 
explanation for the effect observed. 

1) The importance to radiation damage of the purity 
of the material being bombarded is not known, although 
a study has been made of resistivity changes accom- 
ol 


normal 


panying bombardment of some alloys of Cu rea 


ablv high allov ared 
sonably high alloy composition compared to 


purity of metals).* These results, reported for resis- 
tivity changes following neutron irradiation around 


room temperature, vary so much between alloys that no 
generalities were drawn about the effect « 
The 


that impurities may be i 


f added ele- 
ments. work does indicate that there exists the 


mportant In pinning 


possibility 
} 


down either vacancies or interstitials. However, since 


the present results in terms of 


any attempt to interpret 
the purity of the materials is virtually pure speculation 
at present, this effect will not be considered further 


2) There are numerous ways in which crystal 


structure could play a role in radiation damage. One of 


these is through its effect on the energy necessary to 


produc e an I-V pair. It is easy to see that th ild be 
the decisive factor in explaining the [ experi 
ments. Assume tl] yroduce an 


lat the energy necessary to 


[—V pair in Fe is less than that required in Co and Ni. 
Then, under similar bombardment, more pairs would be 
produced in Fe given 
number of 


) 
both of the primary 


than in the other two by a 


incident particles because more of the 


collisions and secondary nature 
would involve a transfer of energy greater than this 
minimum. Then the greater resistivity change meas 
ured for Fe would simply reflect this larger number of 
I-V pairs produced. 

To 


examine the assumption t 


see if this conclusion is reasonable, one must 
hat the threshold energy in 


Fe is less than that in Co and Ni. The argument favoring 
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this point of view is the following: Fe, being b.c.c; has 


eight nearest neighbors at a distance of about 2.5 A 
Co and Ni, h.c.p. and f.c.c., respectively, have 12 
nearest neighbors also at a distance of about 2.5 A 
The potential energy barrier over which a knocked-on 
atom must pass to be permanently displaced (even when 


projected in the most favorable direction), is then less 
in the b.c.c. lattice than in the close-packed lattices 
because at the saddle point it passes close to a fewer 
number of atoms in the b.c.c. lattice than in the close- 
packed lattices. In other words, for a knocked-on atom 
of a given energy, there is a larger solid angle of direc- 
tions of projection which will result in permanent 
displacement in the b.c.c. lattice over that in either the 
h.c.p. of f.c.c. lattices. 

(3) The electronic structure of the metals may play 
a decisive role in that the same number of I-V pairs in 
each might cause quite different resistivity changes in 
the three. Hence, the different resistivity changes ob- 
served may not acutally reflect the production of more 
damage in Fe than in Co and Ni. Two sources from 
which this electronic effect might stem are these: (a) 
The interstitials produced might be ionized to different 
degrees. In such a case they would certainly scatter 
electrons differently and hence would contribute differ- 
ent resistivity changes per defect. (b) The conduction 
electron band may have a different configuration. 

There is little experimental evidence to decide 
whether either of these effects is important. One piece of 
information which may be of some significance in 
evaluating the second is knowledge of the resistivity 
change occurring in these metals when impurities are 
added to them. Examination of published data shows 
that when a given metallic impurity is added to Fe and 
Ni,* the resistivity change occurring in Fe is usually 
somewhat greater than that occurring in Ni. For some 
impurities, the effect is about the same, for others, more 
than twice as great in Fe. Let an average factor some- 
where between 1 and 2 be considered valid. If a factor of, 
say, 2, is applied to the present results (there is no 
evidence to either support or refute the correctness of 
doing this), it still does not explain the difference of 
from 3 to 6 that is observed in the bombardment. 

(4) Annealing during bombardment can arise from 
two sources, from thermally activated processes and 
from the incident particles. The details of annealing of 
close pairs seem obscure, but the rate of annealing of the 
widely separated defects is controlled by the rate at 
which one of them will diffuse through the lattice. 
Since this diffusion rate may depend markedly on the 
crystal type, it is reasonable to presume that the rate of 
annealing itself may be a function of crystal type. 
Unfortunately, for none of these metals is the heat of 
activation for motion of either defect known, although 
some heats of activation. for self-diffusion in these 
metals are known.t 


* Not much data are available for Co. 
+ For Fe and Co these are, respectively, 60 and 62 Kcal/mol. 
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The annealing experiments reported in this paper can 
offer some information for evaluating the importance of 
annealing in the present discussion. After bombardment, 
not much thermally activated annealing is observed 
until the foil temperatures reach about — 120°C, above 
which the annealing is rather rapid. It is interesting to 
note that for Fe (which shows the greatest resistivity 
change upon bombardment) the fractional annealing is 
greatest (Fig. 7 and Table III). Hence, it appears that 
thermally activated annealing is not the cause of the 
difference in behavior upon bombardment, unless for 
Co and Ni annealing affects below — 150°C are much 
more important than for iron. The curve shown in Fig. 6 
gives some evidence that this is not so. 

A reasonable summary of these points is the following: 
(1) The effect of purity is not yet established. (2) The 
effect of crystal structure through its effect on the 
threshold energy for production of defects could be the 
important factor. (3) Different electronic structure of 
the metals could account for a part or all of the observed 
difference. (4) The effect of annealing cannot yet be 
fully evaluated. 

A satisfactory intepretation of the experimental 
effects noted must also take into account the data ob- 
tained for V (b.c.c.) and Ti (h.c.p.). If crystal structure 
is an important factor in determining the relative 
amount of damage in different metals, then one would 
expect V to behave like Fe and Ti like Co and Ni. In 
comparing them with Fe, Ni and Co, one does not know 
whether to compare (Ap); or (Ap);/p;. Unfortunately, 
as an examination of Figs. 2, 3, 4 and 5 shows, neither 
comparison is consistent for both. However, because of 
the extremely large values of p; for V and Ti, it is 
possible that no comparison is a valid one.* 
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*It is probably not yet decided whether Ti and V are intrin- 
sically poor conductors or whether they have not yet been made 
pure enough to be good conductors. 
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GROWTH OF CADMIUM IODIDE CRYSTALS* 
JOHN B. NEWKIRK} 


Fisher, Fullman and Sears! have recently proposed mechanisms by which a spiral or closed 


source may originate in a growing crystal. The present paper presents experimental evidence 


the subject of crystal growth, as discussed by the above authors, and outlines the techniqui 


evidence was acquired 
LA CROISSANCE 


Fischer, Fullman et Sears ont récemmen 


DES CRISTAUX 


t proposé des mécanisn 


D’IODURE DE CADMIUM 


es par lesquels u 


en spirale ou en boucle fermée peut apparaitre dans un cristal en croissance. Cet 


expérimentale concernant les mécanismes de 


ci-dessus, et décrit la technique grace a laquelle cett 


e 


croissance des cristaux discutés pat 


preuve fut ac 


DAS WACHSEN VON KADMIUMJODIDKRISTALLEN 


Fisher, Fullman und Sears postulierten kiirzlich einen Prozess auf Grund 
formiges Wachstumszentrum in einem wachsenden Kristall en 


aessen 


tstehen kénnte. In « 


wird iiber experimentelle Beobachtungen zum Kristallwachstum im Sinne der obigen 


und die angewandten Versuchsmethoden werden beschrieben. 


EXPERIMENTAL TECHNIQUE 


Cadmium iodide was chosen as the subject for this 
investigation because of its tendency, demonstrated by 
Forty,” to form crystals having growth steps which are 
readily visible at low magnification. All of the photo- 
micrographs reported here were made at a magnification 
of 150 by a method essentially similar to that de- 
scribed by Forty. However, Forty’s method of crystal 
formation was modified so that the crystals were grown 
from an aqueous solution, saturated at 85°C, which had 
been heated to boiling in a separate 50 ml Erlenmeyer 
flask. After the mixture had been superheated in this 
way it 30°C in air or under 
flowing cold water. A drop of this solution at 30°C was 


was allowed to cool to 


then placed on a clean microscope slide at room temper- 
ature and was immediately covered with a thin glass 
disc. Many growing crystals, similar to those in Fig. 2a 
could then be seen in the liquid. 


“PERFECT” CRYSTAL PLATES 


Generally, as in Fig. la, the crystals exhibit threefold 
symmetry about an axis normal to the thin plane of the 
platelet and many can be seen which have a uniform 
pastel color. This color is due to the interference of white 
light reflected from the top and bottom surfaces of the 
crystal and depends critically upon the crystal thickness. 
The uniformity of color is evidence that the thickness of 
each crystal in the (001) direction is constant. It is not 
necessary for these crystals to have an atomically per- 
fect lattice; a uniform color could also result if the 
crystal contained a random distribution of imperfec- 
tions. However, the (001) surface layer must be perfect, 
otherwise thickness growth would occur at any super 


saturation. 


* Received June 6, 1954. 
t General Electric Research Laboratory, Schenectady, New 
York. 
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Crystals of this type often grow edgewise without 


changing color. This is evidence that the crystals need 
not grow in thickness as their area increases. Figure 1b, 
made several minutes after 1a, shows the same crystals 
after they have grown edgewise. Two colored crystals 
which have come into direct contact in the process, have 
produced imperfections on their surfaces. The imper- 


fections have provided steps by which the crystals coulk 


grow in thickness without the need for two-dimensional 


nucleation. Meanwhile, lacking a growth step, the single 


isolated crystal continued to grow edgewise at constant 
thickness. The crystals apparently cannot thicken con 


tinuously without a source of thickness growth steps. 


MEASUREMENT OF CRYSTAL THICKNESS 


The light of the magnified image of a crystal was 


analyzed by means of an optical recording spectrometer 
The thickness of the crystal could then be determined 


by the following well-known relationship: 
kr 
4n 


where = thickness, k= integer, \= wavelength at 


a maximum or minimum intensity occurs, and 
of refraction of platelet. Spectrometer curves for the 
blue and purple crystals of an overlapping pair similar 


to those in the middle of Fig. Ja are given in Fig. . 


1.85 aft 


thicknesses of two 


overlapping crystals were found to be 5600 A and 


Assuming = er Forty,” the 


5500 A, respectively. The thickness of the green over 


23 per 


lapped portion was found to be 8600 A or within 


two separate 


number of orders of 


thicknesses of the 
15.000 


cent of the sum of the 


crystals. Crystals thicker than about were 


colorless. This is due to tl 


interference maxima and minima which are present In 


the reflected light. 


Cll 11-OCE ring 

+ 
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PLate I. Fic. 1.—(a) Three perfect crystals grow edgewise at 
const ant thickness in a supersaturated solution of CdI». (b) Having 
a source of growth steps, the overlapping crystals grow in thick- 
ness. The single isolated crystal, lacking a growth step, continues 
to grow only in the edgewise directions. 


GENERATION OF GROWTH SPIRALS BY EDGEWISE 
INTERACTION OF TWO CRYSTALS* 


The sequence in Figs. 2b-d illustrates one source of 
growth step discussed by Fisher et al., viz., the edgewise 
interaction of two growing crystals whose (001) planes 
are slightly inclined to one another. Figure 2b was taken 
a few seconds after the edges of the yellow and pink 
crystals touched. Already a disturbance and a thickness 
change in the region are noticeable. The thickness con- 
tinued to increase and the area affected by the contact 
interaction continued to spread as shown in Fig. 2c 
which was taken about five minutes after Fig. 2b. A 

* A 10-minute 16 mm motion picture film which illustrates this 
phenomenon has been made by the author and is available on 
request. 
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more disorganized step has begun to spread across the 
face of the pink crystal from another edge where it has 
met a thicker crystal in nearly perfect alignment with it. 


GROWTH AND SOLUTION OCCURRING 
SIMULTANEOUSLY 


Figure 2d was made two days after Fig. 2c. During 
this period the slide remained on the microscope stage at 
room temperature. Evidently the yellow crystal dis- 
solved as the disturbed areas on the pink crystal con- 
tinued to grow. Thus, the solution must have been 
supersaturated with respect to the thick crystal having 
the growth step and yet unsaturated with respect to the 
thin and perfect yellow crystal. 
£ Part of the crystal at the lower right of Figs. 2b-d 
adhered to the glass slide. The consequent close ap- 
proach of other parts of the crystal to the glass resulted 
in the intense interference colors. The gradual approach 
of crystal to glass is probably also responsible for the 
fringes seen in the pink crystal. 


SINGLE SPIRAL AND CLOSED LOOP 


Figures 4a—d show the progress of (1) a single growth 
spiral (right of photograph) and (2) a closed loop 
(middle of photograph) resulting from the interaction of 
two spirals of opposite hand. At the top of each growth 
hill is a dark spot of unresolved structure. )n the origi- 
nal film (150X) the center of the single spiral appeared 


to be a diffuse spot having circular symmetry (Fig. 5a). 
Near the center of the closed loop there were two 
elongated spots about 0.75 mm apart similar to those in 
Fig. 5b. The direction of the long axis is the same for 
both spots within the closed loop and appears to be 
parallel with one of the edges of the crystal. 


LATTICE STRAIN 


Impinging crystals sometimes subject each other to 
large strains as they thicken. One of the crystals in 
Fig. 4 has been wrinkled as a result of thickness growth. 


A more severe case of this is shown in Fig. 6. A rough 
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Fic. 3. Spectral distributions of light reflected from blue and 
purple crystals and from their green overlapped region as in 
Fig. 2 


122 
C 
25° 
Q os a 
5 
PURPLE CRYSTAL 
4 
O+ 
5 
= =} 


Three overlapping crystals photographed 
interference of white light reflected from the top 


(b) Thickness growth starts where two crystal 
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PLateE II Fic. 4.—(a)—(d) Jn right of each figure. A spiral growth source progresses around center spot 
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Fic. 5. Diagrammatic sketch of spiral and closed loop 
growth sources shown in Fig. 4. 


estimate of the maximum strain suffered by the surface 
layer on one of the crystals of Fig. 6 may be made as 


follows: 


Thickness 


Strain 
2 Radius 


fag.= 150, 
Estimated radius~10/150 cm-~7 X 107 cm, 
Estimated thickness ~5X 10~° cm, 


Percent strain~— 


—(100), or 
14 10 


Per cent strain~0.4 per cent. 


It is suspected that this large strain may be entirely 
elastic since no surface striations or other marks indi- 
cating plastic flow could be seen on the ridges or in the 
valleys of the wrinkled crystal. Furthermore, if plastic 
deformation had occurred, one would expect thickness 


Fic. 6. Thin crystals are sometimes severely strained 
by thickness growth. 
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growth to follow in the manner demonstrated by 
Korndorffer et al.’ 


NON-REGENERATING GROWTH LAYER 


Sometimes, a flat perfect crystal of one color appears 
to be resting upon a larger one, the two having their 
major axes parallel. This situation has been observed so 
frequently that it is unsatisfying to explain it on the 
basis of the fortuitous juxtaposition of two originally 
independent nuclei or platelets. An alternate and more 
attractive explanation is that a non-regenerating nucleus 
forms at a dirt particle resting on the surface of the 
larger crystal. It is reasonable to suppose that nucleation 
on a flat surface would occur at lower supersaturation 
where a particle is in contact with the surface. For 
example, if the angle between the crystal surface and the 
surface of a dirt particle is a; at the point of contact 
(see Fig. 7), new layers may deposit causing the crystal 


PARTICLE 


Fic. 7. Foreign solid resting on flat surface 
of a Cdl, crystal. 


to engulf the dirt particle until the contact angle az, 
between the surfaces of the crystal and the particle, 
reaches a critical value. This value would be determined 
by the supersaturation and other factors such as the 
shape of the particle, its composition, its crystal struc- 
ture and its orientation with respect to the underlying 
CdI, crystal. The step which formed in this way could 
then spread from the particle over the platelet in the 
form of a constantly expanding polygon with sides 
parallel to those of the parent crystal. This behavior has 
been observed. 


GROWTH SPIRALS ON ONE SIDE OF A PLATE 


The situation is often seen wherein two major spiral 
growth sources of the same hand appear to have formed 
at a location other than the edge of a single crystal. 
These sources are apparently permitting growth in the 
thickness direction by the usual spiral mechanism. In 
this case the spiral growth sources may have originated 
at dirt particles on the crystal surface. If the lattice 
planes of the newly formed CdI, layer, which is growing 
around the dirt particle, are not in exact registry when 
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they meet on the other side of the particle, a regenerating discussions with Dr. D. Turnbull and Drs. Fisher, 


step would be formed in the manner proposed by Fisher Fullman and Sears. 
et al. Therefore, when a particle disturbs only one side 
of a platelet, a growth step would be expected to occur REFERENCES 
only on that side. . J. C. Fisher, R. L. Fullman, and W. Sears, “ 
Screw Dislocations in Growing Crystals.’”? Submitt 
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THE SEGREGATION OF CARBON IN IRON SINGLE CRYSTALS 
AS STUDIED BY TORSION PENDULUM DAMPING*+ 


F. W. KUNZt 


The effect of quenching and straining on the segregation of carbon in single crystals of alpha iron was 
studied by means of torsion pendulum damping. The changes in damping observed in carburized iron single 
crystals during room temperature aging were explained on the basis of the Cottrell mechanism. Some 
mechanism of interaction between dislocations and precipitated iron carbide particles was also required to 
explain the changes in damping observed in iron crystals after aging at 115°C. A correlation between 
damping and yielding behavior during room temperature aging was also observed. 


LA SEGREGATION DU CARBONE DANS LES CRISTAUX DE FER, 
ETUDIEE A L’AIDE DU PENDULE DE TORSION 


Les effets de la trempe et de la déformation sur la ségrégation du carbone dans les monocristaux de fer 
alpha ont été observés au moyen de mesures d’amortissement au pendule de torsion. Les variations, au cours 
de vieillissement 4 la température ordinaire, de l’amortissement dans les cristaux de fer recarburés, sont 
expliquées a l’aide du mécanisme de Cottrell. Une interaction entre les dislocations et les particules de carbure 
de fer précipitées est nécessaire pour expliquer les variations de l’amortissement lors d’un vieillissement a 
115°C. Une relation entre l’amortissement et le palier a été également observée au cours du vieillissement a 
la température ordinaire. 


UNTERSUCHUNG DER AUSSCHEIDUNG VON KOHLENSTOFF IN EISEN EINKRISTALLEN 
DURCH DAMPFUNGSMESSUNGEN MIT HILFE DES TORSIONSPENDELS 


Durch Dimpfungsmessungen mit dem Torsionspendel wurde der Einfluss einer schnellen Abkihlung 
und Verformung auf die Ausscheidung von Kohlenstoff in a-Eisen Einkristallen untersucht. Mit Hilfe des 
Cottrell Mechanismus’ wurde die Verinderung der Dimpfung bei der Alterung von aufgekohlten Eisen 
Einkristallen bei Raumtemperatur erklart. Zur Erlauterung der beobachteten Anderung der Dampfung in 
Eisen Einkristallen nach Alterung bei 115°C wurde eine Wechselwirkung zwischen den Gitterfehlstellen 
und den ausgeschiedenen Eisenkarbid-Teilchen angenommen. Zwischen der Dimpfung und dem Elasti- 
zitatsverhalten wahrend der Alterung bei Raumtemperatur wurde ebenfalls ein Zusammenhang festgestellt. 


INTRODUCTION on the segregation of carbon in single crystals of alpha- 


iron. Single crystals were used because the rate of 


The internal friction of alpha-iron containing carbon 
or nitrogen in solid solution has been extensively studied 
during the past several years.!** The damping peak 
which occurs near room temperature at about one cycle 
per second has been attributed to the stress-induced 
interstitial diffusion of the solute atoms in the iron 
matrix. 

By measuring the internal friction in alpha-iron, it is 
possible to measure the amount of dissolved solute 
remaining in solid solution at any time and thus 
quantitatively study the segregation process. This has 


segregation of carbon may be affected by grain bound- 
aries, and, furthermore, it is possible to obtain small 
homogeneous strains with carburized single crystals 
since the yield-point phenomenon is less pronounced 
for single crystals than for polycrystalline iron.’ 


EXPERIMENTAL PROCEDURE 


A section of high purity ingot, procured from the 
National Research Corporation, was worked down to 
0.050-inch diameter and cold-drawn to 0.025 inch- 
diameter wire. Initially this material contained 0.029 


been verified experimentally by Dijkstra,* who found 
that the maximum damping at room temperature is 
approximately equal to the weight per cent of the solute 
present in solution. Utilizing the damping of iron due to 
carbon, Harper® has recently shown that the rate of 
strain-induced segregation of carbon in iron is in 
agreement with the Cottrell mechanism of localized 
segregation of carbon atoms about dislocations.® 

The purpose of this paper is to describe a series of 
experiments on the effect of quenching and straining 


* Received June 8, 1954. 

7 This paper is based upon a part of a thesis submitted to the 
faculty of the Graduate School of Siena College in partial ful- 
fillment of the requirements for the degree of Master of Science, 
May 13, 1954. 

t Knolls Atomic Laboratory, 
Schenectady, New York. 
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General Electric Company, 


wt. % Ovo, 0.007 wt. % Noe and 0.004 wt. % C. 
Specimens of this wire were purified of carbon and 
nitrogen by annealing five hours at 720°C in a wet 
hydrogen atmosphere. 

Single crystals were grown from this material by the 
following strain-anneal technique: After the decar- 
burization process, the specimens were strained 3 
per cent. A small amount of wax then was deposited on 
the surface of the wires, following which the specimens 
were sealed in evacuated quartz tubes and slowly 
raised through a gradient furnace at a rate of 15 mm 
per hour. The furnace was divided into three 8-inch 
temperature zones. The temperature distribution of the 
zones was as follows: In the lower zone, the temperature 
ranged from 25°C to 885°C, the middle zone was held 
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at a constant temperature of 885°C and in the top zone 
of the furnace the temperature ranged from 885°C to 
°C. 

After etching the wires in a 20 per HNO 
solution, it was found that excellent single crystals, 3 


cent 


to 12 inches in length, were formed by the gradient- 
growth technique. These crystals contained from 0.005 
to 0.008 weight per cent of carbon in solution. Crystals 
6 inches in length were chosen for subsequent damping 
work because they were easier to handle than the 
longer lengths. 

Several polycrystalline specimens of the same wire 
were marked lightly with wax, sealed in evacuated 
quartz tubes, and annealed at 720°C for three hours to 
diffuse the carbon from the decomposed wax into the 
specimens. 

The internal friction of the single crystals and poly- 
crystals was measured by observing the decay of the 
free vibrations of these specimens in a torsion pendulum 
similar to the apparatus used by Ké, but modified to 
permit annealing and quenching in situ. 

In order to determine the maximum internal friction 
at constant room temperature, the frequency was 
varied by adjusting the bobs on the pendulum arms. 
By plotting the internal friction versus frequency of 
vibration for a carburized single crystal, the maximum 
was found to occur at about 0.6 cycle per second and this 
frequency was used in all the damping measurements. 
The background damping of the torsion pendulum 
assembly was determined by using a decarburized 
single crystal and all data have been corrected for this 
background damping of Q~'=0.001. The longitudinal 
stress on the specimen was about 300 psi, a value much 
lower than the yield point of these crystals, which is 
about 7000 psi at room temperature. The maximum 
shear strain on the surface of the specimen at maximum 
deflection was 7.5X 10 

The general experimental procedure was as follows. 
The specimens were annealed for five minutes at 700°C 
in an argon atmosphere and water quenched in the 
torsion The damping was immediately 
measured and also measured at 
aging at 25°C. When the damping remained constant 
the specimens were then strained in the range from 
0 to 7 per cent extension and the damping was again 


pendulum. 
various intervals of 


AFTER 1.5% EXTENSION 


AFTER HEATING AND QUENCHING 
2 AFTER 2.5% EXTENSION 


9° 
LOG. TIME OF AGING IN MINUTES 


Fyc. 1. The effect of aging on the damping of carburized 
iron single crystals, 


OF CARBON IN IRON 


3 AFTER 3% EXTENSION 
TAL 4 AFTER 7% EXTENSION 


OG. TIME OF AGING IN MINUTE 


Fic. 2. The effect of aging on the damping of carburized 
iron single cry 


tal 
stals 


measured after intervals of aging at 25°C. A short 
period of time between the initial measurement and the 
various treatments was necessary to make adjustments 
of the optical lever system. 

In one instance, a rather complicated sequence of 
treatments was given to a carburized single crystal. It 
was heated to 700°C, quenched, and aged for one hour 
at 25°C, during which time damping measurements 
were made. The crystal was then aged at 115°C for one 
hour, quenched, and damping measurements were again 
made during an aging period at 25°C. The crystal was 


then strained 3 per cent and damping measurements 


were made at intervals of aging time at 25°C. After 
aging for a number of days, the crystal was strained an 


additional 2 


per cent and measurements were again 
made during aging. 

An additional experiment was performed in order to 
correlate the yielding behavior with the damping be- 
A carburized single 


room 


havior of a carburized single crystal. 
crystal was heated to 700°C and quenched to 
temperature and at various aging times 1-inch sections 
of the crystal were tested in tension using a technique 


described elsewhere.* 


RESULTS OF THE INTERNAL FRICTION 
MEASUREMENTS 


Figures 1 and 2 are the results of plotting the interna 


friction O-! max. as a function of the logarithm of the 


aging time for four carburized single crystals 
In Fig. 1, after heating and quenching crystals 1 and 
the initial values of damping were observed as 0. 


and 0.0062, respec tively, and with increasing time of 


aging the damping decreased to a final value of 0.0049 
for crystal 1 and 9.0023 for crystal After deforming 
1.5 per cent and 2.5 per cent, respec tively, the damping 


of crystal 1 and crystal 2 increased to values of 0.0068 
and 0.0070, and after aging approximately 10° minutes 
at room temperature, the damping decreased to 0.0044 
for crystal 1 and 0.0040 for crystal 2. 


After heating and quenching the initial values of 


damping for crystals 3 and 4, as observed in Fig. 2, 
were 0.0068 and 0.0102, respectively, and with increas 


ing aging time, the damping decreased to a final value 
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o SPECIMEN o AFTER 3% EXTENSION 
b’ SPECIMEN b AFTER 6% EXTENSION 


FTER HEATING AND QUENCHING 


AL FRICTION Q7'(MAX.) 


INTERN 


02 


LOG TIME OF AGING IN MINUTES 


3. The effect of aging on the damping of carburized 
polycrystalline iron specimens. 


of 0.0048 
aging 10 


for crystal 3 and 0.0043 for crystal 4 after 
minutes. After deforming crystal 3 and 
crystal 4, 3 per cent and 7 per cent, respectively, it was 
observed that the damping increased to values of 0.0065 
and 0.0088, respectively, and after 10° minutes, the 
damping again decreased to a value of 0.0049 for 
crystal 3 and 9.0030 for crystal 4. 

It is apparent from Fig. 3 that the damping behavior 
of carburized polycrystalline iron is the same as that 
of the carburized single crystals. The initial values of 
damping for specimen (a) were observed to be 0.0067 
after heating and quenching and 0.0065 after straining 
3 per cent. The initial values of damping for specimen 

b) were observed to be 0.0052 after heating and 
quenching and 0.0056 after straining 6 per cent. 

The damping of a decarburized single crystal as 
shown in Fig. 4 was observed to have a constant value 
of 0.0026 even after heating and quenching and also 
after deforming 3 per cent. Consequently, the carbon 
is influencing the internal friction during the various 
treatments. 

It should be pointed out that the height of the internal 
friction peak is the 
crystals, and only relative values of damping are 
reliable.” This is evidenced by the fact that the initial 


sensitive to the orientation of 


damping measurements after heating and quenching 
appear scattered and an exceptionally high initial 
damping is found in Fig. 2. In general, all the crystals 
contained a [110] direction nearly parallel to the wire 
axis with the exception of crystal number 4 (as in Fig. 
2) which contained a [001] direction parallel to the 
wire axis. The increase in damping after deformation 
could not be attributed to changes in the orientations 
of the crystals. The change in orientation was deter- 
mined by the back-reflection Laue method for a crystal 
deformed 10 per cent and the change observed was less 
than 8 degrees and consequently this small change in 
orientation could not account for the large change in 
damping observed after deformation. 

The results of aging a carburized single crystal at 
115°C are shown in Fig. 5. After quenching from 700°C 
and during aging at 25°C, the decrease in damping was 
consistent with the crystals previously examined. After 
additional aging at 115°C for one hour and quenching 
to 25°C, it was observed that the damping decreased 
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sharply and no change in the damping was observed 
during subsequent aging at 25°C. After straining 3 
per cent, the damping was increased by an amount much 
smaller than had been previously experienced with the 
crystals strained a similar amount and aged at 25°C. 
After aging a number of days at room temperature, 
the crystal was given an additional 2 per cent strain 
and it was observed that the damping increased in- 
stantaneously followed by a gradual decrease in the 
damping during the room temperature aging. 

The results of the tensile tests of a carburized crystal 
after heating and quenching are shown in Fig. 6, a plot 
of the nominal yield stress versus the logarithm of the 
aging time. By comparing the damping and the yield 
stress during aging it was observed that as the damping 
decreases, the yield stress simultaneously increases and 
after aging 10* minutes both the yield stress and the 
damping approach a constant value. It is interesting to 
note that the yielding behavior also changes with in- 
creasing aging time from a homogeneous type of yielding 
to a flat-type yielding and finally, at saturation, to a 
drop-in-load type of yielding. 


AFTER HEATING AT 7 


QUENCHING TO 25° AFTER 3% EXTENSION 


we 02 


LOG TIME OF AGING IN MINUTES 
Fic. 4. The effect of quenching and strain aging on the 
damping of a decarburized iron single crystal. 
DISCUSSION 
The results of these damping experiments may be 
interpreted in the following way. When a crystal of iron 
containing carbon is heated to 700°C, the thermal 


energy of the carbon atoms is such that they are free to 
diffuse quite rapidly through the iron matrix. After 
quenching to room temperature, the internal friction 


maximum is a measure only of the concentration of the 
interstitial carbon atoms in solid solution and not a 
measure of the total concentration of carbon. Conse- 
quently the decrease in the damping peak observed with 
increasing time of aging indicates that the carbon atoms 
are diffusing from their interstitial positions and are 
either precipitating as an intermetallic compound with 
the iron or are segregating about dislocations. 

If the iron carbide had precipitated during room 
temperature aging after quenching it seems unlikely 
that the precipitate would have an effect on the 
yielding behavior of the crystals and furthermore one 
would not expect an increase in damping after deforma- 
tion. Consequently, the Cottrell mechanism of the seg- 
regation of carbon about dislocations appears the best 
adapted to explain the results reported in this paper. 
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KUNZ: SEGREGATION 


After quenching, the carbon atoms segregate to the 
dislocations and as aging time increases, the dislocations 
become more firmly anchored by the carbon atoms as 
indicated by the decrease in damping, the increase in 
yield stress and the change in the yielding behavior. 
When the dislocations have become saturated with 
carbon atoms, the damping becomes constant ; the yield 
stress approaches a maximum value and one observes a 
drop-in-load type yielding. 

During deformation, after the quench-aging 
freed from their 


treat- 
ment, the dislocations are carbon 
atmospheres, leaving the carbon again in solution as 
indicated by the immediate increase in damping after 
straining. Aging after deformation results in the carbon 
atoms again segregating to the dislocations formerly 
present and also to those formed during the deformation 
process as indicated by the decrease in damping during 
strain-aging. 

The low value of damping, as in Fig. 5 after aging at 
115°C, may be attributed to the formation of iron 


Fic. 5. The effect of aging at 115°C on the damping of a 
carburized iron single crystal 


carbide during aging because the damping after addi- 
tional deformation increased only slightly. If the carbon 
had segregated at dislocations during the 115°C aging, 
the additional deformation should have restored the 
high value of damping. The slight increase in damping 
after deformation may be attributed to residual carbon 
which had not precipitated as carbide during the aging 
at 115°C. 

When the crystal is in the condition where carbide 
has formed, strain followed by long-time aging at 25°C 


apparently dissociates the carbide and the carbon again 


segregates at dislocations. As a result, when the crystal 
is deformed after such resegregation (as after the fina] 
2 per cent strain in Fig. 5) the dislocations are again 
freed from their carbon atmospheres and an immediate 
increase in the damping is observed. With increasing 
time of aging, the carbon again segregates to the 
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behavior of a carburized iron crystal 


IG. 0 aging 
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dislocations as observed by the gradual decrease 


damping. 
CONCLUSIONS 


From this study one may conclude that the Cottrell 
mechanism can explain the changes in damping ob- 
served in carburized iron single crystals during room 
temperature aging. Some mechanism of interaction 
between dislocations and precipitated iron carbide 
particles is required to explain the solution of carbide 
once formed and the resegregation of carbon at dis- 
locations. 

From these studies one might also postulate that the 
initial stage of precipitation hardening is actually the 
segregation of solute atoms about dislocations in the 


Cottrell fashion. These solute atoms then act as nuclei 
for the formation of the precipitate and as the equilib- 
rium solubility is exceeded these nuclei then become 
critical in size and a precipitate intermetallic in nature 


begins to form. 
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GRAIN BOUNDARY DIFFUSION IN A BODY-CENTERED CUBIC LATTICE* 


C. W. HAYNES?#}i and R. SMOLUCHOWSKI} 


Oriented bicrystals of a 3 per cent silicon iron alloy were prepared with a common [011 ] direction, an: 
were used in a study of intergranular diffusion in the body-centered lattice. The penetration of iron at the 
grain boundary during diffusion was obtained by an autoradiographic technique. The penetration was 
found to be orientation dependent, with no preferential grain boundary diffusion being observed for relative 
angles of disorientation below about 10 degrees. In general the penetration increased up to a disorientation of 
86 degrees with a broad minimum in the neighborhood of 50 degrees. The results can be interpreted in terms 
of the density of atoms of misfit at the grain boundaries although little correlation seems to exist between 
penetration and grain boundary energy at the cusp positions. 

DIFFUSION INTERCRISTALLINE DANS LES RESEAUX CUBIQUES CENTRES 
% ayant une direction [011] commune ont été utilisés pour étudier la 
diffusion intergranulaire. La pénétration du fer le long du joint de grain pendant la diffusion est observée 


Des bicristaux de ferro-silicium a4 3 


par autoradiographie. Elle ne dépend de l’orientation quand la différence des angles est inférieure 4 10 


, mais 


en général, la pénétration croit jusqua’a une désorientation de 86° avec toutefois un minimum étalé au voi- 


sinage de 50°. 


Les résultats peuvent s’expliquer en fonction d’une mesure du désordre aux joints de grains, 


quoique seulement une faible corrélation semble exister entre la pénétration et |’énergie superficielle lors du 


minimum. 


KORNGRENZENDIFFUSION IN EINEM KUBISCH-FLACHENZENTRIERTEN GITTER 


Zum Studium der Korngrenzendiifusion im raumzentrierten Gitter wurden orientierte Zweikristalle einer 


37 


© Silizium hergestellt. Die Wanderung des Eisens waihrend der Diffusion 


entlang den Korngrenzen wurde durch ein radioaktives Isotopenverfahren verfolgt. Die Wanderung des 


Eisens ist orientierungsabhingig 


Unter einem relativen Orientierungsunterschied von ungefihr 10 


tritt 


keine bevorzugte Korngrenzendifiusion auf. Im allgemeinen nahm die Wanderung mit dem Orientierungs 


unterschied bis zu 86 


zu und hatte im Bereich um 50° ein breites Maximum. Die Ergebnisse kénnen auf 


Grund der Dichte von Fehlatomen an den Korngrenzen gedeutet werden, obwohl zwischen der Wanderung 


und der Korngrenzenenergie an den Spitzen nur ein geringer Zusammenhang zu bestehen scheint. 


INTRODUCTION 


The phenomenon of grain-boundary diffusion in 
metals has been known for many years and has been 
reported in the literature occasionally. Recently several! 
more detailed studies of grain boundary diffusion have 
been made, both experimental and theoretical, stimu- 
lated by the desire for more information on the structure 
of the grain boundary. 

Mehl! in 1936 grain- 
boundary diffusion up to that time. In general, this 


reviewed the evidence on 
evidence consisted of observations of the variation of 
over-all diffusion coefficients in polycrystalline materials 
with grain size. The observation of larger diffusion 
coefficients with smaller grain size was taken to indicate 
that diffusion occurred at the grain boundary more 
rapidly than in the lattice of the grains themselves. 
More recently metallographic and radiographic evidence 
has been presented to show preferential intergranular 
diffusion. Keller 
graphs showing the copper enrichment of grain bound- 


and Brown® obtained photomicro- 


aries of the aluminum cladding on Alclad sheet by 


diffusion. Barnes’* has made an interesting micro- 


graphic study of the diffusion of copper into nickel, with 


* Received June 9, 1954. 

t Carnegie Institute of Technology. Pittsburgh, Pennsylvania. 

t Now Associate Professor of Engineering Mechanics at the 
University of Nebraska. Submitted in partial fulfillment of re 
qurements for the detree of Doctor of Science at the Carnegie 
Institute of Technology, June 1953 
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preferential penetration at many grain boundaries but 
not at boundaries of the nickel. Hoffman and 
Turnbull’ used a radioactive tracer technique to study 
the rate of self-diffusion of silver which exhibited a grain 
size effect. They also made a contact autoradiograph of 


twin 


a sectioned specimen which showed that preferential 
grain boundary penetration had occurred. 

The orientation dependence of the diffusion of silver 
into columnar copper was investigated by Achter 
and Smoluchowski® using a metallographic technique. 
Diffusion couples of 4 per cent silver copper alloy versus 
columnar copper were diffused at temperatures from 
to 725°C. These couples were sectioned parallel 
norma! to the columnar [001 ] direc- 


673 
to the interface 
tion) at successively greater distances and the limit of 
intergranular penetration between each pair of grains 
was determined metallographically. The results indicate 
that the grain boundary diffusion is markedly dependent 
on the relative orientation of the grains forming the 
boundary. It was found that if 6, the angle between the 
(100) planes including the grain boundary, was less than 
20 degrees or greater than 70 degrees there was no 


preferential grain-boundary diffusion observed; if @ lay 


between 20 and 70 degrees there was preferential 
diffusion at the grain boundary with a maximum at 6 
near 45 degrees. Flanagan and Smoluchowski’ investi- 
gated the diffusion of zinc into columnar copper in a 
similar manner. Their results confirm the influence of 
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angle of disorientation between grains on intergranular 
diffusion and indicate an angular dependence of activa- 
tion energy for the process. This led to a model* for the 
structure of grain boundaries for angles of disorientation 
higher than the range of applicability of the classical 
dislocation model. 

Couling and Smoluchowski’ have studied the aniso- 
tropy of diffusion in tilt-type grain boundaries using 
bicrystals of copper having parallel [100] axes and 
angles of disorientation in the range from 0 to 90 degrees. 
In addition to dependence on the angle of disorientation, 
an anisotropy was observed in the amount of penetra- 
tion at the boundary; that is, the penetration varies 
with the direction of diffusion in the plane of the 
boundary. Theoretical treatments of grain-boundary 
diffusion under the assumption that the grain boundary 
has a uniform “thickness” and a characteristic diffusion 
coefficient which has a constant ratio to the volume 
diffusion coefficient have been given, first approximately 
by Fisher," and later more exactly by Whipple." 

In view of the fact that the body-centered cubic 
lattice is a less closely packed arrangement of atoms 
than the face-centered cubic lattice, one could expect 
that there would be less difference between the mobility 
of atoms in the grain and in the grain boundary of a 
body-centered cubic lattice than in a face-centered 
lattice. If such is the case, one might also expect that 
preferential grain-boundary diffusion would occur to a 
lesser degree, if at all, in the body-centered cubic 
material. The investigation described in this paper was 
undertaken to study the possible variation of grain- 
boundary diffusion in a body-centered cubic lattice with 
the orientation of the crystals forming the boundary. 
The availability of a convenient radioactive isotope 
made a study of grain-boundary self-diffusion in iron 
particularly favorable. Since small amounts of silicon 
promote growth of large grains in iron it was decided to 
use this alloy. This implies the assumption that the 
angle of disorientation does not affect the solubility of 
silicon in the grain-boundary material. 


EXPERIMENTAL 


Bicrystal specimens were grown by the strain-annea! 
method from decarburized commercial silicon iron 
sheet. Strips 1} inch wide by 10 inches long were cut 
from 0.030-inch thick sheet of silicon iron supplied 
through the courtesy of the Allegheny-Ludlum Steel 
Corporation. Chemical analysis of the material was as 
follows: C 0.022 per cent, Mn 0.043 per cent, P 0.011 
per cent, S 0.017 per cent, Si 3.17 per cent, Sn 0.012 per 
cent, Al trace. The strips were decarburized in an 
atmosphere of moist hydrogen at a temperature of 850°C 
for 48 hours. They were then rolled to a thickness of 
0.025 inch, and the edges ground parallel to a width of 
one inch. This was followed by an annealing treatment 
at 800°C in hydrogen for one hour which resulted in a 
fine grain size. The strips were strained 25 per cent in 
tension and the ends cropped to remove the material 
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held in the grips. A short length at one end of each strip 
was recrystallized by raising it slowly into a furnace in 
which a steep temperature gradient existed, with the 
maximum temperature in 1020°C) being 
well above that needed for recrystallization. This pro- 


cedure usually resulted in the formation of several large 


the furnace 


grains in the area recrystallized. The orientation of 
those grains which adjoined the unrecrystallized area 
was determined roughly by the etch pit method,” and 
the one having an orientation nearest to that desired. 
i.e., the (011) plane parallel to the surface, was used as 
a “seed” in the preparation of a bicrystal with the two 
grains having predetermined relative orientation. This 
was done by the general technique outlined by Dunn® 
and described in detail by Dunn and Nonken." 

The the selected seed crystal was 
determined accurately by the Laue back- 
reflection X-ray method. All of the recrystallized ma- 


orientation of 
means of 


terial was cut off the strip with the exception of a small 
amount of the seed crystal which was left on the end of a 
narrow neck of unrecrystallized material connecting it 
with the main body of the strip. The seed was then 
reoriented by twisting and bending the neck (which was 
locally heated to a dull red heat to prevent further cold- 
straining) in a jig to make the (011) plane parallel to the 
surface of the main body of the strip. Again the strip 


was heated progressively from the seed end, causing the 


seed to ocTOW into the body of the spe imen with the 


desired orientation. The orientation of the crystal was 
checked by means of the Laue back-reflection method. 
In order to form a bicrystal, the end of the strip was 


again cut, leaving seeds at the ends of two necks of 
unrecrystallized material. These two necks were bent 
about the (011) pole perpendicular to the surface of the 
strip so that the [ 100 directions of the two seeds were 
the desired angle @ apart and symmetrical with respect 
to the axis of the strip. Growth of the two seeds into the 
body of the strip then resulted in a bicrystal from which 
Laue back-reflection X-ray photographs were made to 
100 


determine the exact angle @ between the directions 


and the angle w between the (011 two 
was In all cases less than 5 degrees. 


poles of the 
crystals. The angle y 


Specimens approximately 3/4 inch square were cut 


from the bicrystals with the grain boundary roughly 


parallel to and midway between the edges. The grain 
boundary as grown was in general far from striaght. In 
order to straighten it and bring it to a stable low-energy 
position, a high-temperature annealing treatment was 
given to the specimens. They were packed flat in a 
close-fitting box machined from silicon iron to prevent 
loss of silicon by vaporization at the annealing tem 
perature, and the box containing the specimens was 
heated to 1300°C in an atmosphere of dry argon for one 
week. The resulting movement of the grain boundarv 
was mostly of microscopic order of magnitude. _ 

The specimens were subsequently prepared for elec- 
troplating by polishing both faces on emery paper to 
grade 3/0. Thickness was checked on a Pratt and Whit 
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ney comparator, and variations were held to +0.0001 
inch in the area to be plated. Electroplating of the speci- 
mens was carried out by the general method described 
by Buffington, Bakalar, and Cohen" in which the iron 
is deposited from ferric chloride in a saturated solution 
of ammonium oxalate made slightly alkaline with 
ammonium hydroxide. An area, along the grain bound- 
ary, about 5/8 inch long by 1/2 inch wide was plated 
with iron isotope 55, obtained from the Oak Ridge 
National Laboratory in the form of ferric chloride 
solution. This isotope has a half-life of about 4 years and 
disintegrates by A-electron capture, emitting a low 
energy X-ray capable of exposing X-ray film. Each 
specimen was plated with the same amount of radio- 
active iron solution, to a measured activity of about 
510° counts per minute. 

After plating, the specimens were placed face to face 
in pairs in close-fitting cells of silicon iron for the diffu- 
sion treatment. This was carried out in a ceramic tube 
in an atmosphere of dry hydrogen. Because of the rela- 
tively long diffusion periods, no correction was necessary 
for the heating or cooling time. Temperature was 
controlled to +1 degree in most cases, with a maximum 
variation of +3 degrees from values given. A trial run 
at 704°C for 144 hours using a specimen having an angle 
of disorientation @ of 47 degrees showed that preferential 
grain-boundary diffusion was taking place and that a 
higher temperature or a longer diffusion period would 
be necessary to produce a suitable penetration. Based 
on published self-diffusion data for iron'®!® and a 
diffusion period of about one week, it was calculated 
that a temperature of about 825°C would give a satis- 
factory amount of volume diffusion. Accordingly, the 
first series of specimens was diffused 176 hours at 827°C. 
In order to try to get a more pronounced difference 


between grain boundary and volume diffusion, later 


runs were made at lower temperatures and for corre- 
spondingly longer times; that is, at 810°C for 266 hours, 
at 769°C for 752 hours and 750 hours. 

The specimens of the first (827°C) diffusion run were 
mounted in bakelite and a series of layers was removed 
from the active face by polishing on emery paper. After 
each layer was removed, an autoradiograph of the ex- 
posed surface was made and the activity of the surface 
was counted through a slit 0.25 inch by 0.030 inch. It 
became apparent that it was not possible to polish a 
specimen so that the plated area was of uniform activity 
away from the grain boundary, presumably because the 
specimen could not be kept sufficiently flat during the 
mounting and polishing operations. Also, the counting 
times involved became impractically long. It had been 
hoped that by positioning the slit over the grain 
boundary and over one of the crystals near the boundary 
for successive counts, a measure of the greater penetra- 
tion at the grain boundary could be obtained. The 
differences were so small, however, that they could not 
be accurately determined. The autoradiographs on the 
other hand showed the difference between the grain 
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boundary and the volume diffusion quite well, and a 
good autoradiograph could be made in a reasonable time 
from a specimen from which layers were removed down 
to a point where the count was only slightly above back- 
ground. Therefore it was decided to concentrate on the 
autoradiographic method for determination of the 
diffusion penetration. Furthermore, because of the 
difficulty of sectioning the specimens parallel with the 
interface it was decided to section intentionally at a 
small angle with the interface, so that the surface 
would be below the limit of volume diffusion at the 
other end. An exposure time of one week was chosen for 
determination of maximum penetration, Kodak No- 
Screen X-ray film was used for the autoradiographs, and 
the developement of the film was standardized. Figure 1 


Fic. 1. Negative of an autoradiograph of a slope-sectioned bi 
crystal (light areas indicate presence of radioactive isotope). 
Original interface greatly overexposed to show grain-boundary 
penetration. 


shows an autoradiograph of a slope-sectioned specimen. 

The location of the last visible trace of the grain 
boundary on the autoradiograph was determined by 
inspection, and its position transferred to the surface of 
the specimen itself by micrometer measurement. The 
thickness of the specimen at this location was then 
measured with a dial gage comparator, and the pene- 
tration calculated by difference from the original 
thickness to the nearest 0.0001 inch. 


RESULTS AND DISCUSSION 


The depth of penetration at the grain boundary as 
determined by the above procedure is plotted, for the 
temperatures 769°C and 810°C, in Fig. 2. These results 
were obtained by the slope sectioning technique and 
are considered more reliable than the results from the 
set of samples diffused at 827 degrees which were sec- 
tioned approximately parallel to the interface. A com- 
parison of the two runs at 769°C indicates the repro- 
ducibility of the measurements. 

The corresponding amount of volume diffusion could 
not be determined accurately because of the difficulty 
in evaluating the effect of the relative areas involved in 
exposing the autoradiographs. The required concentra- 
tion of radioactive atoms in the grain boundary would 
need to be much higher to give a visible image on the 
autoradiograph than that in the relatively broad ex- 
panse of lattice. This points out the expected low 
preference for grain boundary diffusion in a body- 
centered metal as compared to a face-centered metal. A 
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rough value for the volume diffusion is about 0.004 
inch. The effect of grain-boundary direction was not 
determined because of the frequent irregularity of the 
grain boundary. No preferential grain-boundary pene- 
tration was observed for 6=6 and 9 degrees. Although 
there is considerable scatter at some angles of disorienta- 
tion, several points of interest are apparent on inspec- 
tion of Fig. 2. The first observation is that specimens 
having an angle of orientation difference below about 
10 degrees show no preferential grain-boundary diffusion 
while those with @ equal to 15 or 16 degrees do. Evi- 
dently at some intermediate angle the grain boundary 
diffusion becomes enough greater than lattice diffusion 
to be detected by the experimental procedure used. This 
confirms the general character of the angular dependence 
of grain-boundary penetration as observed earlier by 
Achter, Flanagan, Couling and Smoluchowski®’ 
although here the uncertainty in the value of the 
volume diffusion makes the critical angle much less 


pronounced. The existence of this angle was inter- 
preted® in terms of transition from single dislocations to 
rod-like regions of distorted lattice at angles higher than 
the critical angle. It should be pointed out, however, 
that recent work of Turnbull and Hoffman" seems to 
indicate presence of preferential diffusion along dis- 
locations. Another fact inter- 
preting Fig. 2 is that the small-angle tilt-type boundary 


to be remembered in 
between body-centered cubic crystals with a common 
[011] direction is not made up solely of pure edge 
dislocations but the dislocations contain a screw com- 
ponent. The effect of the screw component on diffusion 
at the boundary is not known but is evidently not great 
in this case. 

Another striking feature of the plot in Fig. 2 is the 
broad minimum of grain-boundary penetration near 
6=50 degrees. Qualitatively, this is similar to the 
slight minima of penetration observed by Achter® and 
by Couling’ in the Cu-Ag system. Quantitatively, the 
broad minimum in Fig. 2 is much more pronounced and 
more reproducible than those observed on copper in 
spite of the considerable scatter of the experimental 
points in this region. It has been often suggested that 
minima of grain boundary energy and of grain boundary 


Fic. 2. Depth of grain-boundary penetration as a func tion of angle 
between cubic directions of the two grains. 
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rasLe I. Structure of grain boundaries as cusp positions 


(0°<@<180°) and observed penetrations. 


Distance 


betweer 


diffusion penetration occur whenever the distance 6 
between atoms common to both grains is small. On this 
model the minimum for the Cu-Ag system has been 
interpreted in terms of coincidence of a (210) plane of 
The 


possible energy cusps for our type of grain boundaries 


each grain with a symmetrical grain boundary. 


are listed in Table I in order of increasing 6, thus, ac- 
cording to Read and Shockley,” in order of increasing 
energy. For completeness all angles up to 180 degrees 
are included although only those up to about 90 degrees 
have been investigated. Read and Shockley seem to find 
a rough quantitative correlation between 6 and the 
and 
112 


ind reverse the sequence 


depth of energy cusps observel by Dunn 


as 
Lionetti”’ although they consider only the cusps 
$32), (123 
111 


normal twinning plane 


334) and 
of the and (332 us] ‘he coincidence of the 


he grain boun‘ary 


lead to a minimum at 6=109 degrees 


would 


strong 
which outside of the range of our specimens but 
qualitatively agrees with the maximum penetration ob- 
76 degrees and 


the curve. As is well known, ideal 


served at about 6= the general shape of 
twin boundaries do 


Che 


the next cusp of the 


not show preferential diffusion. 50-degree 


minimum agrees very well with 
332) planes. No other cusps are clearly distinguishable 
This is in contrast to the energy measurements” which 
for angles below 90 degrees show the deepest minimum 
at 70 degrees and a secondary minimum near 40 degrees ; 
221 


It appears thus that whether or 


presumably due to the planes. 
there is correla 


tion between 6 and the depths of energy minima 
there is little correlation between the depths of the 


energy minima and penetration minima though their 
occurrence at or near the cusps angles indicates certain 


An the 


grain boundaries at the 


common features. probable 


various Cusp 


inspection of 
structure of the 


angles as shown in Fig. 3 indicates, however, a possible 


way of explaining the various penetrations. It appears 
there 


“openness” 


that isa pronoun ed difference in the | 


of the various grain boundaries which does not seem to 
be related in any simple way to 6. In Fig. 3, atoms drawn 


full are those which occupy essentially normal lattice 


133 
Observed 
| Number be 
ymmon Angle f cha N Y lume 
Grain stor betwee! ne t ffu 
boundar in isht fit nit tor 10 
112 0.87 109.5 0 0 0 
332 1.66 50.5 0 0 0 0 
116 2.28 153.8 1 438 
111 45 70.6 108 3.0 
552 60 31.6 1 1 385 
114 3.00 141.1 l 333 
556 3.28 80.6 l 305 3.0 
72 3.54 22.8 1 564 ) 
1110 3.54 163.9 1 1 2? 
3310 3.84 134.1 4 3 78 
76 1.09 62.4 189 
334 4.13 86.7 ) 485 3.0 
4.24 39.0 1(2 36 1.8 
2 
(112) vith 
| | | | 
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Fic. 3. Structure of grain boundaries at the most important cusp 
positions (0°<@<90°). (The atom just above the vertical arrow 
in the drawing for 6=86.6° should have been drawn somewhat 
lower so as to have only two nearest neighbors in the plane of the 
drawing. 


positions. Some of them, as atoms B for 6= 39 degrees, 
may have a slightly tight fit but they have at least half 
of their norma! contingent of first and second neighbors 
in proper positions. For 6=86.6 degrees, atoms A 
would be squeezed and would have less than half the 
normal number of first and second neighbors and are 
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Fic. 4. Grain-boundary penetration p as a function of the density 
of atoms of misfit m at cusp angles. 
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thus considered replaced by mobile atoms. These 
mobile atoms do not belong to any specific grain and 
are indicated by dotted circles. Certain of the openings 
or channels are too small to accommodate any such 
atoms of misfit. Thus it seems plausible to try to relate 
the penetration to the density m of atoms of misfit in 
the various grain boundaries. The values of m are listed 
in Table I together with the best estimates of the grain- 
boundary penetration p beyond the limit of volume 
diffusion. Figure + shows the plot of m versus p. 
(Juestion marks near the points for the (556) and (776) 
cusps indicate that these penetration values are much 
less certain than for other cusps. Apparently in spite of a 
large scatter of points there is an approximately linear 
correlation between m and p. As mentioned before, no 
such correlation exists with 6 or with the depths of the 
energy minima. In particular the relatively low value of 
penetration near 39 degrees, which is a high 6 cusp, and 
the relatively high penetration near 70 degrees, which 
is a low 6 cusp, seem to be understandable in terms of 
the density of atoms of misfit. A further check on this 
interpretation may be provided by extending the 
measurements to higher particular, at 
6= 164 degrees, one would expect a cusp in spite of a 


angles. In 


rather large 6. 
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INTERNAL FRICTION IN SOLID SOLUTIONS OF OXYGEN-TANTALUM* 


R. W. 


The breadth of the internal friction peak (Q™! vs 1 


been found to increase monotonically with the oxygen concentration 


r 


arising from the diffusion of oxygen in tantalum has 
Broadening was found to occur 


asymmetrically by displacement of the high-temperature branch of the damping curve. The data can be 


described by assuming that the experimental internal friction peak is a composite of the dilute oxygen peak 


found at 137°C 
near 162°C. 


(for y=0.6 cps), with an activation energy of 25,000 cal/mole, and a second peak located 


Evidence is presented which indicates that the peak previously attributed to carbon in tantalum actually 


is caused by oxygen at low concentrations. 


In an attempt to determine the nature of the interaction giving rise to the 
it was observed that atoms of another element, nitrogen, can also broaden it considerably 


tion apparently did not affect the peak breadth 


| 


yroadening ol the oxygen peak, 


Plastic deforma 


FROTTEMENT INTERNE DES SOLUTIONS SOLIDES TANTALE-OXYGENI 


La largeur du pic de frottement interne (Q 


du 


1e 4 la diffusion de l’oxygéne dans le tantale, croit de 


facon continue avec la concentration en oxygéne. On montre que |’élargissement est df a un déplacement de 


la partie de la courbe d’amortissement correspondant aux hautes températures. Les résultats peuvan 


t étre 


expliqués en supposant que le pic de frottement interne expérimental résulte de la superposition du maximum 


observé a 137 
cal/mol et d’un second maximum situé vers 162 


pour v=0.6 cps) correspondant a l’oxygéne dissous avec une énergie d’activation de 25.000 


Il est montré que le maximum précédemment attribué au carbone dans le tantale est di a l’oxygéne en 


faible concentration. 


Pour déterminer la nature de |’interaction provoquant |’élargissement du maximum di a l’oxygéne, il 
été observé que les atomes d’autres éléments comme |’azote, peuvent également |’élargir fortement 


a 


rat 


contre, la déformation plastique n’effecte pas cette largeur 


INNERE REIBUNG IN FESTEN LOSUNGEN AUS 


Die Breite des Maximums der inneren Reibung 


hervorgerufen wird, steigt gleichmidssig mit der 


Hochtemperatureastes der Dimpfungskurve tritt eine unsymmetrische Verbreiterung auf 


Sauerstoffkonzentration 


l ys 1 


TANTAL-SAUERSTOFI 


T), die durch die Sauerstoffdiffusion in Tantal 


Bei einer Verlagerung des 


Dic 


an 


Ergebnisse 


kénnen mit der Annahme deschrieben werden, dass sich das experimentell gefundene Maximum der inneren 


Reibung aus dem geschwachten Sauerstoffmaximum bei 137°¢ 
Mol und einem zweiten Maximum in der | 


25.000 cal 


senergie von 


Es wird bewiesen, dass das Maximum, welches friiher dem Kohlenstoff im Tantal zugeschrieben 


v=0.6 cps) mit \ktivierung 


mgebung von 132°C zusammensetzt 


fur einer 


\ urde 


in der Tat durch Sauerstoff in geringen Konzentrationen hervorgerufen wird 


Bie einem Versuch, die Natur der 


wurde beobachtet, dass auch Atome eines anderen Elementes, 
breiterung verursachen kénnen. Durch plastische Verformung wir 


flusst. 


INTRODUCTION 


Several internal friction peaks (V7! vs 1/T) have been 
reported to arise from the stress-induced diffusion of 
interstitial atoms in body-centered cubic metals.'~* For 
those in which the peak height or maximum damping is 
relatively low, the internal friction can be described 
rather well in terms of a single relaxation time. How- 
ever, if the peak is somewhat higher, the width of the 
damping curve is considerably greater than that cal- 
culated assuming a single relaxation time. As shown in 
Fig. 1, there appears to be almost a monotonous varia- 
tion in the relative widths of the several peaks with their 
height. The relative width is defined here as the ratio of 
the width of the peak in terms of 1/7 measured at one- 
half the peak height to that width calculated assuming 
a single relaxation time. The initial objective of this 

* Received July 20, 1954. 

+ General Electric Research Laboratory, Schenectady, New 
York. 
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study, consequently, was to determine if the relative 
width of a damping curve depends in any manner on 
the peak height or interstitial atom concentration. The 
oxygen-tantalum system was chosen for study because 
the 


of a previous observation! that the peak was relatively 
broad, and of 


heights possible. In addition, the nitrogen peak, which 


because great variation in peak 


is difficult to remove by the vacuum treatment to be 


described, does not overlap the oxygen peak in this 


metal. 


MATERIAL, APPARATUS, AND LOADING TECHNIQUE 


The tantalum used in this study was of 99.9 per cent 
purity. Internal friction measurements were made in a 


low-frequency torsional pendulum similar to the one 


described Ké,* utilizing specimens 0.030 in. in 


It 


heating the specimens near 1950°C 


by 


diameter by 12 in. in length. was found that by 


for four hours in 


vacuo, the internal friction could be reduced to less than 


Le 
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Fic. 1. Variation in the relative width of several peaks 
with their peak height. 


0.001 in the temperature range 25-200°C. Thus all 
traces of the oxygen and carbon peaks previously re- 
ported to occur in this temperature range were erased.! 
The high vacuum system used for this treatment is 
depicted in Fig. 2. The tantalum wire is held in place 
vertically between stainless steel grips. In order to 
prevent bending as the tantalum is heated, the upper 
grip is held rigidly in place while the lower grip is left 
free to slide up and down along a glass rod. Large elec- 
tric current leads are attached to the grips. 

All the specimens used in this study first were de- 
gassed as described above and then were loaded with 
oxygen as follows. Variable quantities of high purity 
oxygen were metered into tube C (Fig. 2), in increments 
of the volume of the capillary tube B, by expanding 
oxygen from flask A into B and then into C. The tan- 
talum wires were heated subsequently near 1600°C for 
several minutes during which time the pressure in the 
system declined to about 10~* mm as the oxygen was 
absorbed. With this technique, the danger of extra- 
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Fic. 2. Apparatus for evacuating and loading specimens. 
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neous contamination was practically eliminated. The 
concentration of oxygen in each specimen was calculated 
from the known volume of the system, the oxygen 
pressure-drop, and the mass of the wire. It is probably 
known to within 10 per cent except for specimens 5 and 
6. Less than one volume increment of oxygen was intro- 
duced into these specimens, and because of the relative 
insensitivity of the McLeod and Philips gages in the 
range used, the error in oxygen concentration may be 25 
per cent. 


EXPERIMENTAL RESULTS 


Pertinent data on the several specimens prepared are 
given in Table 1. The internal friction of each wire was 
examined from room temperature up to about 250°C at 
a frequency near 0.6 cps. The results are plotted in 


TABLE I. Pertinent data on specimens used in this investibation. 


Nitrogen 


concen 


Oxygen 


Oxygen Nitrogen concen 


Comments 


0.009 

0.016 

0.040 

0.081 

0.121 

0.163 

0.32 Very broad peak 
Aquadag treat- 
ment. Carbon 
content ~0).07 
wt % 
Aquadag treat- 
ment. Carbon 
content ~0.09 
wt 

0.005* 

0.041* 

0.076* 


70 0.032 
550 0.032 
850 0.032 


* Figures adjusted for estimated residual amounts of nitrogen not re 
noved in initial degassing treatment. 


Fig. 3 with the maximum internal friction normalized to 
unity in each case. 

The most striking feature of this plot is the large 
variation in the width of the peak with oxygen concen- 
tration. This broadening is caused by the displacement 
of the high-temperature side of the internal friction peak 
since the low-temperature branches can almost be 
superimposed. The curve corresponding to the highest 
oxygen concentration (0.16 weight per cent) is about 
50 per cent broader than the one corresponding to the 
lowest concentration investigated (0.009 weight per 
cent). In Fig. 4, W, the width at half the peak height, is 
plotted as a function of the concentration. Since the re- 
lationship is almost linear, the correlation indicated in 
Fig. 1 cannot be entirely fortuitous. 

On extrapolating the width W to zero concentration, 
a value of 0.212-10~* is obtained. This should represent 
the width of an oxygen-tantalum curve without any 
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“interaction” broadening. It may be readily shown* 
that for an internal friction peak described by a single 
relaxation time, W is related to the activation energy by 
the expression E=5.28/W. In this manner, assuming 
the width 0.212-(10)-* to correspond to a single relaxa- 
tion time, a value of 25,000 cal/mole for the activation 
energy for the diffusion of oxygen in tantalum is ob- 
tained. 

The experimental data in Fig. 3 can be described 
fairly well by assuming that in addition to the ordinary 
peak at 137°C (v=0.6 cps), there arises at 162°C 
another peak (hereafter called the extraordinary peak) 
which makes a larger and larger contribution to the 
measured damping as the concentration of oxygen is 
increased. The location of the extraordinary peak was 
obtained by subtracting the curve calculated for a 
single relaxation time from the experimental curves. 


/ 


KEY 
/ 
SPECIMEN SYMBOL WT.% CONTRIBUTION \ 
NO OXYGEN EXTRAORDINARY PEAK 
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20 


Fic, 3. Several oxygen-tantalum damping curves corresponding 
to different oxygen concentrations 


This extra peak corresponds, of course, to an extra 
relaxation time longer than the ordinary one. 

By superposing two peaks, with varying weights 
assigned the two, the data for specimens Nos. 5, 6, 4, 7 
and 11 have been approximated by the various curves 
shown in Fig. 3. The relative contributions of the 137°C 
and 162°C peaks used in calculating these curves are 
marked on the graph. For the purpose of curve fitting, 
an activation energy of 25,000 cal/mole has been 

* If only a single relaxation time, r= 7» expE/RT, is operative, 
then 


) 

2¢ max we (Qevr \2 
~20 ( exp (1 T)— (1—T peak) | ) 
= Umax exp[2E/RU/T—1/T peat) ] 

When 

W =2(1/T—1/T peak 


TIONS 


OF OXYGEN-TANTALUM 


WEIGHT PERCENT OXYGEN 


Fic. 4. Width of the oxygen-tantalum peak as a function 
of the oxygen concentration 


assumed for both the ordinary and the extraordinary 
peaks. Although Wert and Marx’s correlation might 
indicate that a slightly higher value should be assumed 
for the extraordinary peak, the error introduced is not 
serious.® 

Up to about 0.082 weight per cent oxygen, the fit in 
Fig. 3 is very good, Above this concentration, however, 
the deviation of the calculated curves from the experi- 
mental data becomes increasingly large. This deviation 
arises from the assumption of but one extraordinary 
peak rather than of a spectrum of such peaks. An 
indication of the breadth of the spectrum of extra- 
ordinary peaks for a specimen containing 0.32 weight 
per cent oxygen is furnished in Fig. 5. The width is 


Q’mox = 0470 | 
OXYGEN CONCENTRATION 
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Fic. 6. The variation in skewness of the oxygen-tantalum peak 
with oxygen concentration. 


2.7 times that calculated for a single relaxation time 
and the maximum internal friction is only 0.047. 

It should be pointed out that the internal friction 
curves in Fig. 3 are not in general symmetric. This is 
illustrated in Fig. 6, where the normalized value of the 
internal friction plotted against the midpoint of the 
high- and low-temperature branches is employed as a 
measure of skewness. An internal friction peak des- 
cribed by a single relaxation time is symmetric about 
the reciprocal peak temperature. Thus in a plot such as 
Fig. 6, the locus of midpoints for a symmetrical peak 
defines a vertical line and any departure from the ver- 
tical can be used as a measure of asymmetry. Of special 
interest is the variation in skewness with the oxygen 
concentration. At concentrations the internal 
friction curve is symmetric. As the concentration is in- 
creased, the curve becomes skewed from the contri- 
bution of the relatively small extraordinary peak. When 
the concentration reaches 0.10 per cent, the damping 


low 


curve is almost symmetric again because the ordinary 
and extraordinary peaks are of approximately equal 
importance. At still higher concentrations, the curve is 
again skewed but in the opposite sense because now the 
extraordinary peak predominates. 

Another consequence of the increasing contribution 
from the extraordinary peak with an increase in the 
oxygen concentration is a corresponding shift of the 
experimentally determined peak temperature towards 
higher temperatures. Peak temperatures for various 
oxygen concentrations were obtained by an extrapola- 
tion of the several curves in Fig. 6 to unity on the ordin- 
ate scale. This procedure has been described in more 
detail previously.’ In Fig. 7a, the reciprocal of the peak 
temperature has been plotted as a function of the 
oxygen concentration. As is seen in Fig. 7b, the re- 
ciprocal absolute temperature of the peak is approxi- 
mately a quadratic function of the oxygen concentra- 
tion. Such a shift has been noted also by Marx, Baker 
and Sivertsen in their study at high frequencies.’ 

The changes in the character of the oxygen-tantalum 
internal friction peak with concentration explain the ap- 
parent anomaly of the carbon peak in tantalum. Where- 
as the carbon and nitrogen peaks in iron occur at 40 and 
24°C respectively, at 1 cps, the corresponding peaks in 
tantalum were reported to occur at the widely separated 


temperatures of 150 and 350°C.!2 It is now evident that 


the peak previously attributed to carbon is really the 


VOL. 3, 2955S 

oxygen peak at low concentrations, and the broad peak 
previously attributed to oxygen is a composite of the 
ordinary and extraordinary oxygen peaks at higher oxy- 
gen concentration. 

This conclusion relative to the peak in 
tantalum was confirmed by the following experiments. 
Chemical analysis indicated the carbon content of a 
degassed specimen to be less than 0.01 weight per cent, 
the limit of the analysis. A wire previously degassed 
was coated with Aquadag and heated at 1100°C for 48 
hours in a high vacuum. Although the carbon content 
was increased to 0.07 weight per cent by this treatment, 
the maximum internal friction was only 0.0023 at 
137°C. This small peak can be readily attributed to the 
absorption of oxygen during carburization, as oxygen 
may have been absorbed on the specimen prior to 
coating with Aquadag. In a second experiment, a 
specimen was coated with Aquadag and heated at 
1800°C for four hours in a high vacuum. In the tempera- 
ture interval from 30—200°C, the internal friction in 
this specimen did not exceed 0.0008, the background 
damping. Chemical analysis later indicated that the 
carbon content of this wire amounted to 0.09 weight 
per cent. It should be pointed out that no carbon peak 
was found in vanadium either.’ Moreover, the activa- 
tion energy of 25,000 cal/mole determined from the 
extrapolated width of the oxygen-tantalum peak at 


“carbon” 


zero oxygen concentration agrees exactly with that 
previously determined for the ‘‘carbon’’ peak while the 
activation energy for the broad oxygen peak was found 


1 


previously to be 29,000 cal/mole.'. 


‘ 


SOME ADDITIONAL EXPERIMENTS 


Zener has considered the strain interaction between 
interstitial solute atoms in body-centered cubic metals.* 
Although his results are not in a form such that they 
can be directly applied to the data obtained in the 
present experiment, they suggested some further experi- 
ments. In order to determine whether a strain inter- 
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Fic. 7. Shift in the oxygen-tantalum peak temperature 
with oxygen concentration. 
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action could give rise to peak broadening, the tantalum 
lattice was strained by other means and the breadth of 
the oxygen peak was observed. The two methods of 
straining considered in this investigation were the 
presence of another kind of interstitial atom (nitrogen), 
and cold work. Although the experimental results leave 
unsettled the question of the nature of the interaction, 
they are nevertheless interesting in themselves and are 
described below. 

In order to examine the effect of the presence of inter- 
stitially dissolved nitrogen on the oxygen internal 
friction peak, three specimens were prepared, all con- 
taining 0.032 weight per cent oxygen. The first specimen 
contained only a residual amount of nitrogen, estimated 
to be about 0.005 weight per cent. The second was 
loaded with an additional 0.04 weight per cent and the 
third with an additional 0.08 weight per cent nitrogen. 
The results of measurements on these specimens are 
found in Fig. 8. The broadening is very great. It should 
be pointed out that because of the large separation in 
temperature between the oxygen and nitrogen peaks, 
the contribution from the tail of the nitrogen peak has 
an almost negligible effect on the measurement of the 
oxygen peak. With nitrogen, the extraordinary peak 
occurs near 175°C instead of near 162°C, as in the case 
of oxygen alone. 

In order to study the effect of cold work, 60-mil wire 
specimens were degassed, loaded with 0.016 weight per 
cent oxygen, cold-swaged to 32-mils diameter, and aged. 
No broadening of the internal friction peak was observed. 
However, other interesting effects associated with 
plastically deformed tantalum will form the subject of 
another report. 


CONCLUSION 


The peak broadening and associated phenomena dis- 
cussed in this report are believed to be rather general for 
interstitial solutions based on the VB elements. A 
number of observations support this belief. A concen- 
tration-dependent skewness was noted in the internal 
friction peak arising from the diffusion of oxygen in 
vanadium.* Close inspection of Ké’s data for the nitro- 
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Fic. 8. The effect of nitrogen in broadening the 


oxygen-tantalum damping peak 


gen-tantalum peak (reference 2, Fig. 1) shows that the 
temperature at 


half the maximum value remains almost invariant with 


which the internal friction equals one- 


changes in the peak height on the low-temperature side 
of the peak. However, the corresponding point on the 
high-temperature side shifts toward higher temperature 
with increasing peak height. Moreover, there is the 
previously mentioned observation of Marx, Baker and 
Sivertsen on the shift in the peak temperature with 
concentration in several solid solutions.’ 
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MECHANISM OF PORE FORMATION ASSOCIATED WITH THE KIRKENDALL EFFECT* 
J. A. BRINKMAN? 


It is shown that a two-dimensional tensile stress is established in Kirkendall-type diffusion specimens on 


the side of the interface suffering a net loss of atoms. In the presence of this stress, voids larger than a critical 


size will grow by absorbing vacant lattice sites when the concentration of such sites is maintained at its 


equilibrium value. A mechanism is proposed by which the tensile stress can nucleate voids of this critical 
size or larger. Thus the proposed mechanism of nucleation and growth of the voids formed in connection with 


Kirkendall-type diffusion experiments can operate without the existence of an excess concentration of 


vacancies. 


MECANISME DE LA FORMATION DE 


PORES ASSOCIE A L’EFFET KIRKENDALL 


Il est montré qu’un état bidimensionnel de contrainte de traction est créé dans |’effet Kirkendall du cété 


de l’interface out se produit une perte d’atomes. Sous l’action de ces contraintes, des vides plus larges qu’une 


certaine dimension critique grossiront en absorbant des lacunes si la concentration de celles-ci est main- 


tenue a sa valeur d’équilibre. Un mécanisme est proposé, permettant a ces tractions de provoquer la germina- 


tion de vides ayant au moins cette dimension critique. Ainsi donc, ce mécanisme de germination et de 


croissance des vides formés dans les expériences de Kirkendall peut se produire sans admettre une sur- 


saturation en lacunes 


MECHANISMUS DER 


PORENBILDUNG IN VERBINDUNG 


MIT DEM KIRKENDALL-EFFEKT 


Es wird gezeigt, dass in Diffusionsproben nach Kirkendall auf der interface eine zweidimensionale Zug- 
spannung entsteht, die einen Nettoverlust an Atomen verursacht. Beim Auftreten dieser Spannung erreichen 
Hohlstellen eine grésse itiber dem kritischen Wert durch Absorption von Gitterleerstellen, wenn deren 
Konzentration im Gleichgewicht gehalten wird. Es wird ein Mechanismus vorgeschlagen, durch den erklart 
werden kann, dass die Zugspannung keimbildend fiir Hohlstellen von oder iiber der kritischen Grésse wirkt. 
Auf diese Weise kann eine Erklirung der Keimbildung und des Wachstums von Poren, die bei Diffusions- 
versuchen nach Kirkendall gebildet werden, ohne Annahme einer Uberschusskonzentration an Fehltstellen 


gegeben werden. 


1. INTRODUCTION 


Seitz' has treated the development of porosity on one 
side of the Kirkendall interface during Kirkendall-type 
diffusion experiments as a result of the condensation of 
a superconcentration of vacancies in a region of the 
diffusion zone about 10~* cm in extent. In order that 
this be the formation mechanism of the voids, it was 
concluded that either (1) the relative excess concentra- 


tion of vacancies must reach values of the order of 
unity, or (2) relatively large voids, imperfections, or 
impurities already exist, which can operate as nuclei 
for voids at relative excess concentrations as small as 
0.01. favored the which 
shown to imply that the average vacancy lifetime was of 
the order of 10 

Balluffi,? in a recent discussion of the formation of 


Seitz first alternative, was 


jumps or greater. 


voids during dezincification of alpha-brass and Kirken- 
dall-type diffusion experiments, concluded that it is 
unlikely that the relative excess vacancy concentration 
exceeds 0.01 over a region as large as that considered by 
Seitz. He favored the second of the above alternatives 
and presented evidence that when impurity particles 
are present, their location determines the location of at 
least a portion of the voids. 

Both Seitz and Balluffi assume that 
excess concentration of vacancies is necessary for a void 


some relative 


* Received August 2, 1954. 
f Atomic Energy Research Department, 
Aviation, Inc., Downey, California 
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to form and grow and that the achievement of a certain 
critical excess concentration in a given region or in the 
neighborhood of a given impurity particle is the cri- 
terion determining whether or not a void will be formed. 
For a given spherical void the critical concentration 
which must be exceeded before the void can grow, 
according to Seitz, is given by 

\ )s 

In = ; (1) 

Nwo kTNr 
where .V, is the vacancy concentration which must be 
exceeded, .\ 
ry is the radius of the void, s is the surface energy of the 


is the equilibrium vacancy concentration, 


void per unit area, .V is the atomic density, & is Boltz- 
mann’s constant, and 7 is the absolute temperature. If 
the nuclei consist of impurity particles, it is conceivable 
that the effective values of ro may be appreciably 
different from the actual physical dimensions of the 
particles when they first begin to grow, due to localized 
strains. However, it would seem that these strains should 
be relaxed before the void grows to twice the size of the 
impurity particle, at which time the actual physical 
radius of the void should become the effective ro. Thus, 
one might expect the effects of any effective 7» values 
large relative to the actual size of the particles to be 
short lived and therefore negligible. According to Seitz, 
an excess vacancy concentration of 0.01 will produce 


growth of only those voids whose effective radius is of 
the order of 1000 atomic distances or greater. Thus, if 
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one accepts Seitz’ criterion for growth, Balluffi’s con- 
clusion that the excess vacancy concentration does not 
exceed 0.01, and the above reasoning, voids with diam- 
eters of the order of 1 micron or larger must somehow be 
established before growth can occur by absorption of 
vacancies. 

Seitz’ criterion for the growth of voids is based upon 
the assumption that the change in energy of the system 
upon absorption of a vacancy by a void consists only of 
the energy decrease associated with the annihilation of 
one vacancy (equal to the vacancy formation energy) 
and the energy increase associated with the extra surface 
area of the void due to its increased size. The possibility 
of a change in the potential energy in the region around 
a void upon absorption of a vacancy in case a stress 
field is present has not as yet been considered. As will 
be shown below, if an appreciable number of the 
(interstitials) 
edge dislocations, then a stress field will be established 


vacancies are annihilated (created) at 


in the region in which the voids are formed; and the 
change in volume energy as well as the change in surface 
energy should be considered in deriving the criterion for 
growth of voids. 


2. CALCULATION OF STRESS IN REGION OF 
VOID FORMATION 


For convenience, the defects responsible for diffusion 
will be referred to in the following discussion as vacan- 
cies, although the arguments presented should be 
equally valid for interstitials. The stress produced by a 
net efflux of atoms from a region of crystal having the 
geometry and 
Kirkendall experiment will be calculated. 

Consider an element of volume, originally in the form 


the constraints appropriate to the 


of a cube, on the side of the interface toward which the 
interfacial markers move. The boundaries of this ele- 
ment are to be considered as being defined by the atom 
sites originally just within and just without the element 
and will shift with time just as the interfacial markers 
shift. After the diffusion zone reaches this element, the 
equilibrium between vacancy flow in and out will be 
destroyed as a result of the pumping action of the 
chemical gradient on the vacancy current. Imagine that 
the particular volume element considered can be isolated 
from the surrounding crystal at any given time, allow- 
ing its dimensions to relax. It will have lost a net number 
AN, of the total number, .\, 
nally contained. These A.V atoms will have been replaced 
by an equal number of vacancies. The vacancies can be 
separated into two groups, A.V; and A.V», the first of 
which will have been annihilated at edge dislocations 


of atoms which it origi- 


while the second will have condensed on voids. The 
vacancies which condense on voids will continue to 
occupy a volume comparable with the volume which 
they occupied as dispersed vacancies, and therefore 
also comparable with the volume of atoms which they 
replaced. The volume originally occupied by the atoms 
replaced by the vacancies which were annihilated at 
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edge dislocations is no longer enclosed by the boundaries 
of our volume element, and therefore the volume of the 
element will have been decreased by A.V, atom sites, to 
these A.V; atoms 
have been furnished at random from the various edge 
the 


a first approximation. Assume that 


dislocations in element. The element will have 


shrunk in a uniform manner such that when removed 
from the crystal, i.e., when no stresses are acting on it, 
the original cubic shape will be retained. The cube edge 
will have shrunk from the original length, /, to a smaller 
length, /—A/. Only first order terms in A/ will be re 
tained. Then one obtains 


Now consider the same volume element again in its 


normal position in the crystal. Each neighboring ele 
ment will experience the same tendency to shrink as 
does this one. However, due to the geometry assoc lated 
with the Kirkendall experiment 
only in the direction of diffusion, 1.e., the 


relaxation can occur 


vertical dire 


tion (the interface and diffusion region are considered 
infinite in extent in the two horizontal dimensions). The 


tendency to relax horizontally will give rise to a hori- 


zontal tensile stress in the rather region below 
the interface from which the net orig1- 
stress in the volume element will now 


nates. This tensile 
be calculated by allowing complete relaxation vertically 
and none horizontally. 

The two equal horizontal tensile stresses, /’, 


he stress-free 


must be applied to the verti faces of 1 
l—Al, 


horizontal edges are equal in length to 


cube of side, lly deform it until the 


the initial length, 


l. are related to the deformation, A/, through the ex 


pression 


where Y is Young’s modulus and o is Poisson’s ratio. 
One can then make use of Eq. (2 


the bulk modulus, &, 


and the relationship 


between Young’s modulus, and 


Poisson’s rat i0. 


Y=3k(1 


to obtain the desired expression for the stress in terms 
of the bulk modulus, Poisson’s ratio, and the fraction of 
atom sites which have been removed from the element 


Here only the two independent elastic constants for 
continuous media, rather than the three or more ol 
crvstalline metals, have been used. The justification tor 


this choice is the fact 


that, as yet, no variation of the 


nature of the observed porosity with orientation of the 


grains has been established 


AN, 3Al 
(2) 
\ l 
i 
Al=| 1—o), 3 
— 20), | 
1—20\ AA 
) 
J 
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Inserting appropriate values in Eq. (5), this stress is 
found to become appreciable for relatively small values 
of A.V,/.V, approaching the yield stress of the material 
for AV,/.V~10-°. Typical Kirkendall experiments yield 
values of A.V /.\ at least two orders of magnitude larger 
than this in narrow regions of the specimens parallel to 
the Kirkendall interface. Therefore a two-dimensional 
tensile stress comparable in magnitude with the yield 
stress of the material will be established parallel to the 
Kirkendall interface within such narrow regions if 1 
per cent or more of the vacancies annihilate at edge 
dislocations and if the assumption is true that the A.V, 
atoms have been supplied equally from all edge dis- 
locations present in the volume element rather than 


preferentially from those of a particular orientation. 


This assumption will be considered in greater detail in 


the following section. 


3. ESTIMATE OF IMPORTANCE OF DISLOCATION 
ORIENTATION 


Contraction of the material in a direction perpendic- 
ular to the Kirkendall interface conceivably could be 
achieved by the annihilation of vacancies predominantly 
at those edge dislocations whose Burgers’ vectors are 
perpendicular to the Kirkendall interface. Such a con- 
traction would be one dimensional and could not tend to 
establish any tensile stress, since relaxation is permitted 
in this direction. At the beginning of the diffusion the 
vacancies will annihilate equally at dislocations of all 
orientations. However, after some of the atoms have 
been removed, a horizontal tensile stress will be estab- 
lished and there will, as a result, be some preference for 
subsequent atoms to be furnished by edge dislocations 
with Burgers’ vectors perpendicular to the Kirkendall 
interface rather than parallel. The magnitude of this 
effect can be estimated as follows. (In this case the 
considerations differ, depending on whether interstitials 
or vacancies are the migrating defects.) 

For the interstitial case, the net efflux of atoms 
originates as interstitials at the edge dislocations of the 
material. The rate of production of these interstitials 
per unit length of dislocation will be proportional 
to exp(—£,/kT), the absolute 
temperature, k is Boltzmann’s constant, and £; is the 


where represents 
energy required to form an interstitial. Nabarro has 
shown’ that the energy necessary for the creation of a 
vacancy at the surface of a crystal will be increased by 
an amount equal to FV, where F is the normal com- 
ponent of the stress (positive for compression) and 
V represents 1 atomic volume. A similar conclusion can 
be drawn for the formation energy of either interstitials 
or vacancies which are created at edge dislocations if 
the corresponding surface is chosen as that containing 
the extra half plane of atoms associated with the edge 
dislocation. Thus, in the present case, the formation 
energy of interstitials at edge dislocations should vary 
from Ey to Ein + FV, the exact value for each dislocation 
depending on its orientation in the stress field, Here Eo 


> 


( 


x1 C 


A; 3, 

is the value of £; in zero stress field. The ratio of the 
rate at which interstitials are created from the disloca- 
tions at which the required energy is least to the rate 
from those at which it is the greatest is given by 
exp(FV /kT), where F is the maximum stress which can 
be achieved due to the fact that deformation occurs. 
Using typical values of the yield strength of the face- 
centered cubic metals at high temperatures for F, a 
maximum value of about 1.02 is obtained for this ratio. 
Thus, for the case of interstitial diffusion, the rate at 
which atoms are supplied from edge dislocations varies 
with the direction of the Burgers’ vector by a maximum 
of about 2 per cent. 

For the case of vacancy diffusion, one is concerned 
with the relative rates of annihilation rather than the 
production of defects at dislocations of different orien- 
tations. As E,, the formation energy of vacancies, is 
large relative to FV and k7, essentially all vacancies 
coming with a given distance of a dislocation (or jog, as 
the case may be) can be considered to be annihilated, 
i.e., the fraction which comes within the range of strong 
attraction and immediately escapes again is negligible. 
A for capture of vacancies per unit 
length of dislocation can therefore be considered. The 


“cross section’”’ 


relationship of this cross section to the applied stress is 
not as simple as the dependence of the vacancy or 
interstitial formation energy on the applied stress; 
however, it seems almost certain that it will be less 
sensitive and that the corresponding ratio of the maxi- 
mum and minimum rates of vacancy annihilation at 
dislocations of different orientations will be less than 
that for interstitials, 1.02. Thus, the assumption that 
the A.\; atoms originate randomly from the various 
edge dislocations seems justified to within 2 per cent, a 
result which is sufficient for the present considerations. 


4. CALCULATION OF THOMAS-GIBBS RELATION FOR 
VOIDS IN A THREE-DIMENSIONAL STRESS FIELD 


The preceding arguments indicate that a tensile 
stress is established in the region of the diffusion zone 
in which the voids appear during a Kirkendall-type 
diffusion experiment. Barnes has demonstrated the 
presence of a stress field in the diffusion zone during such 
experiments.’ The potential energy stored in the strained 
material around a given void by this stress field will be 
a function of the radius of the void (assumed spherical). 
This energy and its dependence on the size of the void 
will be calculated for the case of a three-dimensional 
stress field, rather than the actual two-dimensional 
stress, to simplify the geometry. The result should be of 
the same order of magnitude for either stress field. 

Consider a sphere of material of radius, R, with a 
single void of radius, ro, located at its center The 
vector displacement, £, of any point between the surfaces 


r=r, and r=R must satisfy the equation 
V2E+ 6) 


where A and uw are the conventional elastic constants 


ie 
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relating the elements of the stress tensor to those of the 
strain tensor. The first element of the stress tensor, 
expressed in spherical coordinates, is 


d 
T 
dr 


where a, denotes the unit vector in the radial direction. 
The boundary conditions to be applied are 


at 


r=R, 
and because of the spherical symmetry, 
== a,£,. (9) 


Solving Eq. (6) under these boundary conditions, one 
obtains 
Fro’—2sro?_ 


(11) 
The potential energy stored in the system is given by 


V (ro,R) = ECR). (12) 


The elementary step in the growth of a void consists 
of the formation of a vacancy outside the stress field, 
migration of this vacancy into the stress field to the void 
and its absorption by the void. During this process, 
£,(R) is held constant. Thus F cannot remain constant 
but must be considered a function of rp during such a 
step in the growth of a void: 


One can define F(0) as the stress which would exist if 
the void were to completely dissolve, and the resulting 
vacancies were to migrate out of the stressed region. 


Then the condition that £,(R) remains constant can be 
applied to obtain the dependence of F on ro: 


F (ro) = (13) 
(1/2)ro° 


The energy stored in the stress field is then found to be 


2rR*®F F (0) 
V (70,R) = (14) 
(1/2)r¢° 


The change in this energy due to the presence of the void 


is given by 


AV =V (ro,R)— V (0,R). (15 


When R is appreciably greater than ro, AV is approxi- 
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mately 


This expression represents the volume strain energy 
associated with a given void of radius, 7». As seen from 
Eq. and F(ro) are nearly equal when R>r 
Therefore, in Eq. (16), F(0 


stress present in the material. 


can be taken as the actual 


The change in AV per vacancy absorbed is 


d(AV) 
3h 17) 
dn (A+ 2p) 


where .V represents the atomic density and n the number 


of lattice sites included in the void. The change in the 


surface energy of the void, S, per vacancy absorbed is 
18) 


Therefore, when a stress field is present, a volume energy 
term as well as the surface energy term considered by 
Seitz should be included in the Thomas-Gibbs relation, 


giving 


(0) 


3F(0)— VkT. (19) 


$(A+ 2p) 


If F(O) is taken to be of the order of 10° dynes/ cm’, 
this quantity changes sign for copper when ry~10™* cm. 
“effective 


This value of 7» is not too different from the 


radius” of the nuclei which Seitz and Balluffi found it 
necessary to assume if the excess concentration did not 
exceed 0.01. Thus, once nuclei of this effective radius 
are formed, no excess concentration is required for their 
growth, according to Eq. (19), if a stress field of sufh- 
cient strength is present. » next section a mecha 
nism is proposed by which the stress field can nucleate 
voids in the absence of any excess vacancy concentra- 


tion. 


5. PROPOSED NUCLEATION MECHANISM FOR VOIDS 


The two-dimensiona! tensile stress which 
lished in the diffusion zone will 


produce some sort of deformation of the material 


become sufficient 


more than 1 per cent of the vacancies are annihilated at 


edge dislocations, a situation which seems _ highly 
probable. Smith‘ 
tion under such a stress in an early attempt to explain 
the Kirkendall effect. 
arise from the change in lattice parameter, while that 


efflux of atoms 


has considered the case of deforma- 


His stress field was postulated to 


considered at present arises from a net 
from a region of the crystal. The results, however, should 
be equally valid in the present case. 

Smith points out that slip can occur but will be more 


difficult than in the case of a one-dimensional stress, due 
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to the additional constraints (hence the assumed value 
of 10° dynes/cm? for the tensile stress in Section 4, 
a value somewhat higher than the observed yield stress 
for polycrystalline copper pulled in uniaxial tension at 
high temperature®). Furthermore, he points out that it 
cannot completely relieve the local strain. He suggests 
that the most probable deformation mechanism is 
fissuring on a microscale in a manner analogous (except 
for crystalline directionality) to the cracking of a mud 
flat on drying. Such local cracking requires less energy 
than the extended slip required for relaxation of the 
stress through plastic flow. 

Such fissures, when formed, would be long and narrow 
in shape but would rapidly shrink by surface diffusion 
minimizing their surface area. Thus, within a short 
time after their formation they should be nearly 
spherical in shape (or polyhedral if the influence of 
crystalline structure is sufficiently strong). These holes 
could conceivably be large enough for growth to con- 
tinue by absorption of vacancies, even in the presence 
of no excess vacancy concentration. Thus it 
possible that the voids may be nucleated and grow 


seems 


without requiring the vacancy concentration to deviate 
from its equilibrium value in any region of the material. 
The vacancies could all annihilate at edge dislocations 
until voids were nucleated by the fissuring process, at 
which time the flow of vacancies could separate into two 
parts, some going to voids and others to edge disloca- 
tions. 

Let us now consider the details of the fissuring process 
in an effort to understand the distribution of the voids. 
When local regions of greater than average stress con- 
centration are present in the material, the fissures 
would be expected to start in such regions. If impurity 
particles are present, the stress field should be more 
concentrated around them; hence, it is possible that 
impurity particles will act in the same manner as the 
pre-existing cracks which Griffith’ assumes to be present 
in amorphous materials. Thus fissures may start at 
impurity particles and extend away from them under 
the action of the tensile stress. Ballufh’s observation 
that the location of the voids is influenced by the 
location of impurities is in agreement with this concept. 
A random distribution of impurity particles in the void- 
formation region might be expected to produce a 
random distribution of voids, according to this picture. 
Suppose, however, that no impurity particles are present 
and that localized stress concentrations therefore can- 
not be established. The region of maximum stress will 
then be the neighborhood close to a plane parallel to 
and moving away from the Kirkendall interface. It 
seems likely in this case that slip will commence before 
fissures develop. The slip pattern in this case will be 
rather complex, in view of the constraint requiring the 
deformation in two dimensions to be the same, even 
within grains. Multiple slip must occur from the very 
beginning of the deformation. Furthermore, only that 


portion of each slip plane which lies in the stressed 
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Fic. 1. Piling up of dislocations on slip planes near the edges of the 
stressed region of crystal within a single grain. 


region can undergo slip. That is, the slip lines must 
terminate within the grains, rather than at grain bound- 
aries. For low strains this results in plastic bending, and 
gives an orientation difference between the material in 
the stressed region and the remainder of the grain. This 
has been discussed by Mott,* and is illustrated sche- 
matically in Fig. 1 for the present situation. The diag- 
onal lines represent slip planes, and the part of each 
slip plane in the stressed region has undergone slip, 
producing the resultant piling up of dislocations as 
indicated. Only a single slip system is shown, but 
others must operate simultaneously in the same region 
of crystal, producing dislocations of different orientation 
which tend to impede the motion of those shown. 

Stroh’ has investigated the formation of cracks in the 
neighborhood of such piled-up groups of dislocations. 
He concludes that in the presence of an applied stress of 
the magnitude occurring in cold-worked metals, cracks 
should form when the groups each consist of about 1000 
dislocations. He further points out that it is reasonable 
to expect that such piled-up groups of dislocations will 
occur in cold-worked metals. In the present case, the 
stress will probably be at least as large as the typical 
value used by Stroh, since the occurrence of multiple 
slip requires a higher stress than single slip and, in 
general, higher biaxial] than uniaxial stresses are required 
to initiate slip. During cold work, dislocations appear to 
be produced by Frank-Read generators in avalanches, 
each containing of the order of 1000 dislocations." 
Theory indicates that this number may be as small as 
300." When such an avalanche of dislocations ap- 
proaches the edge of the stressed region, it will “‘pile 
up” against other such groups on intersecting slip 
planes. If the avalanche consists of as many as 1000 
dislocations, it seems quite probable that a crack will 
develop immediately, as described by Stroh, producing 
the necessary nucleus for further growth of a void in 
the presence of the equilibrium vacancy concentration. 
Even if there are only 300 dislocations in the avalanche, 
it may be possible for a crack to form by Stroh’s 
mechanism, since the stress may be somewhat greater 
than he assumed, and two or more colliding avalanches 
of dislocations may produce additive effects in the 
area of intersection. 

Let us now consider the other alternative—that the 
piled-up avalanche of dislocations is stable and unable 
to produce a crack immediately. Assuming 390 dis- 
locations per avalanche, Stroh’s equation (9) indicates 


SS, 
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that, in the region within 100 A of the lead dislocation, 
the stress is of the order of 10" dynes/cm?. In the pres- 
ence of a tensile stress of this magnitude, Eq. (19) 
indicates that voids with “effective radii” of only 10 
atom distances will grow in the presence of the equi- 
librium vacancy concentration. The nucleation of such 
small voids by condensation of a superconcentration of 
vacancies requires the existence of an average excess 
vacancy concentration over distances only as large as 
10~® cm. Since the region in which the excess concentra- 
tion must be maintained is this small, it is still possible 
for the average vacancy concentration to be main- 
tained at its equilibrium value over distances as small 
as 10~* cm, as is indicated by the fact that no deviations 
from the /? dependence of the diffusion have been ob- 
served as yet. One might also postulate the pre-exist- 
ence of defects or impurities whose effective radii are of 
the order of 10 atom distances. Thus, if cracks are not 
formed immediately by the piled-up groups of disloca- 
tions, these groups can still be effective in nucleating 
voids. 

From the preceding arguments it seems that, in the 
absence of any impurity particles, voids should still 
be formed and should be located in a more or less well- 
defined layer parallel to the Kirkendall interface. They 
should also be more uniform in size than those nucleated 
at impurity particles. This seems to agree with the 
pattern of voids observed by Barnes,‘ and is in accord 
with the suggestion made by Balluffi? that Barnes’ 
material was of higher purity than that of other workers. 

The experiments of Kuczynski and Alexander” pro- 
vide further evidence that it is the two-dimensional 


tensile stress which, in the presence of the constraints 


present in Kirkendall-type diffusion experiments, is 
responsible for the formation of the voids. The con- 
straint considered was the absence of any relaxation of 
the material parallel to the Kirkendall interface. This 
constraint would not be applicable if the interface could 
not be considered infinite in extent in two dimensions, 
i.e., if the width of the interface were not large relative 
to the thickness of the diffusion zone. The experiments 
of Kuczynski and Alexander, where the 
initially is essentially a line, provide such an example. 


interface 


Since the interface in this case is narrow, the material 
in the stressed region can relax inward from the sides, 
giving rise to the development of “‘pits’’ at the surface. 
Since, during diffusion, the region of maximum tensile 
stress moves progressively farther from the Kirkendall 
interface, the pits should progress inward and away 
from the interface, giving rise to “digging” of the nature 
observed by Kuczynski and Alexander. Furthermore, 
they observed no voids, a result which is in contradic- 
tion to the normal expectation if voids are formed by 
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vacancy condensation. If voids were present, they 
should have been readily observable. Seith and Kott- 
mann,’* using larger specimens, observed the develop- 
ment of pits at the edge, as well as voids in the center. 


6. CONCLUSIONS 


The fissuring mechanism for nucleation of voids seems 
to explain better the experimental observations of 
Kuczynski and Alexander,” Seith Kottmann," 
and Barnes,‘ in particular, than does a vacancy con- 


and 


densation mechanism. It does not depend on the 
presence of impurity particles but will be influenced by 
them if they are present. It also offers a mechanism for 
the development of voids of sufficiently large radii for 
growth to continue, rather than postulating the pre- 
existence of nuclei with appropriate “effective radii,” 
as is necessary with a vacancy condensation mechanism 
if Balluffi’s conclusions are correct. 

The present modification of the growth criterion for 
voids permits growth of sufficiently large voids without 
any excess vacancy concentration. Therefore, if the 
presently proposed nucleation and growth mechanisms 
for voids are correct, no conclusions concerning the 
lifetime or relative excess concentrations of vacancies 
can be drawn from observations of voids formed during 
Kirkendall-type diffusion experiments. This conclusion 
the voids should 


is evident when one considers that 


form and grow even if the vacancy concentration is 
maintained at its equilibrium value and that the process 
should not depend strongly on any excess concentration 


which may be present. 
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A UNIAXIAL STRAIN MODEL FOR A LUDER’S BAND* 


E. W. 


\n investigation of the plastic properties of Liider’s bands in tensile test specimens leads to a relatively 
simple description of those properties of the band which may be termed classical. It is shown that the 
mechanism which is responsible for the propagation of the band and which determines its velocity is inde 
pendent of the classical plastic properties. 

\ model is proposed to explain the load-elongation test behavior for a wide range of types of materials 


which exhibit yield point phenomena in one form or another. 
UN MODELE POUR LES LIGNES DE LUDERS 


L’étude des propriétés plastiques des lignes de Luders dans les éprouvettes de traction conduit 4 une 
description relativement simple de leurs propriétés que l’on désigne dans cet article sous le terme de “‘clas 
siques.”’ Il est montré que le mécanisme responsable de la propagation de des bandes, et déterminant sa 
vitesse, est indépendant des propriétés plastiques classiques. Un modéle est proposé pour expliquer le palier 


pour les divers matériaux qui présentent ce phénoméne sous une forme ou sous une autre. 


EIN EINACHSIGES SPANNUNGSMODELL FUR LUDERSSCHE LINIEN 


Eine Untersuchung der plastischen Eigenschaften Liidersscher Linien in Zugversuch fiihrt zu einer 
relativ einfachen Beschreibung derjenigen Eigenschaften der Linien, die als klassische bezeichnet werden 


kénnen. Der Mechanismus, der fiir die Fortpflanzung und die Geschwindigkeit der Linien bestimmend ist, 


ist unabhingig von den klassischen plastischen Eigenschaften. 


Es wird ein Modell vorgeschlagen, 


um die Zusammenhinge von 


Last und Verlingerung beim Zug 


versuch fiir eine grosse Anzahl verschiedener Materialien zu erklaren, die in der einen oder anderen Form 


eine Streckgrenze zeigen 


I. INTRODUCTION 


Liider’s line deformation is the characteristic mode of 
deformation in the vicinity of the yield point for many 
metals exhibiting a yield point. In this process a narrow 
band of strain is initiated at some point in a tensile 
specimen, and this grows to a steady-state band which 
propagates along the specimen at relatively low velocity 
until the entire specimen is strained by the amount 
corresponding to the maximum strain in the band. A 


prominent characteristic of deformation of this type is 


that the load-extension curve of a specimen deforming at 
constant extension rate in this mode is relatively flat 
during the progress of the band. In other words, the 
Liider’s band propagates at some steady-state velocity 
at a constant load. 

There has not appeared yet in the literature any 
model which would describe the steady-state structure 
of the Liider’s band and the dependence of its shape on 
the band velocity and the intrinsic stress-strain proper- 
ties of the material. The purpose of this note is to pre- 
sent a simple model under the assumption of uniaxial 
strain. This assumption is certainly not justified for all 
regions of the band. However, there is no reason why 
the general features should not be adequately repre- 


sented in this fashion. 


II. DERIVATION OF THE BASIC EQUATION 


Consider a tensile 
load P. Static equilibrium at any distance / along the 


specimen to which is attached a 
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New York 


specimen requires that 
P=aA 1) 


where A is the cross section at / and a is the tensile stress 
at the same point. Since Eq. (1) must hold simulta- 
neously at all points /, the variation of P asa function of 
/ must be zero. Thus 


+ (da/ de). (dé dl) |+oe dA/dl). (2) 


Here ¢ is the natural strain and € the strain rate at /. 
The material is assumed to satisfy a classical stress- 
strain-strain rate relationship everywhere except where 
it is just going through the yield point, i.e., o is a unique 
function of € and € and, perhaps, of the previous strain 
and strain rate history. Now. 


(1/A)(dA /dl) = —de dl, 


and so 
(dé/dl)/(de dl)=[o- de): | ‘(0a /0€)¢. (3) 


In order that a steady-state configuration hold such 
that every point of the Liider’s band appears to move 
with the velocity v along the specimen it is necessary 
that at each point 


€=v(de dl). (4) 


Substituting Eq. (4) into Eq. (3), and denoting differ- 


entiation with respect to / by primes, we obtain our 
final equation, 


=| (5) 


The solution of this equation under appropriate bound- 
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ary conditions will give the shape of the Liider’s band 
(e as a function of /) as it depends on 2 and the intrinsic 
plastic properties of the material. 

The boundary conditions which must be imposed 
depend in part on the physically observed character- 
istics of the band and their interpretation. The most 
obvious boundary conditions would be that € shall be 
zero at the leading edge of the band (we shall take this 
point to be /=0) and that €’ shall go to zero in the tail 
of the band (for />>0). Actually, however, the proposed 
boundary condition on e¢’ for large / is not an inde 
pendent boundary condition but, instead, either is or is 
not a property of the solutions of (5). It therefore merely 
prescribes the condition under which a steady-state 
Liider’s band will be present. It is readily verified that 
this condition is simply that the right-hand member of 
Eq. (5) be negative as € approaches its maximum value 
in the band. The value of the strain e¢ for large / is, 
incidentally, determined by the applied load and the 
static stress-strain relationship which may hold when 
é is zero or small. Another boundary condition is 
then, to determine the solution, and_ this 
condition can be that e’ or € have a specified value at 
J=0. There is then a discontinuity of ¢«’ at /=0. A 


needed, 


condition such as this implies that a classical stress- 
strain relationship fails at the advance edge of the band 
and Eq. (5) cannot be satisfied at that point. 


Ill. AN ILLUSTRATIVE EXAMPLE 


These ideas are best illustrated by solving as an 


example a highly oversimplified material which has the 


plastic properties given by 
o=0, exp(K,e+ Kee) 6 


over the range of ¢ and € comprised in the band with the 
exception of the singular state of strain at the band 
edge. The unusual! form of the dependence of ¢ on « for 
constant € which is adopted here is chosen entirely for 
mathematical simplicity. For the small range of € which 
is encountered in a band, this dependence is essentially 
linear and therefore justifiable. It is not implied that 
this type of dependence may describe the stress-strain 
curve for much larger strains. Fquation (5) can be 
rewritten in the form 


(Ine’)’=(1 — (0 |/(0 Ina /de 


Formula (6) yields for the right-hand member the value 
(1—K,) 


vK»2) which we may designate by the symbol 
v. The solution is, then 


e= (€)/K)[1—exp(— 


where the zero subscript on € denotes the value 
1=0. The maximum strain ¢; in the band occurs 
large / and is given by 


€ K. 9 


This strain must be determined by the applied load and 
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so is not an independent parameter. For completeness, 
let us evaluate e, for our simplified model. If the initial 
then the 


stress due to the applied load is oo, when e=0, 


stress a), when Is given by 


=o) 10 


and, for €=0, Eq. (6) becomes 


expA €}. 11 


Equations (10) and (11) yield a value for e; given by 


K, 1 


which shows a rather weak dependence on o 

This leaves one independent parameter, 7, to 
scribe the nonclassical behavior of the material at 
leading edge of the band, everything else being 


scribable classically. 
IV. DISCUSSION AND FURTHER CONSIDERATIONS 


A curious feature of the stress-strain relationship in 
the Liider’s band is that the strain rate everywhere in 
the band must be just that which will make the stress 
satisfy the equation 


expe. 13 


This, 


of course, is not the stress-strain relationship for 
the material for any constant 


strain rate, but is the 


relationship for the special strain-strain rate history 


which the material undergoing Liider’s deformation 


follows because of the geometric requirements of the 
problem. This is in contradiction with the stress-strain 
properties which Gensamer' postulated for materials 
which deform by Liider’s strain. Gensamer proposed hta 


the Liider’s lines would form for materials with a yiel 


portion the Stress- 


point and for which the initial 
curve was characterized by the relationship 
and thé 


strain 
da/de:< it the Liider’s strain would end at the 
strain for which da/de=c. The treatment of the present 


study shows, however, that da/de=o everywhere in the 


band during the Liider’s strain a1 the maximum 


strain in the band is determined o1 y by the app ied 
load. Note that one 


in this paragraph rather than the partial derivatives of 


is concerned with total derivatives 


previous sections. 


One is naturally led now to a consideration 
mechanism which causes the propagation of tl 


band and which might explain the dependence 


oo. It is frequently suggested that static stress concen 
tration at the edge of the band is the feature of the band 
responsible for its propagation. Such a view cannot be 


Hall 


through a specimen 


supported since Sylwestrowicz and have shown 
that, if a band is stopped midway 
by removing the load, and the specimen is then fully 
aged, the band edge will not subsequently propagate, 
but instead a new band may nucleate under raised stress 
at the same grip at which the original one started and 


will then propagate fully through the specimen 


le 
ae- 
the 

— 
| oT 
8 
al 
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Fic. 1. The general form of the dependence of Liider’s band 
velocity v on the applied initial stress ao. 


The considerations of this paper offer no explanation 
of the dependence of v on o». The existence of such a 
relationship has been shown, however, by the measure- 
ments of Sylwestrowicz and Hall? and by Fisher and 
Rogers. The general features of such a dependence 
are shown very roughly in Fig. 1. The y—o» relationship 
can be expected to depend on the alloy composition, 
grain size, temperature, and state of strain hardening of 
the specimen. To this relationship we might add the 
that the apparent breadth of the 
by a 


result from Eq. (8 
Liider’s band, which we might call A, is giver 
relationship of the form 


A\=0/K., (14) 


If 2 is small, we expect the band to be very sharp, and 
if v is very large, the band should be quite diffuse per- 
haps broader than the specimen length so that the band 
does not even achieve its steady-state form. 

These two features lead to a rather simple explanation 
of the presence or absence of Liider’s line deformation 
and the attendant characteristic load-extension curves 
in various specimens. Consider, for example, three 
specimens with different »—oo curves as shown in Fig. 2, 
and designated severally as specimens A, B, and C. Let 
an applied initial stress 7; be applied to each and be 
appropriate to nucleate one localized yielded region in 
each in a time comparable to the duration of the experi- 
ment. Specimen B will produce a classical Liider’s band, 
which would result in an observable drop in load and 
flat extension region if this were a constant strain rate 
experiment. Specimen C will yield locally, producing 
some extension, but since the stress is not sufficient to 
propagate a steady-state band, further extension must 
wait on further localized nucleation. The yielded region 
is of very small extent, and, if this were a constant ex- 
tension rate experiment, a random jerky load-extension 
curve would result in which sudden drops in load would 
alternate with short sections of homogeneous strain in 
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the just yielded region as that region strain hardens up 
to the next yield stress. A typical example of this might 
be the jerky flow of 6-brass crystals as reported by 
Ardley and Cottrell.4 Specimen A will yield almost 
homogeneously from the beginning since the band will 
travel too fast to be observed. In fact the breadth of the 
steady-state band may be so much larger than the 
specimen length that the band may not even reach a 
steady-state configuration. It might be expected that, 
if the applied stress were reduced to the amount a», a 
Liider’s band would now nucleate after a sufficiently 
long waiting time and that subsequent behavior of the 
same kind as specimen B would result with a band 
velocity appropriate to a2. The measurements on iron 
single crystals under static loading as reported by 
Gensamer and Mehl*® might be an example of this case 
with interim strain aging as suggested by those authors. 
In constant extension rate test such a specimen would 
yield so fast that the elasticity of the machine and 
specimen might prevent the observation of a drop in 
load, especially since only a very small Liider’s strain 
would be required in the band to follow the imposed 
extension rate because of the high 2. 

To supplement this picture it is proposed that the 
band velocity for a given stress is reduced by strain 
hardening and by refinement of grain size. 

It might be well at this point to note that the serrated 
load-extension curves predicted for specimen C above 
should not be confused with the serrated curves which 
may accompany Liider’s lines in strain aging alloys such 
as that described for aluminum by McReynolds.® 
Cottrell’ has shown the feasibility of explaining these 
serrations as a result of strain aging although he does 
not present any explanation for the apparent anomaly 
of the occurrence of aging during plastic straining. It 
seems clear, nevertheless, that the aging must be occur- 
ring in the tail of the Liider’s band where no straining is 
going on. Thus if a time 7 is required for strain aging 
and the band velocity is 7, at any instant of progress of 
the Liider’s band, all the strained material further behind 
the Liider’s front than a distance 27 is strain aged. When 
the band front reaches the end of the specimen, homo- 


% 


Fic. 2. Assumed v—a» curves for three different specimens, 
all to be loaded at a. 
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geneous strain proceeds in a specimen length v7 imme- 
diately in back of the end until that portion is strain- 
hardened up to the yield stress of the aged section at 
which time another band is again nucleated. The homo- 
geneous flow region seems to have a steep stress-strain 
behavior since all measurements and extension rates 
are referred to the full gauge length of the specimen, 
whereas the true gauge length for that portion of flow is 
only 27. 
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DETERMINATION DES SOUS-STRUCTURES DANS LES MONOCRISTAUX METALLIQUES 
A L’AIDE DES RAYONS X* 


H. LAMBOT}, L. VASSAMILLET?}, J. DEJACEt 


e sous-structure dans les monocristaux métalliques 4 l’aide de la technique de 


raction des rayons X proposée antérieurement par les auteurs" est actuellement discutée. La méthode est 


capable de mettre en évidence des sous-grains assez parfaits dont la taille est de l’ordre de quelques dizaines 


de microns et dont la désorientation mutuelle est au moins de l’ordre d’une minute d’arc. 


L’étude de monocristaux d’aluminium 


99.99°7 et 99.95% 


» partie de la matrice est fragmentée en domaines possédant une bonne perfection interne 


déformés de quelques pour cent par traction a 


is que le reste donne lieu 4 un fond diffus dans les taches de Bragg 


/influence des traitements de revenus est la suivante: (a 


dessous de 450°C environ (aluminium raffiné 


et 550°C environ 


le fond diffus disparait progressivement en 


aluminium a 99.95°7); (b) au-dessus de ces 


températures, la croissance de certains sous-grains pratiquement parfaits est le phénoméne prépondérant. 


DETERMINATION OF SUB-STRUCTURES IN METAL SINGLE 


CRYSTALS BY MEANS OF X 


technique originally proposed by the authors! 
essentially 
is at least of the order of one minute of ar« 
The study of aluminium 

n that one ] [ 

rest gives a diffuse background 


The effect » heat treatments is as follows: 


about 450°C (pure aluminium) and about 550°C (99.95° 


growth of certain almost perfect 


BESTIMMUNG DER 


MIT HILFE VON 


1s disc ussed in detail 


monocrystals (99.99% and 99.95°¢, 


SUBSTRUKTUR 
RONTGENSTRAHLEN 


RAYS 


The method is capable of revealing 
} 


perfect sub-grains whose size is of the order of tens of microns and whose mutual disorientation 


deformed by a few per cent in tension has 


matrix is fragmented into domains possessing a high internal perfection while 
in the Bragg reflections 


1) The diffuse background disappears progressively below 


aluminium 2) above these temperatures the 


sub-grains is the outstanding phenomenon 


METALLISCHER EINKRISTALLE 


Die von friiheren Autoren! vorgeschlagene MOglichkeit, die Substruktur metallischer Einkristalle mit 


Hilfe 
Subk6rner mit idealem Aufbau 
Orient 
99.99% und 99.95% 


einer besonderen 


sichtbar zu 


Teil der Probe in Gebiete mit 


hwirzung in den Bragg-Reflexen Anlass gibt 


R6ntgentechnik aufzufinden, wird erneut diskutiert 


machen, deren 


Die Methode erméglicht es, 


Grésse einige Zehner betrigt und deren 


ierungsabweichung geringer als eine Bogenminute ist. Die Untersuchung von Aluminium Einkristallen 
m einige prozent durch Ziehen verformt worden waren, hat gezeigt, dass ein 
idealem Gitteraufbau aufgespalten ist, waihrend der Rest zu einer diffusen 


te Erscheinung das Wachstum bestimmter Subk6rner 


1. INTRODUCTION 


Le probléme des sous-structures dans les cristaux 
métalliques a fait récemment |’objet d’une mise au 
point par Guinier.! 

Cette question a été essentiellement abordée par deux 
voies différentes (micrographie et diffraction des rayons 
X) qui ont révélé des fragmentations de nature et de 
taille assez variables. 

Les méthodes basees sur l’emploi des microscopes 
optique et électronique sont évidemment les plus 
directes puisqu’elles permettent |’examen topographique 
d’une matrice monocristalline divisée en un certain 
nombre de domaines particuliers limités par des con- 
tours fermés. Par contre, ces techniques ne sont pas 
particuliérement sensibles aux désorientations réticu- 


laires internes et au degré de perfection géométrique des 


* Received August 13, 1954 
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différentes parties du cristal. Nous ne pouvons évidem- 
ment discuter tous les résultats obtenus dans ce sens. 
Nous nous contenterons seulement de rappeler que 
certains travaux récents ont tenté d’élargir quelque peu 
la notion classique de sous-grain (région 4 contour fermé 
a l’intérieur d’un grain) en la rattachant directement au 
mécanisme du glissement lui-méme (région comprise 
entre deux bandes de glissement successives). Cette 
conception moins simpliste semble devoir permettre une 
meilleure interprétation des faits en accord plus étroit 
avec certaines fragmentations mises en évidence par 
diffraction des rayons X.” 

La définition précise et la mise en évidence des sous- 
structures par la radiocristallographie sont un peu plus 
délicates puisqu’elles ne reposent plus, généralement, sur 
une analyse topographique.* Leur existence a d’abord 
été invoquée d’une maniére tout a fait indirecte pour 
rendre compte de l’intensité diffractée par les cristaux® 
ou pour interpréter |’élargissement des raies de Debye- 

*La technique de “mic roscopie par rayons Y” de Barrett, 
signalée plus loin, est une exception trés importante a cette régle 
générale. 
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montré qu’un 
tan 
The possibility of detecting a sub-structure in metal single crystals by means of an X-ray diffraction 
Sc 
Der Einfluss der Anlassbehandlung ist folgender: a) unter etwa 450°C (raffiniertes Aluminium) und etwa 
. 550°C (99.95%) verschwindet der diffuse Untergrund allmahlich; b) oberhalb dieser Temperaturen ist die 
au gs 
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Scherrer obtenues avec des matériaux écrouis.‘ Elle a 
été ensuite suggérée d’une maniére plus tangible par 
certaines applications de la méthode habituelle de 
Laue.°:* Enfin, les techniques de Barrett,’ de Guinier- 
Tennevin,* de Gay-Hirsch et leurs collaborateurs’:’ ont 
apporté des preuves plus directes de |’existence de 
certaines fragmentations dans les grains métalliques. 
Simultanément, |’interprétation des spectres de Debye- 
Scherrer est devenue beaucoup plus claire et précise a 
la suite des travaux de Warren-Averbach" et Bertaut." 
Toutefois, les résultats obtenus a |’heure actuelle 
présentent encore une diversité appréciable et il nous 
parait impératif de préciser clairement les conditions 
dans lesquelles de telles sous-structures sont observées. 
Les techniques de diffraction des rayons X peuvent, a 
des degrés variables, établir une distinction entre deux 
parties d’un méme grain a partir de leur désorientation 
relative, de leurs différents degrés de perfection géo- 
métrique et éventuellement de leur différence de 
pouvoirs d’extinction. La sensibilité particuliére d’une 
technique vis-a-vis de |’un ou |’autre de ces facteurs lui 
permettra de détecter des types de sous-grains qui 
échappent aux autres techniques. Ainsi la méthode de 
Guinier-Tennevin séparera aisément deux régions d’un 
méme grain décalées d’un angle aussi faible qu’une 
minute d’arc, mais a4 la condition que la taille de ces 
domaines ne soit pas inférieure 4 une centaine de 
microns et que leur imperfection interne ne soit pas 
trop grande. Au contraire, la technique du micro- 
faisceau atteindra des sous-grains, méme relativement 
imparfaits, de taille aussi petite qu’un micron, mais elle 
ne posséde pas une aussi bonne sensibilité aux faibles 
différences d’orientation. Les deux types de fragmenta- 
tion ainsi révélés sont donc, a priori, de nature diffé- 
rente correspondant, par exemple, 4 ce que Julien et 
Cullity® appellent macro- et micro-fragmentation. 
Dans un article récent,'* nous avons proposé un autre 
dispositif utilisant la diffraction rayons X et 
permettant également la mesure des faibles désorienta- 
tions réticulaires dans les monocristaux. Utilisable aussi 
bien en réflexion qu’en transmission, la méthode posséde 
une sensibilité légérement inférieure 4 celle de Guinier- 
Tennevin, mais néanmoins excellente en pratique. Dans 


des 


le présent article, nous voudrions envisager les possi- 
bilités qu’elle offre dans le probléme de la détection des 
sous-grains. 


2. SENSIBILITE DE LA TECHNIQUE VIS-A-VIS DE LA 
TAILLE DES SOUS-GRAINS 


Nous avons précédemment montré comment l’utili- 
sation d’un faisceau convergent et mondchromatique 
irradiant une bande étroite d’un monocristal permettait 
d’y différencier diverses régions sur la base de leurs 
désorientations relatives ou de leurs différences de 
perfection géométrique. Pour ¢tablir une correspon- 
dance absolue entre les sous-grains observés par voie 
micrographique et les fragmentations mises en évidence 


par la diffraction des rayons X, il serait nécessaire de 
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savoir avec précision quelles sont les limites d’imper- 


désorientation relative entre 
méme 


nettement in- 


fection interne et de 


lesquelles diverses parties d’un monocristal 
“sous-grains”’ 


acquiérent la qualité de 


dividualisés. Il est malheureusement impossible de 


résoudre complétement ce probléme actuellement et 
c’est ce qui a conduit Guinier! 4 adopter des conditions 
trés restrictives pour |’établissement d’une corrélation 
entre les sous-grains observés aux microscopes optique 
et électronique et les domaines détectés a |’aide des 
rayons X. 

Les meilleures conditions expérimentales dans les- 
quelles nous pouvons certainement invoquer |’existence 
d’une sous-structure sont réalisées lorsque les taches de 
Bragg observées avec notre dispositif sont fragmentées 
en un nombre limité de stries trés fines. I] nous est 
possible de séparer des stries d’environ 0.1 mm distantes 
de la méme valeur. Cela signifie (pour une distance 
film-échantillon d’un métre 
en évidence des domaines faisant entre eux un angle de 


que nous pouvons mettre 


ordre d’une minute d’arc et dont la désorientation 


interne est également de cet ordre. 

La largeur d’une tache de Bragg enregistrée 4 un 
métre avec un faisceau d’un degré d’ouverture est au 
maximum de deux centimétres (si |’imperfection de la 


irradiée atteint cette valeur). 


hauteur du 


zone De plus, si l’on 


utilise toute la faisceau issu du mono 
chromateur, on obtient une tache de plusieurs centi- 
métres de hauteur (~6 cm). A un niveau quelconque 
d’une telle tache, il est donc théoriquement possible de 
dénombrer une centaine de stries du type décrit ci 
dessus. La divergence verticale du faisceau a pour ré 
sultat pratique d’allonger les stries jusqu’a environ deux 
centimétres. Nous pouvons donc, grosso modo, dénom- 
brer 300 stries sur toute |’étendue d’une telle tache. 
Rapporté au volume irradié, ce nombre permet d’obtenir 
une valeur moyenne approchée du volume occupé par 
un sous-grain. 

A titre d’exemple, pour un volume irradié d’environ 
1-5-10 


dimension linéaire décelable, calculée par ce moyen, est 


* cm’ dans un cristal d’aluminium, la plus petite 


de l’ordre de 35 microns. 
[| apparait toutefois que cette 
trés probablement 4 une valeur théorique trop grande. 


estimation conduit 


En effet, le dénombrement des stries verticales (dans 
l’excellent 


une tache de Bragg équatoriale) repose sur 


pouvoir de résolution que présente la technique pour les 


faibles décalages angulaires autour d’un axe vertical 


paralléle aux plans réflecteurs. Les sous-grains claire- 


ment décelables sont 
réflecteurs absolument 


l’un par rapport a l’autre une faible rotation autour de 


ceux pour lesquels ces plans 
verticaux ont seulement subi 
l’axe vertical. I] est facile de voir que des domaines 
identiques ayant subi, par rapport aux premiers, de 
légéres rotations autour des deux axes horizontaux 
respectivement paralléle et perpendiculaire aux plans 
réflecteurs, donneront naissance a des stries qui se 
superposeront aux premiéres (qu’elles pourront tout au 


Lie 
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plus allonger de maniére imperceptible). I] pourra en 
étre de méme de certains sous-grains d’orientation plus 
complexe dont la composante horizontale de désorien- 
tation identique au décalage angulaire des sous-grains 
du premier type conduira de nouveau a une super- 
position de stries. 

qu’un 
méme nombre de stries est obtenu pour les différentes 
taches de Bragg d’un méme cristal maintenu dans le 


Les observations expérimentales montrent 


méme état physique. La distribution des sous-grains est 
donc pratiquement la méme autour des différents axes 
et il parait légitime de penser qu’une quantité non 
négligeable de sous-grains échappent a |’examen d’une 
seule tache de Bragg (superposition de plusieurs stries). 

La maniére la plus optimiste de traiter le probléme 
consiste 4 repérer, 4 un méme niveau de la tache, les 
stries paralléles ayant la méme longueur et ne subissant 
aucun décalage en hauteur. Si |’on suppose que toutes 
ces stries sont produites par les sous-grains d’une seule 
couche simplement tournés mutuellement autour de 
l’axe vertical, on obtient dans les conditions précitées 
une taille limite de 5 microns. I] est clair que cette 
valeur constitue trés certainement une limite inacces- 


sible pour notre pouvoir de résolution. Le fait que la 


taille limite théoriquement accessible se situe entre les 
deux valeurs précitées est encore appuyé par |’évalua- 
tion suivante: si, autour d’un niveau moyen dans la 
tache, on tient compte du déplacement relatif des stries 
voisines le long de la verticale, et si, a l’aide de la 
divergence du faisceau, on calcule |’épaisseur moyenne 
de la tranche de cristal qui lui correspond, on obtient, 
dans les conditions indiquées plus haut, une taille 
limite de |’ordre de 15 4 20 microns. 

Quelle que soit sa valeur exacte, la dimension 
moyenne la plus petite qu’il est possible d’atteindre 
avec notre dispositif semble certainement inférieure a 
celle atteinte par la méthode de Guinier-Tennevin. II 
est donc possible de prolonger quelque peu la voie 
indiquée par ces auteurs en vue d’atteindre finalement 
des fragmentations de |’ordre du micron. 

I] importe de remarquer que la méthode proposée 


Fic. 1. Tache de Bragg (111) obtenue avec un monocristal 
d’aluminium raffiné (99.99%) déformé de 4% par traction. 
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connait également une limitation trés stricte du fait 
qu’elle est impuissante a distinguer des domaines dont 
l’imperfection interne est grande et conduit a des stries 
larges se recouvrant mutuellement. 

Afin dillustrer ce qui précéde, nous voudrions exam- 
iner les premiers résultats obtenus au cours d’une 
étude préliminaire de monocristaux d’aluminium légére- 
ment déformés par traction et soumis ensuite 4 des 
revenus progressifs. 


3. RESULTATS EXPERIMENTAUX 


Au cours de ces derniéres années, l’origine des sous- 
grains a été surtout cherchée dans le mécanisme de 
polygonisation, qui met en oeuvre une déformation du 
réseau entrainant des courbures locales, suivie d’un 
traitement thermique susceptible de résorber les régions 
courbées en domaines 4 contours polygonaux. Cette 
transformation s’interpréte par le rassemblement de 
dislocations de méme signe dans des parois planes 
constituant les frontiéres de sous-grains. Ces contours 
jouissent d’une certaine mobilité permettant la crois- 
sance de certains domaines polygonisés sous |’action 
des traitements thermiques ultérieurs. 

Le probléme qui a surtout retenu |’attention est celui 
de savoir si la formation d’une telle sous-structure exige 
réellement une énergie d’activation (et quel est, dans ce 
cas, le traitement minimum requis pour une déformation 
déterminée) ou si la fragmentation n’est pas plutét une 
conséquence directe de la déformation. 

Au fur et 4 mesure que la sensibilité des techniques 
radiocristallographiques mises en oeuvre a augmenté, la 
température la plus basse 4 laquelle la polygonisation 
était visible (dans des monocristaux faiblement écrouis) 
a continuellement diminué. Alors que Cahn" et 
Crussard"® Ja fixaient 4 environ 600°C pour l’aluminium, 
Guinier et Tennevin! observaient les premiéres traces 
du phénoméne a 450°C. L’utilisation de notre tech- 
nique’? permettait d’atteindre 200°C (alu- 
minium raffiné identique 4 celui de Guinier-Tennevin). 


ensuite 


Plus récemment, grace a |’amélioration des conditions 
expérimentales, nous avons pu observer une striation 
fine des taches de Bragg obtenues avec des monocristaux 
identiques simplement déformés par traction de quel- 
ques pour cent a la température ordinaire. La figure 1,* 
par exemple, se rapporte 4 un monocristal d’aluminium 
raffiné (99.99°7,) étiré de 4 %. La tache révéle une 
structure interne a striation visible en dépit d’un fond 
diffus qui la masque partiellement. Un tel résultat n’est 
pas isolé et il est toujours plus ou moins possible 
d’observer des stries sur les clichés obtenus avec des 
échantillons faiblement déformés 4 la température 
ordinaire. Nous rappellerons ici un cas ol méme une 
déformation accidentelle donne lieu 4 un phénoméne 
identique (réf. 14, fig. 10). 

monocristaux d’aluminium (99.99%) 
préparés par la méthode d’Elam-Carpenter et d’orien- 


Des raffiné 


*La difficulté de reproduction des clichés originaux entaire 
une_ferte importante de clarté et de résolution 
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Fics. 2 a9. Tache de Bragg (111 


(3) aprés traction de 2% 
de 12 heures a 400°C. (7 
2 heures a 630°C. 


tations diverses ainsi que des échantillons a trés gros 
grains ont été légérement étirés de maniére 4 donner 
naissance 4 des taches analogues 4 celle de la figure 1. 
L’action des traitements thermiques sur de telles 
sous-structures de déformation a été suivie a l’aide de 
notre dispositif. 

Les observations 
peuvent étre décrites schématiquement 4a l’aide des 
figures 2 4 9. La figure 2 représente une tache (111) au 


faites sur |’aluminium raffiné 


DETERMINATION DI 


S SOUS-STRUC 


obtenue avec un monocristal d’alumin 
4) aprés revenu de 24 heures a 100°C. (5) aprés 1 
apres revenu de 12 heures a 525°C. 


apres revenu 


stade initial, c’est-a-dire avant toute déformation volon- 


taire du cristal. L’imperfection maximum dans le 
volume irradié est d’environ 10 minutes d’arc et l’aspect 


général de la tache illustre 4 nouveau les observations 
pré édent article. réf. 14, 
fig. 8). Lorsque le cristal a subi une déformation de 2 


pour cent par traction, la méme tache prend I’allure de 


mentionnées dans notre 


la figure 3. L’ensemble de la tache présente un fond 


diffus sur lequel se détache une striation assez fine 


153 
a 
2 4 5 
ad 
um raffiné (99.9909 2) avant déformatio 
evenu de 24 heures a 300°( 6) apres revenu 
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Fics. 10, 11 et 12. Tache de Bragg 
réformé de 2.1% par traction et soumis a des 
12 heures 4 400°C. (11) 12 heures a 550°C. (12 


(aluminium (99.95% 
revenus. (10 
660°C. 


clairement 
largeur accrue de la tache indique une imperfection 


discernable sur les clichés originaux. La 


moyenne de |’ordre du degré. 

L’action des revenus successifs peut étre décrite de la 
maniére suivante. Jusqu’a 450°C (pour des durées de 
12 heures), les traitements thermiques ont pour résultat 
de faire disparaitre progressivement la partie diffuse de 
la tache et de rendre ainsi de plus en plus visible la 
striation (figs. 4, 5, 6). L’élimination du fond diffus ne 
devient appréciable qu’a partir de 200°C environ. 

Au-dessus de 450°C et jusqu’a la recristallisation 
complete, le nombre de stries tend 4 diminuer de plus 
en plus (figs. 7, 8, 9). 

Nous avons également eu l'occasion d’observer que 
la déformation se répartit souvent d’une maniére trés 
hétérogéne. Le cristal initialement assez parfait dans la 
zone irradiée se déforme trés sensiblement dans une 
région déterminée alors que les régions voisines gardent 
une assez bonne régularité géométrique. On peut a 
nouveau constater que, dans de tels cas, la zone déformée 
décelable a 


sous-structure clairement 


partir des taches de Bragg. L’action des revenus est 


posséde une 
identique a celle qui a été décrite ci-dessus. 

Les températures de 200°C et 450°C des 
durées de 12 4 24 heures) ne constituent que des valeurs 
aver 


pour 


approchées susceptibles de varier légérement 
l’orientation des échantillons. I! importe maintenant de 
préciser ces résultats par |’examen de cristaux pré- 
orientés et déformés suivant une direction bien déter- 
minée. 

Des expériences identiques ont été effectuées sur des 
monocristaux d’aluminium moins pur (99.9507). II est 
également possible d’observer les traces d’une sous- 
structure aprés déformation. Mais |’élimination de la 
partie diffuse dans les taches de Bragg s’effectue beau- 
coup plus difficilement. En fait, cette transformation 
n’est terminée qu’au-dessus de 550°C (pour des durées 
identiques) (figs. 10, 11, 12). L’intervalle de tempéra- 
tures ou la striation est vraiment nette et ot le nombre 
de traits diminue est ainsi fortement réduit. 
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(111) obtenue avec un monocristal 


12 heures a 


Ces résultats permettent de rendre compte des ob- 
servations antérieures. Les limites de températures 
indiquées ci-dessus correspondent pratiquement a celles 
a partir desquelles des techniques moins sensibles ont 


permis d’observer ce qui semblait constituer |’amorce du 
phénoméne de polygonisation (par exemple 450°C pour 


Guinier-Tennevin sur |’aluminium raffiné). 

I] est essentiel de signaler que la structure interne des 
taches de Bragg aprés déformation, telle qu’elle est 
décrite ci-dessus, n’a pu étre observée au dela de 
quelques pour cent de traction (5 4 10%). Sans entrer 
dans le détail, il est possible d’affirmer que, dans ce cas, 
la fragmentation éventuelle ne conduit plus a la forma- 
tion de domaines a faible imperfection interne. 


4. DISCUSSION DES RESULTATS 


Nous avons montré plus haut comment la détection 
des sous-structures 4 l’aide des rayons X dépendait 
essentiellement de la sensibilité des méthodes utilisées. 

Les résultats décrits dans le présent article ne sont donc 
valables qu’a Véchelle du pouvoir de résolution atteint 
actuellement. 

Les taches de Bragg obtenues avec des monocristaux 
légérement déformés présentent deux 
une striation assez fine et un fond 


d’aluminium 
aspects distincts: 
diffus. 

La striation conduit 
fragmentation du cristal en sous-grains relativement 
parfaits et bien définis. Compte tenu de la remarque de 
Julien et Cullity,” la formation d’une sous-structure 


immédiatement a l’idée d’une 


peut donc étre une conséquence directe du processus de 
déformation. Dans les conditions précitées et pour une 
partie de la matrice au moins, le mécanisme habituel de 
la polygonisation proposé par Cahn" et impliquant deux 
stades (formation de courbures locales et résorption 
ultérieure sous |’action de la température) n’est pas 
nécessairement requis pour expliquer la fragmentation 
du réseau. Cette observation rejoint celles d’un grand 
nombre d’auteurs et notamment celle de Conard, 
Averbach et Cohen!* qui ont observé une fragmentation 


LAMBOT, VASSAMILLET anp DEJACE: 
des cristaux de zinc courbés a trés basse température 
(—196°C) et celles de Gay, Hirsch et 


Kelly?" sur les métaux polycristallins sévérement 


également 


écrouis. Il importe toutefois de se rappeler que les 


conditions dans lesquelles nous avons travaillé sont 
bien différentes. 

L’interprétation du fond diffus présente plus de 
difficulté. I] est évidemment possible de |’attribuer a la 
présence dans le cristal de domaines plus imparfaits 
(donnant lieu 4 un recouvrement de stries larges) ou a 
des régions éventuellement assez parfaites mais de 
tailles nettement plus petites. I] est curieux d’observer 
que dans des conditions toutes différentes et 4 une 
échelle de dimension nettement plus basse, la technique 
du micro-beam a également révélé l’existence d’un fond 
continu entre les taches plus ou moins définies corre- 
spondant aux sous-grains eux-mémes. Certaines “‘sous- 
structures” correspondant a des dimensions inférieures 
au micron ont bien été révélées par le microscope 
électronique, mais leur nature exacte est encore discutée 
a l’heure actuelle. De toute fagon, du point de vue 
diffraction des rayons X, il parait trop simpliste de 
considérer un cristal déformé comme constitué unique- 
ment de sous-grains bien individualisés aussi longtemps 
que nous ne pouvons fixer avec exactitude les caracté- 
ristiques cristallographiques qui différencient ces do- 
maines. C’est le point de vue également défendu par 
Guinier! pour qui les seules sous-structures 4 caractéres 
nettement définis actuellement décelables 4 l’aide des 
rayons X sont constituées de domaines assez parfaits 
légérement désorientés les uns par rapport aux autres. 

Un cristal constitué de régions imparfaites et d’orien- 
tations légérement différentes contient aussi des régions 
frontiéres ot divers types d’imperfections ont tendance 
a s’accumuler, constituant des zones a courbures locales 
plus ou moins continues et plus ou moins étendues. Cet 
aspect de la question a notamment été considéré par 
Jillson,'® Hess et Barrett” ainsi que Gay et Kelly.”! 

L’étude de la restauration de |’aluminium faiblement 
déformé a Cherian, Pietrowski et Dorn” a 
distinguer deux processus distincts: 
situant 100°C et Vortho-restauration 
prenant place a des températures supérieures. Par contre 
aluminium 


conduit 
laméta-restaura- 
tion se vers 
Crussard et Jaoul* ne trouvent, ave 
raffiné, aucune discontinuité de ce genre et attribuent 
les résultats de Cherian, Pietrowski'et Dorn a des 
causes accidentelles.”* 

Nous avons essayé de répondre au souhait de Biirgers” 
de tenter une telle discrimination a |’aide des rayons X. 
Comme nous |’avons vu plus haut, les revenus a 100°C 
n’apportent pas de grande modification a la structure 
interne des taches de Bragg. Bien que mettant en jeu 
une grande part de l’energie emmagasinée dans le 
réseau au cours de |’écrouissage,”® les imperfections 
restaurables au cours de ces traitements (vraisemblable- 
ment lacunes) d’influence 
état de perfection géométrique de la matrice. Un 


des n’ont pas visible sur 


changement perceptible apparait vers 200°C, mais la 


DETERMINATION 


DES SOUS-STRUCTURI 
modification observée est progressive et les rayons X 
ne permettent pas de retenir |’idée d’une discontinuité 
nette a ce stade de la restauration. 

L’absence de modification notable dans la structure 
interne des taches de Bragg en dessous de 200°C conduit 
a la conclusion que les sous-grains existants subissent 
pas de croissance appréciable. Ce fait peut étre rap 
proché des observations de Heidenreich”’ qui se rappor- 
tent toutefois 4 des domaines de taille inférieure. 

La majeure partie 
200°C et 450°C, 
mises en jeu sont plus difficilement restaurables et 


du fond diffus disparait entre 
ce qui indique que les imperfections 


exigent une activation thermique non négligeable. Le 
nombre de stries clairement visibles augmente donc et, 


a l’échelle du pouvoir de résolution actuellement 
atteint, la seule conclusion vraiment sire que nous 


puissions tirer est que nous assistons 4 une résorption 
progressive des parties imparfaites du réseau ou a 
une croissance continue de domaines parfaits éventuelle- 
ment trop petits pour étre distingués. Il est d’ailleurs 
trés probable que ces deux phénoménes se déroulent en 
Cette fait, 
puis a la 


méme temps. transformation peut, en 


correspondre a la restauration interne 
croissance de sous-grains ainsi qu’il a été considéré par 
Beck,”® a la restauration des régions frontiéres invoquée 
par Gay et Kelly” ou a la polygonisation des courbures 
continues suivant le processus de Cahn. 

\u stade final de cette évolution, le cristal peut étre 


fragmenté en sous- 


considéré comme pratiquement 
grains assez parfaits probablement décalés les uns par 
rapport aux autres d’un angle trés faible.* A partir de 
cet état, les traitements thermiques conduisent a une 
diminution progressive du nombre de sous-grains, ce 


qui implique la croissance de certains au détri- 


ment des autres. Immédiatement avant la recristallisa- 


tion, la matrice cristalline ne comprend plus qu’un 


nombre limité de larges domaines et il est curieux de 


constater, ainsi que Guinier! |’avait fait, que la perfe 


tion de ces sous-grains, excellente jusque 1a, devient 
nettement moins bonne. L’explication de ce fait requiert 
une étude partic uliére de ce point pré is. 
L’interprétation des observations effectuées sur les 
monocristaux d’aluminium moins pur (99.95%) peut 
étre développée dans le méme sens. II] va de sol que 


constituent de sérieux obstacles au 


les impuretés 


mouvement des dislocations durant la restauration des 


régions du cristal donnant lieu au fond diffus, ce qui 


explique la disparition plus lente de ce dernier. 
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ON THE DIFFUSION OF OXYGEN THROUGH SOLID IRON* 


J. L. MEIJERING}+ 


Internal oxidation of three iron alloys showed 


permeability (product of diffusion coefficient and solubility 


at least at 1200°C 
Normal interstitial diffusion of oxygen through the iron lattice must be assumed 


no trace of intergranular preference 
\pproximate values of the 
of O in Fe at different temperatures are calcu 


lated from the sub-scale thickness. The permeabilities of Fe, Ni, Cu and Ag for oxygen at 85 per cent of their 
absolute melting temperatures are of the same order of magnitude. Discrepancies in the solubilities of O in 


solid Fe found by different authors are discussed 


SUR LA DIFFUSION DE 


L’oxydation interne de trois alliages de fer ne montre 
diffusion intergranulaire; il faut donc admettre une diffusion interstitielle de l’oxygéne a trave 
fer. Les valeurs approximatives de la perméabilité (produit du coefficient de diffusion par la solubilité 


L’OXYGENE DANS LE 


FER A L’ETAT SOLIDI 


du moins a 1200°C—aucune préférence pour la 


tr 


rs le réseau du 


de 


l’oxygéne dans le fer, ont été calculées a différentes températures a partir des épaisseurs des couches oxydées 


Les perméabilités 4 l’oxygéne du fer, du nickel, du cuivre, de l’argent, sont du méme ordre de 
température absolue de fusion). 


une température de 0,85 Ty (T;: 


grandeur pour 


Les différences dans les solubilités de 


l’oxygeéne dans le fer trouvées par les différents auteurs sont discutées 


UBER DIE DIFFUSION VON SAUERSTOFF IN FESTEM EISEN 


Bei der inneren Oxydation von drei Eisen-Legierungen wurde wenn 1200°C keinerlei Bevorzugung der 


Korngrenzen festgestellt. Es muss daher angenommen werden, dass auch hier der Sauerstoff auf Zw 


ischen 


gitterplatzen durch das Eisen diffundiert. Aus der Dicke der Unterzunderschicht wurden Niherungswerte 


fiir die Durchliassigkeit (Produkt aus dem Diffusionskoeffizienten und der Léslichkeit 
Die Werte 


Eisen bei verschiedenen Temperaturen berechnet 


des Sauerstoffs im 


Nickels 


fiir die Durchliassigkeit des Eisens 


Kupfers und Silbers fiir Sauerstoff bei 85% ihres absoluten Schmelzpunktes sind von derselben Gréssen 


ordnung. 
erortert. 


1. INTRODUCTION 

A few years ago Kitchener, Bockris, Gleiser and 
Evans! determined the solubility of oxygen in iron, at 
temperatures between 1325°C and 1423°C. To prevent 
the possibility of FeO-formation on grain boundaries, 
iron was saturated with with respect to a 
CO./CO mixture not sufficiently oxidizing to form FeO. 
The oxygen content was then determined by reducing 
with H», which has the advantage that O bound by 
traces of Al, Si and Mn is only liberated to a more or 
less limited extent. The solubility in high-purity iron, 
over the temperature range mentioned, was found equal 
to the probable uncertainty of the method. Applying ¢ 
50 per cent extrapolation to the CO./CO mixture in 
equilibrium with ferrous oxide, it was given as 0.003 
+0.003 per cent by weight, and thus 0.01+0.01 atomic 
per cent O. Higher solubilities found by previous in- 
vestigators were attributed to internal oxidation of less 
noble elements present. Kitchener e/ a/ conclude that it 
is clear that the true solubility is quite negligible for all 
practical purposes, and that the mechanism of diffusion 
necessary for the internal oxidation—is 


oxygen 


of O in Fe 
probably intergranular. 

During experiments previously performed by the 
author, on the internal oxidation of several Fe alloys’ at 
1200°C, no preferential penetration along the grain 
boundaries was noted. The boundary of the internally 


oxidized rim was parallel to the metal surface, as is also 


* Received September 21, 1954. 
f Philips Research Laboratories, N. V. Philips’ Gloeilampen 
fabrieken, Eindhoven, Netherlands. 
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the case with Ni-alloys,** and Ag-alloys,’”* 
at least when the concentration of the alloying element 
is not too high and the oxidizing temperature not too 
low. 

No photographs of the subscales (internally oxidized 
zones) in iron were published by the author, as the main 
purpose was a search for hardening effects. (These were 
not found, all oxides of alloying elements being formed 
in a too coarsely dispersed state.) The oxidation had 
been carried out in air, followed by a long diffusion 
anneal in nitrogen; the external oxidation of iron is 
rapid in comparison with the internal one, so the 
thickness of the subscale is greatly diminished when the 
atmosphere is air throughout the experiment. 

In order to study the question of the existence of 
intergranular diffusion of oxygen somewhat further, new 
experiments were performed. As nitrogen is known to 
diffuse rapidly through iron, the possibility that the 
internal oxidation in air was accompanied by internal 
nitriding cannot be discarded. Therefore the new ex- 
periments were made in argon purified over heated 
magnesium turnings. During the first 15 minutes of the 
6-hour anneal, 20 volume per cent O» was mixed with the 


argon. After the anneal, the alloys (still covered with 


oxide scale) were quenched in water. 
Three alloys were used, vacuum-cast from high-purity 
materials in the apparatus of J. D. Fast: 
1: 0.97% Al by weight, balance Fe. 
3: 0.99% Al by weight, 30% Ni, balance Fe 
0.50% Al by weight, 5% Sn, balance Fe. 
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Fic. 1. Subscale of iron with 0.97% Al, heated at 1200°C } hour 


in argon with 26% Oz followed by 5} hours in argon alone. Etched 
with nital. Magnification .* 

Fic. 2. Subscale of iron with 30% Ni and 0.99% Al. Same 
treatment as in Fig. 1. Etched with (NH4)oS2Os. Magnification 
200. 


The alloys B and C were examined because they have 
the advantage that the subscale formed at 1200 degrees 
retains its structure at room temperature: austenitic in 
the case of B, ferritic in the case of C. While Ni is more 
noble than Fe the affinities of Sn and Fe for O are about 
equal. The enthalpy of formation of 3 SnO, is 6 kcal 
more negative than that of ‘‘Fep.9;O,”’ but, thanks to the 
relatively high entropyt of the latter oxide, the free 
enthalpy of 4 SnO» appears to become the higher one 
above about 500°C.* The low concentration of Sn (23 
atomic per cent) contributes substantially to the sta- 
bility of the dissolved Sn in the subscale, where the 
chemical potential of O is decreasing with depth from 
that of O in the FeO-rich scale. Thus it is to be expected 
that no significant amounts of Sn or Ni will be oxidized 
in the subscales of alloys C and B respectively. 

The results of the experiments at 1200°C can be seen 
In Figs. 1 to 4. They do not show an appreciable in- 
fluence of the crystal boundaries on the internal oxida- 

* All four photographs reduced by ¢ in reproduction. 


t Which is also responsible for the stability of ferrous oxide with 
respect to Fe+Fe;O0, above 570°C. 
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tion. In the case of alloy A, the austenitic grain-size at 
1200°C would have to be assumed very much finer 
than the ferritic one obtained on quenching, in order to 
explain Fig. 1 with the help of intergranular penetration 
of oxygen. This looks improbable. As the alloys B and C 
retain their crystal structure, Figs. 2 and 3 are still more 
convincing. 

Similar experiments were carried out at 1050°C, 
950°C and 850°C. Even at the lowest temperature no 
preferential penetration along the grain boundaries was 
appreciable in alloy A. In this case the depth of the 
subscale was only about 25 micron, with intercepts 
between grain boundaries of 2 mm, for instance. In alloy 
C, no grain-boundary influence was found at 1050°C and 
950°C, but it was quite apparent at 850°C, the pene- 
tration being about 30 per cent greater at the bound- 
aries. In alloy B this influence was seen already at 
1050°C; at 950°C 850°C very marked. 
Presumably a high nickel content favors penetration of 


and it was 


Fic. 3. Subscale of iron with 5% Sn and 0.50% Al 
ment, etch and magnification as in Fig. 1 
Fic. 4. Same as Fig. 2, but lightly etched. Magnification 275. 


Same treat 
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O along grain boundaries. It is well known that the 
external oxidation of nickel at, say, 700°C, is accompa- 
nied by pronounced intergranular oxidation. At 1200°C 
we found no appreciable influence of the grain bound- 
aries on the subscale of Ni with, say, 0.5 per cent Al. 


2. DISCUSSION OF THE INTERNAL OXIDATION 


The experiments reported show that intergranular 
penetration of oxygen plays no significant role* when the 
temperature is not too low. ( nly one possible objec tion 
seems feasible against applying this statement to iron 
with a much smaller percentage of Al or Si and to the 
diffusion of O through pure iron: Diffusion along the 
surface of the oxide particles could be imagined to be the 
main factor, especially in cases like Fig. 3, where the 
“needles” (probably intersected platelets) are prefer 
entially oriented in the direction of diffusion.t This 
orientation was also found in the case of Ni containing 
Al-oxide.”* Still, the penetration velocity was found’ 
in good agreement with the results of Smithells and 
Ransley” on the diffusion of O through rather pure 
nickel. The internal oxidation of Cu alloys is likewise in 
fair agreement! with Ransley’s results on copper.” In 
the case of Ag alloys’*'’ there is an appreciable devia 
tion from the results obtained by Johnson and Larose on 
pure silver;'* the apparent acceleration by the oxide, 
about a factor 2 to 5, may be due’ partly to Johnson and 
Larose’s results being too low. 

We may conclude that it looks improbable that the 
internal oxidation of our three iron alloys is accelerated 
to a large extent by the presence of the oxide partic les 
themselves. On the other hand, there appears to be no 
objection to assuming normal interstitial diffusion of O 
A solubility of 0.01 atomic 

the diffusion coefficient of 


through the Fe lattice. 
per cent is low, but, as 
interstitial solutes is very high in comparison to that of 
substitutional ones, it is quite sufficient for internal 
oxidation, even when the alloying element has a 1 
atomic per cent concentration. For instance, the solu- 
bility of O in silver at 800°C, in equilibrium with air of 
normal pressure, is less than 0.015 atomic per cent. But 
even in nitrogen with 0.02 per cent Os, internal oxida 
tion? of Ag containing 1 atomic per \Ig 
850°C. Under these circum 


cent Was 


visible after 6 hours at 
stances the solubility is less than 0.001 atomic per cent O 

The main reason that Kitchener e/ al 
opinion that the true solubility of O in y-Fe will be very 
low appears to be a theoretical one. For instance, in 


are of the 


their Trans. Faraday Soc. paper,'! they write: ‘‘The 
structural reason for the very low solubility of oxygen in 
Metals 6, 979 


] 
aiso conciuder 


* Nole Recently ‘vbolt 
(1954 
that intergranular diffusion is at 
penetration of O into a-Fe 

+ It should be mentioned that the 
veloping the grain boundaries exaggerates the apparent size of the 
oxide particles. This can be seen by comparlng Fig. 2 with Fig. 4 
where etching was light. Here, one differer 
particle form between the interior and the exterior part 
subscale. It is not known whether we have AleQOs; inside and 
instance, FeAlsO, outside. 


added in proof 
from experiments on FeO precipitatior 


least not process ror 


etching necessary tor 


sees a marke a 
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iron (and in copper) as contrasted with its measurable 
solubility in silver and very large solubility (up to 40 
and vanadium, is 


large to 


atom. %) in zirconium, titanium 


be ac- 


almost certainly that oxygen is too 


commodated interstitially in the iron lattice.’’ Although 


this geometrical factor is important, and, for instance, 
is generally regarded as the reason for the low solubility 
y-Fe, it 


of carbon in a-Fe as compared seems 


dangerous to omit any reference to the chemical factor. 
At 800°C the solubility of O in Cu (in equilibrium with 
CuyO) is* that of O in Ag (in 
equilibrium with 1 atmosphere O 
ever, that at one and the same equilibrium oxygen 
pressure, O is more than 10* times more soluble in Cu 
than in Ag. say, 600°C in 


about 30 per cent of 


This means, how- 


Thus, t 
a eutectic Ag-Cu 


the copper-rich phase only, despite its smaller lattice 


ne oxygen dissolved at, 


alloy will be virtually present in 


parameter 
correlation between 


the 


One may still expect a positivi 
maximum obtainable solid solubility and size of 


interstices by a rough line of reasoning; a strong affinity 
for O in the metal phase may mostly be accompanied by 
a greal stability of its oxide. If one assumes that these 
two chemical factors counterbalance each other more or 
one 


less, the geometrical factor remains. In this way 


might argue that the oxygen solubilities in copper (in 


iron (in equilibrium 


equilibrium wit and in 4 
with ferrous oxide) will be roughly equal, because these 
metals have prac tically the same face-centered cubi 
lattice parameter 

It goes without saying that this reasoning is extremely 
rough. In the opinion of the author, a correlation found 


between solid solubilities al the geome 
try of the latti 

carefully, when the the same 

Apart from this, the radii of the interstices 1 

Kitchener « proportional to their 


atomic radii, no allowance being made for the different 


n different 


metals used by 


geometries of the body-centered and face-centered cub 


lattices When this Is take intoa int, the geometrica 
circumstances in vanadium 
solubility) are Jess favourable tha 


note,’ also appear to 


Sevbolt and Fullman, in a recent 


negiect the influence of structure on i1ntersth 


They plot solubilities of O in a number of 


Young’s 


meaning of 


SIONS 


tion metals versus modulus over octahedral 
volume. The exact this volume is not quite 
tabulated values are closely proportional 


me per mole of the metals, irrespective of 
they are face-centered or body-centered cubic. 


3. QUANTITATIVE RESULTS FOR THE PERMEABILITY 
OF IRON FOR OXYGEN 


Using certain assumptions, the perme: 
calculated from the thickness of 


easily 


one 
dime: 
wnetner 
D Cob*/ 2 
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Here ¢, is the solubility of oxygen (in equilibrium with 
the scale) and cz the Al-concentration of the alloy, both 
expressed in atomic fractions. D, is the diffusion coefh- 
cient of O through the subscale; the product ¢,D, will be 
called the permeability; b is the thickness of the subscale 
obtained in the time ¢. The main assumptions are (cf. 
reference 3) 

Ist: c, must be small compared with c.; this is 
certainly the case here. 

2nd: must be large compared with where D» 
is the diffusion coefficient of Al in the alloy. If not, there 
is enrichment of Al in the subscale by outward diffusion 
towards the internal oxidation boundary. Probably this 
condition is least fulfilled in the case of alloy C (ferrite) 
at 1200°C. From data calculated by Seith,'’ from experi- 
ments by Ageev and Vher,'* D, would be about 2-5-10 
cm?/sec at 1200°C, making coD2 nearly $c). However, 
in these experiments the Al concentration in the ferrite 
zone went up to 50 atomic per cent, and D2. may be 
much smaller near 1 atomic per cent. We have seen no 
signs of concentration gradients in the alloys beneath 
the subscale, but admittedly this is not a strong argu- 
ment with these low Al concentrations. In any case we 
think the uncertainty in question is less than the next 
one: 

3rd: 3 O-atoms are assumed to be bound per Al atom. 
If, for instance, FeAl.O, is formed (instead of AlsO;) 
over the whole subscale cross section, the factor } in 
formula (1) should be changed to 2; this gives a possible 
error of 30 per cent. 

4ih: It is assumed that diffusion is the controlling 
process, the reaction at the scale/subscale interface 
being rapid. For the experiments at 1200°C this seems 
to be the case, as proportionality between 6 and \// was 
found* in changing ¢ to 25 per cent of the normal time. 
At the lower temperatures this check was not made; it is 
possible that the low value of c,D, for alloy C at 850°C 
(see Fig. 5) is due to insufficient rapidity of the interface 
reaction. 

5th: 5% hours, the annealing time in argon, was 
The neglect of the subscale thickness 


inserted for /. 
obtained after } hour in A/Oz is not important, as this 
means a 4 per cent uncertainty in c,D, at the utmost. 

Three runs were made at 1200°C, two at 850°C 
and at 950°C, and one at 1050°C. The alloy sections 
(15X3 mm) were examined over the whole circumfer- 
ence, as irregularities appear (cf. Fig. 1), possibly due to 
local flaking off of the subscale together with the scale on 
quenching. The yalues of } obtained in the duplicate 
experiments varied only about 5 per cent from the 


* This proportionality does not exclude a reaction resistance 
developed by the diffusion process: during the argon anneal the 
interior layers of the scale lose oxygen, diffusing into the subscale. 
It is possible that the iron film so formed adheres somewhat poorly 
to the subscale proper. In unpublished preliminary experiments 


with Cu-alloys, the author found some evidence that (when 
allowance is made for external scaling) the subscale is, cet. par., 
thickest when the atmosphere is air throughout the heating 
period. This effect seems not important for our iron alloys, in view 
of the other uncertainties. 
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Fic. 5. Permeability ¢,D, of three iron alloys for oxygen 
(c,=solid solubility in atomic fraction, D; in cm*/sec), as calcu- 
lated from internal oxidation. + alloy A: 1.99 at. % Al, ferritic; 

alloy A: 1.99 at. % Al, austenitic; O alloy B: 2.06 at. % Al, 29 
at. % Ni, austenitic; X alloy C: 1.06 at. % Al, 2.4 at. % Sn, 
ferritic; ® = coinciding with X 
average used for calculating cD, in Fig. 5, with the 
exception of alloy B at 950°C, where the discrepancy 
was large. This will be mainly due to the pronounced 
intergranular penetration of O in this alloy at low 
temperatures (cf. Section 1). It is thought that the 
1200°C point of this alloy, and the three highest points 
of alloys A and C, give the correct values for ¢,D,; within 
a factor 2. Apart from this, the values of the perme- 
ability of Fe, Fe with 30 per cent Ni and Fe with 5 
per cent Sn may well be a factor 2 smaller than those of 
the subscales containing aluminum oxide (see Section 2). 

From Fig. 5 we may conclude that the permeabilities 
of ferrite and austenite for oxygen are of the same order 
of magnitude. More precise conclusions do not appear 
A point at 
850°C, as compared with the austenitic A points, may be 


warranted: The low value of the ferritic 


due to slow interface reaction (compare the points of 
alloy C, which should lie all four on one line). On the 
other hand, the differences between the three alloys at 
higher temperatures will be partly due to the influence 
of Sn and Ni. 

The slopes of the lines drawn in Fig. 5 for alloys A and 
C correspond to energies of 32 and 42 kcal/mole. These 
are equal to the sum of the diffusion activation energy 
and the heat of solution of ferrous oxide in the metal. 

Bramley e¢/ al'* have deoxidized Armco iron by heating 
in pure hydrogen for 100 hours at 1000°C. The analysis 
of subsequent layers gave nearly 0.03 per cent O by 
weight at the surface, the initial concentration of 0.09 
per cent was reached at about 0.6 mm depth. The main 
part of the curve of per cent O versus depth was a 
straight line with a slope of 0.13 per cent per mm. 

It seems rather improbable that the solubility of O in 
y-iron would be as high as 0.09 per cent. Presumably 
most of the oxygen was present as ferrous oxide; the 
fact that its concentration did not drop sharply to a low 
level in a homogeneous rim must then be attributed toa 
slow solution velocity of ferrous oxide in the matrix. A 
value of roughly 1-5-10~" cm?/sec can be calculated for 


-9 
_| 
logcyD; 
i 

| 
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cD, from this experiment, while from Fig. 5 one would 
expect 5-107"! 1000°C. In view of the 
uncertainties at both sides, this discrepancy is not 
disturbing. 

When the permeabilities for oxygen of Fe, Ni, Cu and 
Ag (in air of normal pressure) at 85 per cent of the 


cm?/sec at 


absolute melting point are calculated from the internal 
oxidation experiments, one finds that cD, of Fe and Ni 
lie between the values of Cu and Ag, which differ by a 
factor 5. 


4. THE SOLUBILITY OF O IN a- AND y-IRON 


Seybolt” has determined the solubility of O in a-Fe at 
five temperatures in the range 700°-900°C. At 900°C, 
about 0.029 per cent O by weight was found; this is a 
factor 10 more than the solubility found by Kitchener 
ef al in y-Fe near 1400°C. When Seybolt’s linear plot of 
log concentration versus 1000/7 (heat of solution: 15.5 
kcal) is extrapolated to the 6-region, one gets a solubility 
that is greater than that of O in liquid iron at 1520°C. 
Thus it appears that his values are too high, or that the 
heat of solution is too large. The latter supposition is 
supported by the fact that Seybolt’s points at 700°C and 
770°C lie definitely below a line drawn through the 
points at higher temperatures. At 850°C, the value of 
the diffusion coefficient obtained by 
permeability c,D, found in this paper by Seybolt’s value 
for ¢;, is only just sufficient for practical saturation of 


dividing the 


the strip in the time used. Therefore it looks quite 
possible that the lowest points are indeed too low. A line 
drawn through the three highest temperature points 
would give 10.5 kcal for the heat of solution. Extrapola- 
tion yields 0.105 per cent O at 1370°C. At this tempera- 
ture the coexisting ferrous oxide becomes liquid. Sub- 
tracting 7.5 kcal for the heat of fusion,”! the heat of 
solution decreases to 3 kcal, yielding 0.11 per cent O by 
weight at the three-phase temperature 6-Fe+liquid 
metal+liquid oxide (about 1525°C 

This is still a large value: it is half of the oxygen 
concentration in liquid iron and twice the solid solubility 
in 6-Fe found by Fischer and von Ende* at this tempera- 
ture. In view of the long linear extrapolation from the 
a- to the 6-region one may say, however, that Seybolt’s 
results at 800°C-900°C with that of 
Fischer and von Ende at 1520°C. 

Although Kitchener e/ a/ distrust high solubilities of 
oxygen in solid iron in general, they claim their value of 
0.003+0.003 per 
highest temperature is at 1423°C+20°C. One might, 
therefore, accept that the solubility is much lower in 


are in accord 


cent only for the y-phase. Their 


y-Fe than in a-(6-) Fe, as is done by Seybolt.’ 

This is rather unexpected, in view of the opposite 
state of affairs with carbon and nitrogen. A more 
pertinent difficulty is the following: 

Fischer and von Ende’s value of 0.055 per cent means, 
using 3 kcal for the heat of solution (see above), a 
solubility of 0.05 per cent O in 6-Fe around 1400°C. In 
the CO./CO mixture used by Kitchener ef al this be- 
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comes 30 per cent less. When 0.002 per cent is taken 
for the solubility in y-Fe under these conditions, and 
Zener’s free-energy data”’ are used, one finds that the 
y-6 transformation point should be decreased by about 
25 degrees. Then Kitchener e/ al would have been also in 
the 6-region with their determinations. It is difficult to 


escape the conclusion that either the 


l 


results of Fischer 
and von Ende and of Seybolt are too high, or those of 
Kitchener e/ 


In principle, a metallographic method, as used by the 


al too low.” 


first authors, may give too high values. Seybolt’s results 


cannot be attributed to internal oxidation of im 


purities. could not be 
detected, but does not seem to be out of the question. 


Intergranular ferrous oxide 
The same author has determined solid solubilities of O 
in nickel.” very feature: At 
1200°C, 0.012 per cent by weight was found, but this 


These show a abnorma!| 
increased at decreasing temperature. This would mean 
the entropy of dissolution of NiO in this very 
dilute solid solution is negative, which is extremely 
improbable.t Presumably these results are due to the 
well-known nickel, which 
becomes more pronoun ed at lower temperatures. 
On tl 
determinations by Kitchener e/ al being too low appears 


intergranular oxidation of 


1e other hand, the only possibility for the 


to be a very slow uptake of O at the strip surface. This 
was found by the present author in the case of dilute 


copper alloys (e.g., 0.3 per cent be at 950°C); he re- 


I 
peatedly tried in vain*> to produce hardening by internal 


oxidation in atmospheres just not oxidizing enough to 


form CusO. When strips had been heated in a stream of 
N» containing a very small percentage of Ov, a subscale 
was formed only beneath a skin of scale at the exposed 
parts of the strips; it was absent where the surface had 


remained metallic. Obviously oxygen enters the metal 


much more easily from CusO than from the gas atmos 


phere. Although the reaction resistance will have been 


is a possibility that 
a FeO 
CO) 


‘hese authors have 


amplified by BeO formation, there 
Fe will take up oxygen much more rapidly from 


scale—as in Seybolt’s method—than from the CO 


mixture used by Kitchener e/ al 
increased their heating periods until no further increase 
in the oxygen absorbed was observed, but this absorp- 
tion was not much greater than the ‘‘blank”’ value. 


uncertainty might be removed by approaching 


equilibrium also from the high-oxygen side: first sat 


rating beneath an FeQ scale, and then heating 


CO.—CO mixture at the same temperature. 


smaller than ir 

t When the coexisting phase is a gas (of 
I even a still sm: 

This is th 

this temperature region the entropy) 

Ag is negative, | 


ntial specinic heat ol 


nes 


thus 
increase with decreasing 7 
400°C. In 


of dissolution of O» in saturat 


has a high entropy 
r oxygen 
below 

enthalpy 
becomes positive ibove 400°C. The differe 
warkably high. From the 


Johnson?* one 


lid silver is ren solubility measure 


by Steacie and calculates about 


1 atom oxygen 


In 

Vdded 1 In a re t vestigatior F. Weber 

W. A. Fischer and H. Engelbre Stahl u. Eiser 74, 1521 

1954)), the solubilit ff O in 6-Fe was fou to be a t 10 
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ments by Rees and Hopkins”’ show that at 950°C the ‘ we Chem. er 1 (1953). Philips Res. ] m 
re J. L. Metering and M. J. Druyvesteyn, Philips Res. Rep. 2, 

solubility of O in y-Fe must be less than 0.007 per cent. 60 (1947) “ siiiiidtdietls ee 
It should be mentioned that in this laboratory both . C. J. Smithells and C. E. Ransley, Proc. Roy. Soc. A155, 195 


. L. Snoek and J. D. Fast have sought an internal (1936). 
J J - . F. N. Rhines, W. A. Johnson, and W. A. Anderson, Trans 


friction effect in a-Fe containing oxygen, but without \.LM.E. 147. 205 (1942), 


success. This negative result favours a very low solu- . C. E. Ransley, J. Inst. Metals 65, 147 (1939). 
: 3. V. Gottardi, Metallurgia Ital. 44, 424 (1952). 
. F. M. G. Johnson and P. Larose, J. Am. Chem. Soc. 46, 1377 
(1924); 49, 312 (1927). 
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TWINNING AND ACCOMMODATION KINKING IN ZINC’ 


A. J. W. MOORE} 


The traces of twins and their accompanying accommo 
crystals were examined by interferometry and | 
compared with metallographic sections cut normal 
shape of the twin beneath the surface determine the number and dist1 
lying parallel to the twin trace. A growth history of the twin is describe 
tions. The tip of the twin inside the metal may be marke« bluntec 


stress. 


MACLES ET KINKING D’ACCOMMODATION DANS LE ZIN( 


Les traces des macles et des Kinkings d’accommodatio 
sont étudiées par interférométrie et par microscopies optiqu 
métallographiques perpendiculaires a la trace de la mack 
forme de la macle au-dessous de la surface déterminent le 
dation. Un mode de croissance des macles, conforme a ces o 


Vintérieur du métal donne naissance a |’importantes contrait 


DIE ENTSTEHUNG VON ZWILLINGEN UND AKKOMODATIONS-KINKS IN ZINK 


Die Spuren von Zwillingen und die sie beglziten: 
Einkristallen wurden interferometrisch und durch opti 
Methoden untersucht. Sie wurden mit metallographscher 
men worden waren, verglichen. Die Ergebnisse lasse1 
Gestalt des Zwillings unter der Oberflache die Anzah 
liegenden Akkomodations-Kinks bestimmen. Ein 
stumsablauf der Zwillingsbildung wird beschrieben 


auffallend abgestumpft sein und so zu betrachtlich 


The phenomena of kinking and twinning in zinc are _ twin trace on the clea 
readily studied on faces of single crystals cleaved on the When the twin trace on 
basal plane. Since this plane contains the only definitely shape, Pratt and Pugh 
established slip directions, the examination is not com the end of the twin is accommodated by 
plicated by deformation due to simple slip. 


The traces of twins appear on cleavage faces in three and Holden’ have measured » angle of the first-order 


directions mutually at 120 parallel to the axial accommodatior 

directions) and are the result of a shear of about 0.14 

8°) on the 1012 planes. Although the atom movements 

are rather more complex! many of the larger scale 

effects of twinning can be interpreted in terms of a ld 

simple shear which causes a change of slope of 3°58’ on interest because they are a measure of the changes of 

the basal plane, thus making the twin visible on cleavage hape of the twin beneat urface. has beet 

faces. how! ® that the same twin may | ther first-order 
Orowan2 and Hess and Barrett® showed that cad- accommodation 

mium and zinc can deform plastically by a mechanism _ lying between 

involving a sudden bend or kink in the basal plane. The 

bend planes are perpendicular to the basal planes and 


produce sets of kinks which are either parallel to, or 
normal to, the a-axes and which are hence first- anc 


second-order prismatic planes respectively. 
The concept of kinking has made it possible to ex- 
plain how the shear strain due to twinning may be 


accommodated in the lattice when the twin is not 


propagated right through the crystal. Jillson* pictured 
the process as a simple first-order kink parallel to the 


* Received July 6, 1954; in revised form October 6, 1954 
+ Research Laboratory on the Physics and Chemistry 0 
nistry, Cambridge, England, 


and now at Division of Tribophysics, C.S.I.R.O., Melbourne, 
\ustralia. 
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FIGURE 2. 


secondary kinks in this paper. Further examples are 
described and compared with metallographic sections 
of the same twins and their possible importance in the 
development of the twin is discussed. 


EXPERIMENTAL 


Preparation and Cleavage of Single Crystal 
Specimens 


Single crystals about 15 cm long and 1 cm square 
cross section were grown by the method of Bridgman‘ 
from 99.998 per cent Zn (Imperial Smelting Corporation 
Crown Special Zinc) in graphite moulds shaped to give 
the pointed crystal shown in Fig. 2, under a vacuum of 
10-* mm Hg. Crystals oriented with the specimen axis 
in the basal plane and the face A (Fig. 2) making an 
angle of 10° or less with the basal plane were selected 
and specimens 1 cm long parted off by cutting with 
hydrochloric acid. The faces (A and B) approximately 
parallel to the basal plane were soldered to the brass 
holders of a small tensile testing machine and cleaved 
by application of tensile stress approximately normal 
to the basal plane. 

For the sectioning experiments another set of zinc 
crystals were made from 99,999 per cent Zn (Imperial 
Smelting Corporation Special High Purity Zinc) in 
round Pyrex glass moulds sealed in vacuo. Crystals were 
selected with the basal plane approximately perpendic- 
ular to the longitudinal axis and specimens a few 
millimeters thick were parted from these while at liquid 


air temperature by cleaving with a knife. The cleavage 


features on these surfaces appeared to be identical with 
those produced by cleavage in tension. Twins with 
traces in directions suitable for sectioning were pro- 
duced by bending the crystal over a 6-mm diameter rod 
after cleavage. 


Techniques of Examination 


On the cleaved zinc surface, features such as kinks 
and twins can be detected only by methods sensitive to 
very small changes of tilt of the surface, and with the 
Vickers Projection Microscope the best results were 
obtained with the 33 mm lens and the plane glass 
illuminator. The use of such a low-aperture lens re- 
stricted the magnification used. For greater resolution, 
both in the plane of the specimen surface and in a 
direction normal to it, the technique of reflection elec- 
tron microscopy as applied by Menter’ was used. This 
method is very sensitive to small changes of slope, 
particularly when the change occurs about an axis 
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approximately perpendicular to the plane of incidence 
of the electron beam. Owing to the oblique angle of 
observation (10°—13°), the image is greatly foreshort- 
ened and a scale is given on each picture showing the 
magnifications in the plane of the surface in the direc- 
tion of the beam, and normal to the beam. For measur- 
ing changes of slope, both a needle-type profilometer 
(Talysurf) and multiple-beam interferometry were used. 
For the latter, pieces of selected microscope slide about 
2 mm square, partially silvered to give about 25 per cent 
reflection in order to match the reflectivity of the zinc, 
were used as reference flats and the specimens were 
observed using an illuminating system as described by 
Tolansky.” 

Prior to sectioning the cleavage surfaces in a direction 
normal to the cleavage plane and to the twin trace, the 
crystal was given a heavy electrodeposit of zinc and 
cold-mounted in plastic. The desired section was ex- 
posed by grinding under water on a 150-grade carborun- 
dum paper followed by the finer grades and subse- 
quently diamond-polished using the technique of 
Samuels." Finally, the specimen was electropolished in 
a phosphoric acid-alcohol bath” until all deformation 
due to grinding was removed. These specimens were 
examined in a Bausch and Lomb Metallograph under 
polarized light. The section was identified by means of 
diverging scratches drawn on the cleavage surface 
before plating. 

Angle measurements from the sections are only 
approximate since if slip occurs, the shear parallel to the 
basal plane would have the effect of changing the angle 
between planes which coincided with the original twin 
plane and the original basal plane. If the shear is in- 
homogeneous the twin may appear curved. 


RESULTS AND DISCUSSION 


When partial cleavage occurs on a basal plane other 
than that on which the crystal actually parts, bending 
strain in parts of the crystal may cause twinning. A 
twin formed in this way and accompanied by marked 
accommodation kinking, was extensively studied both 
by interferometry and reflection electron microscopy. 

(i) The angular relationships between a twin and its 
kink: Figure 3 shows the multiple-beam interference 
fringes across the twin and its accommodation. The 
angle between the surface of the accommodation 
region and the undeformed surface (y in Fig. 1), meas- 
ured at selected points along the twin, is shown in Fig. 4. 
It varies and 17’ pro- 
gressively towards the thin end of the twin. On the same 


between 40’ and decreases 
graph the width of the twin (w) and the width of the 
accommodation (WW) are plotted. If it is assumed that 
the lattice relationships for the twin and its accommo- 
dation kink have the simple geometrical pattern shown 
in Fig. 1, then since angles a and 6 are known from the 
lattice constants of zinc, the angle between the sides of 
the twin in the body of the metal (angle XY in Fig. 1) can 
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ACCOMMODATION 


KINKING IN ZINC 


Fic. 3. Interference fringes across the end of a twin and its accommodation kink 


Fic. 5. Reflection electron micrograph of twin with an accommodation kink 


shown 


by arrows) half-way across the accommodation region. Fic. 11. The tip of the twin 
shown in Fic. 7 at higher magnification (polarised light). 


be expressed in terms of w and WW’ by 


0.4654R 
where R= (1) 
wt+W 


tanA = 


0.9976—0.4987R 


This expression holds for the two conditions where 
the twin plane is the side of the twin nearest to, and 
furthest from, the accommodation kink. 

This angle appears to fall from a value of about 4° to 


about zero at the end of the twin. Twin and kink svs- 
tems already illustrated in the literature can be simi- 
larly measured and they give approximate values for 
X of 4°50’,’ and about 5°.® 

The angle X can also be expressed in terms of the 
angle (y) of the principal kink 

6.711 
tanX 
7.199-++--0.9976 coty 
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and from this it appears that the value of 0°45’ which 
has been suggested for the maximum angle for the 
principal kink of a simple twin in zinc corresponds to an 
angle of X of 4°40’. 

(ii) The relationship between the shape of a twin and its 
kinks: In Fig. 3 the contour lines across the accommo- 
dation zone are not straight, showing that near the twin 
the slope of the cleavage plane is reduced. The same 


phenomenon, which indicates the presence of one or 
more secondary kinks between the principal kink and 
the twin, has also been shown by using a needle-type 
surface profilometer.’ The secondary kinks may be 
either in the same or the opposite sense to the principal 
kink increasing or reducing the slope of the basal plane 
respectively. Figure 5 is an electron micrograph showing 


another example of the latter type. It is a portion of the 
Ficure 4. twin and its accommodation kink at a point about 0.4 


Fics. 6 and 7. Comparisons between the traces of twin kink systems on the cleavage plane, with the corresponding sections. The 
sections are taken with polarised light. Fic. 12. Reflection electron micrograph showing how the accommodation kink becomes indefinite 
near the end of the twin. The patches of corrosion near the end of the twin may be seen also in F1G. 3 as grey patches which interrupt the 


interference fringes. 
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mm from its tip, and a change in slope can be observed 
about half-way across the accommodation region. The 
intensity of the reflected electrons from the different 
regions shows that the secondary kink is in the opposite 
sense to the primary kink. 

Examples of the former type of secondary accommo- 
dation are shown in the optical photomicrographs in 
Figs. 6a and 7a where the tones of the different regions 
indicate that the accommodation slope is greater nearer 
the twin. Talysurf records across the same regions gave 
the traces shown in Fig. 8. The principal kink in Fig. 8a 
is about 40’ and applies to the twin shown in Fig. 6. 
For Fig. 8b it is about 50’ and corresponds to the twin 
in Fig. 7, and in both cases there is a marked increase 
near the edge of the twin. In all cases of accommodation 
studied, a smooth bend was never observed but always 
an abrupt kink. 

Equation (2) indicates that an increase in the angle 
between the sides of the twin should be accompanied by 
an increase in the angle of the accommodation kink. 
Thus, where there is more than one kink the angle 
between the sides of the twin should vary to corre- 
spond with the different kinks. 

This relationship was investigated by cutting sections 
normal to the basal plane and to the twin trace on the 
basal plane. Figures 6b and 7b are sections of the twins 
shown in Figs. 6a and 7a and show clearly the slope of 
the cleavage plane due to the twinning shear, and the 
accommodation kink. 

The side of the twin furthest from the accommodation 
kink appears to consist of three regions of different 
slope: (a) Near the surface the two sides of the twin are 
nearly parallel. (b) Towards the middle of the twin the 
sides converge sharply. (c) Furthest from the surface the 
sides converge more gently. Sections of several twins 
have been observed and the majority have shown only 
slopes (a) and (c). Photographs of these taken normal 
to the cleavage plane showed a secondary kink of sense 
opposite to that of the principal kink. This produced a 
region of low accommodation angle near the twin which 
corresponded to slope (a) on the twin. On the other hand 
some sections of twins (i.e. Figs. 6 and 7) showed slopes 
(a), (b), and (c) and in the few cases where these could 
be compared with photographs normal to the cleavage 
plane it appeared that the only secondary kink present 
was in the same sense as the principal kink. This corre- 
sponded to slope (b). The fact that a further secondary 
kink corresponding to slope (a) was absent appears to be 
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FIGURE 9 


related to the extent that the twin had grown. This is 
discussed later. 

Figure 9 shows diagrammatically how the accommo- 
dation kinks may correspond to changes in the shape of 
the twin. Features giving rise to both of the above types 
of kink are included and they all may be summarised as 
follows: 

The bend plane Fo 


dation kink is a plane normal to the basal plane and lies 


of the principal accommo 
close to the tip (B) of the twin. 

2. Other secondary accommodation kinks with bend 
planes GJ, HK may occur between the principal kink 
and the twin. If they are of the opposite sense to the 
principal kink and reduce the accommodation ¢ 
with kink H, € <4 


parallel-sided 


nearly zero (1.e., then there is a corre- 


sponding almost portion of the twin 
CD). If they are of the same sense and increase 
l.e., with kink G,6>vy) then there 
the twin where its opposite 


DE). 


appears to be common to almost 


commodation angle 
is a corresponding region of 
sides converge more sharply The former type 
twin kink systems, 
but the latter type has been observed only in certain 
Cases. 

3. The twin boundary (48) nearer to the accommo 
dation kink is shown in the sections normal to the basal 
plane to be straighter than the boundary further from 
the accommodation kink. Since the two boundaries are 
not parallel they cannot both contain the twinning 
plane. It is probable, therefore, that the straighter 
boundary is the true twinning plane, while the bound- 


ary (CDEB 


of a number of fine steps each consisting of a short 


further from the accommodation consists 


length of true twinning plane. At any point, the length 
of the steps relative to their height is determined by the 
angle between the two sides of the twin. 

ill The 


on a scheme for various stages of growth of the twin. 


growth of a twin: It is possible to speculate 
which will conform to the final shape shown in Fig. 9. A 


simple explanation which fits the general facts is as 
follows: 


Consider a very small parallel-sided twin AB (Fig. 
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(b) 


FIGURE 10. 


10a) with an accommodation kink at C and with length 
equal to the steps referred to in 3 above. The twin grows 
by the production of an adjacent parallel twin DE of the 
same thickness as AB but two step lengths long (Fig. 
10b). The kink moves outwards to its new position at 
EF. Further growth (Fig. 10c) proceeds by the produc- 
tion of additional twinned regions each a step-length 
longer than the previous one, the kink moving to its 
new position each time. A continuation of this process 
gives a situation similar to Jillson’s conception of the 
simple twin and kink system shown in Fig. 1. 

Since a kink is analogous to a boundary between 
mosaic blocks, it may be pictured as a row of disloca- 
tions of the same sign (e.g., Cottrell'*). If 45’ is taken as 
a typical value of the accommodation kink angle, this 


corresponds to about one excess dislocation in the kink 
for every 75 atomic layers. If 5° is taken as a typical 
angle between the sides of the twin, then the correspond- 
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ing ratio of step-length to step-height is about 11. The 
excess dislocations could possibly arise as the twin grows 
and if m are assumed to arise from each new step, then 
the step-length would be (nv2X75)/11=9n atomic layers 
(approximately). Thus, unless 7 is very large, which is 
unlikely, there is no possibility of the steps being visible. 
For convenience, the dislocations have been drawn with 
n=1. 

This scheme of growth would also conform to the 
observation of Pratt and Pugh" that as the twin grows 
wider under increasing stress, the accommodation region 
also becomes correspondingly wider. 

The production of secondary kinks could be similar 
to the process shown as Fig. 10d and 10e. The twin is 
initially in the condition of 10c with a density D, of 
positive dislocations along the kink. For the case where 
the secondary kink is in opposite sense to the principal 
kink, the secondary kink starts to form at the point 
where the increase in length of the twin for successive 
stages of growth becomes less, i.e., the ratio of step- 
length to step-height is reduced (Fig. 10d). If the dis- 
locations forming the kink arise from the successive 
stages of growth, then the density Ds of dislocations 
along the new length of kink will be greater than D,. It 
would appear that a kink having two different densities 
of dislocations along its length cannot move sideways. 
Instead, it splits into two kinks, one of density Daz, 
which becomes the principal kink and moves sideways 
as the twin grows, and one of density D,— De, which is 
fixed at the point where the twin growth changes and 
so becomes the secondary kink. Since D,;— Dz is nega- 
tive—i.e., an excess of negative dislocations is present 
the secondary kink is of opposite sense to the principal 
kink. The additional positive dislocations needed to 
extend the principal kink to the surface of the zinc 
could be extracted from the region of the secondary 
kink, leaving an excess of negative dislocations to line 
up and form the kink. In crystals where there is no 
secondary kink to correspond to the nearly parallel- 
sided portion of the twin (Figs. 6 and 7), it is possible 
that the kink has been absorbed by the twin growing 
past it. 

Where the principal and secondary kinks are in the 
same sense, the secondary kink starts to form by a 
similar mechanism at the point where there is a greater 
increase in length of the twin for successive stages of 
growth (Fig. 10e). D,;—D» is now positive and the 
moving principal kink extracts only some of the excess 
dislocations from the fixed secondary kink. 

This process does not assume any particular mecha- 
nism for the formation of the small unit steps. If they 
should arise from a series of twinning dislocations 
passing down the twin plane as described by Thompson 
and Millard'® for cadmium, then it is possible that the 
step-height would be the thickness of twin produced by 
one dislocation. The changes in the length of the steps 
would arise from variations in the difference between 
the internal stress in the zinc and the amount of stress 


168 ACTA ME 
y, | 
F D 
J 
L (c) 
L 
iL 
() 
L (e) 
A 


MOORE: TWINNING AND 
which has been relieved by the growth of the twin. 
Such variations arise from the changes in the rate of 
deformation and the probability that a much greater 
stress is needed to initiate a twin than is required to 
cause it to grow.!® 

When the sections of the tips of the twins are highly 
magnified (Fig. 11) they appear to be rounded or even 
flattened. The metal beyond the tip of the twin appears 
to have an abrupt and coherent boundary with the twin 
which has undergone a shear of 0.14. In addition, the 
principal accommodation kink commences from a point 
slightly beyond the tip of the twin. These anomalies are 
strong evidence of considerable internal stress around 
the twin. At the end of the twin trace on the basal 
plane, the very small change of angle in the accommo- 
dation is only just detectable even in the electron 
microscope. Figure 12 shows the cleavage surface at 
the end of the same twin shown in Fig. 3. The accommo- 
dation kink, which is seen clearly on the left-hand side 
at A, becomes rapidly ill-defined and has disappeared 
altogether at the tip of the twin B. Again, this is 
probably determined by the elastic stresses arising from 
the fact that at the end of the twin, twinned material 
which has been sheared must be separated from un- 
twinned material by planes other than twin planes. It 
is thus clear that the internal stresses set up during 
twinning have to be considered more seriously than 
hitherto. 


CONCLUSIONS 


1. Between the principal accommodation kink and 
the twin there may be secondary kinks. No kinks appear 
to be more than 40-50’ when fully developed and the 
secondary kinks may be in the same or in opposite 
sense to the principal kink. 

2. Sections of twins have shown that, in the side of 
the twin furthest from the accommodation kink, there 
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are changes of shape corresponding to the pattern of 


the kinks, and from this, speculation may be made about 
the mode of growth of the twin. 

3. The tip of the twin in the body of the metal 
is markedly rounded, indicating considerable internal 
stress. 
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EFFECT OF GRAIN BOUNDARIES UPON PORE FORMATION AND DIMENSIONAL 
CHANGES DURING DIFFUSION* 


R. W. BALLUFFIi and L. L. SEIGLE{ 


A study has been made of the effects of grain boundaries and specimen thickness upon pore formation and 
dimensional changes which occur when zinc is diffused out of polycrystalline alpha brass sheets. The results 
are consistent with the viewpoint that the outward flux of zinc produces a supersaturation of vacancies 
which may either precipitate as pores or else be absorbed at sinks within the alloy causing various dimen 
sional changes. 

In thin sheets <~0.0015 cm in thickness it was found that vacancies were eliminated at sinks within the 
grains (presumably at dislocations) and also at grain boundaries. The destruction of vacancies at the 
boundaries tended to prevent the nucleation of porosity near the grain boundaries and caused a contraction 
of the specimen normal to the plane of the boundary. In thicker sheets, however, many grain boundaries 
acted as preferred sites for void formation and subsequent cracking. This change in the behavior of the 
boundaries is explained by differences in the magnitude of internal stresses which are produced in the 
various sheets by the restraining effect of the bulk of the specimen upon shrinkage in the diffusion zone 


S<FFET DES JOINTS DE GRAINS SUR LA FORMATION DES PORES ET LES CHANGEMENTS 
DE DIMENSIONS AU COURS DE LA DIFFUSION 


L’effet des joints de grains et de |’épaisseur de |’éprouvette sur la formation des pores et les changements 
de dimensions a été étudié dans le cas du zine diffusant en dehors de téles polycristallines de laiton alpha. 
Ces résultats indiquent que le départ du zinc produit une sursaturation des lacunes qui peuvent ou pré 
cipiter sous forme de pores, ou aussi étre absorbés par des puits, provoquant ainsi des changements de 
dimensions différents 

Dans les tdles minces (inférieures 4 0.0015 cm d’épaisseur), les lacunes sont éliminées par les puits a 
l’intérieur des grains (probablement sur les dislocations) et aussi dans les joints de grains. La disparition des 
lacunes aux joints de grains empéche la germination de porosités prés de ces joints de grains et provoque une 
contraction de |’échantillon normalement au plan de ce joint. Dans les téles plus épaisses, par contre, de 
nombreux joints de grains localisent la formation de pores et finalement de fissurations. Cette modification 
dans le comportement des joints de grains s’explique de la fagon suivante: le coeur de |’échantillon s’oppose a 
la contraction de la zone ou se produit la diffusion et, de ce fait, les contraintes internes ne sont pas du 


méme ordre de grandeur dans tous les cas. 


EINFLUSS DER KORNGRENZEN AUF DIE PORENBILDUNG UND DIE ANDERUNG 
DER PROBENABMESSUNGEN WAHREND DER DIFFUSION 


Der Einfluss der Korngrenzen und der Probendicke auf die Porenbildung und die Anderungen in den 
Probenabmessungen bei der Entzinkung von vielkristallinen a-Messingblechen durch Diffusion wurde 
untersucht. Die Ergebnisse sind in Ubereinstimmung mit der Ansicht, dass das Herausdiffundieren von 
Zink eine Ubersittigung an Fehlstellen hervorruft. Diese Fehlstellen sind im Metall entweder in Form von 
Poren angesammelt oder an Léchern angelagert und verursachen verschiedene Dimensions-inderunget 

Es wurde festgestellt, dass in diinnen Blechen <~0.0015 cm Dicke die Fehlstellen an Léchern in det 
Kornern (vermutlich an Versetzungen) und ebenfalls an den Korngrenzen angesammelt werden. Die Zer 
stérung der Fehlstellen an den Korngrenzen wirkt im Sinne einer Verhinderung der Keimbildung fiir die 
Poren nahe den Korngrenzen und verursacht somit ein Zusammenziehen der Probe senkrecht zu der Ebene 
der Korngrenze. Dagegen dienen in dickeren Proben viele Korngrenzen als bevorzugte Plitze fiir die Ent 
stehung von Liicken und folgender Rissbildung. Dieser Unterschied im Verhalten der Korngrenzen kann 


1 
durch die unterschiedlich grossen inneren Spannungen erklirt werden, die in den verschiedenen Blechen 
} 


durch die hemmende Wirkung der Probenabmessungen auf die Schrumpfung in der Diffusionszone her 


vorgerufen werden 


I. INTRODUCTION In order to explain this porosity it is assumed that lattice 

When zinc is diffused out of alpha-brass by heating vacancies are generated or deposited in each volume of 
in vacuo, it has been shown! that a Kirkendall effect the alloy that is undergoing a loss of mass. The concen- 
occurs, indicating that the outward flux of zinc atoms tration of vacancies tends to build up above that 
through the brass is larger than the inward flux of normally in equilibrium with the lattice, and eventually 
copper atoms. It has also been shown that porosity voids are nucleated and grow.’ 
forms in those volumes of the alloy which are tending to In previous work at this Laboratory it had been 
shrink due to the unequal diffusion of zinc and copper. observed that grain boundaries appeared to influence 

the distribution of porosity in dezincified brass. Some- 

* Received August 4, 1954; in revised form October 18, 1954. 

+ Atomic Energy Division, Sylvania Electric Prod. Inc. Now [times voids formed preferentially at grain boundaries, 
with Department of Mining and Metallurgical Engineering, Uni- whereas at other times the grain-boundary region was 
versity of Illinois, Urbana, Illinois. : 

t Atomic Energy Division, Sylvania Electric Products, Inc., : 
Bayside, New York grain boundaries of an occasional zone clear of porosity 


preferentially free of porosity. The existance around 


ACTA METALLURGICA, VOL. 3, MARCH 1955 170 


Lie 
\ 


BALLUFFI SEIGLE: GRAIN 


AND 


TABLE I. Dimensional Changes in Thin Alpha-Brass Sheets d 


Original 
sheet 
thickness 
(cm) Grain size (cm) 


lrreatment 


Annealed in cap 
‘fine sule 4 hr at 
grained diffused 


0.0015 
0.0012 
0.0014 


0.004 
0.004 


0.004 800'C; 


3/4 hr at 800°C 


0.054 Annealed in cap 
0.061 coarse sule 68 hr at 
0053 grained 880°C; diffused 
re 3/4 hr at 800°C 


0.0017 
0.0014 
0.0015 


Annealed in cap 
0.008 \ fine sule $ hr at 
0.008 / grained diffused 


0.0036 


0.0031 850°C; 


2 hr at 800°C 
\nnealed in cap 
0.060 | coarse sule 68 hr at 
0.040 {grained 880°C; diffused 
2 hr at 800°C 


was especially interesting in light of the ideas of Nabarro 
and Herring® concerning the diffusion of lattice vacan- 
cies to interfaces in metals. In agreement with these 
ideas it seemed that the supersaturation of vacancies in 
the matrix near a grain boundary was sometimes re- 
lieved by diffusion to the boundary, rather than by 
precipitation of voids. If this process occurred, in 


accordance with Nabarro’s mechanism, it 


accompanied by a movement of the grains together 


normal to the plane of the boundary. 
In order to study in more detail the effect of grain- 


boundary configuration upon structural and shape 
changes in dezincified brass, investigations were made 
of porosity formation and dimensional changes in fine 


and coarse grained alpha-brass sheets dezincified in 
vacuum at 800°C. 


II. POROSITY FORMATION AND DIMENSIONAL 
CHANGES IN THIN BRASS SHEETS 


A. Experimental Details 


A series of thin brass sheets of varying thickness and 
for sufficient 
\Measure- 


grain size was heated in vacuo at 800°C 
time to diffuse out essentially all of the zinc. 
ments were made of the linear shrinkages in the plane 
of the sheets and of the total volume shrinkages. The 
distribution of the resulting porosity was then ob- 
served metallographically. 

All specimens were prepared from high purity brass 
containing less than 0.006 total percent of impurities, 
mainly trace amounts of Ca, Fe, Mg, Pb and Si. The 
sheets were made by rolling initially half-inch-diameter 
alpha-brass rods. Before dezincification the specimens 
were annealed in small evacuated quartz capsules for 
periods long enough to establish a grain structure that 
remained essentially stable during the subsequent 
diffusion treatment. Two different structures were used : 


BOT 


would be 
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uring Diffusion at 800° 


‘“fine-grained”’ structure in which the grain size 


l) a 


was approximately three times the thickness of the sheets 
1e entire thickness of 


and where the grains traversed 


the sheets, and (2) a 


t } 


“coarse grained’ structure where 


the grain size was 10—40 times the sheet thickness. The 
to be very 


“‘fine-grained”’ was found 


persistent once for obtained by a com 


paratively short anneal of the cold-rolled specimens 
see Table I). The ‘ grained 


hnique which 


structure was de 


veloped by a grain coarsening involved 
very slow heating to a hig! mperature for longer 
periods. diffused by eating 


AI] spec imens were 


in vacuo at 800°C for sufficient oO remove pract 


cally all of the zinc. The measurements 
the piane of the thin sheets with a travel 
mi roscope between gage marks 

the sheet surfaces. opecimen vo 
by weighing in air and water, and 


ness dimension were calculate 
B. Results 


Che results of tl 


Table I alons 


errors. The first 


sneets are given 1n 


mum 


group 
grained foils approximately 0.0 


second group of measureme 


approximately 0.0033 cm 


1. Porosity Forma 


As shown in’ umes OF porosity were 
formed in all sheets. The holes were revealed metallo 


graphically and may be seen in a number of the accom 


panying figures. Pore formation in alpha-brass has been 


observed previously!” and the me hanism of the process 


has been discussed®* in terms of the generation of excess 


lattice vacancies and their precipitation as_ holes. 
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ed 
measurem SO the 
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115 cm in thickness. The 
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According to this picture, the unequal diffusion of zinc 
and copper results in a tendency for the concentration 
of lattice vacancies to build up above the equilibrium 
concentration in those volumes of the diffusion couple 
which are losing mass. This viewpoint holds regardless 
of whether it is imagined that diffusion occurs inter- 
stitially or via a vacancy mechanism. If diffusion is 
primarily interstitial, vacancies are generated in the 
diffusion zone as atoms leave their lattice sites and enter 
the interstices. If diffusion occurs by vacancy-atom ex- 
change, vacancies are pumped into those regions where 
atoms are leaving. In either case it is visualized that 
certain regions become supersaturated with vacancies, 
and when the degree of supersaturation is high enough 
porosity is nucleated. The evidency that hole formation 
occurs by a typical nucleation and growth process has 
been discussed in a previous article.* 

In agreement with former results,” the porosity re- 
maining in the dezincified brass (Table I) is equivalent 
to a substantial fraction of the atomic volume of the 
zinc removed. If all of the excess vacancies introduced 
into the specimen precipitated as voids, the volume of 
pores would be given by the difference between the total 
outward flux of zinc and the inward flux of copper at the 
specimen surface.* We do not have sufficient diffusion 
data to calculate this quantity exactly. Previous 
measurements’ show that zinc diffuses about 5.3 times 
as rapidly as copper at the 28 atomic per cent zinc con- 
centration. Assuming that the ratio of diffusivities does 
not change with composition, neglecting lattice param- 
eter changes, the maximum possible pore volume may 
be estimated as 23 per cent of the specimen volume. The 
observed porosity varied from 10 to 17 volume per cent. 


2. Dimensional Changes 

If the unequal diffusion of zinc and copper were 
entirely compensated by porosity formation, neglecting 
changes in lattice parameter, the only dimensional 
change observable should be a shrinkage of about 5 
per cent in the thickness, due to the inward 
diffusion of copper. As shown in Table I, the actual 


sheet 


volume of porosity was below the maximum possible, 
and considerable shrinkage occurred in all dimensions in 
both fine and coarse grained specimens. 

These data may be explained by assuming that a 
certain fraction of the excess vacancies formed during 
diffusion is eliminated by absorption at dislocations and 
grain boundaries, in accordance with the mechanism of 
Nabarro. These processes occur in competition with 
pore formation and result in the mass movements which 
are observable as an over-all shrinkage. As pointed out 
by Nabarro, the absorption of a vacancy on an isolated 
edge dislocation would cause the dislocation line to move 
normally to its slip plane and produce a contraction in a 
direction normal to the dislocation line and parallel to 
the slip plane. In a face-centered cubic crystal the 
shrinkage should tend to be isotropic because of the 
multiplicity of slip planes and possible dislocation 
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orientations. These remarks, however, apply only to 
thin specimens such as used here, since other experi- 
ments show that, during unidirectional diffusion in 
massive specimens, volume shrinkages or expansions 
are largely restricted to the diffusion direction.’ Even 
though there may be a tendency for lateral contraction 
or expansion to occur in the diffusion zones of the usual 
sandwich type couples, these are apparently restrained 
by the undiffused specimen bulk. However, in thin 
sheets such restraints are greatly reduced and lateral 
dimensional changes do occur." 

In the above explanation it has been implied that all 
shrinkage occurs during the removal of zinc from the 
specimen, and that there is no subsequent sintering of 
the porosity formed. To confirm this assumption, a 
number of experiments were made in which the lateral 
shrinkage was measured as a function of time for 
periods long after dezincification was essentially com- 
plete. If large sintering effects were present, significant 
shrinkage of the residual porosity should occur. Sheets 
0.0030 cm thick with a grain size of ~.0075 cm were 
used and the average of three shrinkage curves is shown 
in Fig. 1. It is clear that the shrinkage is negligible after 
about 120 minutes when practically all of the zinc has 
been diffused out. We may conclude therefore, that 
sintering of the residual porosity is a very slow process 
at 800°C. This result might have been anticipated from 
the theoretical predictions of Herring*” and the experi- 
mental work of Alexander and Balluffi® proving that 
isolated voids within grains are very stable. It is clear, 
of course, that the porosity formed during dezincification 
must eventually sinter out, and pore formation might 
be considered as a metastable intermediate stage in the 
eventual destruction of vacancies within the matrix. 
However, without the close proximity of a high-angle 
grain boundary to supply a sink for vacancies, sintering 
of the voids following complete dezincification is negli- 
gibly slow at 800°C. It is easy to show that pores of any 
observable size will grow in the presence of very small 
vacancy supersaturations during dezincification. 


PERCENT LENGTH OR WIDTH DECREASE 


90 (20 150 
OIFFUSION TIME , minutes 


Fic. 1. Linear shrinkage of 0.0030 cm alpha-brass sheets during 
heating in vacuum at 800°C. Grain size, 0.0075 cm (percent 
weight loss at each point is indicated 
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The results of Fig. 1 also proved that any shrinkage 
of the sheets in the lateral direction due to 
tension forces along the sheet 


surface 
surfaces was negligible. 
This phenomenon has been widely investigated else- 
where.'* One additional confirmatory experiment was 
carried out which involved heating even thinner copper 
sheets under similar conditions. Pure OFHC 
sheets 0.0015 cm in thickness were annealed for 
minutes at 800°C, thereby producing a grain size 
~0.005 cm. The specimens were then heated for 30 
minutes in vacuo at 800°C. Dimensional measurements 
proved that the linear shrinkage in the plane of the 
sheets during this latter treatment was less than 0.1 
per cent. We therefore conclude again that shrinkages 
produced by surface tension forces were negligible 

Weight 
showed that no observable amount of copper was lost 
during these runs. 
the diffusion runs 
by loss of zinc. 


copper 
30 
of 


our experiments. loss measurements also 
Any weight losses measured during 


were therefore exclusively caused 


Effect of Grain Boundaries on Pore Formation and 


Dimensional Changes 


The results presented Table I indicate that the 
much larger number of transverse grain boundaries in 
the fine-grained 0.0015 cm thick sheets markedly in- 
creased the percent volume shrinkage. Metallographic 
examination revealed in agreement with these data that 
more porosity was present in the coarse-grained than in 
the fine-grained On the 
fewer pores in the fine-grained 
sections are shown Fig. 2. Numerous grain bound- 
aries were found surrounded by regions free of pores in 
contrast to the rather uniform distribution of porosity 
within the grains. Figure 3 shows several examples 
selected from the 0.0015-cm-thick coarse-grained foils. 

These are, again, very satisfactorily 
explained on the basis of the Nabarro-Herring picture. 
Evidently grain boundaries can act as efficient enough 
sinks for vacancies so that the level of supersaturation 
in their vicinity remains below that required for the 


sheets. average there were 


sheets. Typical cross 


observations 


Fic. 2. 0.0015 cm thick alpha-brass sheets after heating in 
vacuum for 3/4 hr at 800°C. Above: coarse-grained; below 
fine-grained. 1000X. 
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Fic. 3. Effect of grain 
coarse-grained 0.0015 cm 
vacuum for 3/4 hr at 800°C 


boundaries on porosity 
thick alpha brass 


1000 


formation 


sheets heated ir 


nucleation of pores. The fact that in all cases in which 


this effect was observed the cleared region was dis- 


tributed the boundary 
indicates that vacancies diffused into the 
ary sink from both sides. 

As seen Table I, in the 


amount of shrinkage in the plane of the foil is markedly 


fairly symmetrically about 


grain bound- 


fine-grained sheets the 


increased by the additional grain boundaries, which in 
most cases were oriented approximately normal to the 
foil surface. the shrinkage thickness 


dimension of the fine-grained is slightly less than in the 


However, in the 


coarse-grained sheets. These results may be explained 
nature of the volume changes 
Th 


of vacancies at grain boundaries would 


by taking account of the 


produced by the action of various sinks. The elimination 
cause the un- 
a shrink- 
» of the 


r hand the absorption of vacan 


restrained grains to move together producing 
age which is approximately normal to the plane 
On the othe 
grains should in a 
volume shrinkage which to be 
The shrinkage of the 
grained sheets in the plane of the sheet is therefore due 
Che 


is due to 


boundary. 


cles within the symmetrical crystal 


result in a tends more 


nearly isotropic. greater fine 
to the elimination of vacancies at grain boundaries. 
smaller shrinkage in the thickness dimension 
the smaller number of vacancies which are absorbed i1 
the interior of the grains of the fine-grained sheets. 
The 


thickness 


» results for the sheets of approximately 0.0033 cm 
Table 


thicker sheets no difference could 


in are similar. However, in these 


be detected between 
the percent volume shrinkage of the fine- and coarse- 
grained sheets within the accuracy of the experiments 
This result must be due to the longer diffusion distances 


involved in the thicker sheets and the fact that propor- 


tionately fewer vacancies could reach the grain bound- 
Actually, Table I, 
relatively small fraction of the vacancies were destroyed 


Appar- 


aries. as may be seen from only a 


at grain boundaries in all of these experiments. 
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ently a much finer grain size would be required for the 
number of vacancies destroyed at grain boundaries to 
approach the number destroyed within the grains. 
However, even in the thick sheets the length measure- 
ments which were more precise than the volume 
measurements still prove that there is an extra incre- 
ment of shrinkage normal to the grain boundaries. 
Metallographic work 


formation in the vicinity of grain boundaries 


reduced pore 
Fig. 4) 


On account of the fine grain size of some of the thin 


again revealed 


sheets used there was a suspicion that loss of zinc by 
diffusion along grain boundaries might have influenced 
the results. In order to prove that all of the effects in- 
vestigated are primarily due to the diffusional loss of 
zinc through the volume and not along the grain bound- 
aries of these foils, the rate of zinc loss was measured 
from 0.0026 cm-thick fine-grained and coarse-grained 
foils under identical conditions. The results are given In 
Fig. 5. It is apparent that the rate of zinc loss was the 
these sheets even there was a large 


same in though 


difference in grain size and that the effect of grain 


boundary diffusion must, therefore, have been negli- 
gible. No attempt was made to calculate approximate 
volume diffusion coefficients from these data since suit- 
able boundary conditions and heating rates could not be 


attained for such short diffusion times. 


III. FORMATION OF POROSITY AND SPLITTING 
AT GRAIN BOUNDARIES 


One of the puzzling facts which confronted us in the 


early phases of this work was that zones free of porosity 
were always present along the grain boundaries of the 


thin brass sheets, but in thicker specimens usually the 


converse was true. In many of the thicker specimens 
voids appeared to have formed preferentially at the 


grain boundaries and frequently grains had completely 


boundaries on porosity formation i 
heated in vacuum 


Effect of grair 


thick alpha-brass sheet 


Fic. 4. 
coarse-grained 0.0033 cn 


2 hrs at 800°C. 300 


RGICA 


VOL 


groms 


Coarse Groined 
Avg. Dio. 0.024 em 
Fine Grained 

Avg Die. 0.006 cm 


WEIGHT LOSS , 


+ 


TIME , minutes 


Weight loss time for 0.0026 cm alpha-brass sheets 
of different grain size heated in vacuum at 800°C 


Fic. 5 


parted at their boundary. Moreover, grain-boundary 
splitting in dezincified brass has been reported in the 
past,'® the occurrence of this phenomenon having led 
people to view with suspicion any diffusion data ob- 
tained by the sublimation of zinc from copper. Since 
the specimens in which grain-boundary porosity and 
occurred more 


cracking were 


massive than the thin sheets discussed above, it was 


usually considerably 
decided to investigate the effect of sheet thickness on the 
action of grain boundaries during dezincification. 

Alpha-brass sheet specimens were prepared ranging in 
thickness from 0.003 to 0.115 cm and were annealed in 
evacuated quartz capsules at 800°C for sufficient 
periods to develop relatively stable grain structures in 
which the diameter of the individual grains varied from 
one-half to three times the sheet thickness. In these 
structures a large fraction of single grains traversed the 
sheet thickness and the majority of grain boundaries 
intersected the surface at angles between 45 to 90 
degrees. The annealing periods required to develop 
these structures increased with the sheet thickness and 
ranged from 0.5 hr for the 0.0033-cm-thick sheets to 68 
hr for the 0.115-cm-thick specimens. The sheets were 
then diffused by heating in vacuum at 800°C for various 
periods and the resulting porous structures were ex- 
amined metallographically. 

The metallographic examination revealed that in the 
thicker sheets a large percentage of the grain bound- 
aries were not clear of porosity but instead were prefer- 
ential sites for hole formation and in many cases the 
boundaries parted completely, forming extensive inter- 
nal free surfaces. The type of behavior is shown in Fig. 6. 
It was generally found that no grain-boundary porosity 
or splitting occurred in specimens less than approxi- 
mately 0.015 cm in thickness and that the tendency 
towards extensive grain-boundary porosity and splitting 
increased as the thickness increased. The splitting 
seemed to develop as a result of extensive pore formation 
at the boundaries. Many examples were found where a 
large number of holes formed preferentially on the 
boundary as in Fig. 7b, this condition apparently pre- 
ceding final complete splitting. The grain-boundary 
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porosity and splitting phenomenon appeared quite 
randomly, however, and many instances were observed 
where some boundaries acted as preferred sites for hole 
formation and other boundaries acted to eliminate 
porosity in the same specimen. Figure 8 shows a number 
of boundaries in the 0.115-cm-thick sheet which behaved 
Che tendency towards increased hole formation and 
increased may be attributed to the action of internal "fe ass. 
stresses developed during diffusion. Any small region 
in the specimen which is losing mass will tend to con- 
tract. A stress pattern may therefore be established 
early during the diffusion cycle in which the outer layers 
from which zinc is being removed are in tension parallel 


splitting at grain boundaries as the sheet thickness was 


to the plane of the sheet, and the interior layers corres- 
pondingly in compression. As the thickness of the sheet 
is increased the relative thickness of undiffused core is 
increased and consequently the general level of com- 
pressive stresses in the interior decreased. Stress re- 
laxation by creep may therefore occur more slowly 

the interior of the thicker sheets, permitting the attain- 
ment of higher tensile stresses in the diffusion zone. As 
already shown, in accordance with Nabarro’s ideas, the 
absorption of vacancies at a grain boundary is accom- 
panied by a movement together of the adjacent grains. 
This motion, which is required in order to eliminate the 


;. 7. Above: 0.115 cm thick alpha-brass 
vacancies, will be opposed by tensile stresses in the  yacuum 86 hrs at 78x. Below: 0.019 cn 
diffusion zone and therefore such stresses will tend to ‘Sheet heated in vi 800°C. 270> 

inhibit the absorption of vacancies at the boundary, On 

the other hand, tensile stresses should aid the formation 


of voids since the nucleation of a hole is accompanied by 
some stress relief. As the stress level in the diffusion 


zone increases, lerelore, (the 
maintained at the grain boundary 
grain-boundary sink increases while t 
concentration necessary for nucleation 
creases. Eventually, when these concentrations become 
equal, porosity may form in the boundary. 
In attempting to analyze this problem in m 
we will use the following notation to identify 


vacancy concentrations: 


No=the equilibrium ‘ntration of v: 


ju 
throughout he specimen. In genera 


be a function of stress at constant 

ture and composition. 

actual concentration of vacancies 

tained at the grain boundary 

the actual vacancy concentration present in 

the matrix. 

the critical concentration of vacancies neces 

sary for pore formation at the grain boundary 

the critical concentration of vacancies neces 

sary for pore format in the matrix 

Che relationship between stress and the concentration 

Fic. 6. Above: 0.023 cm thick alpha-brass sheet heated i 


vacuum 1 hr at 800°C. 240 X. Below: 0.115 cm thick alpha-brass : 
sheet heated in vacuum 1/2 hr at 800°C. 500X boundary acts as a perfect sink, can be obtained by 


of vacancies maintained at the grain boundary, if the 


175 
yes 
~ 4 @ 


ACTA METALLURGICA, 


b 


Above: 0.115 cm thick alpha-brass sheet heated in 


Fic. 8. I 
at 800°C. 500. Below: Region near surface of 


vacuum 9 hrs 


0.115 cm thick alpha-brass sheet heated in vacuum 1/2 hr at 


800°C. 


noting that the elimination at a grain boundary of a 
vacancy of volume 2 will produce a contraction 6x 
=/A, where A is the grain-boundary area. If the 
opposing normal tensile stress is a, 

y 


“c= 


No KT RT 
where V is the molar volume of the alloy. It appears that 
a is the osmotic pressure developed between the concen- 
tration 2,, and mp. The effect of stress upon the critical 
vacancy concentration for nucleation of a void in the 
matrix or the grain boundary may be estimated by 
assuming that elastic strain energy is relaxed through- 
out the volume occupied by the void. For biaxial tension 
the strain energy density is [ (1—v)o* ]/£ and the strain 
energy contribution to the free energy of void formation 
is —[ (4rr'o?(1—v) |/3E where E is Young’s modulus, 
v is Poisson’s ratio, assuming an isotropic material, and 
r is the radius of the void. When this term is added to 
the free-energy change occurring upon formation of a 
void, the critical supersaturation ratio for pore forma- 
tion in the matrix becomes* 


V 
No RT E 


* Note added in proof: A more elaborate treatment of the effect 
of applied stress has been carried out by J. A. Brinkman and 
yields approximately the same results (private communication). 
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For the grain boundary the equivalent expression is 


N 1 l—y 

Inf — @b) 
No RTL 6 E 

In these expressions r,,° and 7,‘ are the effective radii of 
the nuclei which must exist in the matrix and grain 
boundaries respectively in order for holes to form at the 
indicate] supersaturation ratio and stress level. The 
for nucleation at the boundary is 


critical stress, o,, 


found by equating (1) and 


11 1 
A, | 
gb E 


2b) to yield 


The actual magnitudes of o. and r,,° in (3) are not 
known. However, if we can make a reasonable estimate 
for o. we may calculate r,,° and then calculate the 
critical vacancy supersaturation ratio at the boundary 
(21 No) from (2b). According to Price!’ a tensile stress 
of 70X 10° dynes/cm? causes a strain rate of about 10 
per cent per minute in alpha-brass at 800°C. It seems 
unlikely that a stress of this magnitude exists during 
the major portion of the diffusion cycle since the average 
shrinkage rate is considerably lower than 10 per cent per 
minute. However, stress concentrations could be 
present and we will therefore take 10° dynes/cm? as an 
upper limit for the tensile stresses acting on the bound- 


aries. In this event equation (3) may be written as 


(4) 


since ¢,-= 10° dynes/cm? is small compared to the esti- 
mated value of E=13X10" dynes/cm* at 800°C.!715 
If y is taken to be 10* ergs/cm? the lower limit of 7,,° is 
=2X10 This that the critical super- 
saturation ratio according to (2b) must be < 1.006. 
These values apply strictly only to the grain bound- 
aries, and not necessarily to the matrix. In general it 
was found in the thicker specimens which developed 
pores at the boundaries that the density of holes along 


cm. means 


the boundaries was greater than in the grains at the 
same depth from the surface (see Figs. 6 and 7). This 
observation may be accounted for by assuming that 
there is a higher density of nuclei present in the bound- 
aries than in the grains. It is difficult to tell from the 
present results whether there is much qualitative differ- 
ence between nuclei at the boundaries and within the 
grains. In many cases porosity appeared sooner at the 
grain boundaries than in the adjacent grains as diffusion 
proceeded into the specimen (Fig. 6). This behavior 
might indicate that the nuclei in the boundaries become 
operative at lower supersaturations than the matrix 
nuclei (e.g., 7 5°>%m°). However, it is possible that the 
pores along the boundary frequently join together, 
forming a continuous exit for zinc vapor to the surface. 
This process would cause dezincification in the boundary 
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region to occur ahead of dezincification in the matrix 
and could account for the structure of Fig. 6. 

These remarks focus attention on a major problem in 
this work; namely, the determination of the nature of 
the nuclei responsible for hole formation. It seems prob- 
able that the grain boundary porosity observed here is 
related to the grain boundary porosity that is developed 
when metals and alloys are strained in the absence of 
chemical] diffusion.'.° For instance intergranular poros- 
ity has been observed in alpha-brass at 800°C after 
straining at a stress of 6X10* dynes/cm.”’ such 
cases we may postulate that sufficient excess vacancies 
were produced during plastic flow to cause pore forma- 
tion at the boundaries.”! The fact that holes have often 
been found to occur at the boundaries but not in the 
grains under these conditions seems to indicate that the 
nuclei present at the boundaries are in general more 
effective than those in the matrix. The present result 
that with a previous 
extimate by Balluffi® from other data that the critical 
supersaturation ratio in the matrix is < 1.01. 

In many cases, in the thicker samples, it was found 


1.006 is consistent 


that porosity formed at some boundaries while other 
boundaries in the same specimen were completely free 
of holes. Possible explanations could be based upon 
stress differences due to elastic anisotropy'® or, again, 
upon differences in the heterogeneous nuclei present at 
various boundaries.** 

The absorption of vacancies at grain boundaries and 
movement together of the grains is equivalent to a 
substraction of atoms from the lattice at the grain 
boundary. The details of the mechanism by which this 
occurs cannot be constructed directly from the experi- 
mental results. The grain boundaries in question are, of 
course, the type of “high-energy”? boundaries which 
cannot be described by means of simple arrays of dis- 
locations.” The atomic structure in such boundaries is 


highly disorganized and possibly vacancies are elimin- 


ated one by one as they enter this disorganized region by 
viscous flow processes. An attempt was made to find 
evidence of localized plastic flow near the boundaries in 
the thin sheets by microscopic examination but such 
effects were not observable. In the thick sheets surface 
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steps were often found where a grain intersected the 
surface at an acute angle as in Figs. 8a and 8b. Such 
steps were probably caused by grain-boundary viscous 
shear under the influence of the tensile stresses parallel 
to the specimen surface. 
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THE MECHANISMS OF SELF-DIFFUSION IN TIN* 
J. F. NICHOLAS} 


The experimental data for self-diffusion in tin are analysed in terms of six possible diffusion mechanisms, 


viz., two vacancy, two interstitial, and two ring mechanisms. It is shown that there are four different ways 
of choosing a combination of two mechanisms that will adequately describe the data, none of these combina 
tions involving a ring mechanism. For each combination, the frequency factors and activation energies of 
the mechanisms involved are calculated but satisfactory theoretical explanations cannot be given for these 
values for any of the combinations. 
MECANISME DE L’AUTODIFFUSION DANS L’ETAIN 

Les résultats expérimentaux de |’autodiffusion de |’étain sont discutés en fonction de six mécanismes 
possibles de diffusion (deux mécanismes par lacune, deux par insertion, deux par rotation). I] est montré qu’il 
y a quatre moyens différents de choisir une combinaison de deux de ces mécanismes qui décrivent correcte 
ment les résultats, mais aucun de ceux-ci ne comporte de mécanisme par rotation. Pour chaque combinaison, 
les facteurs de fréquence et les énergies d’activation des mécanismes considérés sont calculés, mais aucune 
explication théorique satisfaisante ne peut étre donnée pour ces valeurs. 

DER MECHANISMUS DER SELBSTDIFFUSION IN ZINN 

Die experimentellen Ergebnisse iiber die Selbstdiffusion in Zinn werden auf Grund von sechs méglichen 
Diffusionsmechanismen analysiert : zwei Fehlstellen-, zwei Zwischengitterplatze- und zwei Ringmechanismen. 
Es gibt vier verschiedene Wege, um eine Kombination von zwei Mechanismen zu wihlen, die die Ergebnisse 
angemessen beschreiben. Keine der Kombinationen enthalt einen Ringmechanismus. Fiir jede Kombination 
wird der Hiufigkeitsfaktor und die Aktivierungsenergie des eingefiihrten Mechanismus berechnet. Es kann 
jedoch fiir diese Werte bei keiner der Kombinationen eine befriedigende Deutung gegeben werden 


to the centroid of D, E, F, and C. A second possibility 


Recently, Shirn, Wajda, and Huntington! measured 
of such a 


self-diffusion rates in single crystals of zinc and inter-_ is that the atom moves through the centre 


preted their results in terms of possible mechanisms of 
diffusion. They deduced that at least one vacancy 
mechanism was operative and that it was possible to 
explain all the data by two vacancy mechanisms. In this 
paper the results given by Fensham?’ for self-diffusion in 
tin are analysed in a similar manner. It is shown that 
the experimental data can be described by any one of 
four combinations of two mechanisms chosen from a set 
of two vacancy and two interstitial mechanisms but 
that no combination is in satisfactory agreement with 
theory. 

The geometry of the possible mechanisms of diffusion 
in tin due to the movement either of vacancies or of 
interstitial atoms or of rings of atoms is most readily 
described by reference to Fig. 1. 

Vacancies: A vacancy at A may move either to one of 
the nearest neighbour sites such as B, 3.02A away, or to 
one of the next nearest neighbour sites such as C, 3.18A 
away. 

Interstitial atoms: The point K, at the centroid of A, 
D, E, and F, is assumed to be a typical interstitial site, 
the general position being [x(a/4), y(a/4), 2(c/8) ] with 
«, y, and z all odd integers. It seems reasonable to fit an 
interstitial atom on such a site as it is 2.12A from the 
nearest regular atomic site and the ionic radius of tin is 
just below 1A. The simplest movement of the interstitial 
atom is parallel to the c-axis with As= +2, e.g., from K 


* Received April 6, 1954; in revised form, October 20, 1954. 

t Division of Tribophysics, Commonwealth Scientific and In 
dustrial Research Organization, University of Melbourne, Aus- 
tralia. 
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parallelogram as A BFC, thereby changing either x or y 
by +2. However, as can be seen from the figure, the 
movements corresponding to these four possible changes 
do not all involve the same configuration of atoms and 
so are not equally likely. Further, the changes in ¢ in- 
volved in such movements are not fixed by the geometry, 
since rectilinear motion of the interstitial atom cannot 
be expected when, as in the present case, the thermal 
energy is much less than the activation energy. For the 
purposes of this paper, it will be assumed that an atom 
at K is equally likely to move through the centre of 
A BFC, of ADGC, or of BFEH, but cannot move in the 
fourth direction, and that either (a) Az is always zero or 


Fic. 1. Crystal structure of tin showing an interstitial site at K. 
Oblique lines join nearest neighbours; vertical lines join next 
nearest neighbours. The c-axis is vertical 
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(b) As=+2 for such as movement from K 
through A BFC and Az=+4 for the other possibilities. 
Rings: The rings that will be considered are (a) a 3- 
ring such as ACD, which involves one nearest neighbour 


Cases 


pair, one next nearest neighbour pair, and one pair 3.80A 
apart and (b) a 4-ring such as ACGD involving two 
nearest neighbour pairs and two next nearest neighbour 
pairs. 

As in the work of Shirn e/ al, six basic mechanisms (see 
Table I) can be set out and, for each, we have calculated 
the ratio y;=D,/D,,, where D, and D,, are the rates of 
diffusion, perpendicular and parallel to the c-axis, which 
would be found if that mechanism alone were operative. 
We will assume that, in the temperature range used by 
Fensham, viz., 180—230°C, the diffusion is dominated by 
two of these mechanisms and will consider, in turn, each 
possible pair, eliminating those which are incompatible 
with experimental or theoretical data. 


TABLE I 


Mechanisr 


1 Vacancy movement//[001 ] 
2 Vacancy movement to nearest neighbors 
3 Interstitial movement//[001 ] 
4 Other interstitial movement 
(a) assuming As=0 
(b) assuming As=+2 or +4 
5 Ring of 3 atoms 
6 Ring of 4 atoms 


Since Yexpe ranges from 0.35 (high temperature) to 
0.48 (low temperature), we must have y;<0.35 for one 
of the chosen mechanisms and y;>0.48 for the other. 
By such an argument, Shirn e/ al reduced their possible 
combinations to two and they did not attempt to 
distinguish further. However, in the present case, only 
mechanism 6 can be eliminated in this way and the 
combinations of either mechanism 1 or 3 with any one of 
the mechanisms 2, 4, 
assumption that the temperature dependence of the 
Arrhenius type, all these 


or 5 must be considered. On the 


diffusion coefficients is of 
combinations imply that InD, should be a linear func- 
tion of 1/7, the slope of the plot giving the activation 
energy of the chosen second mechanism. Further, 
In(D,,—D,/y;) should be a linear function of 1/7, 7 
being 2, 4, or 5 according to the choice of the second 
mechanism. For y4, both the extreme values, viz., 2.24 
and ~, will be tested. 

Both InD, and InD,, are plotted against 1/7° in 
reference 2 and the plots are reasonably linear. In Fig. 2, 
In(D,,—D,/y) is plotted against 1/7 for y=6.7, 2.24, 
and 0.52, the points falling on straight lines in the first 
two cases but not in the third. Therefore, we reject 
mechanism 5 and are left with the combinations listed in 
Table II. This table also lists the activation energies, 
Q;, in kcal/mol, and frequency factors, Do;, in cm*/sec, 
calculated from the experimental data for each combi- 
nation. For mechanisms 2 and 4, only the frequency 
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igainst 


0.52 (full 


Fic. 2 
1/T for y=6.7 


circles 


Experimental values of In(Dy— Dy, 


(open circles 2.24 (opel | , ane 


factor for the component perpendicular to the c-axis is 


given. Obviously the figures in the table have no 


physical meaning unless the combination for which they 
are calculated is dominant. 

In order to distinguish between these combinations, it 
is necessary to use theoretical expressions for Do and for 


the relation between Do; and Q,. On the basis of existing 


theories of such relations, it can be shown (see Appendix 


that, while the experimental data cannot be interpreted 
in terms of vacancy diffusion, they are not incompatible 
with interstitial diffusion, i.e., with the assumption of 


(3,4 as the dominant combination. However, the 


geometry of the interstitial movements suggests that we 
should find 03;<Q4, 
in Table II for combination 


in contradiction to the figures given 
3,4). Thus, we are forced to 
the rather unsatisfactory conclusion that, while any one 
I] Cal be 


present theory cz 


of the combinations listed in Table 


describe the experimental data, 
explain the frequency factors and activation energies 
found for any combination 

these difficulties, the 


In an overcome 


possibility that more than 


attempt Lo 


two mechanisms are opera- 
tive has been considered but the experimental data are 
insufficient for an adequate investigation. Moreover, the 


implies, 1n 


general, lower frequency factors than those found wh 


assumption of three or more mechanisms 
en 


1 
} 


only two mechanisms are considered, so thé 
Another possibil 


il 
culties of explanation are increased 
movement ol 


diffusion occurs by 


Paneth’® su: r tne aikall 


would be that 
rad rowdions”’ l h as 


metals, but such processes have 1 considered 
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APPENDIX—THEORY OF D, 
On general grounds (e.g., Le Claire),* we may write 
exp(AS/R), (1) 


where A is a geometrical factor depending on the 
crystal lattice and the mechanism of diffusion, v is the 
frequency of vibration of the diffusing atom, 6 is the 
jump distance, and AS is an entropy change associated 
with the diffusion. Zener> has postulated that, for 
vacancy and interstitial diffusion, AS should be pro- 
portional to Q and has given values for the constant of 
proportionality. Thus, without knowing », we can 
calculate, in terms of the Q-values, the ratios D;/ (De), 
and D,/(D4),, where D;= Do; exp(—Q/ RT). By com- 
parison of these with the experimental data and by 
assuming that the dominant mechanisms contribute at 
least 90 per cent of the diffusion in each direction, the 
most probable combination can be shown to be (2,3), 
l.e., a mixed vacancy-interstitial process. However, for 
the experimental values found for tin, the use of Eq. (1) 
and Zener’s theory for AS leads to values of »v which are 
several orders of magnitude less than the Debye fre- 
quency, so that, as has been pointed out by Le Claire 
(private communication), tin seems to be an exception 
to Zener’s theory. Dienes* came to the same conclusion 
by taking v= Debye frequency and thence calculating 
AS from Eq. (1). The negative values which he found 
are incompatible with Zener’s theory. In his calcula- 
tions, Dienes used the values of Do given by Fensham 
who assumed that both D,, and D, have a temperature 
dependence of Arrhenius type. However, as shown 
above, it is D,,—D,/y; and D,, rather than D,, and D,, 
which should depend on temperature in this way so that 
the Dy values given in Table II are different from those 
used by Dienes. Nevertheless, for all mechanisms the 
values of AS are negative when evaluated by use of 
Eq. (1) with v= Debye frequency. 

In a subsequent paper, Dienes’ suggested that nega- 
tive values for AS are not impossible, since AS should be 
the sum of two terms, viz., a term, A.S), arising from the 
decrease in over-all activation energy with increasing 
temperature due to thermal expansion, and a term, AS, 
say, arising from the altered vibration frequencies 
around the defect and the diffusing atom. Dienes’ 
analysis suggested that AS, should be essentially posi- 
tive but that AS; could be negative for vacancy 
mechanisms, a negative AS thusimplying AS; > | AS, 
However, in later work, Vineyard and Dienes* pointed 
out that the term AS; is really included in the vibra- 
tional entropy and therefore should not be considered 
separately. Thus, AS can be computed solely from a 
consideration of changes in vibration frequencies and 
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this idea will be used below. In his treatment Dienes’ 
considered two contributions to AS;, viz., (7) when a 
vacancy is formed the neighbouring atoms will vibrate 
with lower frequency and (ii) when the diffusing atom 
moves to the saddle point next to the vacancy, there 
will be regions of compression and hence of higher 
vibration frequency. Dienes calculated the entropy 
change due to (77) and showed that it was negative but 
he did not give a comparable treatment for (7), and 
hence could not strictly compare the answers to find the 
sign of the net contribution to AS. This separation of 
AS; is unnecessary since the over-all activation energy 
of the diffusion process (O— TAS) is the sum of contri- 
butions from the energy of formation of a defect and 
from the energy for movement of this defect. Therefore, 
AS should be interpreted as the difference between the 
entropy of a perfect crystal and that of a crystal with 
the diffusing atom at the saddle point between two 
lattice (or interstitial) sites. 

If we consider a perfect lattice of Z-atoms and the 
same lattice in which an atom, A, has been moved from 
the interior to the surface and another, B (a neighbour 
of A in its original position), has moved to the saddle- 
point next to the vacancy formed by moving A, then the 
change in entropy due to the changes in vibration fre- 
quencies will be given by 


3 
AS;=R +R In(vp;/vp;’), (2) 
1 j=l 


where v;; is the jth vibration frequency of the ith of the 
N neighbours of the A —B pair in the perfect lattice, v;,’ 
is its value in the lattice with B at the saddle-point, and 
Vpj, Vp; are the corresponding quantities for atom B. In 
order to carry out an order of magnitude calculation 
similar to that given by Dienes, we assume (7) that 
v;;=v;;' except in the direction of the line joining the ith 
atom to B, i.e., take v;;=v;,’ for j=1, 2 and (77) that v;; 
and 


and yj;’ are inversely proportional to (r;)*? 


{(r:+r,’)/2}*7, where r; is the interatomic distance in 
the perfect lattice, r;’ is the distance from the ith atom 
to B (at the saddle-point), and y is Gruneisen’s con- 


stant. We can then write the first term of AS; in the 


TABLE A-I. Changes in entropy (cal/mol/°C 
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First term 

Mechanisr \ f AS AS ASzener 
14 18 ~8 

26 24 
2 16 18 —19 5 

24 29 
3 5 —10 ~—7 

7 —11 

9 
4 8 —10 —19 5 

12 —4 
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form 


3Ry In{ (ri +r,’)/2r;}. 


This is almost the same as the expression used by Dienes 
to calculate his entropy change except that he interprets 
r; as the distance between the 7th neighbour and B in its 
original position, whereas in this calculation r; is the 
distance from the 7th neighbour to the nearer of A and B 
in their original positions. For an interstitial mechanism, 
we have to consider an imperfect lattice of /—1-atoms 
on their normal sites together with the atom B at a 
saddle-point between two interstitial positions. Then 
AS; is again given by (2) and (3) if we assume that the 
N neighbors are the neighbours of the saddle-point, 7,’ is 
the distance from the ith neighbour to this point, and r 
is a “mean interatomic distance” in the perfect lattice. 
The contribution to AS; from the second term is more 
difficult to estimate but is presumably of the same sign 
and smaller than the first term in each case. 

Table A-I lists the values given by (3) for the first 
four mechanisms in 
neighbors are considered. For comparison values of 
[obtained by substituting v= Debye frequency 


DIFF 


Table I when various numbers of 
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also 


AS zZener= 80X10 are 
given. These latter sets of values are significant only 


into equation (1) ] and 
when the mechanism considered is a dominant one and 
the values for mechanisms 1 and 3 depend slightly on 
whether the other dominant mechanism is assumed to 
be 2 or 4. It will be seen that AS, is always positive for 
vacancy mechanisms and always negative for interstitial 
mechanisms, in agreement with physical ideas which 
suggest that there is a general loosening of the lattice 
when a vacancy is formed and a general tightening when 
an interstitial atom is introduced. If allowance had been 
made for relaxation of the atoms about the diffusing 
atom, the values of AS; would have been reduced in 
magnitude but not changed in sign, so that the figures 
given in Table A-I must be considered as overestimates. 
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CALORIMETRIC MEASUREMENTS DURING PRECIPITATION IN A GOLD-NICKEL ALLOY* 


J. NYSTROM? 


\n apparatus designed and | 


built for measurements of heat evolved at high temperatures. The heat of 


precipitation between 400 and 500°C in a gold-nickel alloy with 26 atomic per cent nickel was determined. 
The results are compared with the heat of precipitation as calculated from the two-phase boundary assuming 


the entropy of mixing to be the same 


as for an ideal solution. The results are also compared with those 


calculated from the heat of mixing obtained elsewhere from measurements of electrolytic potentials. The 


kinetics of the transformation were also studied. 


MESURES CALORIMETRIQUES LORS DE LA PRECIPITATION 


DANS UN ALLIAGE OR 


NICKEL 


Un appareil pour des mesures de chaleur dégagée 4 hautes températures a été construit. La chaleur de 


précipitation d’un alliage or-nickel 4 26% 
comparés a la chaleur ¢ 
de mélange est la méme que pour une solution idéale 
a partir ae énergie de mélange obtenue a Vaid 


a été étudiée. 
KALORIMETRISCHE 
IN 
kalorimetrische Messunget 


de nickel a été mesurée entre 400 


Le 


MESSUNGEN WAHREND 
EINER GOLD-NICKEL 


bei hohen Temperaturen 


mischungswirme einer Gold-Nickel Legierung mit 26% 


Die Ergebnisse werden mit den Wert 


et 500°C. Les résultats sont 


le précipitation calculée 4 partir des limites de phase en supposant que l’énergie 


»s résultats sont également comparés a ceux calculés 


e des potentiels d’élec trodes. La cinétique de la transformation 


DER AUSSSCHEIDUNG 
LEGIERUNG 


wurde ein neues Geriit entwickelt. Die Ent 
Nickel wurde zwischen 400 und 500°C bestimmt. 


rten fiir die Entmischungswirme verglichen, die unter der Annahme eines 


idealen Verhaltens der Mischungsentropie aus der Zweiphasengrenze berechnet wurden. Weiterhin w ird ein 
Ve rg 


Messung des elektrolytschen Potentials berechneten Mischungswirmen durchgefiihrt. Die Kinetik 


rleich zwischen den experimentell gefundenen 


ebenfalls besprochen 


mwandlt ng wird 


1. INTRODUCTION 


There have been many suggestions to calculate the 
heat of mixing for alloys. In most cases the energy has 
been calculated from the sum of the binding energies 


in pairs of nearest neighbors. Borelius,! however, as- 


sumed that groups of more than two atoms had to be 
taken into consideration for calculation of the energy, 
few 


and gave empirical formulas. In the last years 
attempts have been made to explain the heat of mixing 
by means of changes in the energy of the electrons in the 
Fermi bands** and from strains in the lattice.4* The 
entropy of mixing for the solid solution has mostly been 


considered the same as for ideal solutions. Recent 
measurements on the gold-nickel system,* however, 
show that the entropy can be very different from that of 
ideal solutions. Detection of short-range order between 
the atoms above the two-phase boundary in the same 
alloy system® also shows that the heat of mixing can not 
be composed of the binding energies of pairs of nearest 
neighbors. 

In this investigation the heat of precipitation in an 
alloy in the gold-nickel system was measured and com- 
pared with calculated values obtained from the heat of 
mixing according to the investigation mentioned above ;3 


the kinetics of the transformation were also studied. 
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den an anderer Stelle auf Grund der 


aer 


2. EXPERIMENTAL METHOD 


The alloy was made of spectroscopally pure nickel 
from Johnson, Matthey and Co. and pure gold from 
Adelmetallbolaget, Malm6, Sweden. The purity of the 
gold was checked by measurements of the electrical 
resistivity at room temperature. The metals were melted 
to an alloy in an evacuated quartz tube in a high- 
frequency furnace, rolled a little, and then annealed for 
24 hours at an approximate temperature of 875°C. 
After quenching in cold water, it was formed into a 
cylinder about 2.5 cm long and 4+ mm in diameter. A 
chemical analysis after the measurements were per- 
formed gave the concentration as 25.9 atomic per cent 
nickel. 

The principle for the measurements was the same as 
for many other measurements in the same laboratory,’:* 
but the apparatus was designed to work at higher temp- 
eratures than had been used earlier. Two horizontal 
electrical tube furnaces were used, one smaller for the 
homogenization of the specimen and one larger for the 
calorimetric measurements. It was possible to move the 
specimen in a quartz tube going through both furnaces. 
For this purpose and in order to measure the tempera- 
ture of the specimen, a thermocouple of silver and 
constantan was made with one contact inside the 
spec imen and the two wires projec ting out of the two 
ends of the quartz tube. A third purpose of the thermo- 
couple was to supply Peltier heat for calibration of the 


measuring device (see, for instance, reference 8). 
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Fic. 1. Device to measure the evolution of heat in the specimen. 
his part of the apparatus was enclosed in a hollow copper cylinder. 


The device for the calorimetric measurements is 
shown in Fig. 1. The part of the quartz tube seen there is 
placed in the center of a hollow copper cylinder in the 
middle of the larger furnace. The block had no metalli: 
connections with the surroundings in order to maintain 
a uniform temperature. A constant temperature of the 
furnace was obtained by means of heating with a 
stabilized current. Possible variations in the tempera- 
ture due to small variations in the power input and to 
variations in the room temperature were very slow 
because of the large heat capacity of the furnace. During 
measurements, as described herein, it is more important 
to keep possible variations in the temperature slow than 
to have the upper and lower limit for the temperature 
close together. 

The evolution of heat in the specimen was obtained 
from the temperature difference between the specimen 
and the surroundings as measured by means of eight 
thermocouples made of constantan and manganin wires 
0.15 mm in diameter coupled in series and connected to 
the outer surface of the quartz tube by means of silver 


paint as shown in Fig. 1. The voltage of the series of 


thermocouples was measured by means of a mirror 
galvanometer. In order to minimize errors from un- 
desirable thermoelectric forces in 
circuit there was an electrical commutator which was 
thermally insulated in a wooden box. 

In order to protect the specimen and the measuring 
device from oxidation a slow stream of a mixture of 95 
per cent nitrogen and 5 per cent hydrogen was passed 
through the apparatus both outside and inside the 
quartz tube. 

The solubility of nitrogen is negligible both in gold 
and nickel. Hydrogen is only dissolved in nickel® but 
the concentration at the temperatures used is only about 
0.4 atomic per cent.'” Thus a heat effect due to precipi- 
tation of H» must be negligible compared with the heat 
measured. 

The measurements were performed in the following 
way: The specimen was first annealed in the smaller 
furnace at a temperature 60-80°C above the two-phase 
boundary, for a time varying between ten minutes and 
three hours. It was then moved to a point in the tube 
between the two furnaces where, during half a minute, 
it cooled down approximately to the temperature of the 
larger furnace which had been adjusted to the desired 
measuring temperature. Then the specimen was placed 
into position for measurements as shown in Fig. 1. 
Measurements of the gavanometer deflection could 
start as soon as the temperature of the specimen was 


within 2 degrees of the temperature of the furnace. 


IP] 


the galvanometer 
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The time required for this was usually about five 


minutes. All measurements were made for both current 


directions through the galvanometer. In Fig. the 


galvanometer readings for two different measurements 


are recorded. From these rea‘/i vs the evolution of 


was obtained 


The calibration was performed in the 


same way as In 


reference 8. We introduce the following symb ils: 


power developed in the spec imen, 


change in galvanometer deflection for power 
P 
a,b=empirical constants, 


time. 


The equation for the power P can be written P=as 


+b ds/dt. For calibration a current 7 was sent through 
the thermo ouple. When equilibrium for s the equation 


can be written 
and 


tions of the 


and I] 


two direc 


for the 


ohmshe part of the heat 


and the relation between a and b can easily be obtaine¢ 
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HEAT EVOLVED 


Fic. 3. Heat evolved per mole in the specimen after 
different lengths of time. 


During the measurements the term 0b(ds/dt) had 
only to be taken into account during the first few 
minutes which means that the same curves could be 
drawn for s and P in Fig. 2. 


3. RESULTS 


In Fig. 2 two curves of the heat power in the specimen 
as a function of time are shown. A comparison of curves 
obtained at the same temperature showed that they 
could have different form depending on the heat treat- 
ment before the precipitation. Because of this it was 
not possible to give any equation of the heat evolved as 
a function of time and temperature. The total heat 
evolved, however, was the same. 

The observation points in Fig. 3 show the total heat 
evolved, as obtained by graphical integration of curves 
like those in Fig. 2. The inaccuracy in the heat is indi- 
cated by the vertical lines. The temperature is measured 
by means of a thermocouple calibrated with an accuracy 
of +2°C. The solid curves show the heat evolved after 
different lengths of time. The last measurements made 
at 481°C) are neglected for these curves as the specimen 
had been heated to a higher temperature than earlier, so 
a slower reaction could be expected."! 


4. DISCUSSION OF THE RESULTS 


As mentioned before, the measurements showed that 
different homogenization conditions for the specimen 
could give different forms to the curves obtained at the 
same precipitation temperature. This can probably be 
explained in the following way. As Késter and Dannohl” 
showed, there is grain-boundary precipitation in the 
system. Different time and temperature for the homo- 
genization can give different crystal size and different 
form to the crystals. For large crystals it will be readily 
seen that if the precipitation starts at different points on 
different occasions, we can obtain power curves of differ- 
ent form. A difference in crystal size, on the other hand, 
cannot be expected to cause a significant difference in 
the internal energy of the alloy compared with the total 
heat of precipitation. 
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The heat evolved during complete precipitation can 
be easily calculated if we know the two-phase bound- 
ary®8 and the enthalpy of mixing as a function of con- 
centration at the precipitation temperature. In Fig. 3 
the experimental results are compared with values cal- 
culated in two different ways. For one calculation, the 
enthalpy of mixing is obtained directly from the two- 
phase boundary under the assumption that the entropy 
of mixing is the same as for an ideal solution. This 
involves the validity of Kopp-Neumann’s rule. The 
heat of precipitation calculated under this assumption 
is much too low when compared with the experimental 
values. 

The other calculated curve has been obtained from 
the enthalpy of mixing at 900°C determined by Cohen 
ef al.* Starting from these values, the enthalpy of mixing 
at the precipitation temperature has been estimated in 
the following way. Oriani has measured the specific 
heat of an alloy with 48 atomic per cent nickel. He 
found a positive deviation from Kopp-Neumann’s rule 
and, from the deviation per mole AC, we obtain the 
difference in enthalpy of mixing per mole AH between 
900°C and the temperature 7 for this alloy. 


100 


AH = —Hr= A . 


Thus the enthalpy of mixing was found to be 5.6 per cent 
lower at 600°C and 9.3 per cent lower at 400°C than the 
values determined at 900°C. In order to obtain the heat 
of precipitation at different temperatures, the values 
of the enthalpy of mixing at 900°C were first used and a 
correction was made afterwards (5.6 per cent at 600°C, 
9.3 per cent at 400°C). A more exact correction would 
have required specific heat measurements for other 
concentrations also, but the accuracy in the experi- 
mental results does not justify a more elaborate correc- 
tion. 

We assume that the heat of precipitation calculated in 
this way is correct. It is then possible to compare the 
ratio between the heat evolved during a certain length 
of time and the heat of completed precipitation with the 
relative change in resistance with time of a gold-nickel 
alloy with 28 atomic per cent Ni according to Borelius." 
The curves in Fig. 3 have the same form as those in 
reference 11. It is noticed that the reaction is extremely 
slow in a range of about 100°C below the two-phase 
boundary and can not be detected by means of calori- 
metric measurements where the sensitivity is not higher 
than in this investigation. 
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FRICTIONAL FORCES ON DISLOCATION ARRAYS AT THE LOWER YIELD POINT IN IRON* 
A. CRACKNELL} and N. J. PETCHi 


le 
grain diameter /, Here k 


ional forces exerted by solute atoms and precipitates on the dislocation arrays that propagate 


=o , which relates the lower yield point o.y.». of polycrystalline iron with the 


lo 


Che equation 


has been confirmed * and oy are constants and it is suggested that o» depends in part 
the frict 


In agreement, it is found that o» increases when the solute atom concentration is increased by 


upon 

the y ield. 

nitriding or by sub-critical quenching and there is a further increase on ageing, followed by a decrease on 
\ linear relationship is calculated between oy and the concentration of carbon + nitrogen in solution, and 

this is confirmed by experimental measurements 

LES LIGNES DE DISLOCATIONS A LA LIMITE ELASTIQUE 

INFERIEURE DANS LE FER 


FORCES DE FROTTEMENT SUR 


juat +k*l relie la limite élastique inférieure du fer polycristallin au diamétre des grains 


qul 


Dans expression ci-dessus, k* et 


S vérifiée ao sont des constantes et il est suggéré que oo dépend en partie 
orces de frottement qu’exercent les atomes dissous et les précipités sur les lignes de dislocations. Comme 
vérification, il est montré que a» croit si la concentration en atomes dissous est augmentée par nitruration ou 
trempe et que a» croit également par vieillissement, mais décroit pendant la phase de coalescence due a un 
vieillissement trop poussé. Une relation linéaire, confirmée par Vexpérience , est établie entre a» et la concen 
tration en atomes de carbone azote dans la solution. 
AN VERSETZUNGSANSAMMLUNGEN AN UNTEREN 
STRECKGRENZE IN EISEN 


REIBUNGSKRAFTE DER 


p. von vielkristallinem Eisen mit dem 
Hierbei sind k* Konstanten. Es 

dass op zum Teil von den Reibungskraften abhingig ist, « Atome 
1 an den Versetzungsansammlungen verursacht werden, die die Spannung hervorrufen. In 


Die Gleichung 
Korndurchmesser / 
ird men, 


untere Streckgrenze o 


t, kKonnte bestatigt werden und 


Tl 


in Beziehung bring 


lie durch geléste und 


mit wurde g dass oo grésser wird, wenn die gelésten Atomansammlungen durch 


elunden, 


rierung oder durch unter 
Erhéhung von oo hervorgerufen, der ein 


K ohle 


] 


ntration von 


rimente 


1 expe 


INTRODUCTION 


The lower yield point ¢ and the cleavage strength 
g, of polycrystalline iron have the same form of depend- 


ence upon the grain diameter /, namely, 


(1) 


Measurements in 


k and k* 


liquid nitrogen give tli 


where go, are constants.! 
1e same numerical value of go in 
both equations. 

It has been shown that these relationships can be ex- 
plained if the propagation of a Liiders band from grain 
to grain at the lower yield point depends upon the shear 
stress ahead of an array of dislocations piled up against 
a grain boundary by the applied stress and if cleavage 
depends upon the tensile stress ahead of such an array.! 

Equations (1) and (2) are particularly powerful in the 
study of the yielding and cleavage of polycrystals, since 
into 


they separate the factors that control ¢ and o 


three. These are the grain size J, the stress that must be 
produced ahead of the array (which determines k* and 


k) and the term oo. The last of these represents a stress 
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ritisches Abschrecken vermehrt werden 
\bfall bei der | 
‘nstoff 


Befunde 


Durch Alterung wird eine weitere 


beralterung folgt 


und Stickstoff in 


that the motion of the dislocations and so 


reduces the stress produced ahead of the array. The 


( OSES 


purpose of the present paper is to examine the nature of 
the internal stress that produces ao. 

FRICTION BY SOLUTE ATOMS AND PRECIPITATES 
1 ) 


must either oppose the motion of the dislocations at all 


To give rise to Eqs. (1) and (2), the internal stress 
points along the length of the array or the wavelength 
of the internal stress must be very short compared to 
this length. The internal stress due to fine precipitates or 
random solute atoms fulfils this condition, so these are 
potential contributors to a». Of the solute atoms, carbon 
and nitrogen are probably the most important because 
of their strong Cottrell interaction. 

If fine precipitates and solute atoms do act in this 
way, alteration in their concentration or dispersion 
should alter oo, and this has been examined experi- 
mentally for a mild steel. The concentration was varied 
by nitriding and by sub-critical quenching, and the 
dispersion was varied by quench-ageing. To obtain ao, 
the relationship between the lower yield point at room 
temperature and the grain size was determined and the 
results are shown in Fig. 1, in which oo appears as the 
intercept on the yield point axis. 

First, it should be noticed that these results confirm 
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Ubereinstimmung (a VOI 
Lésung vird eine ineare 
\bhangigkeit errechnet und durch 
= 
= 
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Eq. (1). Secondly, it is apparent that nitriding and 
quenching raise a) and that the increased dispersion 
produced by ageing leads initially to a further rise, 
followed by a fall on over-ageing when the precipitate 
becomes widely dispersed. 

These changes are exactly those that would be ex- 
pected if solute atoms and fine precipitates do contribute 
tO do. 

Figure 1 also shows that o» was higher for the mild 
steel than for a Swedish iron when both were in the 
annealed condition. This is probably mainly due to the 
difference in nitrogen content (Table I), the 
concentration of retained in 
practically the same for both materials and in any case 
it will be much less than the nitrogen concentration® 


since 


carbon solution will be 


also the carbides will be coarsely dispersed whereas any 
nitrides that precipitate will only do so below ~200°C, 
which will favour fine dispersion. It is confirmed later 
(Fig. 2) that the observed difference in a» is in fact 
mainly due to the nitrogen. 

This influence of the nitrogen content on a» has a 
direct bearing on the important yield point differences 
between open hearth (~0.005°%%, N») and Bessemer 
(~0.015% No) steels. 

The slope &* in Fig. 1 is unaffected by any of the 
that 
(r« k*) required at the head of the dislocation array if 


various treatments, showing the shear stress 


yield is to propagate is unchanged. If 7 is the stress 
required to break a dislocation source away from its 
atmosphere of solute atoms, it is understandable that an 
increase in the concentration of atoms in solution has no 
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U 
Fic. 1. Dependence of o).y.p. on grain size /~! mm‘? for 1, an 
nealed mild steel En. 2; 2, En. 2, nitrided; 3, En. 2, quenched from 
650°C; 4, En. 2, quenched, aged 1 hour at 150°C; 5, En. 2, 
quenched, aged 100 hours at 200°C; 6, annealed Swedish iron 
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TABLE I. Composition w/ 
Si S P M1 N Cr N 


0.0085 
0.003 


0.08 0.05 
0.03 0.01 


0.029 0.51 
0.024 0.14 


0.02 0.05 
<0.01 0.02 


effect on this stress, since the atmosphere is already 
condensed before the increase takes place. However, 
this atmosphere should evaporate above ~700°K,’ so 
that some effect on k* might have been expected in 
specimens quenched from above this temperature, but 
none was observed. It may be that the atmosphere 
recondensed during quenching, since extrapolation of 
measurements on strain-ageing® shows that the time to 
condense at 650°K is ~# sec and data on cooling rates® 
suggest that this is probably shorter than the time to 
cool from 700-600°K in the present case. 


QUANTITATIVE TREATMENT FOR C AND N ATOMS 


The resistance of random C and N atoms to disloca- 
tion movement can be calculated by the method used in 
Mott Nabarro,'’:7"" treatment of finely dis- 
persed centers of internal stress. 

With V carbon + nitrogen atoms per unit volume, 
and the dislocation is 


the and 


their mean separation is A= .\ 
bent by the nearest-neighbor solute atoms (those 
within a distance of ~A/2) into loops of average length 
~A and of average amplitude FA/8ayb*. Here a~0.5, 
u is the rigidity modulus, b is the Burgers vector and F 
is the appropriate average force exerted in the glide 
direction by these solute atoms. 

The elementary step in the motion forwards of the 
dislocation is performed by a loop of length n’A. Since 
there are random positive and negative forces on the 
constituent single loops, the average amplitude of the 


n-A loops is 


nk 
yud 


Witha positive edge dislocation, C or N atoms below 
the glide plane give interaction energy valleys, but the 
atoms above the glide plane give energy hills. Thus, the 
energy of the length *A varies more or less periodically 
with a wavelength of 2A as the dislocation moves across 
the crystal, and the movement of the center of the 
compound loop fism one equilibrium position to the 
next will be about 2A. With the amplitude expression, 


this gives 


Saub 


To evaluate F in magnitude, we consider the force 
exerted on an edge dislocation in the glide direction by a 
solute atom situated at (7,0) and integrate over one 
quadrant. 

Using the Cottrell expression for the interaction 
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Fic. 2. Effect of the concentration of C+N ir 


energy,” 


For r<rp~2A, it is considered that the interaction 


energy is zero. A is a constant. 


16A 


F= In 


wA? 2ro 
The net force nF on nA is equivalent to a shear stress 
F/nAb, so the tensile stress required at ~45° to the 
glide plane to move the dislocation is 
nAb 
Substitution gives 


As the concentration ¢ increases from 0.005 to 0.025 
per cent, the term .V*/*[1n1/27o.V! }** decreases by only 1 
per cent, so that within this range 

Nae, 

With A~1.5-3.0X 10-* dyne cm’,"* is 1-2 tons/sq 
in. at V=10" per cc (0.025% C). 

EXPERIMENTAL MEASUREMENTS 


This calculation of op has been tested experimentally. 
The variation in solute atom concentration was obtained 
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by quenching from various temperatures between 300 
700°C and by using a mild steel and a Swedish iron with 
different ‘“‘as received”’ nitrogen contents. 

Figure 2 shows that the experimental values of a» 
determined at room temperature are mainly dependent 
upon the concentration of C+N in solution and that o» 
is linear with respect to this concentration in agreement 
with the calculation. There is, however, an intercept of 
~2 tons/sq in. at c=0. 

Similar measurements in liquid nitrogen™ show that 
the part of a) associated with the C+N in solution has 
little dependence on temperature, so that the magnitude 
of oo in Fig. 2 is directly comparable with the calculated 
value, which assumes no thermal activation. It is 
apparent that the calculated value is of the right order, 
but low. 

This is rather to be expected. In the calculation, F is 
given an average value for atoms within A/2 of the 
dislocation, but the equilibrium positions of an 7A loop 
will arise because of closer proximity than average to 
the minimum energy positions for the single loops, and 
quite probably there is a consequent maximum near the 
equilibrium positions in the force required to move an 
nA loop. An approximate upper limit to a» can be 
calculated by assuming that F in the resultant force nF 
acting on the length m*A has the maximum value for the 
displacement of a dislocation from a C or N atom, 
averaged for a depth of the atom below the glide plane 
of up to A/2. The calculation is straight-forward, 
although it does not give a simple result, since the 
interaction energy within 7» of the dislocation has to be 
taken as zero. At A~1.5-3.0X10~* 
N= 10” per cc, tons/sq in. 

The liquid nitrogen measurements show that the oo 
intercept at c=O0 is considerably temperature-depend- 
ent, and it may well be that this contribution to a 


dyne cm® and 


represents the stress required to force a dislocation 
through intersecting dislocations. 
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Fic. 3. Effect of quenching temperature on o).y.», for Swedish iron 


at constant grain size. 
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Figure 3 illustrates the variation with quenching 
temperature of the lower yield point determined at room 
temperature for specimens of constant grain size. 


EXPERIMENTAL DETAILS 


The compositions of the materials used are shown in 
Table I. 

All the yield point measurements were made at room 
temperature on small specimens with 0.25 in. diameter 
ends and 1 in. gauge length of 0.125 in. diameter. The 
same strain rate cases (cross-head 
velocity =0.34 mm/min). 

Temperatures in the austenitic region of up to 1050°C 
and times up to 24 hours were used to obtain the 
various grain sizes, except for the coarser ones, which 


was used in all 


were produced by straining and annealing. The speci- 
mens were cooled over a period of 15 hours after these 
treatments. 

Nitriding was carried out at 580°C by the Schwartz- 
bart and Low method’ using previously annealed speci- 
mens; they were cooled in the nitriding furnace. 

In the quenching experiments, previously annealed 
specimens were heated in vacuo to 700°C, slowly cooled 
in the furnace to the required temperature, held there 
for 14 hours, water-quenched and then tested. To make 
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sure that the yield point was not affected by quenching- 
stresses, other specimens were quenched as }-in. bar, 
then carefully turned into specimens and tested. The 
two sets of measurements agreed. 

Wert’s'® measurements were used to give the solute 
atom concentration in the quenched state. 
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X-RAY LINE BROADENING FROM COLD-WORKED IRON* 
R. I. GARROD and J. H. AULD? 


Measurements of the x-ray line broadening from cold-worked iron filings, and from wire specimens 
prestressed by uniaxial tension to various stages in the plastic range, have been analyzed in terms of both line 
breadths and line shapes for a number of high angle reflections. The results indicate that heterogeneous 
lattice distortion is predominantly responsible for the observed broadening although some particle size 
broadening does occur. Values of ~10~* and 5X10~* cm were obtained for the minimum average particle 
sizes for the filings and wires, respectively. Differences in average particle sizes, root mean square strains and 
strain distributions were found for different directions in the deformed crystals; these effects have been 
interpreted qualitatively in terms of dislocation processes. 


ELARGISSEMENT DES SPECTRES DE RAYONS X DU FER ECROUI 


L’élargissement de la forme des raies des spectres de rayons X a été analysé pour les grands angles de 
réflection dans le cas de la limaille de fer écroui et dans celui de fils déformés plastiquement par traction. Les 
résultats montrent que |’élargissement observé est surtout da a une distorsion hétérogéne du réseau, 
quoiqu’un certain élargissement provienne du facteur de dimension. Des valeurs de |’ordre de 10~> cm et 
5X10~> cm ont été obtenues comme dimension moyenne, respectivement pour la limaille et les fils, mais les 
valeurs obtenues pour les dimensions moyennes de particules pour la racine carrée de la moyenne du carré des 
déformations et pour la distribution des déformations, varient suivant les directions; ces effets peuvent étre 
expliqués qualitativement par la théorie des dislocations. 

VERBREITERUNG DER RONTGENLINIEN BEI KALTVERFORMTEN EISEN 

Messungen der Verbreiterung der Réntgenlinien von kaltverformten Eisenfeilspinen und Drahtproben, 
die unter einachsiger Beanspruchung im plastischen Bereich um verschiedene Betriige vorgereckt wurden, 
sind sowohl in Bezug auf die Linienbreite als auch auf die Linienform analysiert worden. In der Hauptsache 
ist die Linienverbreiterung auf heterogene Gitterverzerrungen zuriickzufiihren, obwohl auch ein gewisser 
Betrag der Verbreiterung durch die Teilchengrésse bewirkt wird. Die kleinste mittlere Teilchengrésse wurde 
fiir die Spine zu ~10-°, fiir die Drahte zu ~5X10~* cm ermittelt. In den verschiedenen Richtungen der 
verformtenLKristalle wurden Unterschiede in der mittleren Teilchengrésse, der mittleren Grésse der 
Ursprungsspannungen und der Spannungsverteilung gefunden; diese Erscheinungen werden qualitativ mit 
Hilfe von Versetzungsvorgingen gedeutet 


INTRODUCTION 


The present work has been undertaken with two main 


Many experiments have been carried out in different »bjects in mind 


laboratories in recent years to determine the relative 
importance of particle-size and lattice distortion effects 
on the broadening of X-ray reflections from cold- 
worked polycrystalline metals. The theoretical back- 
ground and various experimental observations have 
recently been summarised by Greenough! and by 
Williamson and Hall.” 

Prior to 1950, the usual approach to the problem was 
to investigate the variation of true integral line breadth 
of high order reflections with the diffraction angle and 
the wavelength of the incident X-ray beam. Experi- 
ments of this type have however produced conflicting 
results ;>~* possible reasons for this have been discussed 
elsewhere.*:! 

Recently developed Fourier methods (Warren and 
Averbach)"~" for analysing the shapes of the diffraction 
lines provide much information which cannot be ob- 
tained from determinations of line breadth only. 
This type of analysis has therefore been used ex- 
in spite of certain limitations’ and 
exacting experimental requirements. 

* Received March 22, 1954; in revised form June 1, 1954 

t Formerly at Defence Standards Laboratories, Melbourne, 


Australia ; now at Aeronautical Research Laboratories, Melbourne, 
Australia. 
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(1) Firstly, to examine both bulk metal and filings 
under similar experimental conditions and with ap- 
propriate analytical procedures for assessing the results, 
to determine whether any radical difference in the 
nature of the deformation process could be detected. 
This point is of importance in view of previous con- 
flicting results.'% 

(2) Secondly, to extend the Fourier analysis of line 
shapes to cases where a mean change in interplanar 
spacing occurs after plastic deformation. Previous work 
employing the Fourier method has been restricted to 
specimens that exhibit no appreciable shift in the 
positions of the line peaks after cold-work. 

A brief account of some early results, analysed on the 
basis of line breadths, has already been published 
elsewhere.® 

EXPERIMENTAL 


Iron was chosen as the material for the investigation 
because, (a) it exhibits relatively large residual lattice 
strains after uniaxial stress in the plastic range, (b) it 
shows no appreciable self-recovery at room tempera- 
ture,’ a point of some importance in view of the length 
of time involved in the experiments, and (c) by the use 
of different wavelengths it is possible to examine a 
number of different /k/ reflections at high 6-values. 
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Since unambiguous interpretation of the Fourier 
coefficients depends largely upon precise determination 
of the X-ray line profiles, especially in regions close to 
their “tails,” it is customary to make the experimental 
measurements with a Geiger counter X-ray spectrome- 
ter. As this technique was not available to us, the X-ray 
reflections were recorded on films and the line profiles 
then obtained by microphotometry. As a check on the 
accuracy of the Fourier coefficients obtained from these 
experimental data, the observations were therefore 
analysed in terms of line breadth as well as line shape. 


(a) Preparation of Specimens 


The material used was ingot iron of the following 
analysis: 

Per cent Per cent 

0.03 

0.019 

0.011 

0.02 


Manganese 0.1 
Nickel 0.005 
Chromium 0.01 
Cobalt <0.008 


Carbon 
Sulphur 
Phosphorus 
Copper 

Miniature cylindrical tensile test specimens, having a 
gauge length of 5 inch and diameter of 0.01540.001 inch 
were prepared from wire by etching and electropolishing 
treatments. 

The specimens were then heated in vacuo to 920°C, 
held at temperature for 10 minutes, rapidly cooled to 
650°C and subjected to this temperature for 30 minutes 
and then slowly cooled. Finally they were given a light 
electrolytic etch to remove any surface effects. (It is 
known that electrolytic etching does not produce any 
significant surface stresses in high purity iron.*') Sta- 
tionary X-ray photographs showed that this heat 
treatment removed preferred orientation and internal 
strains. 

A specimen of filings was prepared by filing one of the 
annealed wires in benzene, and then enclosing the 
powder in a cellophane tube. Part of the filings was 
given the same heat treatment as the wires and then 
also enclosed in a cellophane tube of the same dimen- 
sions as for the cold-worked sample. 


(b) X-ray Photographs 


The wire specimens were examined in an 11.46 cm 
diameter powder camera, first in the strain-free state 
and then after having been strained in tension to various 
stages in the plastic range up to fracture. Crystal- 
reflected cobalt, chromium and iron monochromati 
radiations and filtered molybdenum radiation were 
employed. Similar patterns were obtained from the 
cold-worked and annealed filings. In all exposures, no 
intensifying screens were used and the peak density of 
all lines was kept within the linear portion of the 
intensity-density characteristic of the X-ray film used 
(Ilford ‘‘New Ilfex’’). 

The line profiles corresponding to values of # in excess 
of 30 degrees were determined by careful micropho- 
tometry of the films and the mean residual lattice 
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strains for the high-order reflections were obtained in 
the usual way from measurements taken on a travelling 
microscope, corrections being made for temperature and 


film-shrinkage effects. 
DETERMINATION OF LINE BREADTHS 


a) Method 


The Fourier coefficients for the true broadening 
profile were obtained by applying Stokes’s method” to 
corresponding pairs of diffraction lines, after resolving 
each aja doublet by graphical means.” 

Following Stokes, let 


experimental line profiles from a sample in the strain- 


g(x) and h(x) represent the 
free and deformed conditions, respectively, and let f(a 
be the true broadening profile, where x is a linear 
distance on the film. Then g(x), #(x) and f(x) may be 
expressed as Fourier series of the type 


> F(t) exp 


where F(O peak value 


and similarly for g(x) and h(a 
2 are the limits for 


of f(x), ¢=0, +1, +2, 
x, outside which A(x) and g(x) have fallen to the back 


etc. and ta 


ground value which is taken as zero. 

If the deformation process results in no peak displace 
ment, the same origin may be chosen for the three 
profiles and F(t)=/7(t)/aG(t), where /7(/) and G(¢) are 


the transforms of h(x) and g(x), respectively. This is a 


close approximation for the filings, to which the method 


is normally applied, but may be invalid for the bulk 
metal plastically deformed by uniaxial stress. In the 
latter case, if individual origins for x for the g(x) and 
h(x) curves are chosen at the positions of their re 
spective means, the origin for x in (1) will occur auto 
matically at the position of the mean of the f(x) profile 
and again F(t)=H/(t)/aG 

In practice, however, it is more convenient to choose 
the origins for g and h(x) at their respective peaks, 
rather than their means, since the peak separation may 
be obtained by direct measurement and is utilised in the 
subsequent analysis of line shapes. 

In this case 


exp| (d- 


F(t)=| H(t)/aG(t 


where d, dy are the displacements of the peaks of the 

h(x), f(x) curves from the peak of the g(x) curve 
Hence if (d—d 

ranted in the line-breadth measurements, / 


is small, within the accuracy war 


(i 


aG(t) and the same procedure may be used for both 
filings and wires. 
The 


separated into real and imaginary components F 


coefficients F are complex and may be 


and 
F(t), respectively, which are obtained by Stokes’s 
method from the experimental data. 

Ith 


It follows from (1) that the true integral line breadt 


x 
1 
v) d ’ 1) 

j ) 
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8 is given by 


aF 


F,(0)+2 > F,(d) 


The line breadths so obtained may then be used to 
investigate the cause of the broadening. Hall™ has 
shown that if the particle size and distortion broadening 
can be regarded as additive, the total broadening 8 is 
related to the average particle size e« and the integral 
breadth o of the stress distribution function by 


2o siné 


Bcosé 1 
= (4) 


e 


where £ is an appropriate value of Young’s modulus. 

If the strain distribution in the sample is isotropic, 
o EF isa constant independent of the order of reflection 
and hence a plot of (8 cos@)/ against (sin@)/A should be 
a straight line with an intercept of 1/e. 

For elastically anisotropic metals, it is often found 
preferable to assume that the stress rather than the 
strain distribution is isotropic;>** this 
(siné)/ £4 should be the function used in the plot, 
where £,,,; is the value of Young’s modulus for a single 
crystal in the [ &/] direction. Experiments on polycrys- 


case, 


talline metals strained in the elastic range, however, 
have usually not given results in agreement with either 
of these two limiting assumptions.' Subsidiary experi- 
ments on iron carried out during the course of the 
present work gave values for Young’s modulus in the 
elastic range for several sets of (/k/) planes which agreed 
within +5 per cent with the corresponding averages, 
Ex, of values calculated from assumptions of either 
constant stress or constant strain in the aggregate. It 
may therefore be better to plot (8cos@)/X against 
(sin@) 


(b) Results 


From (3) it will be seen that for line-breadth measure- 
ments, only the real Fourier coefficients F,(/) need be 
determined. Applying this procedure to the experi- 
mental data for the filings and the wires, it was found 
that in some cases the values of F(t) decreased mono- 
tonically with increasing /, up to /~12, but larger values 
of ¢ produced maxima and minima in F,(t). This 
anomolous behaviour was due to insufficient accuracy in 
the measurement of the ‘‘tails” of the experimental line 
profiles. For determination of 8 in such cases, the curves 
were therefore extrapolated graphically beyond the 
value of ¢ at which F,,(¢) showed its first minimum. 

As a check on the most appropriate value for E in (4), 
the values of @ obtained for the filings and for a wire 
specimen strained to fracture, were used in plots of 
(8 cos#)/X against (7) (sin@)/A, (77) and 
(iit) (sin@)/E AX. In each case, the line of closest fit was 


VOL. 3, 2955 

obtained by the method of least squares and the sum of 
the squares of the deviations of the experimental values 
from the line was then computed. These values are 
recorded in Table I below. 


- «1 /8 cosé B cosé 
A expt 


) (1412) 
sind) / Ed 


in mm ?X 10%. 


Specimen sin@)/X (sin@é 


Filings 
Wire stressed to 
(42.5 Kg/mm? 


fracture 


These results indicate that, at least in the present 
work, better agreement is obtained by using the first or 
third relationship than the second one, and that the 
improvement in (77) over (7) is perhaps just significant 
statistically. 

The experimental results for the filings and for wires 
prestrained to various amounts in the plastic range are 
illustrated in Figs. 1 and 2. (Molybdenum radiation was 
used only for the filings and for a wire strained to 
fracture.) As pointed out previously, a linear relation- 
ship in such plots depends upon the assumption of 
simple addition of size and distortion broadening com- 
ponents. This in general will not be true; if one effect 
largely predominates, however, the departure from 
linearity will not be serious. 

As is usual in these graphs, the scatter is appreciable, 
but the lines of best fit pass close to the origin in all 
cases. It therefore appears that for iron, lattice distortion 
is by far the predominant cause of line broadening and 
that there is no essential difference in the deformation 


a 


m / kg 


. (8 cos)/X versus (sin@)/Ey for filings and for a wire pre- 
stressed to 42.5 Kg/mm? (fracture). 


B= (3) 

8.28 12.66 5.83 
| 1.85 2.32 1.45 

x L 

| 

| 

| 

RACTURE 
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Fic. 2. (8 cos6)/X versus (sin6)/EyX for wires pre-stressed to 39.8 
and 28.3 Kg/mm? 


process between filings and bulk metal. As pointed out 
the line breadths 


8 


by Wood and Rachinger, however, 
from the filings are larger than the corresponding values 
from the bulk metal strained to produce maximum 
broadening, the ratio here being about 2.5. 


ANALYSIS OF LINE SHAPES 
(a) Method 


The Fourier coefficients derived for the line-breadth 
analysis were used to investigate in more detail the 
nature of the distortion process, by employing the 
Fourier methods referred to previously. The following 
analysis refers to the general case in which the experi- 
mental conditions are such that a mean displacement of 
the X-ray line, as well as a change in shape, may occur 
as a result of plastic strain. 

Warren and Averbach" have shown that if any /k/ 
reflection from a cubic crystal is transformed to the form 
0O/ with respect to appropriate orthogonal axes @)d2d3, 
the true line profile from a polycrystalline sample 
exhibiting line broadening may be represented by the 
Fourier series 


P(26)=K > C(n,l) exp(—2zinhs), 


where 
h;= (2a; sin@)/X, 


and K is a parameter which is sensibly constant for a 
given line and particular experimental conditions. 

If both particle size and distortion broadening are 
operative 


C(n,l)=N(n)J (nd), 6) 


where .V (mn) depends only upon the size and shape of the 
crystallites in the sample and J(,/) depends upon the 
lattice distortion.'*:!¢ 

If a displacement of the peak of the line occurs, the 
Fourier coefficients C(n,/) are complex; i.e., 


where 


A(o.)=1, B(o,l)=0. 
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In these circumstances J (n,/) is complex, but V(m) is 
not so, since particle size broadening produces no peak 
displacement. 
Hence 


(8) 


where J,(,/) and J;(n,/) are the real and imaginary 
components of J (m,/). 

Warren and Averbach’s analysis" shows that J(m,/) is 
related to the strain in the crystal by 


J = 
J (nl) = 


where Z, 


column of unit cells of length na:. 


n is the strain in the direction in a 


If the atomic displacements are small or may be 


approximated by a Gaussian distribution 


J 1”) (10) 


and for small values of 
J (n ny. (11 


Hence the variation in root-mean-square displace- 


ments, @;(Z,,”)4? and mean displacements a;(Z,,)4, with 


the corresponding distances wa; in the crystal over 
which the averaging process is taken, may be found 
from a knowledge of the coefficients J,(2,/) and J;(n.l). 
and B(n,l 
from the Fourier coefficients used in the line-breadths 


The coefficients A (v,] may be obtained 
analysis as follows: 

For comparison wi , it ls convenient to rewrite 
(5) in the form 


P(20)=K > C(n,l) — 2rin(20— 26) 


cosé 


A/(a 


intensity of the annealed material. 


where T and @ is the Bragg angle for peak 
Stokes’s method provides directly a 


W here 


V()=F 


exp 
For compatibility with (12), however, a 


coefficients (¢) are required given by 


f(x—am)=>> exp. 


x 


where xo, X» are the linear positions for the peaks of the 
g(x) and f(x) profiles, respectively. 

It can easily be shown that the real and imaginary 
are related to V(t) by 


components, ¥,(¢) and F;(¢) of 5 


| 
L 
Bin, l Vin)J;(nl), 
| 
cos27lZ ,,) sy, 
sin27lZ ay, 
Vt H 1G (1), 13 
1.e., from (2 
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the expressions 


F,(t)=V,(t) cos(2rid/a)— V;(t) sin(2rtd/a), 


: (16) 
(t)=V,(t) cos(2rtd/a)+V ,(t) sin(2rid/a). 


The coefficients A(,/) and B(n,/) for any reflection 
may then be computed from these values of F(/) by 
equating 
A(n)=§,(t)/S,(0), 
(17) 


provided that is given the values 


T/T. (18) 


where 7’=r, p, r is the camera radius and is the linear 
distance on the film corresponding to the range of 
integration, a, in Eq. (1). The conversion factor T/T” 
occurs due to the arbitrary choice of interval arising 
from the use of Beevers-Lipson strips to obtain the V (¢) 
coefficients. 

It then only remains to separate the particle size and 
distortion terms, which are given as a product by Eq. 
(8). It has been shown recently that the two effects may 
be distinguished by considering several orders of re- 
flection from a given set of planes in the crystal.!*:4-!6 In 
the present series of experiments, this method could not 
be used since only one order from each set of planes 
occurred at a high @-value. An approximate indication of 
the particle size, however, may be obtained by the 
following procedure. 

For any O00/ reflection and small values of 


~(1—n/N3) 


where .V 3a; is the average particle size in the a; direction 
and e” is the mean square strain, (Z,,”/n"), for a column 
of length If is sufficiently small, is a constant 
independent of 7. 


Fic. 3. Plot of —[LlogA (n) ]/n against n illustrating the intercept 
used to determine the minimum value of the average particle size 
in the [310] direction for filings. 
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Under these conditions 


log A (7) 


(19) 


+ 


Hence if —logA ()/n is plotted against », for small 
values of n, a linear relationship should be obtained, 
from the intercept and slope of which, .V; and e? can be 


determined. 
(b) Results 


The methods described above were applied to the 
experimental data for both the filings and the wires. The 
former represents the special case in which d and dp in 
Eqs. (2), (14) and (16) are both zero. In this case, 
therefore, for each reflection 


A(n)=F,(t)/F,(0), 
B(n)=0. 
(1) Filings 


Figure 3 illustrates the results obtained from (19) for 
the 310 reflection. It will be observed that no truly 
linear range occurs for the experimental points, pre- 
sumably due to the non uniformity of strains over 


Fic. 4. Root-mean-square displacements in the [310] direction as 
a function of averaging distance in the crystal for filings. 


distances less than 70A (see Fig. 4). If, however, the line 
joining the first two experimental points is extrapolated 
to n=0, the intercept so obtained represents a minimum 
value for the average particle size. In Fig. 3 this 
cm in the [310] 
direction. The particle-size broadening is therefore small 


corresponds to a size of 2.7X10 


compared with the distortion broadening, in agreement 
breadth meas- 


with the conclusions from the line 
urements. 

Minimum average particle sizes computed in this way 
from a number of the reflections are given in Table IT. It 
must be emphasised, however, that the values can only 
be regarded as very approximate, since the intercepts 
were small and subject to considerable possible error. 

Following Warren and Averbach, the root-mean- 
square displacements a:(Z,,”)x? (calculated directly from 
the values of A (,/), since .V; 


have been plotted against corresponding distances na; 


was comparatively large) 


1 
V3 2N; 
~ 
| 
| 
/ 
/ 
4 / 
/ 
/ 
/ 
/ 
/ 
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TABLE IT. Minimum average particle sizes (« 


Cell length 


in the crystal and typical results are illustrated in 
Fig. 4. As usual, the plots are initially approximately 
linear, but droop for increasing distances in the crystal 
over which the displacements are averaged. The initial 
slopes represent true root-mean-square strains and may 
be compared with the average values (8 cot@)/4,’ ob- 
tained from the line-breadth measurements. 

Table II above summarises the results for the filings. 
The last column in the table lists the product of the root- 
strain and the value, Ey, of 
Young’s modulus for each [ /k/ ] direction. If the stress 
is isotropic this product should be independent of hkl. 


mean-square average 


It will be seen that the results for the same direction 
in the crystal obtained from the use of different radia- 
tions are reasonably self-consistent, and that, in agree- 
ment with other work of this type on cold-worked 
metals, the strains are uniform for any particular direc- 
tion over distances only ~ several cell lengths. The re- 
sults also indicate that neither the stress nor the strain 
is truly isotropic, but that on the whole there is a closer 
approach to constancy of stress than constancy of 
the line-breadth 


strain, as was also found in meas- 


urements. 
(ii) Wires 

To determine the importance of the particle size effect 
in the wires, the relation given by (19) was applied to 
the experimental data for a wire stressed to fracture. 
The results indicated a minimum average particle size 
(in the [220] direction) of 4.6X10~-° cm. In 
quence, within the accuracy warranted and for small 


conse- 


values of 7 
A (n,l)~exp(— 


B(n Doe — ay. 
The following procedure was therefore adopted. 


(a) The displacement, d, for the highest-angle re- 
flection for each radiation was measured and converted 
into the corresponding mean residual lattice strain in 
the usual way. 

(b) The coefficients A(,/) and B(n,/) for these re- 
flections were then calculated in the way described 
previously. From the A(w,/) values, the root-mean- 
square displacements, a3(Z ,” ay. and the true root-mean- 


square strains (e”)!, were obtained. The B(n,/) coefficients 
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mean-square strains (e 


| 


VI 


were used to obtain plots of the mean displacements, 
a Avy 


slopes of these curves represent the true mean strains é 


against ma; for small values of nv. The initial 
for the respective directions and should thus agree with 
The 
measure of agreement between the two sets of values 


the values obtained directly from the line shifts. 


gives an indication of the reliability of the experimental 
data used in the analysis. 

(c) For reflections other than the highest-angle line 
for each radiation, the line displacements were very 
small and could not be measured accurately. In these 
cases therefore, d was assumed to be negligible and the 
values of A(n,/) were obtained directly from the 
corresponding values of F 


Plots for the 310 reflection 


as for the filings. 


cobalt radiation) from a 


wire strained to fracture are illustrated in Figs. 5 and 6. 
These two curves are qualitatively representative of 
most of the curves from other reflections and other wires 
analysed in this way. Comparing Figs. 4 and 5, it will be 
observed that the strams are smaller and sensibly con- 
stant over greater distances in the bulk metal than in 
the filings. 

The plots for the mean displacements all rise to a 


maximum and then fall away with increasing distances 


na;. From consideration of the interpretation of graphs 


of this type, it seems probable that this is a real effect, 
but in view of the fact that the curves are based on the 
which were relatively 


imaginary coefficients 5 small 


and subject to considerable possible error, it is at 


present uncertain just how much reliance may be placed 


Fic. 5 
as a function of averaging distance 


stressed to 42.5 Kg/mm* 


Root-mean-square dlsplace 


(Iracture 


195 
Radia <10 
a tion «X10 Ay ¢ ~10 
\ cm \ Ke mm2 
310 9.05 Co 2.7 75 Wa 27.3 3 
220 4.05 Co 0.9 60 94.0 25.5 c 
220 4.05 Fe O.8 70 22 21.0 2? 
211 7.01 Fe 1.4 90 22 25.0 { 
211 7.01 Cr ia 100 16 18.4 50) 
211 7.01 Co 3.6? 80 24 28.2 57 
200 2.86 te 3.2 140 24 28.8 16 
110 4.05 Cr 0.9 60 24 21.0 55 
An 
| 
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Fic. 6. Mean displacements in the [310] direction as a function 
of averaging distance in the crystal for wire pre-stressed to 42.5 
Kg/mm? (fracture) 


upon the graphs of the type shown in Fig. 6, particularly 


for large values of as. 

The residual lattice strains found by direct measure- 
ment are given in Table III and the data obtained from 
the Fourier analysis for wires pre-stressed to given 
amounts are summarised in Table IV. Owing to the 
small degree of broadening for low plastic strains, it was 
found practicable to apply the Fourier analysis only to 
specimens which had been strained to amounts in excess 
of ~8 per cent. For convenience of comparison, the 
results for the filings are also listed in Table IV. 


DISCUSSION 


It is interesting to examine the results described 
above in the light of the differences in particle sizes and 
strains exhibited in different crystallographic directions 
in the deformed metal. 

Firstly, for the filings, Table II shows that the 
particles tend more closely to equi-axed crystallites than 
to long rods or lamellae. It is significant, however, that 
of the directions investigated, the two smallest sizes are 
in the [110] and [211 | directions, i.e., normal to two of 
the slip planes operative in iron at room temperature. 
Conversely the maximum dimension is in the direction 
for maximum shear modulus. Now the effective particle 
size in any direction represents the limiting distance 
before curvature of the lattice (progressive or local) 
destroys the phase conditions required for coherent 
scattering of the X-ray beam. From general considera- 
tions of the curvature and high dislocation density 

TABLE ITI. Residual lattice strains in wire specimens for 310, 


220 and 211 reflections, taken with Co, Fe and Cr radiations, 
respectively. 


Residual lattice strains K10# 
310 220 211 


Plastic 


extension 


viously 
ad stress 


Kg/mm? per cent 
42.5 
(fracture 


2 


32.3 


21.4 
8.4 
0.9 
0.6 
Strained 
just above 
yield point 


Var... 3. 2935 

associated with the slip bands, it seems reasonable to 
expect that, on the average, this limiting distance would 
be less in directions normal to the slip planes than in the 
other directions, as has been found. 

Secondly, in connection with current theories on the 
structure of a cold-worked metal and the mechanism of 
polygonisation and recovery,”*** considerable interest 
is attached to the distribution of strains in each [hkl] 
direction. The results in Tables II and IV are not 
informative in this respect; it is possible however to 
gain some indication on the distribution by the following 
approximate analysis. 

Following Warren and Averbach, regard the deformed 
crystal (of linear dimension ¢ in the a3 direction) as 
made up of a number of columns, each containing on the 
average .V; unit cells. Consider a representative column 
(Fig. 7) in which the local strains in the individual cells 
aTe €9° °° *ENs. 


TaBLE IV. Summary of results for wires and filings for 310, 
220 and 211 reflections, taken with Co, Fe and Cr radiations, 
respectively. 


Previously 
applied stress 


Kg/mm? 


Filings 


42.5 


(fracture) 


If, to a first approximation, the strain is regarded as a 
continuous variable along the column, it may be shown 
that for n<N; the root-mean-square relative displace- 
ment for groups of cells is given by 


(21) 


where a= (€:°+eN;)/e? and é is the mean-square strain 
for all the cells. 

The magnitude of the parameter a provides some 
indication of the variation in strain along the column. 
Thus @ ranges from a very small value to a value —>.V, 
depending upon whether the strains at, or near to the 
boundaries of the crystal are small or large, respectively, 
relative to the strains in the interior. 

The quantity (a/4N;—1/2N;) determines the droop- 
ing of the curves in plots such as Fig. 4 and hence a 
may be calculated for each [hkl] direction from the ex- 
perimental data. Furthermore, if e? represents the mean 
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& Me 
Linear Linear 
range range 
\ \ VOI 
310 75 
220 70 22.5 
211 100 16.2 
_ 310 280 9.2 140 3.7 
140 11.0 
211 130 10.5 85 0.2 
310 220 10.1 70 1.8 
39.8 220 180 5.6 75 —(0).3 
211 210 7.1 190 0.9 
310 470 6.3 210 1.4 
28.3 220 160 5.6 75 ts 
211 500 4.6 250 0.8 
39.8 2.1 —0.3 0.9 
28.3 13 —06 0.9 
21.2 0.1 —0.1 0.7 
17.5 0.2 —0.1 0.4 
14.0 —0.1 0.2 —O0.1 
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square value of the boundary strains, it follows that 


(2/a)}. 22) 


Values of a and (¢*/e?)! obtained from the data for 
filings are given in Table V, together with the corre- 
sponding percentage ratio of the linear range for (Z,,”),,° 
to the particle size ¢ for each direction. 

Whilst no undue significance may be attached to the 
magnitude of these results, they do indicate two 
interesting features. Firstly, for each direction, the local 
strains on the average increase in magnitude as the 
boundaries of the crystallites are approached. Secondly, 
there is a general tendency for the strains to be more 
uniform in directions normal to the glide planes than in 


the other directions. In terms of dislocations, these 


Fic. 7. Schematic diagram of a column containing V 


each of length a; and having individual strains é, e1, «+ -en; 


observations thus provide additional evidence for the 


accepted view that the density of excess dislocations in 
the cold worked state is greater at the boundaries than 
in the interior of the crystallites. They also suggest that 
the distribution of the dislocations is statistically more 
uniform in directions normal to the slip planes than in 
the other directions examined. 

Gay, Hirsch and Kelly** have recently suggested that 
the particles may be identified with relatively undis- 
torted regions between the slip bands. This corresponds 
to a single step process in which plastic flow creates ab 
initio a heavy density of excess dislocations in and 
around the slip-band regions. An alternative mechanism 
is for the dislocations to be first generated at random 
and then to migrate preferentially to form the crystallite 


AY LINE 


unit cells, 
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rasp_e V. Variation of strains along the columns for different 


directions for filings 


per cent 
3 
6 


boundaries. The latter explanation is generally accepted 
as the mechanism of recovery by polygonisation and has 
been used by Williamson and Hall’ to account for the 
pronounced flattening off of their curves of (Z,”)x 
against m, for the higher values of », for high-purity 
aluminium and for wolfram recovered at 1150°C. In the 
present case however, other evidence?’ suggests that 
self-recovery in iron is not considerable at room tem- 
perature. Furthermore, the results in Table V indicate 
that appreciable strains exist in the interior of the 
crystallites. It is therefore believed that in the present 
experiments the predominant mechanism is the single- 


step process. 
SUMMARY 


The conclusions to be drawn from the work reported 
here may be summarised as follows: 


(a) Measurements based upon the breadths and 
shapes of the X-ray reflections both indicate that lattice 
distortion is predominantly responsible for the broaden- 
ing in both the filings and the bulk metal. 

(b) On the whole, the stress is more constant than 
the strain for different directions in the crystal. 

(c) Asa result of deformation, the minimum average 
particle size is ~10~° cm for the filings and ~5X 10 
cm for a wire strained to produce maximum bradening. 
These values are rather lower than those obtained for 
iron by Gay and Kelly”. using a microbeam technique, 
but since they represent a minimum value to be placed 
on the average size this is to be expected. 

(d) In the filings, smaller particle sizes are obtained 
for directions normal to the slip planes than in other 
directions. It is suggested that this arises from the high 
concentration of dislocations in the slip bands. 


(e) The distances in the crystal over which the loca 


strains in any direction are constant, decrease with 
increasing amounts of cold work down to a value, which 
for the filings, cannot exceed a few cell lengths. In the 
latter case, an analysis of the strain distribution shows 
that the strains are greater at the boundaries than in the 
interior of the crystallites, and that there is a tendency 
for the strains to be more uniform in directions norma! 
to the slip planes than in the other directions. 
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LETTERS TO 


Energie Mutuelle de Deux Dislocations* 


On connait déja l’énergie mutuelle de deux disloca- 
tions dans un certain nombre de cas particuliers.' Nous 
avons établi une formule générale pour cette énergie 
dans le cas de deux boucles de forme et de vecteur de 
Burgers quelconques; elle s’exprime sous forme d’inté- 
grales effectuées le long des deux boucles. L’expression 
obtenue est assez simple et permet de préciser |’analogie 
magnétique indiquée par Peach et Koehler.” 

Le corps élastique contenant les dislocations ap- 
partient 4 un milieu homogéne et isotrope et sa surface 
extérieure S est rejetée a |’infini. Les deux boucles sont 
situées tout entiéres 4 distance finie. L’indice 1 est 
affecté 4 l’une des boucles, |’indice 2 a l’autre; b, 7, T, 
désignent respectivement pour chaque dislocation le 
vecteur de Burgers, la normale a une surface A s’appu- 
yant sur la ligne £ de la dislocation et le tenseur des 
efforts créés dans le milieu par celle-ci. On sait que 
l’énergie mutuelle des deux boucles s’écrit :* 


1] 


Le terme correspondant a la surface S s’annule 
puisque les tensions et les déplacements créés par une 
boucle en un point M décroissent comment 1/7? quand 
la distance moyenne, 7, de M a la boucle augmente 
indéfiniment. 

Le vecteur 6,- 7» étant a divergence nulle, |’intégrale 
effectuée sur A; peut étre remplacée par une intégrale 
de ligne. D’autre part le tenseur pouvant lui-méme 
s’exprimer a |’aide d’intégrales le long de L2,* & peut 
donc s’exprimer 4 |’aide d’une intégrale double le long 
de £; et Lo. 

Le calcul se développe symétriquement a partir des 
formules de Volterra‘ qui donnent le déplacement U’, V, 
W, créé par une dislocation dont la surface de coupure 


est A et le vecteur de Burgers 6. Celles-ci sont de la 


u-{f dA 
1 


étendue a la coupure A. Le tenseur / est 


forme: 


lintégrale étant 


celui des efforts relatifs au déplacement : 


a Or 
w= 
2 ox; 2 2 


ou r=[ (x1 —&1)?+ |"? 1, &, Etant 


les coordonnées d’un point de A et x4, x2, %s, 
point quelconque du milieu. On passe de U a V et W 


celles d’un 


en effectuant une permutation circulaire sur uw, 2, w; 
:; £1, £2, &;; (formules de Somigliana, voir Love 


p. 245). Connaissant U, V, 


Xe, 


W, on en déduit les co- 


ordonnées du tenseur des efforts 7, relatif 4 une disloca- 
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tion, sous forme d’intégrales étendues a A. & s’exprime 
alors sous la forme: 


& ff ss b (dA 
1] 12 


1, et ket 1a Ao. Le 
est naturellement symétrique par rapport 
A, el A» 


intégrales doubles devant se ramener a des intégrales 


les indices 7 et 7 étant relatifs a 
terme 
aux coordonnées des points situés sur Les 
de ligne d’aprés la remarque préliminaire on arrive assez 
facilement a exprimer le terme o;;,; sous la forme: 

— —A-6 
Ox 


b» 


n,- rot rot — 
| ¥ 


Qu b; 
n, rot { bof rot 
dor f 


I] est alors utile pour effectuer le calcul de s’appuyer 
sur le lemme suivant: 
Quand un tenseur 7 a pour coordonnées: 
— 


u étant une fonction de Xi, & etd égal a1sii=7et 


0 si i~7, on a la relation: 


ff -f (grad u)-(bxdM) 
{ 


dM étant un déplacement élémentaire sur la ligne £ 


qui limite A. 
En appliquant deux fois la formule de Stokes, ainsi 
que ce lemme, on arrive a la formule: 


Qu dM,XdM,) 
—&§ 
dor 
ide 
ff 
dor r 


ff (b;XdM))- grad r- (bsXdM.). 
Vite 


grad r désigne le tenseur 


2ua 


dor 


dar 
1 At+u 
r A+ 2p 
P| 
( ) 
Ox 
199 
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On remarque que les deux derniers termes font 
intervenir respectivement les composantes vis et coins 
de chaque dislocation. Nous avons vérifié que l’on 
obtenait avec ces formules les résultats classiques pour 
la force qui s’exerce entre deux dislocations vis ou coins. 
Cette formule s’étend évidemment au cas d’un en- 
semble de plus de deux dislocations. Nous nous pro- 
posons de l’appliquer au calcul de la limite élastique 
d’un monocristal contenant des précipités trés plats 
cohérents avec la matrice. 
J. Burn 
Division des Matériaux, ONERA 
25, Avenue de la Division Leclerc 
Chatillon-s/s-Bagneux- (Seine) 
Paris, France 
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Hydrogen and the Yield Point in Steel* 


In a recent letter, Rogers' pointed out that he had 
produced a yield point in previously deformed steel 


merely by the addition of hydrogen. 
We have observed that cathodi 
hydrogen can also eliminaie the yield point. With 
fifteen different annealed steels, ranging from a fairly 
pure iron to a 0.62% steel, the upper yield point was 


charging with 


removed and there was progressive depression of the 
lower yield point and reduction of the yield elongation 
as the duration of electrolysis increased. In every case, 
the yield point was completely removed provided the 
time and current density were sufficient. Specimens of 
1 in. gauge length, }-in. diameter, annealed after 
machining, charged in 4% H2SO; with yellow phos- 
phorus in CS. as poisoner and then tested in air, 


EXTENSION 
Fic. 1. (a) Load-extension curves for a mild steel (1) as an 
nealed; (2) charged with hydrogen. (b) The spread of plastic 
zones from high stress regions. 
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required about 8 hours at 3 amps/in® for complete 
yield point elimination. 

Figure la shows typical load-extension curves at 
room temperature. 

We think that this is probably an example of yield 
point suppression by inhomogeneous stresses, the 
inhomogeneity arising from the accumulation of 
hydrogen under high pressure in internal cavities. 
Probably at least some such cavities occur even in a 
rolled steel ; possibly they are associated with inclusions ; 
surface blistering and diffuse X-ray patterns after 
hydrogen-charging have been advanced as evidence of 
their existence. 

On this view, yielding will be initiated in the regions 
of high stress (during testing) and plastic zones will 
spread across the specimen (Fig. 1b). If the whole 
specimen yields in this manner before the plastic zones 
(Liiders bands) begin to extend sideways down the 
specimen, the yield point will be completely eliminated. 

To make sure that stress concentration at surface 
irregularities produced by attack during electrolysis 
(which appeared to be slight) was not the important 
factor, the surface was carefully turned off some 
specimens, but this did not restore the yield point. 
Restoration did occur when the hydrogen was removed 
by annealing at 200-600°C in vacuo. Calculation of 
the hydrogen distribution showed that there did not 
appear to be any question of stresses due to non- 
uniform distribution of hydrogen in solutiox. 

This yield point elimination took place more readily 
with coarse-, than with fine-grained specimens, which 
is in keeping with other cases of elimination by in- 
homogeneous stresses. 

A. CRACKNELLT 
N. J. PEtTcH 
Metallurgy Laboratory 
University of Leeds 
Leeds, England 
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A Tentative Explanation of the Accelerated Growth 
of Tin Whiskers* 


Very interesting results were recently reported on the 
accelerated growth of tin whiskers under pressure by 
Fisher, Darken and Carroll.! According to them, the 
growth rate is accelerated up to 10,000 times the 
spontaneous rate by application of pressure up to 
7500 psi. They also showed that a straightforward 
thermodynamical treatment fails to explain this 
accelerated growth. This means some additional agents 
are required. The present writer would like to present 
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a_ tentative additional 
conditions. 

Fisher et al' clamped the tin-plated specimen to 
apply the pressure on it. Considerable tin was extruded 
at the free side surface. They noticed, however, that 
whiskers seem to grow not from this extruded tin, but 
from the vicinity thereof. 

At the region where the tin extrusion is hindered, 
the applied pressure, P, may be maintained without re- 
laxation up to the very vicinity of the free surface, as if it 


explanation, assuming two 


were a hydrostatic pressure in a closed vessel. The reason 
why this kind of hindrance of extrusion occurs is not 
known, but one of the necessary conditions for it may 
be the thinness of plated tin between the clamps. If a 
Frank’s spiral of whisker-producing dislocation’ is 
situated in such a region where the tin extrusion is 
hindered, a whisker will grow there at an accelerated 
rate, which depends on the applied pressure. This 
whisker growth will relieve the applied stress. The 
basic concept of the present writer is that the stress is 
relieved by means of whisker growth at the region 
where the not relieved by means of tin 
extrusion. 

The concentration of atomic vacancies in a region of 
tin crystal, where the applied pressure, P, is maintained, 
is decreased from its normal value by a factor of 
exp(— Pa®/kT), where a is the atomic spacing, & is 

and JT is absolute tempera- 
concentration at the Frank’s 


stress is 


Boltzmann’s constant, 
ture.’ The vacancy 
dislocation spiral is somewhat higher than the normal 


value. Then the concentration gradient of vacancies is 
(Z/Ra*){1—exp(— Pa®/kT)} =~ ZP/RRT, (1) 


where Z is normal concentration of vacancies, and F is 
the distance between the dislocation spiral and the 
region where pressure, P, is maintained. Here the 
vacancy concentration at the dislocation spiral was 
assumed to have normal value. 

Now the distance, R, is assumed to be very small, say 
from 10 to 100A, because the pressure, P, is considered 
to be maintained up to the very vicinity of free surface. 
This is the first assumption. 

The concentration gradient as expressed in (1) must 
be kept constant to secure the constant diffusion 
current which enables whiskers to grow at a constant 
rate. The concentration gradient is assumed to be kept 
constant by means of absorption of vacancies by edge 
dislocations which are situated near the end of concen- 
tration gradient. This is the second assumption. 

Now the flux of vacancies is DP/ RkT, if the approxi- 
mate value of (1) is used. Here D is the self-diffusion 
coefficient of tin at the temperature 7. Thus the rate 
of whisker growth G is 


G=DPa*/ RkT 


cm/sec (2) 


Equation (2) gives a linear relation between G and P, 


which agrees with experimental results. Taking D= 10 
cm2/sec, T=300°K, a®=30A*, and P=5,000 psi, we 
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obtain 
G= 260A/sex 
for R=10A, and 
G=26A/se (4) 


for R=100A. The value (3) is ten times smaller, and 
the (4) smaller than the 
experimental value, which is about 2600A/sec. 


value is a hundred times 

The calculated values of G may be increased by a 
factor of ten or more, if we consider two more conditions. 
(1) The concentration of vacancies is higher than the 
normal value near the Frank’s dislocation spiral. This 
makes the concentration gradient increase. (2) Although 
the tin extrusion is hindered around the whisker root, 
it may be possible that a slow creep occurs at the 
vicinity of the root. If this is the case, vacancy concen- 
tration will be increased there.‘ 
diffusion current increase. 

Fisher ef al have shown that the whiskers may exhibit 


This also makes the 


three stages of growth: (1) an induction period, (2) a 
period of constant growth rate, and (3) an abrupt 
transition to a much slower growth rate. The present 
writer’s explanation is consistent with these three 
stages. Induction period is explained in the same way 
as in Frank’s theory.? The second stage is explained 
as mentioned above. After some period of second- 
This will 
result in a deceleration of growth rate. Thus the third 


stage growth, the stress will be relieved. 


stage is accounted for. 
HASIGUTI 
Department of Metallurgy 
Faculty of Engineering 
Univ ersity of Tokyo 
Tokyo, Japan 
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Impurity Particles and the Lateral Growth 
of Cadmium Iodide* 


The engulfment of impurity particles during the 
lateral growth of cadmium iodide plates has recently 
been postulated to account for the development of 
screw dislocations in crystals, leading to growth in 
thickness.' More study of the 
cadmium iodide from aqueous solution seems to indi- 


detailed growth of 
cate that the presence of impurities must also be taken 
into account in considering the process of lateral growth 
itself, through the advance of the (1010 

We have observed the growth of cadmium iodide 
evidenced by the uni- 


faces. 


plates of uniform thickness 
formity of the interference colors) formed on depositing 


Onc 
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Fic. 1. Border formation in growth of cadmium iodide 
from aqueous solution. Magnification 340X. 


a solution saturated with reagent grade material a 
35.0°C in a cell? thermostated at this temperature. On 
lowering the 5-10 (giving a 
supersaturation ratio a= 1.02-1.04), many of the plates, 


temperature degrees 
originally in the form of irregular hexagons, were found 
to grow through the addition of a layer around the 
prism faces of the original crystal, with an interference 
color different from that of the original formation 
(Figs. 1a, b). The step thus formed in the (0001) plane 
is filled in only after the border has grown to some 
extent, sometimes through the action of a spiral 
growth step.’ 

A sequence leading to the formation of such a border 
is illustrated in Figs. 2a-f. Upon lowering the tempera- 
ture of the cell 9 degrees, a blue crystal plate emanates 
from a corner of the original red crystal. All but the 
(0001) face of this addition advance immediately; the 
equivalent faces of the original platelet remain station- 
ary, however, and are finally engulfed (Fig. 2f). A 
similar sequence is apparent in Figs. 3a—d; here more 
than one source appears to be operating, however, 
sending out separate strips which join, as shown in 
Fig. 3b. Separate outgrowths thus formed have been 
found to show the same interference color, without 
any apparent material connection. 

The formation of these borders can be rationalized by 
postulating the existence of a fault plane in the original 
crystal plate, possibly separating a region in which the 
layers are randomly stacked from one in which adjoining 
layers of cadmium iodide are so arranged as to form a 
C27 structure, with two Cdl, sheets per unit cell, which 
has been found to predominate for slow crystallization‘ 
and presumably minimizes the free energy. To account 
for development of crystal spokes,°® we suggest that in 
the interval between crystal formation and the lowering 
of the temperature, small impurity particles present in 
solution are adsorbed on the platelets, primarily on 
the loosely packed prism faces, and that these can 
delay growth, as already shown by Zener for grain 
boundary migration.* Assuming, for simplicity, that 
such particles subdivide the prism faces into regions 
replicating the habit of the original crystal, and neglect- 
ing the contribution of impurities to the thermo- 
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dynamic functions in the bulk, the increase in the 


chemical potential, 4, over that for a face without 
contamination will be? 
1,’ l, 
Au=y>. — Cosw, 
S S/sinw 


where y is the specific volume of the solid, o is the 
surface tension of the uncontaminated face and w; the 
exterior angle between it and an adjoining face i, of 
surface tension g;. 
area of the 


S and 5S’ denote, respectively, the 
uncontaminated face and the average 
extent of the region delimited by impurities, /; and /;’ 
the length of the edges in the two cases. For cadmium 
iodide the individual terms in the summation are, 
under our assumptions, positive quantities, so that 
Au>0O. Even without taking account of the detailed 
mechanism by which prism faces advance, it follows 
that the supersaturation necessary for growth must be 
the greater the greater the number of impurities 
adsorbed on a surface. The formation of isolated 
outgrowths of the prism faces thus appears as a result 


f 


Fic. 2. Border formation in growth of cadmium iodide 
from aqueous solution. Magnification 340 
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Fic. 3. Border formation in growth of cadmium iodide 
from aqueous solution. Magnification 340 


of an unequal distribution of adsorbed impurities, 
which leaves only those sections of the prism faces free 
to grow at low supersaturation which have the more 
stable C27 structure and which are only sparsely 
populated with impurities. The details of the mechanism 
of lateral growth are not revealed by these experiments, 
and do not affect these conclusions since the adsorption 
of impurities serves only to obstruct growth. 

G. ERLICH 
General Electric Research Laboratory 
Schenectady, New York 
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Solubility of Nitrogen in e-Iron* 


In a recent ‘Letter to the Editor’ Astrém and 
Borelius' report on new measurements of the solubility 
of nitrogen in a-iron in equilibrium with Fe,yN and 
‘““Fe.N.”? From measurements of the elastic after-effect 


caused by nitrogen they deduce that the relaxation 
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strength is not proportional to the quantity of dissolved 
contrast with this con 
Snoek Polder 


relaxation strength 


nitrogen (see their Fig. 1). In 


clusion the damping theory of and 
anticipates proportionality bet 
and N (or C 
action between interstitially dissolved atoms may be 
Dijkstra‘ 
experimentally for dilute solutions of carbon in a@-iror 
According to Astrém Fig. 2, the 
maximum solubility of nitrogen in a-iron at the e 


ween 
content tor contents so small 


neglected. substantiated this anti ipation 


and_ Borelius’ 
toid temperature of 585°C is about 0, 1% by w 
1 this w 

wire containing nitrogen can never show 

peak 2 


after quenching from 580°¢ 


According to their | ig. 


friction higher than QO 
-18°C 


show that values of O 


Our experiments 
: higher than 0.070 can easily 
be obtained even at room 


temperature by quenching 


iron wires containing 0.1°7 nitrogen from 580°C. Sti 


higher values can be obtained by measuring at lower 


temperatures. The greatest peak height obtainable in 
principle is difficult to measure because precipitation 
that part of the 


nitrogen has already precipitated before the first value 


is so rapid in iron containing 0.19 N, 


of internal friction can be measured. The foregoing 


means that at least one of Astrém and Borelius’ curves. 
the 


incorrect 


solubility or the relaxation strength curve, 


Based on their experiment 
relaxation strength and nitrogen « 
Astr6ém and 

by Dijkstra. 


Borelius “‘correct’ 


lhe 


““correcte 


those obtained by Astrém and 


measurements on elastic after-effect 
Che latt 


from the older calorimetric me: 


calorimetric measurements. 


Berglund and Avsan.® It is 


their ‘‘correction,’’ mentioned 


Borelius do not start from 


Dijkstra, but from a strongly dey 


tO some 


by giving special weigh 
In our laboratory bot! 

of dissolved nitrogen 

solubilities of nitrogen 


No of 1 atm, Fe,N 


making use of a torsion: 


and 
oreal care, 
with iron wires of 0.7 mm diamete¢ 
as thes ispension element. 

In order to find the 
in equilibrium with N 
less wires were heated 
900°C and at 


quenching In water, a constant 


range 700 to 


the composition Y9 vol 


friction peak was obtained. 


was aeter 


The sol ibility In equilibri im with FeyN 


mined on wires that were previously loaded with about 


0.1 wt © of nitrogen at 570°C in a mixture of NH;+H 
} 


These wires were heated in a pure nitrogen atmosphere 


6) b veight 
welgnt 
t an 1rol 
interna 
at 
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lie 
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el ontent (their Fig. 1 
the solubility irve 
With Borelius from thei 
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5 

pendulum system 
P rand 240 mm lengt 

nitrogen 1n a-1lro 
fine-grained, texture 
temperatures tne 
{ ina gas strean | 
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at temperatures between 380° and 580°C until a 
constant value of the peak height was reached. No 
loss or absorption of nitrogen takes place during the 
heating in pure N» 

The solubility in equilibrium with ‘“FesN” was 
determined for temperatures between 125° and 225°C, 
using two iron wires containing 0.055 wt % and 0.026 
wt % nitrogen respectively. After quenching from 
570°C the value of Q.ax7! (at about 22°C) was measured 
as a function of the time of heating in pure nitrogen at a 
temperature in the range mentioned. The heating was 
continued until a seemingly constant value of Qmax 
was reached. 

Separate experiments showed that the internal 
friction of fine-grained, textureless a-iron wires caused 
by nitrogen is proportional to the nitrogen content up 
to a concentration corresponding to the solubility at 
the eutectoid temperature (0.095 wt % at 585°C). 
The relation giving this proportionality is 

wt % N=1.26Q0max 


if the period of oscillation is such that the maximum of 
the internal friction curve lies at about 22°C. Making 
use of this relation and the internal friction measure- 
ments mentioned above the solubilities of nitrogen 
in a-iron in equilibrium with “‘FesN,”’ FeyN and No» of 
1 atm, respectively, are found to be given by the 
equations 

g(“FesN”) =3.3.108 

g(FeyN) =123 

g(No, 1 atm) =9.8.10~e 


9900/ RT wt ( : N 
8300/RT wt N 
7200/ RT wt ( 4 N 


From the last two equations the dissociation pressures 
of Fe,N are calculated to be given by 


pno(FesN) = 1.6.10%e-?/ atm, 


in fairly good agreement with measurements of Emmett, 
Hendricks and Braunauer,’ but strongly deviating 
from measurements of Lehrer.*® 

The results of our investigations will be given and 
discussed in full detail in a paper planned for publication 
in the Journal of the Iron and Steel Institute. 


J. D. Fast 

M. B. VERRIJP 
Philips Research Laboratories 
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Eindhoven, Netherlands 
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Zur Entstehung der Rekristallisationstexturen in 
Aluminiumdrahten* 


In der Entstehung der Rekristallisationstextur stehen 
sich im Augenblick zwei Ansichten gegeniiber.’? Die 
eine Theorie, wie sie hauptsichlich durch Beck vertreten 
wird, sieht in der Rekristallisationstextur das Ergebnis 
einer Wachstumsauslese. Danach hat man sich vorzu- 
stellen, zunichst Rekristallisationskeime aller 
méglichen Orientierung gebildet aber 
infolge der Abhingigkeit der Wachstumsgeschwindig- 
keit von der Orientierungsdifferenz zwischen wach- 
senden und aufgezehrt werdenden Kristall Keime in 
besonderer Orientierung zur Textur der Matrix eine 
wesentlich héhere Wachstumsgeschwindigkeit zeigen 
und somit die Rekristallisationstextur bestimmen 
(Theorie des orientierten Wachstums). Hingegen geht 
man in der hauptsichlich van Burgers und Tiedema 
vertretenen Theorie der orientierten’Keimbildung von 
der Annahme aus, dass die Rekristallisationstextur 
zumindest zusitzlich auch dadurch bestimmt wird, 
dass die entstandenen und Wachstumsfihigen Keime 
selbst bereits eine bevorzugte orientierung besitzen. 

Im Rahmen einer grésseren Arbeit® sind nun einige 
Ergebnisse gewonnen worden, die in diesem Zusammen- 


dass 


werden, dass 


hange von Interosse sind. 

Als Ausgangsmaterial diente ein polykristalliner 
technisch reiner Aluminiumdraht (0, 18% Fe, 0, 11% 
Si) von 0, 33 mm Durchmesser und einer mittleren 
Korngrésse von 0, 02 mm, der eine [111 ]-Verformung- 
stextur mit einem Streubereich von +10° besass. An 
ihm wurde nach einer Dehnung von 16, 8 bzw. 4, 6% 
die Wachstumsgeschwindigkeit und die Orientierung 
der Rekristallisationskeime bei verschiedenen Gliihtem- 
peraturen bestimmt. In ersten Versuchsreihe 
wurde der gedehnte Draht mit einer Schere durch- 
schnitten, wodurch die Keime bevorzugt an der 
hochverformten Schnittstelle entstanden, das messbare 
Wachstum aber in dem gleichmissig verformten 
Gefiige erfolgte (Erzwungene Keimbildung). In einer 
zweiten Versuchsreihe wurden alle Schnittstellen sorg- 
faltig abgeitzt, sodass die Keimbildung etwa gleich- 


einer 


miissig iiber die ganze Linge des Drahtes auftrat 
(Freie Keimbildung). 


STREUBEREICH DER 
AUSGANGSTEXTUR 


4 ux 
Xxl2 
x 


[log] = 


Ass. 1. Orientierung der untersuchten Keime. 


\ 
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TABELLE I. 


Gliih- 

tempe 

Entstehungsart Dehnung ratur 
des Keimes in % a. 


Wachstums 
geschwin 
digkeit in 

cm/ sec 


Erzwungene 
Keimbildung 


Erzwungene 
Keimbildung 


Freie 
Keimbildung 


Dabei ergab sich, dass die Wachstumsgeschwindig- 
keit von Keim zu Keim betriichtliche Schwankungen 
aufweisen konnte; sie ist fiir die Keime, deren Orien- 
tierung bestimmt wurde, in Tabelle I angegeban. 
Wahrend bei der erzwungenen Keimbildung sowohl 
Keime jeweils maximaler (Keim Nr. 1 bis 13 bzw. 14 
bis 18) als auch solche mit relativ niedriger Wach- 
stumsgeschwindigkeit (Nr. 19 bis untersucht 
wurden, konnten bei der freien Keimbildung nur die 
Keime maximaler Wachstumsgeschwindigkeit heraus- 
gefunden und vermessen werden.’ Die Orientierungen 
der Keime sind in Bild 1 mit der betreffenden Keim- 
nummer versehen in Projektion 
eingezeichnet, wobei die aufgezeichneten Messpunkte 
die Lage der Drahtachse relativ zum Gitter des Krist- 
alles darstellen. 

Durch Vergleich von Tabelle I mit Bild 1 erhalt man 
folgende Ergebnisse : 

1. Die Keime maximaler Wachstumsgeschwindig- 
keit gehéren sowohl fiir die erzwungene (Keim Nr. 1 
bis 18) als auch fiir die freie Keimbildung (Nr. 24 bis 29) 
einem begrenztem Orientierungsgebiet an, d.h. in 
beiden Fallen entsteht eine Rekristallisationstextur. 


23) 


stereographischer 
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2. In beiden Fillen scheint die Orientierung nicht 


systematisch von der angewandten Gliihtemperatur 
abzuhingen. 
3. Der Vergleich zwischen den Keimen Nr. 1 


13 und 14 bis 18 zeigt, dass im Rahmen dieser Messun- 


bis 


gen auch der Verformungsgrad keinen wesentlichen 
Einfluss auf die Orientierung hat. 

+. Die Keime mit niedrieger Wachstumsgeschwindig- 
keit (Nr. 19 
Keimen maximaler Wachstumsgeschwindigkeit 
bis 19) abweichende Dies 
Giiltigkeit der Vorstellungen 
Orientierungsabhiangigkeit der Wachstumsgeschwindig- 


23) zeigen deutlich eine von den 


Nr. 1 


die 


bis 
Orientierung. lisst 
Bex k’s¢ hen iiber die 
keit auch in diesem Fall erkennen. Die Orientierung 
dieser Keime ist sehr aihnlich der Ausgangstextur, 
fiir 
Wachstumsgeschwindigkeit klein. 

5. Die Orientierungsgebiete der Keime maximaler 

sind fiir 
und fiir freie Keimbildung 
hse 


, Im zweiten hingegen 


und 


kleine Orientierungsdifferenzen wird auch die 


Wachstumsgeschwindigkeit verschieden 
erzwungene (Nr. 1 bis 13 
(Nr. 24 bis 29). Der Abstand von der [111 
betrigt im ersten Falle 28° bis 38 
38° bis 48°. Es kann also in diesem Beispiel die Wach 
stumsgeschwindigkeit nicht allein der auslesende Faktor 
sein, denn sonst wire es nicht einzusehen, warum im 
Ealle der freien Keimbildung nicht auch Keime des 
Orientierungsgebietes der erzwungenen Keimbildung 
entstehen sollten, zumal fiir diese die Wachstumsge- 
oder noch etwas 


schwindigkeit ebenso 


grosser ist. Es miissen vielmehr Keime besonderer, von 


gTOss sogar 


der Verformungsart abhangiger Orientierung bevorzugt 


gebildet bzw. schneller wachstumsfihig gemacht 


werden. 


In diesen Messungen liegt also ein Beispiel dafiir vor, 


der zweifellos vorhandenen Orientierung- 


Wachstumsgeschwindigkeit 


trotz 


dass 
sabhingigkeit der die 
Rekristalisationstextur durch die orientierte Keimbil- 
dung bestimmt ist. 
K. LUCK! 
F. HASSNER 
Mitteilung ausdem Institut fur 
allgemeine Metallkunde 
Universitat Gottingen 
Gottingen, Germany 
Literatur 
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Twinning in Aluminium* 


It is well known that with most face-centered cubi 


metals, hot-working, or cold-working followed by 


recrystallization, produces extensive twinning. Alumin 


Nr 

2 

3 

4 16,8 350 

5 

6 

8 

9 16,8 370 2-104 

10 

11 

12 16,8 390 5,3-10™4 

13 

14 46 480 3,9-10 

15 

16 4.6 500 8.9-10 

17 

18 46 520 1.9-10°2 

19 

20 16.8 350 3,5-1075 

21 16,8 370 9-10 

22 

OL. 23 16.8 390 2-10°4 
24 
27 168 370 —1,7-10 
28 16.8 390 5.3-1074 
29 
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ium is, however, an exception to this otherwise 
general rule, although isolated cases of twinning have 
been reported. Elam,! working with large-grained 


specimens strained 10°, and followed by recrystal- 
lization, found twins fulfilling all the necessary crystal- 
lographic requirements. Lacombe? obtained twins in 
pure aluminium which had been rolled and recrystal- 
lized. These specimens were etched for 25-30 days in 
10°, HCI after which time the grain boundaries were 
found to be attacked but not the twin boundaries. 

As stated by Hall,* it appears that 
form twins under stress because 


face-centered 
cubic metals do not 
the composition plane is the slip plane and slip is 
always preferred. Instead, twins are assumed to grow 
from small nuclei during annealing; these nuclei 
taking the form of hexagonal stacking faults formed 
during slip This latter theory is due to Mathewson.‘ 
ratio of the interfacial 


Fullman’ has measured the 


free energy of a twin boundary to the mean grain 


boundary energy for copper and aluminium, obtaining 


the values 0.036+0.006 and 0.21+0.05, respectively. 
He has shown that the lower ratio in the case of copper 
leads to the fact that twinning should be much more 
extensive on annealing than in aluminium. 

In the course of some work on the structures of thick 
films of evaporated metals, it has been observed that 
twins are found frequently in pure aluminium obtained 


500 


by evaporation in high vacuum. Figt 
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shows the structure of such a specimen, after electro- 
polishing and etching with 2% HF. Prolific twinning 
has also been observed in silver and copper evaporated 
The formation of twins in 
copper, is quite 


under similar conditions. 
electrodeposited metals, 
common (see, for example, Barrett®) and is usually 
attributed to stacking faults generated during growth, 


such as 


each twin boundary representing a mistake in the 
stacking of (111) planes. 

It would seem that a similar mechanism can operate 
during the formation of a deposit from the vapor 
phase, and that metal atoms can build on to the lattice 
almost as readily in the twinned position as in the 
normal untwinned position. 

M. J. OLNEY 
G. C. SMITH 
Department of Metallurgy 
Cambridge University 
Cambridge, England 
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Zur Rekristallisation von Eisen nach der 
y-o-Umwandlung* 

Vor einiger Zeit berichtete G. Masing! iiber Rekri- 
stallisationsversuche an reinem Eisen nach der y-a- 
Umwandlung. Es handelte sich um diinne Bleche, die 
auf dem Sinterwege aus Karbonyl-Eisenpulver herge- 
stellt waren. Die Proben wurden oberhalb der Tem- 
peratur der y-a-Umwandlung gegliiht, in Wasser mit 
10° Natronlauge abgeschreckt und dann bei 800°C 
angelassen. Es zeigte sich, dass das schnelle Durchlaufen 
der y-a-Umwandlung einen Zwangszustand hervorruft, 
der rekristallisationsfihig ist. Das Anlassen bei 800°C 
ergab in allen Fillen eine bedeutende Zunahme der 
Korngr6sse. 

Im Rahmen von Untersuchungen an reinsten Eisen- 
Kohlenstoff-Legierungen mit 0,02 und 0,04% C wurden 
von uns ihnliche Beobachtungen gemacht.? Die 
Proben wurden bei unseren Versuchen jeweils von 
930°C in Wasser abgeschreckt und dann bei 700°C—also 
unterhalb des A,;—Punktes—angelassen. Bei den Ver- 
suchen von G. Masing! lag dagegen die Rekristalli- 
sations-temperatur bei 800°C, also zwischen A, und A3. 
In diesem Falle ist darauf zu achten, dass der Kohlen- 
stoffgehalt der Proben die Sattigungskonzentration des 
Ferrits bei 800°C—etwa 0,01°% C—nicht iiberschreitet, 
weil sonst das Material nicht mehr rein ferritisch ist, 
sondern einen gewissen Prozentsatz Austenit enthalt. 


ire 1, 
| 
Fic. 1 


} 


AC! 


ist. Hier diirfte u.a 1UI 
KOrner von Bedeutuns ll Ob | I vorstehend 


bes hriebene Vorgang u le ‘1 normaien Rekrista 
sationsvorgingen auftretende! Kornve rgrosserung 
Parallele vesetzi werden k inn, lasst sich ohne velteres 
nicht sagen: es sei darauf hingewiesen, dass bei Reinst 
aluminium die Kornvergrésserung 
Verteilungsbreite abliuft 

Die vorstehend besch 
reinstem Eisen mit 0,02 
dem Abschrecken in Wasser 


AbB. 1. Kornquerschnittvertielung von Fe+0,04%C nacl waren klei 


a-Umwandlung. Kurve A: 1 h 700°C, Kurve B: 3 h 700 
etwa 10 mm Ling 


dass die Abkiihlung 


Eine solche Heterogenitét kann unter Umstianden 


ist zur leluns 


die von der y-a—Umwandlung herriihrenden Effekte iat ie 
aer acnen 
beeinflussen. nicht 

Bei unseren Untersuchungen interessierte nicht nur 
Kohlenstoffgehalt 
die mittlere Korngrésse, sondern die statistische 
Verteilung der Konrquer-schnittsgréssen. Die Ermitt 
lung derselben wurde nach dem Verfahren von 
Dederichs und H. Kostron*® vorgenommen. Die Au 


wertung und Darstellung der Ergebnisse erfolgte 


liegt 

unberuhigten 

0,1°,, Kohlenst 
Wir weisen 


Bemerkung 


gleicher Weise wie in friiheren Mitteilungen. 
In der Abb. 1 ist auf der Abszisse der Logarithmus 
der Korngrosse in aufgetragen, wihrend die Ordinate jualitativ-mikroskopiscl 
einen Hiiufigkeitsmass-stab trigt, der entsprechend 4 | 
dem Gauss’ schen Fehlerintegral geteilt ist. Die nacl 
beendigter Rekristallisation aufgenommene Verteilun; 
kurve B (3 Stunden Anlassen bei 700°C) ist en 
gerade Linie, stellt also eine Gauss’sche Normalvertel 
ung dar. Die nach 1 Stunde Anlassen bei 700°C a 
genommene Kurve A hat dagegen einen etwas andere! 
Verlauf; sie weicht fiir Korngréssen unterhalb von 
1000 »? deutlich von der Kurve B ab. Man kann sic! 
die Abweichung so entstanden denken, dass der Kurve 
B, d.h. also der Verteilung am Ende der Rekristallisa 
tion zundchst ein Teilkollektiv B’ im Bereich det 
kleinen K6rner iiberlagert ist. B und Bb’ ergeben also 


zusammen die Verteilung A nach inn der Rekri 


stallisation. Der ganze Vorgang besteht danach im 
Abbau des Teilkollektivs B’, das der Gesamtverteilung 
im Bereich der kleinen K6rner iiberlagert ist. Eine Ver 
schiebung der Gesamtverteilung zu grésseren Quer 
schnittswerten hin trat dagegen nicht ein. Dies kann 
an der im Vergleich zu den Versuchen von G. Masing 
um 100° niedrigeren Rekristallisationstemperatur liegen 
Fiir den eigentlichen Abschreckzustand konnte keine 
Korngréssenverteilung bestimmt werden. Es 
sich hier nimlich ein Gefiige mit derart bizarren 
Konturen, dass eine sichere Abgrenzung einzelner 
Kérner unmdglich war. Die Kurve 4 _ beschreibt 
einen Zustand, der bereits eine gewisse Homogenisier 
hinter sich hat. Die Entstehung dieses Abschreck:; 
andes ist im wesentlichen von Keimbildungsvorgingen 
beherrscht. Im spiteren Stadium des Anlassvorganges 
spielen dann noch andere Effekte eine Rolle, wie es 


auch bei sonstigen Rekristallisationsvorgiingen der Fal 
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Deformation Processes in Zirconium* 


A study is in progress at Massachusetts Institute of 
Technology to determine the deformation processes in 
zirconium. Research to date includes a satisfactory 
method of obtaining relatively large stress-free grains 
of the a-phase (h.c.p.) of iodide crystal bar zirconium, 
and an examination of the slip and twin systems of five 
crystals in a sample deformed in tension at 20°C. 
Observed slip plane and twin planes are shown in 
Table I along with calculated values of the other twin 
elements. The twin planes observed were the {1012}, 
{1121}, {1122}, and {1123}; the slip plane was {1010}. 
The principles of the calculations and the notation 
used in Table I are the same as those used by Hall, 
and these calculations made for zirconium check with 
those given by Hall for titanium. Calculated values 
of Table I are currently being checked by experiment. 

The samples were carefully machined from Westing- 
house Grade I zirconium, hand polished, chemically 
etched, and electrolytically polished before heat 
treatment. They were then heat treated, as described 
below, and the orientations of usable grains determined 
by back reflection Laue technique. Dihedral angles 
between the faces of the crystals were measured 
optically, and the crystals were pulled in tension in a 
fixture designed for the After deformation 
the surfaces were examined metallographically and the 


purpose. 


slip plane and twin planes were found by use of both 
single surface and two surface traces. The crystals were 
pulled in strain increments to a total strain of 2.2 
percent with metallographic examination after each 
deformation. Table II gives the number of twin and 
slip traces definitively analyzed for each plane, and a 
general description of each system. 

The heat treatment used to obtain large crystals of 
a-zirconium from the crystal bar samples was based on 
grain growth considerations. The samples were wrapped 
in tantalum foil and put into a long quartz tube sealed 
at one end, which was then evacuated to about 10~® 
mm Hg. The samples were then heated to 840°C at a 
f about 100°C/hr with a vacuum system con- 
from the 


rate 


stant evolved 


( 
] 


y removing the hydrogen 


TABLE I. Slip and twin indices in a-zirconium tested at 20°C 
K, was observed and the other indices calculated.* 


Twin 


K K S 
(1012) [1011] (1012) [1011] 0.167 
(1121) [1126] (0001) [1120] 0.628 
(1122) (1122) [1123] 0.965 


[1123] 
(1123) [1122] (0001) [1120] 1.883 


Slip 
Plane Direction 


(observed 


{1010} 


(calculated 


1120 


is the twir 
is the 
is the dire 
is the in 
S is the shear in tl 
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TABLE IT. Occurrence and general description of slip and twin 
planes on the surfaces of five crystals of a-zirconium tested at 
20°C. 


No. of grains 
in which plane No. of times 
was definitely plane was defi 
Plane found nitely found General description 
{1012} 6 
{1121} 
{1122} 
{1123} 


Sitp 


{1010} 


Somewhat lenticular 
Needle 

Somewhat needle 
Somewhat needle 


Extremely straight 
fine lines 


decomposition of zirconium hydride in the samples. 
The dynamic vacuum maintained was of the order of 
10-® mm Hg, at a temperature of 840°C, for a period of 
about seven days. An annealing temperature of 840°C 
was chosen because it was close to the a-8 transforma- 
tion temperature of 863°C for zirconium. After anneal- 
ing, the samples were cooled to room temperature at a 
rate of about 100°C /hr. The treatment did not deform 
the samples and no machining or paper polishing was 
necessary after annealing. This method gave about 
one usuable sample for every four or five processed, 
and the best results to date have been crystals of square 
cross-section, about } in. on a side and 3 in. long. 
The sharp Laue spots were considered indicative of 
good crystals. 

The five grains tested had roughly the same orien- 
tation in that the c-axis was, in all cases, within 18 
degrees of being perpendicular to the tension axis of 
the sample. This particular orientation may account 
for the absence of basal-plane slip. In future experi- 
ments, an attempt will to obtain a more 
random distribution of orientation for tests in com- 


be made 


pression as well as tension and to investigate the 
occurrence of basal slip. 

This work was done in the Department of Metallurgy, 
Massachusetts Institute of Technology, under A.E.C. 
contract AT(30-1)-981, and is part of a doctoral 
thesis being supervised by Professor A. R. Kaufmann. 

E. J. RAPPERPORT 
Massachusetts Institute of Technology 
Cambridge, Massachusetts 
Reference 
1. E. O. Hall, ‘‘Twinning and Diffusionless Transformations in 
Metals” (Butterworth’s Scientific Publications, London, 1954) 
pp. 56-75. 
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Grain-Boundary Segregation* 


Grain-boundary segregation of polonium in lead- 
bismuth alloys has been observed by Stewart ef al' and 


Twin 
Theoretical shear 
3— (c/a)? V3c/a | 
a/c 
(c/a)| 1— (a/c)? | 
2 
/¢ 
ndistorted plane in the twinned area 
in Ki perpendicular to intersection of Ki and K 
n K2 and the plane through m: perpendicular to K 
€ twinne are 
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studied quantitatively using an autoradiographic tech- 
nique by Thomas and Chalmers.” 

Recent experiments by DeMaio® have shown that 
polonium also segregates to the grain boundaries of 
high purity lead crystals. As in the previous work with 
lead-bismuth alloys, the concentration of polonium 
was approximately 10~° percent and it was necessary to 
anneal the specimens at an elevated temperature 
before enough segregation occurred to be visible on an 
autoradiograph. Figure 1 is a typical autoradiograph 
of a lead-specimen after annealing at 175°C for 48 
hours. 

The segregation of silver to the grain boundaries of 
tin specimens has been observed using a radioactive 
isotope of silver. In this case, however, the segregation 
appears to have taken place during the solidification 
process, since the boundary was visible on an auto- 
radiograph of the crystal immediately after solidifi- 
cation. The explanation for this segregation during 
solidification may be found by considering the alloy 
equilibrium diagram and the shape of the solid liquid 
interface of a bicrystal. 

Because of the energy of the grain boundary and the 
forces existing at the interface in the boundary region, 
the boundary appears as a groove to the liquid, Fig. 
2(a), the depth of which is a function of the orientation 
difference between the crystals. Let us now consider 
growth in an alloy system. It has been shown by Tiller 
et al‘ that a build-up of solute will occur at the interface 
which depends upon “‘k,” the distribution coefficient of 
the solute in the solvent. The presence of a grain- 
boundary groove in an otherwise smooth interface 
will produce lateral diffusion of solute to fill the groove, 
i.e., the grain boundary will act as a solute sink. The 
concentration of solute in the liquid at the interface 
varies inversely with “k’’ and thus the amount segre- 
gated to the boundary region must depend upon “k.” 

Silver has a ‘“k” value of approximately 107° in 
tin; thus, the concentration of silver in the melt near 
the interface would be large. Since small amounts of 


silver lower the melting-point of tin considerably, the 


Fic. 1. Autoradiograph showing grain boundary segregation after 
annealing at 175°C for 48 hours 
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Crystal 


Crystal B 


Grain-boundary 


Effect 


groove in the solid-liquid interface 


of solute on the grain-boundary groove 
the 
groove will have a tendency to further depress the 


increased concentration of silver in boundary 


boundary groove, Fig. 2(b). This in turn will allow more 
solute to segregate in the boundary region. The depth 


of the groove will reach a maximum value which 


depends upon both the freezing temperature of the 
alloy in the groove and the conditions of solidification. 
Thus, it may be seen that the amount of solute segre- 
the grain boundary during solidification 


he value of ‘‘k.”’ 


gation to 


depends primarily upon t 
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Fine Structure in Zinc Twins* 


Figure la shows two twi hat formed in 


crystal that previously been strained in 


about 100‘ / 


] 


lide strain ~~1.9). There are two 


within the twin on the right. Analysis s! 


the steeply inclined lines near the left edge 


twin correspond to slip on the basal planes of the twin 


The other set of markings seems to be something new. 
These markings are observed only in twins that form 
in crystals with large amounts of prior glide-strain on 
the basal planes. 

The crystal picture in Fi was initially n 
6X6 about 8 


basal plane was oriented so tl 


square 
Che 
lal the plane containing the 
tion. and the 


cross section mm cm long. 


hexagonal axis, the slip dire imen 


the 


spec 


axis was parallel to one of sides. The basal plane 
initially made an angle of about 35 degrees with the 


Figures la, b, and d were taken normal 


specimen axis. 


to the “front”? face (through which the hexagonal axis 


emerged). Fig. 1c was taken on the side face 


b). 
Liquid 
M6. 2.0) 
= 
l ; 
1955 
B ( 
two sets of 
er 
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Fic. 1. Fine structures in twins. (a) Fine structure in twins formed in zine crystal (100X ). Plane of slip direction and tension axis 
shown by arrow. Slip plane makes angle of 16° with plane of paper. Prior glide strain, approximately 1.9. (b) Same as (a) at 400X 
(c) Same twins as (a) but seen on side of square crystal. (100X ). Note the absence of unusual markings. (d) Same twin as (a) after 
crystal was deformed further in tension (100 


210 
TA 
SAR ore 
V | 
2 


The unusual markings seem to delineate small 


regions of the matrix that did not twin along with the 


rest of the twin band. This is indicated in two ways: 
first, the markings seem to trail from the irregular 
right-hand edge of the twin band (this was the moving 
side of the twin during its growth further 
deformation caused many of the markings to disappear 


second, 
(shown in Fig. 1d). The fine structure markings (Fig. 
la) seem to lie along a crystallographic plane, but the 
plane could not be determined because the markings 
were not present on the other face of the crystal. 

The author is unaware of any previous description of 
this fine structure in twins. Although the significance 
of the structure is not clear at the present time, it is 
of some interest for two reasons. First, the fine structure 
is observed only in twins that form in prestrained 
crystals; this indicates a strong effect of the perfection 
of the matrix on the growth of fact 
that the markings seem to correspond to untwinned 


wins. Second, the 


remnants of the matrix shows that the twinning process 
is not as homogeneous as some theories consider it to be. 


J. GILMAN 
General Electric Research Laboratory 
Schnectady, New York 
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Effect of Irradiation upon Beryllium Copper’ 


Precipitation and retrogression processes in beryllium 
copper are sufficiently complex, so that it is not possible 
to explain completely all of the resulting property 
changes by existing theories. Consequently, the situa 
tion is further complicated by superimposing upon it the 
effects of irradiation. 
Murray 


Recently and Taylor’ have shown the 
influence of neutron irradiation on beryllium copper 
and have demonstrated the similarity between this 


influence and low-temperature aging. There are, 
however, several features of this interesting study that 
require further consideration. 

First, the authors refer to the observed increas« 
density accompanying their hardening experiments as 
“anomalous.” Early work on beryllium copper by 
Masing and Dahl Phe 


aging al 


as well as later work by 
indicates an increase in density 
100—200°C) or 300 
In fact, 


between changes in hardness and length or density 


upon 


moderate 100°C) temperat 


Thomas*® shows extremely close correl: 


For example, aging an alloy containing 1.85 percent Be 


at 170°C causes a length decrease of 0.12 per cent with 


an increase in hardness. Subsequent aging for five 
minutes at 280°C produced a length increase of 0.05 


per cent and a decrease in hardness: however, after 10 
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to 15 minutes the trend is reversed, 


the 


at five hours 


the 


SO tnat 


hardness has increased substantially while 


over-all contraction reaches 0.20 per cent Recent 


precise determinations’ of the density of commercial 


beryllium copper cold-drawn rod give an increase in 


density of 0.51 per 


315°C, 


The use of binary beryllium 


cent upon aging for two hours at 


copper—notorlous for 
its erratic heat-treating behavior—is perhaps the 


snown 


Cause 


of the non-uniform hardening response the 


authors’ curves (note the between the Solu 


This lack of 


controling 


tion-annealed curves in Figs. 
aging stability plus difficulty in grain 


boundary prec Ipitate prompted 
to add 0.25 


commercial! 
Ni or { 


use of the bu alloy 


produc ers 


per cent » beryllium copper 


Consequently, is reserved for 


fundamental studies h as the present however, 
I 


investigators should consider whether the 


advantages of the binary offset important 
disadvantages. 


Fig. 12 with 


reveals a marked similarity 


Comparison of the 
Barrett and Mehl’s Fig. 14 
Note in particular that the shape of the 


( uy, 


water-quenched 


curve for latter investigation compares favorably 


with the irradiated curve in the present 


and co-workers attribute the difference betw 


and cold quenched curves to the presence 


quenching stresses in the cold-quenched specimer 
1 ] ] 
This suggests that cold work or residual stresses may 


play a role in the irradiation phenomenon than 


greater 


indicated by the present aut! 


In addition, the apparent 


resulting from 
another manner 
reason li 


to a higher maximum hardness upon 


aging, 
cold work can account for the 10-20 
DPH scale 


premature nucie 


point 
hardnesses on the observed for 
specimens. Bot! 
nowever, wl cccounl 
the earlier peak 
since the 
temperature 


IS approximate 


retrogression 


aging can I 


recovery 
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be a combination of the two. It is hard to explain the 
increase in density accompnaying irradiation by cold 
work, since usual deformation resulting from cold- 
rolling or drawing beryllium copper’ causes a decrease 
in density. Of course, it has not been determined 
whether the density increase noted by Thomas’ at low 
temperatures is due to precipitation or complex strain 
patterns. Another factor to consider is the variation in 
precipitation rate with location in beryllium copper. 
It is well known, for example, that grain boundary 
areas may overage before the grain center has even 
attained maximum hardness. Unfortunately, the authors 
obtained average rather than local data through the 
use of hardness and electrical resistivity tests. 

Perhaps the most convincing argument in favor of 
cold work over precipitate nucleation is to be found in 
work of Billington and 


the Siegel.*’ These earlier 
investigators observed hardness increases in stainless 
steel, monel, brass and other strain-hardening materials 
exposed to neutron radiation. In the case of annealed 
monel, the improvement in hardness approached that 
beryllium copper. Consequently, the 
irradiation and low-temperature 
aging may well be coincidental. In any event, more 
detailed retrogression curves would be helpful, since 
the present authors have only shown broken lines 
without their This 
greater detail would then permit comparison with 


observed in 
similarity between 


intermediate points in curves. 


earlier work on retrogression in beryllium copper.'’:'!:” 

It is difficult to understand how the resistivity of 
beryllium copper aged for maximum hardness (or 
overaged) can be increased by further precipitation—as 
suggested by the present authors. Billington and 
Siegel* have shown that irradiation of material in this 
condition causes a slight increase in hardness, as might 
be expected from additional cold work. As shown by 
Gruhl,” low-temperature aging after heat treating for 
maximum hardness will not cause an increase in 
resistivity. 

On the basis of evidence presented by Murray and 
Taylor,’ as well as earlier investigators, it appears 
that most of the phenomena resulting from neutron 
the “cold work’ 


irradiation can be 


hypothesis. 


explained by 


RICHARDS 
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Nitrogen in Iron Anelasticity and Solid 
Solubility* 


Although it has been known for some time that 
nitrogen and carbon in solid solution both give rise to 
anelasticity in a-iron,! quantitative correlation is still 
needed. Polder’ calculated the anelasticity for the case 
of carbon in a single crystal of a-iron when the stress 
is applied in the direction of the cube edge. Dijkstra’ 
confirmed the calculated value by experiments on single 
crystals. He also measured the anelasticity due to 
nitrogen. This was about 30 per cent less than that due 
to carbon. Using the values for the lattice constants for 
martensite given by Bose and Hawkes,’ this also agrees 
well with the calculated value (0.032 observed by 
Dijkstra, 0.0335 our calculated value for .01% N). 
For polycrystalline strip, Dijkstra’ found a _ poor 
correlation between carbon content and anelasticity. 
Later, Dijkstra® stated that the internal friction 
maximum was equal to the solute content to within 
10 per cent in the case of both carbon and nitrogen. 
This does not agree with his previous results using 
a single crystal. 

More recently Borelius e¢ a/® have obtained a quanti- 
tative correlation between nitrogen content and the 
anelasticity at —17°C. The relationship obtained is not 
linear. Polder’s theory? predicts a linear relationship 
provided the ratio of solute atoms to iron atoms is 
small and provided that there is no interaction between 
the solute atoms. One would expect these conditions to 
be observed when only 0.1 per cent solute is present. 
As Astrém and Borelius point out their results at 
—17°C cannot be compared directly with those made 
at room temperature. According to Polder, the an- 
elasticity (due to solute atoms) varies inversely with 
absolute temperatures, and this has been confirmed by 
Fast’ (but for only a short range of temperature). 
Allowing in this way for temperature, the results of 
Astrém and Borelius have been plotted for room 
temperature (17°C). To them are added some results 
we obtained by the torsional pendulum method at 
17°C, the starting material being a high purity iron 
supplied by British Iron and Steel Research Associa- 
tion.* The nitrogen content was obtained by analysing a 
strip which was nitrided at the same time as the wire 
used for internal friction measurements. The wire was 
2 in. X0.020 in. in diameter, while the strip was 2 in. 
<0.0017X0.25 in. The wire, weighing only 0.09 gm, 
was too small to be analysed but the nitrogen content 
of the strip could be determined to +0.002 per cent, 


1 
1 
p. 
5. A. Guy 
(1948). 
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TABLE I, 


Nitrogen 
content of 
strip ‘ 


Nitrogen 
content ol 


“ wires ‘ 


0.036» 
0.031» 


0.034, 
0.031¢ 


or better. To verify that the wires contained the same 
nitrogen content as did the strip, ten wires were 
nitrided together with a strip and analysed for nitrogen. 
One of the wires was quenched and the internal friction 
determined. The result shown in Table I shows that 
there was little difference between the nitrogen content 
of the strip and that of the wire. These results are 
plotted as solid circles. The internal friction measure- 
ments were repeatable to 0.0002 except for high 
nitrogen contents when precipitation took place within 
minutes of quenching. Thus, if the results are incorrect 
the values for internal friction would be low. It can 
be seen that our results give a straight line as predicted, 
the actual relationship being 


(V)wt.%= 1.28 Xinternal friction at 17°C. 


Without knowing the details of the method used 
by Astrém and Borelius, it is not easy to give reasons for 
the large discrepancies at nitrogen 
between their work and ours. In view of the agreement 
at low nitrogen contents and of the known rapid 
precipitation at high nitrogen values, it may be sug- 
gested that their specimen weighing 200 gm was rather 


high contents 


large to obtain an efficient quench. 

In considering the solubility of Fe,N in iron, Astrém 
and Borelius appear to have overlooked the work of 
Paranjpe® ef al. Below 500°C, these workers obtained 
much lower values for the solubility of FeyN than did 
either Dijkstra‘ or Astrém and Borelius. They criticise: 
Dijkstra’s results on the ground that he could not have 
had complete precipitation in his specimen. To verify 


Friction 


Internal 


Maximum 


1 


1 
0-06 0-08 


percent 


002 0-04 
Nitrogen — weight 
Fic. 1. The dependence of the maximum internal friction of 


a-iron, upon the concentration of nitrogen in solid solution 
x Astrém, Borelius; O strip analysed; @ wire analysed. 
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this, we nitrided a wire (which originally contained very 
little nitrogen) at.400°C 
internal friction was obtained. The internal friction was 
0.0240 (0,0307% N) compared with 0.0247 (0.0316% N 
by Dijkstra and 0.02% N by Cohen, 
his temperatures 


until a constant value for 


extrapolat- 


results from higher Since 


ing 


the same result (within about 1°) has been obtained 


whether equilibrium is approached from above or 


below, it would appear to be accurate. To check that 


the nitrided specimen was saturated at 400°C, it was 


quenched after heating to 700°C for a half-minute. 
The internal friction was then 0.0384. The investigation 
other and it is 


is being extended to temperatures, 


hoped to determine also the effect of temperature on 
anelasticity 
R. RAWLINGS 
D. TAMBINI 


Department of Metallurgy and Fuel Technology 
University College of South Wales and Monmouthshire 
Cardiff, Wales 
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Spiral Growth of Cadmium Crystals 
from the Vapor Phase* 


have studied the erowth of 


McNutt Mehl! 


cadmium crystals in cadmium vapor by direct 


and 
observa 
tion during growth, including interferometric measure 
ment of the height of growth steps. Continued investi 
gations have now disclosed growth spirals. 
Photographs with corresponding interferograms have 
been taken of the start and of the growth of a spiral ona 
basal hexagonal plane. 
ative photographs taken at 


showing step heights of 1000 to 1500A ; in some experi- 


Figures 1 through 4 are represent- 
20 minute intervals at 75 


ments growth has been observed continuously over a 
} 


period of 24 hours. Interpretation of tl 


1e total series re 
veals the initial formation of a “‘solid-louver’’ on a surface 


this ‘“‘solid-louver”’ 


containing a “ridge boundary”’ 
develops into a step which grows spirally® and exhibits 
hexagonal symmetry. The “‘solid-louver” could possibly 
be a step conner ting two screw dislocations of opposite 
handedness and of large Burgers vector. 

Figure 5 is from a sequence of growth photographs 


which show another hexagonal spiral; Fig. 6 is 45 


Run | Internal 

No. / trictior 

\68 0.027. 

\69 0.025 

=~ 54 
4 1954 
952 oe, Trans 

0-06 A 

0:04 x- 
* 


inter 
at 20-1 


later is 15 seconds still later. 


The 
h 


1ormal to the hexagonal 


seconds and Fig. 7 
series shows that spiral growth 1 
surface has stopped but simple lateral growth of layers 
has occurred. This simple lateral growth continues to 
the edges of the crystal, resulting in an essentially flat 
Further observations have revealed (1) that 


“off-center,” 


surface. 
the origin of the spiral is considerably 
2) that during simple lateral growth the point of 
origin of the spiral moves to the edge of the crystal 
3) that the movement of the point of origin is along 


a “ridge boundary,” and (4) a new spiral subsequently 


it 


n 


RGICA, 


ro 


VOL. 


grams 


inute intervals at 7 


starts at or near the point of origin of the primigenial 


spiral (note Fig. 8 which was taken 30 seconds after 


These spirals occur at low  supersaturations as 
predicted for idealized screw dislocations. They are 
sporadic; spiral growth does not occur on all observed 
surfaces. Growth by layer formation is also observed. 
The origin of spirals appears to be associated with types 
of crystal imperfections in a manner not yet elucidated. 

A full account of these experiments and their interpre- 


tations will be published soon, 
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} 
Fics. 1-4. Photographs wit! eee ee a start and of the growth of a spira 
of cadmium take! 
Fics. 5-8. Photographs from a sequence of growth of a hexagonal spiral of cadmium at 75X. Note text 
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The Lack of a Crystal Boundary Hardening in 
Deformed Metals as Revealed by Microhardness 
Measuremets* 

Dehlinger' originated an explanation for the differ- 


ence in strength between the polycrystal and the 
so-called “‘mean”’ single crystal by assuming a hardening 
Korngrenz- 


enverfestigung). He clarified his notion in outlining 


in the crystal boundaries on deformation 


that at the boundaries takes place an accumulation of 
a particular kind of internal stresses giving rise to a 
very intensive work-hardening. This picture has been 
taken over and further developed mainly by Kochen- 
dérfer in his theoretical work on strength and related 
phenomena. 

An experimental proof of the Dehlinger statement 
has hardly been given yet. However, the drift of 
Vickers hardness along a line 
structure of deformed, coarse-grained aluminium tensile 


crossing the micro- 
specimens, measured by Boas and Hargreaves,’ seems 
that there must be a different 
behavior at the crystal boundaries in comparison with 
the bulk of the individual crystals. These results 
stimulated the investigations to be outlined in the 


to show somewhat 


following. 


To study the effect of crystal boundaries, and 
especially of precipitations therein, on the inhomoge- 
neity of work-hardening in a polycrystalline aggregate 
it was decided to measure the distribution 


hardness in the single crystals. The resulting “‘hardness 


of micro- 


topographies” were expected to be in close relation with 
the microstructure itself. 

For the experiments, two different alloys were used, 
one being a hot-rolled chromium-nickel steel (Fe-Cr18 
Ni8) from the current production of Firth-Vickers in 
Sheffield England and the other a pure aluminum- 
magnesium alloy (Al-Mg5) 
work by the research laboratories of the Aluminum 


cast especially for this 
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Industry Limited in Neuhausen, Switzerland. Of each 
alloy a set of six samples, differing from one another 
by an increase in crystal boundary precipitation, was 


produced by heat treatment. This caused the crystals 


to grow up a rather big size, having a diameter of 


about 1 to 2 mm. 


From each sample, three bars of circular cross 


section and a gauge-length of 6.5 mm were deformed 


on a Chevenard microtensile machine: one to fracture, 


another one up to maximum load and a third one 


reaching the yield “point.” The use of micro-specimens 


permits a thorough microscopical study of the entire 


gauge-length within a reasonable time. For micro 


scopical examination and microhardness testing 
deformed bars were ground down to an axial 
and then polished and etched electrolytically. 
tester of Reichert, Wien, served to measure the 
The 
chromium-nickel 


constant load was 25g wit 


hardness. 


steel and 5g with the aluminium 
alloy. So, in the mean, there was achieved a 12 microns 
diagonal of the impression. 

The 


and conclusions: 


experiments led to the following essential results 


1. Microhardness measurement is found to be 


sensitive for detecting small work-hardening differences, 


as they may exist between different localities within a 


microstructure (e.g., crystal centre versus boundary 


focusing the micro 


The deviation of values caused by 


scope and centering the graticule in the microscope 


eye-piece when measuring the hardness impression 


the only deviation to be easily determined by experi 


ment is about +3 per cent for the diagonal length 


and +6 per cent for the hardness number. Only by 


statistical analysis of a great many of microhardness 


measurements one may get a definite information 


2. Such a statistical analysis has shown that in 
deformed chromium-nickel steel as well as 
stretched aluminum-magnesium 


crystal boundary hardening 
hardness measurements 
That 


mentioned hypothesis by Del 


} 


hardening being the 
not to describe adequately 
polycrystalline strength, 
stood to be detectable by } 
| drift of Vickers | 
revealed by 


confirmed by tnese 


3. Nevertheless, the genera 


along a straight line, as 


greaves,” can be 
spite of a different 


There is a stead) 


measurements, 1n 
arrangement: 


] 


hardness when following a 


moreover, some connection of 


extends between neighbouring crystals 


4. Having in mind the undetermined significant 


hardness values with regard to the mechani 


deformation on testing, particular care must be taken 


when making inferences from the results reported here, 


as well as from any other hardness measurements 
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A detailed description in German of the work, from 
which a version of main topics has been given here, is 
published elsewhere.* 


H. E. TucHSCHMID 
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APPLICATION OF GIBBS-DUHEM EQUATIONS TO TERNARY SYSTEMS* 


R. SCHUHMANN, JR.t 


A new method is presented for calculating activities, activity « 
ties for two components of a ternary system from experimental n 
component. A quantitative relation is derived between tang 
various components, and this relation is the basis of a graphica 


The derived relations are used to calculate activities of SiOo., FeO, and O ir 
APPLICATION DES EQUATIONS DE GIBBS-DUHEM AUX SYSTEMES TERNAIRES 


L’auteur propose une nouvelle méthode pour calculer 
téristiques de deux des constituants d’un systéme ternaire 
pour le troisiéme constituant. Une relation quantitative détern 
des différents constituants est proposée qui est la base d’une métl 


d’isoactivité. Application au calcul de l’activité de SiOz, FeO et 


UBER DIE ANWENDUNG DER GIBBS-DUHEMSCHEN GLEICHUNG AI 
TERNARE SYSTEMI 

Zur Berechnung der Aktivitaten, Aktivitatskoeffizienten und andere 
Komponenten eines terndren Systems auf Grund experimenteller Best 
der dritten Komponente, wird eine neue Methode vorgeschlagen. Aus det 
an die Kurven gleicher Aktivitat fiir die verschiedenen Komponenter 

abgeleitet. Diese Beziehung dient als Grundlage fiir ein grafisches Verfahret 

gleicher Aktivitat. Die abgeleiteten Beziehungen werden zur Berechnung 


und O in terndren Ejisen-Silikat Schlacken herangezogen 


The Gibbs-Duhem relation is a fundamental corner- properties of ternary systems. In principle, however, 


} } 


stone of the thermodynamic study of binary solutions should be possible to ulllize phase diagram data 

and is particularly useful for calculating activity or calculating certain thermodynamic properties of ter 

partial molal free energy of one component from experi- systems just as is done already with binary 

mental data on activity or partial molal free energy This paper gives another general solution 

of the other component. Details of various calculation Gibbs-Duhem equation for ternary systems, 

procedures were summarized recently by Darken and in somewhat simpler form that the previous solutions 

Gurry,' and instances of these calculations can be found of Darken and of Wagner and should be easier to use 

many places in metallurgical literature (see, for ex- for some types of cal 

ample, Chipman’ and Elliott and Chipman’). leads further to the demonstrati 
Darken* recently showed how the Gibbs-Duhem geometric relationship of i 

equation can be applied to ternary systems, to calculate the usual composition 

partial molal free energies of two components from potentially useful i 

experimental data on the partial molal free energy of ternary diagrams, even 

the third component. Wagner® has given another solu- mental activity data. 

tion of the same problem. These solutions of the Gibbs- theoretical study came fron 

Duhem equation for ternary systems have been ap- experimental activity data 

plied successfully to a number of ternary systems of various ternary slag systems, on Cu-Fe 

metallurgical interest,®.7:> and have paved the way for — gas solubility in alloys, and on steel deoxidati 

further researches and thermodynamic studies on the libria. Activity calculations for ternary s 

many ternary systems which are important in posed of FeO, FesO;, and SiO 

metallurgy. the application of some o 

The principal avenue of study of ternary systems in 

the past has been phase diagrams. The application of INTEGRATIONS OF GIBBS-DUHEM EQUATIONS 

the Phase Rule to ternary diagrams has been studied in The Gibbs-Duhem equation for a system of 

some detail’’® and many diagrams have been de- components at constant pressure 

termined experimentally. However, little has been done _ perature may be written 

to develop quantitative relationships between the 


phase equilibrium diagrams and the thermodynamic 
in which 2, #2, and m3 represent moles of compot 
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ham’ , 2, and 3, respectively, and w2, and w3 represent 

t School of Chemical and Metallurgical Engineering, Purdue 
University, W. Lafayette, Indiana. chemical potentials or partial molal free energies of 
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respective components. To maintain simplicity in the 
mathematical presentation, all subsequent derivations 
will be expressed in terms of the three chemical poten- 
tials. Most of the subsequent equations can be ex- 
pressed conveniently in terms of activities (a;) by 
substituting d log,a; for du;, since du;= RT d Ina; and 
the constant 2.303RT cancels out of the equations. 
Also, many of the subsequent derivations are valid for 
other partial molal properties and for activity coeffi- 
cients (y;) using the substitution of d logy; for dy;. 

Choice of components will depend on convenience 
and on the nature of the available experimental data. 
In most cases, components 1, 2, and 3 will be three 
chemical elements but for some purposes calculations 
are much simplified by choosing real or unreal com- 
pounds as components (e.g., FeO, FesO:, and SiOz 
instead of Fe, Si, and O). Such choices have no effect 
on the validity of the Gibbs-Duhem equation if the 
proper internal consistency is maintained in the 
calculations. 

Dividing Eq. (1) by dm and considering a path along 
which yu, and m3; are constant, 


Ope Ou 


One 44,7 


Differentiating Eq. (2) with respect to wi, with m2 and 
Constant, 
Pus 

This equation will be combined with another equation 
derived from Eq. (1) by a different procedure, as 
follows: First, dividing Eq. (1 
a path along wich m2 and n; are constant, 


Ou ) 


no,? 


by du; and considering 


3 2 


Fic. 1. Ternary isotherm showing typical integration path JJ] 


and tangent intercept procedure of determining (0m;/m2)y1,n 


from isoactivity curves for component 1 
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Now, differentiating Eq. (4) with respect to m2, with 
u; and constant, 


On Oe 


u1,n3 


nz 


+n» =0. (5) 


n3 
Comparison of Eqs. (3) and (5) gives the following 
important equation :* 


Ope On 

(6) 

Equation (6) is the principal form of the Gibbs-Duhem 
equation to be discussed in this paper, and thus needs 
to be examined rather carefully. 

Equation (6) can be integrated through a one-phase 
field along a path of constant #2 and m;, which means a 
compositional path of constant ratio m2/n3. On a com- 
position triangle, such a path follows a straight line 
which passes through the corner corresponding to 
pure component 1. Both Darken’s and Wagner’s 
integrations make use of this same kind of composi- 
tional path. The integration of Eq. (6) can be expressed : 


On, 
f dy 
One 44,7 


in which the integration path extends from point J to 
point //J in the ternary isotherm, at which points the y’s 
have the values corresponding to the respective super- 
scripts (see Fig. 1). This integration can be carried out 
to evaluate u2!? when yp»! at the starting point is known 
and when experimental data on yw; are sufficiently com- 
plete that we can evaluate the partial derivative, 
(0;/On2)u1,.nz3 as a function of uw; along the entire path 
of integration. 

The partial derivative appearing in the right-hand 
terms of Eq. (6) and Eq. (7) isa particularly interesting 
type of variable which plays several important roles in 
subsequent derivations, and thus deserves close ex- 


* An alternative derivation goes back to the definition of par 


tial molal quantities and to the pring iple that order of differentia 


tion is immaterial. 
of 
; 
Oy 


One ny 
Ops 
On, n2,n3 


Substituting (c) and (d , and simplifying, we obtain Eq. 
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amination. In the first place, (02;/0m2)u1.n3 is a quan- 
tity which describes the direction of the isoactivity 
curve for component 1 (u; constant), or more ac- 
curately the direction of the tangent to the isoactivity 
curve at a given point. In nonmathematical language, 
it is the composition of a binary mixture of 1 and 2, 
expressed as the ratio of moles of component 1 to moles 


of component 2, 


which can be added to the system 
without changing the activity of component 1. In other 
words, this partial derivative tells the direction in 
which the composition can be changed without affect- 
ing 

Figure 1 illustrates the graphical determination of 
(On;/On2)ui.nz3 for a given point P in the path J-//. 
First, the available data on yw; as a function of composi- 
tion are plotted on the composition triangle in the form 
of isoactivity curves along which yz; is constant. Then 
at P, a tangent is drawn to the isoactivity curve and is 
extended to intersect the 1—2 side of the triangle. The 
point of interception, 7), 12, represents the composition 
of a binary mixture of 1 and 2 which can be added to 
the solution represented at P in infinitesimal amount 
without changing w;. The composition at 7,12 is read 
from the composition scale along 1—2 and converted 
to a mole ratio of component 1 to component 2, which 
then is (07;/0n2)u1.n3 for point P. For convenience, we 
may label this general graphical procedure of evaluating 
partials of the form (0n;/0n;),, the “tangent intercept 
procedure.” In making a complete Gibbs-Duhem inte 
gration along a path such as /—// in Fig. 1, 
tions of the tangent intercept procedure must be re- 
II to 
establish uy. The 
integral in Eq. (7) is simply the area under this curve 


the opera- 


peated at a sufficient number of points along / 


the curve of (07;/0n»)u1.n3 against 


as Varies from to 

For negative values of (0;/0n2)u:,.n3, the intercept 
falls on an extension of the side 1—2 outside of the 
composition triangle, as shown in Fig. 2. Thus, determi- 
nation of negative tangent intercepts requires linear 
extension of the weight % scales either in a positive 
direction above 100 percent or in a negative direction 
below O per cent. Point T; 12” in Fig. 2 thus « orresponds 
to the imaginary composition of —40 per cent com- 
ponent 1 and +140 per cent component 2. If the re- 
spective molecular weights of components 1 and 2 were 
say 25 and 50, then we would find 


On — 40/25 


+140/50 
This means that for each mole of component 2 added to 
a large quantity of the solution P’, we would have to 
remove 0.57 mol of component 1 in order to maintain 
Constant. 

An alternative to the tangent intercept procedure is 
to plot the isoactivity curves on a right-angled diagram, 
as composition coordi- 


using a=;/n3; and B=no/n3 


| ‘ 
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ric. 2 tangent intercepts 


Construction for negative | 


> 


OB) 


On 


and thus is found as the slope of the isoac tivity curve 


nates. such a diagram, (07,/0n 


on this type of plot. 
The 


the familiar Gibbs-Duhem equations for binary systems: 


special case of m;=0 reduces Eqs. (6) and (7) to 


Also, referring to Fig. 1, i > seen that as n ap- 
proaches zero and as the integration path approaches the 


binary system 1—2, the tangent intercept 7), 12 will ap- 


proach the intercept Z of the isoactivity curve. That 


is, aS n;—0. Thus, the proposed 


Gibbs-Duhem equation for ternary systems is mathe- 


matically very similar to the ordinary binary form, the 


principal difference being the use of an m 


found as a tangent intercept instead of an m,/n 
corresponding dire tly to the solution composition 


Obviously a number of oth 
be derived, 


relative roles of the three « omponents in the deriva- 


er equations of the same 


form as Eq. (6) can simply by interchanging 
the 
tion. For example, if we have complete acti 
1, but wish to evaluate 


component now 


Ou 
Same 


That is, tl the 


as tha 


1€ integration to IS 
except that the 


he 1 


tangent inter 


he 


to determine 


3 side of 1 triangle 


cept (7; is measured on t 


instead of on the 1 2 side. 
Integration in Two-Phase Regions 
(7), the derived Gibbs-Duhem equation and its integra 


the 


Equations (6) and 


to single-phase regions ol 


In two-phase regions, the calculations 


tion, are not limited 


ternary isotnerm 
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of uw. and uw; from experimental data on uw; can be made 
according to Eq. (7), and the graphical intercept pro- 
cedure can still be used to find the necessary values of 
the partial derivatives O2)ui.n3 and 
However, for the two-phase region the intercepts of the 
tie-lines are used instead of the intercepts of tangents 
to the isoactivity curves. In principle, of course, any 
tie-line in a two-phase region of a ternary diagram is an 
isoactivity “curve”’ for all three components. 

that the integration 
m3 is unnecessary in a 


Furthermore, the restriction 
must follow a line of constant 7» 
two-phase region, so that the integration indicated by 
Eq. (7) is readily carried out over the entire region. 
All that is needed is the analytical data for the tie lines 
and experimental! values of yu; for a sufficient number of 
tie lines. As a result, the presence of a two-phase region 
simplifies the Gibbs-Duhem integration for a ternary 
system. 


When the 


composition path of constant #.2/n 


Gibbs-Duhem integration follows a 
extending from 
a one-phase region into a two-phase region, an abrupt 


the curve of 


discontinuity or step will be found in 


One) uy Or VEFSUS corresponding 
to the abrupt change in direction of the isoactivity 
curve at the boundary of the two-phase region. 

If one of the two phases has essentially constant or 
stoichiometric composition, the same integration pro- 
cedure can be retained. In this case the tie-lines radiate 
from the point corresponding to the phase of constant 
composition. However, a simpler procedure in two- 
phase regions of this kind may be to consider the phase 
of constant composition as one of the components. If 
the composition of the system is calculated consistently 
on the basis that component 3 is the phase of fixed 


composition, wu; is constant and du;=0 throughout the 


two-phase region so that the Gibbs-Duhem equation is 


reduced to that for a binary system of components 1 


and 2. That is, (0 ;/0n» becomes and can 


be obtained directly from the composition of the satu- 


rated solution without using the tangent intercept 


procedure. This procedure has been used for Gibbs- 


integrations along Fe- and SiQs-saturation 


the FeO-FesO,-SiO» system. 


Duhem 
curves in 
Inherent Limitations. The Gibbs-Duhem integrations 
for ternary systems involve the same inherent difficul- 
ties as the binary integrations when the integration 
path in a one-phase region approaches the composition 
of the pure component. Thus, even with complete and 
reasonably accurate activity data for component 1 over 
the entire diagram of a homogeneous ternary system, 
calculations of us and uw; taking the pure components as 


standard states may prove inaccurate and unsatis- 
factory, or may require assumptions as to the behavior 
of the solution as the composition approaches that of 
pure component 1. This limitation is compounded by 
the fact that even with complete activity data on com- 


ponent 1 throughout a single-phase system, the Gibbs- 
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Duhem equation can be integrated only along composi- 
tion paths of constant 2/3, which of course intersect 
each other only at the corner of the diagram corre- 
sponding to pure component 1. Thus, if we wish to 
find we in the interior of the diagram, based on p2.=0 
for pure component 2, we must first perform a binary 
integration along the binary system 2—1 to find the 
behavior of 2 in infinitely dilute solution in 1 and then 
we must perform a second integration from this in- 
finitely dilute solution along a line of constant 2/3 to 
the desired point. Such a two-step path of integration 
thus has to go into and then come out of the composi- 
tion region near pure 1 where 7;/ 72 and approach 
© and the Gibbs-Duhem integrations become uncertain. 

The eliminated or 
greatly mitigated in calculations on 
ternary systems, where the paths of integration inter- 


above-discussed difficulties are 


heterogeneous 


sect two- and three-phase regions on the isotherm. 
In such systems, standard states other than the pure 
components can sometimes be used without reducing 
the value of the calculations for practical purposes. 
Calculations of this kind are illustrated in the last 
section of this paper. 

Modified Integrations. Darken and Gurry' have de- 
scribed improved Gibbs-Duhem integration procedures 
for binary systems which permit more accurate graphi- 
cal evaluations, especially at the extremes of the com- 
position range. These procedures are based on the 
Gibbs-Duhem equation for the activity coefficients. 
Correspondingly, Eqs. (6) and (7) for ternary systems 
can be rewritten in terms of activity coefficients as 
follows: 

0 logys On, 

- (10) 


0 logy; ON» 


On, 
I 


logy2!!=logy2!— d logy, 


ON» 
Evaluation of (02,/0n2)+;,.n3; as a function of logy, for 
the graphical integration requires that the tangent 
intercept procedure be applied to curves of constant 
activity coefficient on the composition triangle. 
through the 


A further improvement is obtained 


following integration of Eq. (10): 


| logy logy — av(1— f ads 


in which 


logy: On, 
= logy l 1 + 
On» 


1 
On 
On» 1? 
g= 
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Equation (10) simplifies directly to a form recom- 
mended by Darken and Gurry for binary systems, if 
n3=0 and 71/2 is substituted for the partial derivative 
(071/On2)y1.nz In the above definitions. Just as in the 
binary integrations, a turns out to be a generally well- 
behaved function over the entire composition range in 
ternary systems. Moreover, it should be noted that the 
integration expressed by Eq. (12) is mathematically 
somewhat similar to the ternary integrations of Darken* 
and of Wagner,’ although the function a is defined 
differently. 

Comparison of Ternary Gibbs-Duhem Integrations. 
Whatever Gibbs-Duhem integration is used, Darken’s 
method, Wagner’s method, Eq. (7), Eq. (10), or Eq. 
(12), the calculations for a new system are likely to 
require a good supply of graph paper, a calculating 
machine, and a painstaking approach to the study of 
the data. Careful thought needs to be given in each 
instance to the accuracy of the experimental data and 
to the effects of experimental errors on the calculated 
results. 

When relatively complete activity data are available 
for one component over the entire ternary composition 
range, the integrations of Darken, of Wagner, and of 
Eq. (12) appear to be substantially equivalent in ac- 
curacy and in amount of mathematical labor. All three 
require an integration step and differentiation steps 
(slope or intercept With Darken’s 
method the integration is performed first and the differ- 


measurements). 


entiations second, whereas the reverse order is used in 
Wagner’s method and in Eq. (12). All three take full 
advantage of the good behavior of a-functions of the 
form logy;/(1—.V;)?. 

The integration of Eq. (12) was applied to the data 
of Elliott and Chipman® on the Cd-Pb-Bi system and 
gave results which seem to be of the same precision as 
those Elliott and Chipman obtained by the Darken 
integration. Both methods apparently encountered 
comparable difficulties in the same composition regions. 
For example, the close approach of the Cd-Bi binary 
to ideality makes the calculations of yp, from experi- 
mental data on yp; quite uncertain for solutions low 
in Pb and high in Bi. This uncertainty appears to be 
the Gibbs- 
of 


inherent in experimental data and the 


Duhem equation, rather than in the methods 
integration. 


For the various special situations of incomplete dat 
and heterogeneous systems which are encountered, 
Eqs. (7), (10), and (12) 
some advantages over Darken’s and Wagner’s equa- 


seem simpler and may have 


tions. These potential advantages stem in large measure 
from the simplicity of the tangent-intercept procedure 
carried out on the ternary composition triangle. The 
FeO-FesO;-SiO2 system discussed later in this paper 
and the Cu-Fe-S 
Krivsky™ are illustrative of systems wherein Eq. (7 
the simplest integration of all, is entirely adequate. 


system recently investigated by 
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GEOMETRIC RELATIONSHIP OF ISOACTIVITY 
CURVES 
that the 


show S 


Gibbs-Duhem 


the 


manner in which one chemical 
t 
i 


Since equation 


potential can vary with 


composition is closely related to the manner in which 


the other two chemical potentials vary with composi- 


tion, it is reasonable to expect that the directions or 
“slopes” of the three isoactivity curves at a given 
point must be related in a simple fashion. Such a rela- 
tionship is readily demonstrated, and, as is shown below, 
as a simple algebraic relationship 


for 


can be expressed 


tangent intercept values hree 
This 


basis for a simple and useful geometric construction 


between 


activity curves. algebraic relationship is 


1 


which can be used to draw isoactivity curves for one 


component when the directions of those of the other 


two components are known. 

Any tangent to an isoactivity curve will have three 
intercepts, one with each edge of the composition 
These three intercepts for 


and 7 


triangle or its extension. 


component 1 (7), 12, T 


related, as follows: 


* are numerically 


On 
On 


The negative sign in Eq. 

tangent to an isoactivity curve will have positive inter- 
will have a nega- 
tive intercept on the extension of the third side of the 
he three 
intercepts of the u -tangent T and 
and for those of the uws-tangen T we and 7 

Also an equation of the same form is a necessary con 


ine d 


cepts on two sides of the triangle bu 


triangle. Similar relations can be written for 1 


dition for the intercepts of any rawn 


through the composition triangle 
On 
on 


Sometimes it is easier to measure 


accurately and calculate the ot! 


nates of the point of tangency 


on 
On 
ra] iN 
On 


The following sequence of equations is a derivation of 


» cross relation between three tangent intercepts for 


scripts or the first subscr 
the 


composition triangle 


pair after the comma indicati 


123 
on On 
Ms one tangent intercep 
(=) 
* The tanger ntercepts are conve 
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the three components: Multiplying all three parts of Eq. (19) together and 
then rearranging the resulting equation, 
Ons On, On 
corresponding to 7,03, 72,13, and 73,12, respectively. 
This particular intercept for each component is the Ops Ope OMA 
intercept of the tangent with the side of the triangle op- 
posite the corner for the component: e.g., (071/ O72)u3.7 
or T3,12 is the tangent intercept for component 3 on the Dividing out each of the three pairs of partial deriva- 
1—2 side of the triangle. tives, we obtain the desired relation of the three tangent 
First, three cross-relations are developed, based on __ intercepts: 
the definition of partial molal quantities and on the 
principle that order of differentiation is immaterial: Om wit ati (21) 


oF oF 


- ; This equation shows that the directions of the three 

isoactivity Curves tor three respective components are 
indeed closely related. Comparison of this equation 
with Eq. (14) shows in fact that the three tangent 


ON;F On;ON;F » intercepts T»2,13, and must fall on a single 


Ou 


straight line. Thus, we have the basis of a rather 
Therefore, simple geometrical procedure for constructing iso- 
activity curves. 

Figure 3 illustrates the graphical determination of 
the direction of the isoactivity curve for component 3 
at a point P, when the directions of the isoactivity 
curves for components 1 and 2 are known. First, the 
tangent to the isoactivity curve J for component 1 is 
extended to find the tangent intercept 7), 2; on the side 
2—3. Similarly, the tangent intercept 7», 1; is found for 
component 2 on side 1—3. Then a straight line is 
drawn through points 7),2; and 7213; and the tangent 
intercept point 73 12 is found where this line intersects 
side 1—2. The line connecting point P and 73,12 gives 
the direction of the isoactivity curve for component 3. 
An applic ation of this method will be considered in the 
following section of this paper. Elliott and Chipman® 
have presented rather complete sets of isoactivity curves 
for several ternary systems, and these can be recom- 
mended to the reader for practice in this graphical 
procedure. 


APPLICATION TO FeO-Fe,0;-Si0, SYSTEM 


Measurements of oxygen activities in iron-silicate 
slags have been reported for slags saturated with solid 


iron!" and for slags saturated with solid silica.!* These 
previous papers give data on activities of FeO, Fe, and 


SiO» for iron- and silica-saturated slags obtained by 
Gibbs-Duhem integrations and by other straightforward 
thermodynamic calculations. Also, a phase diagram for 
these slags has been reported.'* Application of the 
methods described in the present paper to the pre- 
viously published activity and phase equilibrium data 


Fic. 3. Geometric relationship of tangent intercepts 
for three components makes it possible to develop a complete set of activity 


\ 
\ 2 
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curves covering the entire composition range of the 
ternary slags. The general line of attack is first to 
utilize the phase diagram to estimate the geometric 
configuration of some of the isoactivity curves and then 
to combine these geometrical estimates with the limited 
obtain a complete Gibbs-Duhem 


activity data to 


integration over the whole range of ternary slag 
compositions. 

The 1350°C isotherm of the FeO-FesO;-SiO2 system 
is given in Fig. 4. For the purposes of the present calcu- 
lations, the significance of this diagram is that it gives 
four different saturation curves, showing the respective 
compositions of slags saturated with silica, magnetite, 
wiistite, and iron. Such saturation curves are in reality 
special cases of isoactivity curves. That is, a tangent to 
a saturation curve at 


in which the melt composition can be 


a given point gives the direction 
in- 


finitesimally without changing the activity of the solid 


changed 


compound in equilibrium with the melt. Moreover, 
there are four points, at the four corners of the melt 
t. At 


four points we can use the tangent intercept procedure 


field, where the isoactivity curves intersec these 


described in the last section and illustrated in Fig. 


to determine directions of still other isoactivity curves 
The simplest starting point is to estimate the iso- 


activity curves for SiO.. One already available is the 


SiO» saturation curve at the left side of the melt field, 
a straight line with a constant tangent intercept value 
of (ON ON 2.9 (see point Ts’ in 


ten 
Fig. 4). Figure 4 shows the construction for estimating 
another isoactivity line for SiO, at point P, inter- 
section of the magnetite and wiistite saturation curves. 
For this estimate an auxiliary composition triangle 
WMS is utilized, considering Fe;O,, 


of composition W as the three components. The tan 


SiOs, and wiistite 
gents to the two saturation curves at P are extended to 
find the tangent intercept points Tw and Ty, corre- 


and LO 


Ty 


sponding, respectively, to 


(Onwist/ A straight line through and 


T y intersects the base line WM at points 7's. Point 7's 


according to the demonstration of the previous section 


is the tangent intercept point for silica at P, and the 


line TsP gives the isoactivity direction for SiO, at 
point P. The tangent intercept of SiO, for point P at 
the right of the melt field is not greatly different from 
he melt 


that for the SiO» saturation curve at the left of t 


field. Noting also the lack of curvature of the experi- 
mentally determined SiO, saturation curve, the prox- 
imity of P to the % SiOz» side of the triangle, and other 


geometric features, it seems reasonable to estimate that 


the SiO» isoactivity curves in the melt field are a family 


of straight lines with ONp, chang- 


OS "SIO 


1 


ing uniformly from 2.9 to 1.5 across the melt field. 


Activities of SiO. are known quantitatively along the 


iron-saturation curve at the bottom of the melt field 


QUATIONS TO RNARY SYSTEMS 


Hence, the 


and 


from the data of Schuhmann and Ensio. 


SiO». isoactivity lines can now be drawn in are 


shown as dashed lines in Fig. 4. 


1 
+} } 


ctivity of FeO is determined throughout 
field by Gibbs-Duhem integrations along lines of con 


Stant Feo according to 7). The lower 


limits of integration are the activities in SiQv-saturated 


slags, which are establishe the data of Michal and 


Schuhmann.” Thus, 


logdreo= (logar, 


O}SIO 


The evaluations of (dn 


tangent intercept 


SiO 
procedure are easily made trom 


SiO» isoactivity lines and the integral is quite 


behaved, so there is no need to consider other more com 
plicated Gibbs-Duhem integrations. Oxyg 


] 


found by a similar 


with FeQ, O, 


are 


regarded 


same paths, but and Si0 led < 


three « omponents. 


HEMATITE 
+ 
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+ 
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Fic. 5 curves for FeO, O, and SiQz in iron silicate 
slags at 1350°C 
Duhem integrat 
to tridymite as standard state. 


in li nd tiror id 
to Fe( In liquid 1ron 


Isoactivity 
Arrows at bottom left indicate paths of Gibbs 
SiO.: Labels give dsio. referred 


FeO: 


saturated 


Labels give 


with solid 


O: Labels give logio(pco2/fco) for equilibrium 


gas mixtures 


in the triangle: 


On ) 


Ons ONFeO 


On} Ono 


Ons OnFeO 


+2}. (24) 
OnE. 1 ONFe.O 


Results of the Gibbs-Duhem integrations are plotted 
in Fig. 5, as isoactivity curves for SiO», FeO, and 
co» Pco. The reference states of unit activity for SiO» 
and FeO, respectively, are solid silica (tridymite) and 
metastable liquid iron oxide of the composition in 
equilibrium with y-iron. 

It should be emphasized that these calculations are 
all based on experimental data, except for the inter- 
polated directions of the SiO:-isoactivity lines. That is, 
the calculations depend on estimating one quantity, 


ONE which varies over a rela- 


ON SiO». "SiO 
tively narrow range. Moreover, a study of the calcu- 
that the 
to errors in this intercept. In 


tition of the calculations making 1 


results are quite insensitive 
fact, 
he gross assumption 


shows 


lations 


tangent repe- 
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that INFO) usio», SiO has a constant value of 
2 (instead of interpolating from 1.5 to 2.9) yields a 
final plot of isoactivity curves hardly distinguishable 
from Fig. 5 when the two plots are placed side by side. 

In the final analysis, the principal uncertainties in the 
experimental data on which Fig. 5 is based are in % 
Fe,O;. Difficulties in accurately establishing the FesO; 
content of Fe-saturated slags'' were discussed _pre- 
viously. The similar error in the determination of the 
ternary isotherms was estimated to fall in the range of 


Within these experimental errors, the 


resulting from absorption of Fe by 
Pt crucibles. 
results of carrying the Gibbs-Duhem integrations all the 
field, 
wistite saturation, check very satisfactorily the activity 


way across the melt from SiQs-saturation to 
data available at the two ends of the wiistite saturation 
curve. Thus, for the equilibrium wiistite-magnetite- 
melt, interpolation on Fig. 5 indicates logpcos Peco 
=().92, but if the FesO; content of the melt were 3 per 
cent greater we would read logpco,/ Pco= 1.1, which is 
the result obtained by Darken and Gurry’ for the 
wiistite-magnetite equilibrium at 1350°C. Similarly, 
Fig. 5 indicates that logp, 0o/ Pco in the iron-wiistite 
corner is slightly greater than —0.5 whereas previous 
data" indicate logpco./Pco should be a little below 
—().5. 
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CALORIMETRIC INVESTIGATIONS OF A GOLD-NICKEL ALLOY. I. LOW TEMPERATURE 
HEAT CAPACITY OF GOLD-NICKEL ALLOY*+ 
WARREN DESORBO?t 

The heat capacity of gold-nickel alloy containi ig 52 aton 
perature region 13° to 300°K. The lack of conformity of tl 
The excess entropy, arising mostly from the change 
0.62+0.09 cal/g-atom/deg at 300°K. The data have 
tinuum model 

The values of the thermodynamic functions, entropy, ent 1 
tabulated at regular intervals of temperature up to 300°K for the 
at 298.16°K is 9.83+0.07 cal/g-atom/deg, of which 0.10 was obtained 


RECHERCHES CALORIMETRIOQI ES SUR UN ALLIAGE OR-NICKEL. I 
CALORIFIQUE A BASSE TEMPERATURE D’UN ALLIAGE OR-NICKEL 
La capacité calorifique d’un alliage or-nickel 4 52 At. % d’or 
300°K. ya désaccord avec les résultats de la loi de Kopp-Neum: , 
modification du spec tre des vibrations par tormation < age t 0,62 +U.09 ca 
les résultats étant interprétés dans de modél i 
Les valeurs des fonctions thermodynamiques, entropic 
des températures régulitrement réparties jusqu’a 300°K dar 
alliage est 4 298.16°K de 9,83+0,07 cal 
obtient 0,10. 


KALORIMETRISCHE UNTERSUCHUN GEN AN EINER GOLD-NICKEL-LEGIERUNG 
I. WARMEINHALT EINER GOLD-NICKEL-LEGIERUNG BEI 
TIEFEN TEMPERATUREN 


Der Warme inhalt einer Gold Nic ke | 
13 bis 300°K gemessen. Die Werte z 
Abweichung von der idealen E ntropie, 
Veranderung des Schwingungsspektrums verursacht wird, betragt bei 300°K 0.62+0.09 ( 
werden auf Grund der Kontinuum Theori t 

Fiir die Gold Nicl Ke BP egit rung wurt 
nthalpie dic in regelmissiger tiinde s zu 300°K 

298.16°K hat die Entropie dieses Materials folgender rt: 9.83+0.07 ( 
K durch Extrapolation 0.10 erhalte 


INTRODUCTION the degree of conformity of 
Neumann rule for additivit 
300°K and would also afford 


temperature on the Debye char 


Recent publications by Cohen, Averbach and co- 


workers! have presented studies on the thermody 


lloys. Thermo- 


namic properties of solid gold-nickel a 
dynamic activities were found to deviate considerably 

(positive) from Raoult’s law; entropies of mixing were EXPERIMENTAL 


found to be larger than those for ideal solutions; and The Au-Ni alloy sample was obtaii ed from Professor 
enthalpies of mixing were found to be positive (heat is Morris Cohen, Department of Met: ¢ \lassachu 
absorbed). These investigators have postulated that ts Institute of Technology 


the excess entropy arises from a change in the vibra- showed the sample to consist of 


tional spectrum which is reflected in the change in the nickel. The specimen consisted of 
heat capacity, i.e., in addition to the configurational whose shorter dimensions were approximate 
ntropy there would be a contribution due to the altera- mm thick averaging 
tion af the modes of the frequency spectrum. This in- 

vestigation was undertaken in order to determine the ‘are was taken in maintai 
heat capacity of a 50 atomic per cent solution of Au-Ni after each homogenization tre tended 
(actually 48.3 atomic per cent nickel) in the tempera- agglomerate the sample. The | 


ture range 13° to 300°K. Such a study would elucidate consisted of heating 


ition treatment 
the specimen in high vacuum 
* Received September 14. 1954 approximately 900°C for several hours followed by 
+ Presented in part before the A.E.C. Solid State Conference, jmmediate quench in ice-water mixture.* This cau 


neral Electric Research Laboratory, Schenectady, New York, 
the single solid solution to be retained at room tempera- 
une y /, 


t General Electric Research Laboratory, Schenec 


York. * This operation was carried out by illiam K. Murphy 
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228 ACT 
ture. Photomicrographs were taken of the samples 
immediately before sealing the specimen in the calorim- 
eter container as well as after removal of the specimen 
from the calorimeter upon conclusion of the experiment, 
in order to check for the formation of the second phase.t 

The cryostat, copper calorimeter and accessory ap- 
paratus used in this experiment have been used pre- 
viously and are described elsewhere.* The temperature 
scale in this investigation has been reéstablished by 
thermocouple 
(Leeds and 


intercomparing the 
with a platinum resistance 
Northrup Co.; serial No. 
Bureau of Standards. A complete recalibration of the 


copper-constantan 
thermometer 
736954) calibrated by the 


empty copper calorimeter was also undertaken for the 
experiment. In the first experiment 171.030 g of sample 
were used; while in the second experiment the weight of 
the alloy used was 99.838 g. Both weights refer to 
weights i vacuo. 
RESULTS 
The heat capacity data, extending from 13°K to 
299°K, are presented in Table I. Two independent 
determinations were carried out in this temperature 
region. The temperature drifts after each energy input 
were somewhat larger than those experienced in pre- 
vious studies on monatomic solids. This is indicative 
of the poorer thermal conductivity of the alloy and is 
reflected in the over-all accuracy referred to below. 
The values of the thermodynamic functions listed in 
Table II were obtained from a smooth curve of large 
graphs of heat capacities versus T and of heat capacities 
versus logT. Simpson’s rule was used to evaluate entropy 
and enthalpy functions. The entropy of the alloy at 
298.16°K referred to the alloy at O°K is 9.83240.07 
cal/g-atom/deg. The extrapolated portion below 13°K 
has been obtained by applying an anisotropic continuum 
Debye model where 
RT 
280°. 


where 6;=45° and 


048(Ce 


’ 


- wove” 


aCe 


The change in heat capacity, ACp, and AC,’, accompanying 


alloy formation for Au-Ni alloy. 


Fic. 1 


t+ These photomicrographs were Miss Dorothy 


Kontoleon. 
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TABLE I. Molal heat capacity of gold-nickel alloy, 
mol. weight 130.3. 


Me 
AT leg Temp., °K Al 


1.3126 mole 


Data of April, 1953, sample, 
0.134 84.29 
0.184 86.20 
0.257 87... 
0.326 90.7 146 4.257 
0.392 99 969 4.504 
0.477 109.7 3.244 4.784 
546 119.85 3.601 +.968 
658 129 3.466 
770 139.7 3.343 
S89 153 
019 159 
194 169.7 
179 
190.7 
199 
203 
205 
210.7 
210.7 
220. 
230.57 
240 
251.22 
260 
265 
270 1.806 
281.2 2.130 
284.5 2.144 
292.: 1.564 
294 1.690 
297. 2.039 
3. 298.¢ 1.679 661 


» 0.7662 mole 


1.886 
1.442 
1.671 
1.729 


317 4.037 
787 4.106 
228 4.146 


NN 
W Who & 


Unbox 


WD DOD DNDN DDN 


Data of January, 1954, sampl 
0.987 0 184 2.372 5.868 


2.667 
2.971 
2.876 
2.798 
1.911 


1.887 


0.690 0 199 
1.129 219.: 
1.857 
2.406 
1.927 
1.893 
2.049 
3.072 2.106 
2.389 1.824 
2.132 2 1.7¢8 
2.007 1.484 
2.221 5.2 2 3 1.932 


75 2 1.467 


2.688 


6.490 


4.1840 absolute 


formula gives cal/g-atom/deg. It 


This 
neglects the contribution due to any magnetic effects 
below 13°K 


Table III presents the data showing the temperature 


see below le 
variation of AC,, the change in heat capacity accom- 
panying alloy formation. The results show that above 
approximately 50°K, AC, has a positive value. For 
magnetic nickel the following expression was used to 
evaluate the change in heat capacity due to alloy 
formation: 


(0.483 Cpxnit0.517 Cpa,). (2) 


In order to refer the heat capacity of the alloy to a 
mixture of gold and of nonmagnetic (8) nickel, the 


Mear 
temp., °K cal/deg 
12 
14 
16. 
17 
19 
20 
26 
33 
35 
38 
41.05 
43.89 
46.63 
49.65 
52.71 
55.73 
55.86 
58.66 
73 
61.67 
61.73 
64.91 
68.33 
71.81 
75.11 
78.28 
80.13 — 
SO.90 
20.98 
31.58 5.949 
32.57 6.225 
39.55 6.233 
51.89 6.169 
57 20 6.253 
72.69 6.303 
78.91 6.577 
79.13 6.587 
81.89 6.567 
99.14 6.750 
119.41 6.515 
141.84 6.631 
159.58 2 
179.55 2.407 5.721 
GOLO - NICKEL ALLOY le } } 
‘ 
[.. 
| ~ 048 Co, #052 Co, 
k 
| 
fe} 
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magnetic contribution, C,,, to the heat capacity of 
nickel, as evaluated by Stoner,‘ must be subtracted. 
Hence 


toy — [0.483 (Cpyi—C \+0.517 Coa 


The values of the heat capacity of nickel (Cpyj) are 
those reported by Busey and Giauque.® The purity of 
their sample was reported to be approximately 99,98 
per cent. The specimen had been annealed at 1100 
The 


capacity values for gold used in the calculations are 


1200°C before sealing in the calorimeter. heat 
those obtained by Geballe and Giauque.* This sample 
was reported by the authors to be a single crystal and 
to have a purity of 99.99 per cent. 

The AC, and AC,’ values calculated by applying 
Eqs. (2) and (3) are presented in Fig. 1. The value is 
essentially zero between 13°K and 45°K. Small and 
non-uniform negative values in this temperature region 
are probably due to accumulative errors of the various 
experiments involved. The AC, and AC,’ values reach 
a maximum value at about 170°K and then decrease 
with increasing temperature. 

The entropy increment corresponding to the devia- 
tion from the Kopp-Neumann rule has the following 
value: From Eq. (2) 
= 478-16 AC In T 


= ().51+0.07 cal/g-atom/deg. 


This excess entropy for gold-nickel solid solution arises 
mostly from a change in the vibrational spectrum upon 
alloy formation over and above the configurational 
entropy. For gold-nickel referred to 8-nickel the excess 
entropy has the following value: 


AS 9/2916 K=0,62+0.09 cal/g-atom/deg. 


The enthalpy of mixing of the alloy solution asso 
ciated with the change in the specific heat upon alloy 
formation, considering the enthalpy values of Au-Ni, 


TABLE II. Thermodynamic functions of Au-Ni 
on the smooth curve of heat capacit) 


0.032 
0.101 
0.435 
0.914 


0.116 
0.322 
1.283 
2.474 
3.656 
4.737 
5.694 
6.567 
7.356 
8.071 
8.722 
9.318 
9 826 
9 865 


0.085 
0.222 
0.848 


Ome ¢ 


1068.7 
1225.: 


1370.4 


CAPACITY 


0.O1¢ 0.011 
OO2 +O0.013 
0.100 0.117 
285 0.309 
0.350 
0.356 
0.387 
0.439 
0.452 
0.425 


QO? 


8-nickel and gold, has the fo lowing form: 


1(H°—H 


298.16°K is thi 


Giauque”’ while that tor 6-ni 


Enthalpy for gold (H°—H 
given by Geballe and 
is the value reported by Busey and Giauque® from 
which the “magnetic tribution” 
tracted (as per reference 4), i.e., H 
1105.3 ca 


be en sub 


298.16 
Au-Ni 


resear< h 


for 3-ni kel] nthalpy of 
has been determined from the data of this 


K has been approxi 


The extrapolation below 13 


mated by an anisotropic continuum model. Considering 


values AH 


95.1 cal/g-atom. 


ali oft these 


DISCUSSION OF RESULTS 
lhe Kopp-Neumann rule 


ing solid-solution statistics in that it assumes 


p ified 

the vibra 
characteristi independent 
nfiguratio1 » partition funct thus factored 


into configurat yntributions.’ 


\ccording to the rule, , the change in heat capacity 
accompanying al 

is no theoretical j 
extensively. Che 
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Fic. 2. Debye characteristic temperatures as a function of 
temperature for Au-Ni alloy, nickel and gold. 
where or is the intrinsic magnetization at the tem- 
perature 7.7 
In order to understand the deviation of the specific 
heat shown in Fig. 1, it would be necessary to study in 
detail the various components contributing to the 
specific heat of Au-Ni alloy, nickel and gold, respec- 
tively, as a function of temperature, especially to study 
in detail the change in vibrational spectrum accompany- 
ing alloy formation. At this stage of the problem, this 
analysis is difficult to carry out, particularly since basic 
information—such as elastic constants—is not readily 
available to permit an attempt to apply the rigorous 
dynamical methods of Born and von Karman,* Black- 
man,’ Montroll,!’ Shibuya and co-workers" and others. 
Better than these approximate theoretical calculations 
would be to obtain, if possible, the complete elastic 
spectrum by means of diffuse X-ray scattering and to 
calculate the specific heat directly from the measured 
spectrum. Since this information is not available, the 
remaining alternative is the customary analysis of the 
specific heat in terms of the general Debye theory. 
Despite its theoretical limitations, this theory is still 


quite useful for the purpose of general description and 


tends to serve as a sort of reference state which can 
reflect variation of specific heats especially in the low 
temperature region. 

In Fig. 2 are presented the results of an analysis of 
the specific heat of Au-Ni alloy, nickel and gold based 
on the Debye model where the Debye characteristic 
temperatures are presented as a function of tempera- 
ture. The C,-values for the alloy have been ob- 
» Values by applying 
the Nernst-Lindemann approximate relation C,—C 
=(0.0214 C,?(7/T,),"* is the melting point 


tained from the experimental C 
where T 
+ Stoner discusses the variation in the value of a. For this work 
a has been assumed equal to 1. 

*In contrast to the correct thermodynamic relationship, 
C,—(¢ =a’*T V /B, where a is the coefficient of thermal expansion, 
8 the coefficient of compressibility, and V the molar volume of the 
crystal. 
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of the alloy (~950°C). Since the electronic contribu- 
tion to the specific heat is not available, this factor has 
not been accounted for.t For gold, the lattice contribu- 
tion of the specific heat was calculated from C,-values 
reported by Geballe® minus the electronic specific heat. 
The coefficient of the linear term of electronic specific 
heat used is that reported by Corak and Garfunkel" 
(1.e., y= 10~ cal mole deg~*). The C,-values for 
nickel were determined by subtracting from the C,- 
values, reported by Busey,’ the thermal expansion 
term, C,—C,, obtained by Stoner.* The lattice vibra- 
tion specific heat C 
subtracting the electronic specific heat values reported 
by Keesom!® (y= 1.744 10 


The variation of the Debye characteristic tempera- 


was then obtained from C, by 


cal mole“ deg~*). 

ture with temperature is quite pronounced in this gold- 
nickel alloy. The @p values increase with increasing 
temperature reaching a maximum at about 60°K and 
then decreasing with increasing above 
100°K. Above 225°K the values actually become nega- 
tive (Dulong and Petit rule violated). The temperature 


temperature 


variation of the Debye characteristic temperatures for 
gold and nickel are also presented in Fig. 2. The varia- 
tions in these curves are typical of those for most f.c.c. 
materials.'® Two curves are presented for nickel, one 
reflecting the lattice vibrations only; while the “‘mag- 
netic” 
plus the magnetic component, C,,. However, since the 


curve presents the @p for the lattice vibrations 


Debye model refers to 3.V modes of vibration, the latter 
curve is incorrect and is presented for the purpose of 
comparison only. Also in Fig. 2 the curves represented 
by solid circles and crosses represent the temperature 
variation of @» for an hypothetical gold-nickel alloy 
that conforms to the Kopp-Neumann rule. Again, two 
curves are presented merely for purposes of comparisons 

one curve is for such an alloy referred to gold and 
magnetic nickel while the other (crosses) is for the same 
alloy but referred to 6-nickel. 

Flinn and co-workers"? in their study on local atomic 
arrangements in gold-nickel alloys have shown them to 
form a continuous series of f.c.c. solid solutions above 
840°C. 
into two f.c.c. one gold rich and the other 
nickel for Au-Ni 
reported here does not conform to the variation ex- 
lattices!® but 


At lower temperatures the solutions transform 
solutions 


rich. The variation of @p versus T 


hibited by most f.c.c. monatomic more 


nearly resembles the behavior of @» for f.c.c. materials 
and other isotropic monatomic solids that have some 
form of lattice irregularity. For such lattices the Debye 
characteristic temperature decreases with decreasing 
temperature below the liquid-nitrogen temperature 
region. The variation for this alloy, in this low-tempera- 


ture region, is such that the frequency spectrum 

t It will be assumed that, as in the monatomic metallic lattices, 
the neglect of the electronic spec ific heat has a negligible influence 
on the @-values in the temperature region of interest in this report. 
Goldman" has recently reported y-value for Niz;Mn: y=2.2X 10 
for disordered alloy and y=1.2X10™ for the ordered phase. 
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can be approximated by two distribution functions, 
v°dv(03;=45°) and vdv(@.= 280°). It should be remarked 
that the physical significance of the amenability of the 
data to such an analysis is not readily apparent. Flinn 
and co-workers" have also presented studies, by diffuse 
X-ray scattering techniques, showing the size variation 
of each constituent atom in gold-nickel solutions of 
varying compositions and have presented evidence 
showing the size of each atom to vary with composition. 
The imperfect close-packing of large and small ions in 
the solid solution lattices could be responsible for the 
observed variation in @p below liquid-nitrogen tempera- 
tures. For a given alloy system, such as gold-nickel, no 
systematic studies have been reported which show the 
effect of composition, as well as the variation in the 
size of each constituent atom, on the Debye charac- 
teristic temperature or on the change in force constants 
reflected in the change in the vibrational spectrum. 
The portion of the @p versus T curve above liquid- 
nitrogen temperatures for Au-Ni alloy in Fig. 2 
crease in 6p with 7) is even more difficult to interpret 


(de- 


since the Debye model becomes more inadequate in 
describing specific heat variations in this temperature 
region. The model fails completely in accounting for 
any specific heat contribution due to extra “internal” 
modes, strain energies, magnetic effects, etc. Low tem- 
perature specific heat data examining these variables 
have not been carried out. Furthermore, the effect of 
neglecting the anharmonic interaction terms in the 
partition function and an exact determination of the 
electronic specific heat for this alloy system have not 
been studied. 

In evaluating the thermodynamic functions entropy 
S° and enthalpy H°—H)° at 298.16°K the anisotropic 
continuum model has been used instead of the three- 


dimensional Debye equation (since the former equation 


describes the data better) in extrapolating the data from 
13° to OK. 
refer to a Au-Ni sample where contributions due to 
and O°K have been 
neglected. However, there is evidence from some experi- 


These thermodynamic properties, then, 
any magnetic effects between 13 


mentally determined values of magnetic permeability 


in the liquid hydrogen and liquid-helium temperatures'* 


CAPACITY OF 


Au-Ni studied in 


transformation 


that this report does have a 
neti point below the lowest 


mental data point (13°K). The determination of the 
contribution to the thermodynamic properties by this 


transformation must await calorimetric invest 


at liquid-helium temperatures. 
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CALORIMETRIC INVESTIGATIONS OF A GOLD-NICKEL ALLOY. II. THE HEAT CAPACITY 
AT HIGH TEMPERATURES AND THE ENTROPY OF FORMATION*+ 


R. A. ORIANIt 


The literature of measurements of the heat capacity of alloys is critically reviewed. A Bunsen ice calorim 
eter is employed to measure the cumulative enthalpy difference between the solid solution Au Nio.4s3 and 
the corresponding weights of the pure metals; differentiation of the temperature curve yields the deviation of 
the heat capacity of the alloy from the Kopp-Neumann rule. The positive value of this deviation and the large 
magnitude of the vibrational entropy of solution are related to the loosening of the lattice that accompanies 
formation of the solid solution 


MESURES CALORIMETRIQUES SUR UN ALLIAGE OR-NICKEL. IT. C \PACITE CALORIFIQUE 
A HAUTES TEMPERATURES ET ENTROPIE DE FORMATION 


Discussion de la littérature sur les mesures de capacité calorifique des alliages. Emploi d’un calorimétre 
de Bunsen pour mesurer les différences d’enthalpie entrie les solutions solides Au Nio.4s3 et les métaux 
purs correspondants, en fonction de la température. La capacité calorifique de cet alliage ne suit pas la 
solution sont 


regle des mélanges. La valeur positive de l’écart et la grande entropie de vibration de cette 


attribuées au relachement du réseau qui accompagne la formation de la solution solide 


KALORIMETRISCHE UNTERSUCHUNGEN AN EINER GOLD-NICKEL-LEGIERUNG. 
Il. WARMEINHALT BEI HOHEN TEMPERATUREN UND BILDUNGSENTROPIE 


In der Literatur mitgeteilte Methoden zur Messung des Wirmeinhaltes werden kritisch besprochen. Die 
Differenz der Restenthalpie zwischen der festen Lésung Au Ni und den entsprechenden Gewichten 


der reinen Metalle wurde mit einem Eiskalorimeter nach Bunsen gemessen; die Differentiation der Tempera 


turkurve enthalt die Abweichung von der Kopp-Neumannschen Regel. Der | 
ung und der grosse Wert der Schwingungsentropie bei der Lésung werden auf die 


Gitters zuriickgefiihrt, 


INTRODUCTION 


The deviation of the heat capacity of a solid com- 
pound from that computed by assuming additive 
contributions from the several components (Kopp- 
Neumann rule) is usually small, and the error made in 
using this assumption to derive values of heat capacities 
of compounds is usually insignificant in most thermo- 
chemical calculations.’ 

Nevertheless, the deviation from the Kopp-Neumann 
rule and the dependence of the deviation on tempera- 
ture are important information not only for the lattice 
theory of specific heats but also for the theory of 
solutions. 

In the formation of a solution from its pure com- 
ponents according to the reaction 


xA+yB=(A,B,), (1) 


the change in heat capacity accompanying the process 
at any one temperature is 
(2) 
In these expressions, « and y are the mole fractions of 
species A and B respectively, while C, represents the 
molar heat capacity at constant pressure ; the change in 
* Received September 14, 1954; in revised form December 14, 
1954 
7 This material was presented in part at the A.E.C 
Conference, June 16, and 17, 1954, and at the Calorimetry Con 
and 18, 1954, both at the General Electric 


Solid State 
ference, September 17, 
Research Laboratory 

t Metallurgy Research Department, General Electric Research 
Laboratory, Schenectady, New York. 


ACTA METALLURGICA, VOL. 3, MAY 1955 


positive Wert dieser Abweich 


\uflockerung des 


die die Bildung der festen Liésung begleitet 


heat capacity, AC, is the deviation from the Kopp- 
Neumann rule. The entropy change at constant pres- 
sure accompanying reaction (1), the entropy of solution 
AS, may be thought of conveniently as being composed 
of three parts: that due to the change in configuration, 
depending chiefly on the spatial distribution of the 
atoms in the solution, that due to the change in volume 
in the solution process, and that due to changes in the 
character of the lattice vibrations accompanying the 
solution process. The configurational entropy change 
for a gram atom of solution cannot be larger than the 
value for random mixing, —R >>; x; In x;, except for a 
factor very nearly unity applicable to the mixing of 
spheres of unequal size.” 

The change in entropy due to the change in volume 


in forming the solution may be evaluated by the rela- 


tion rdV = (—a B)dV. How- 
ever, the relevant data for the thermal expansion coeffi- 
cient, a, and for the isothermal compressibility, 6, are 
usually not available. 

The configurational part of the entropy of solution 
would be the only contribution to the AS of reaction (1) 
at O°K. At any other temperature, another contribution 
would be that associated with the change in lattice 
vibrations. For a solution of spatial configuration inde- 
pendent of temperature, this factor is expressed by 
AC pd \n T, 


function of temperature, and it should be noted that 


in which AC, must be evaluated as a 


this factor includes the volume contribution discussed 
above. A positive term of this sort has been invoked te 
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rationalize the larger-than-ideal entropies of mixing in 
the cases of several liquid metal binaries,*:* solid gold- 
nickel alloys,’ solid cobalt-platinum alloys,* and some 
However, 
when either of the pure components, or the resulting 


compositions of solid gold-copper alloys.° 


solid solution, or both, have magnetic processes at some 
temperature, the observed entropy of solution will have 
an additional term due to the difference between the 
accumulated magnetic entropy of the alloy and that of 
the pure component multiplied by its mole fraction. 
In order to obtain from calorimetric measurements the 
vibrational contribution to the entropy of solution, it is 
necessary to be able to subtract out the magnetic 
contribution to the heat capacities of the substances in 
question. The present investigation on one composition 
of gold-nickel solid solution was undertaken* in order to 
obtain an estimate of the vibrational contribution to 
the entropy of mixing, and to furnish careful measure- 
ments of the deviation from the Kopp-Neumann rule. 
Paper 
temperature region, and this paper extends the meas- 


describes the measurements in the low- 


urements to close to the solidus temperature of the alloy. 


PREVIOUS WORK 


Perusal of Kelley’s compilation" shows that measure- 
ments of the heat capacity of alloys are quite rare. 
The bulk of such work has been furnished by four sets 
of investigators: Schimpff!? (1910), Schiibel!® (1914), 
Kubaschewski" (1941—43 


(1932-40). The first two investigators claimed an 


, and Jaeger and collabora- 
tors'® 
accuracy of 1 to 2 per cent in the heat capacity, so that 
a AC, of 1 per cent or less would be almost unrecog- 
nizable. Kubaschewski’s measurements of enthalpy as 
a function of temperature, not carried out specifically 
for this purpose, do not have sufficient accuracy to 
justify a calculation of AC, from them. The work of 
Jaeger and collaborators, both on pure metals and on 
alloys, was done with great care by means of a drop 
calorimeter. However, a serious oversight was con- 
sistently made which somewhat vitiates their measure- 
ments on pure metals and completely spoils their 
attempt to determine the deviation from the Kopp- 
Neumann rule. This error consists in attempting to 
determine the heat effect due to the platinum capsules 
in which the samples were enclosed by multiplying the 
specific enthalpy change as tabulated for platinum by 
the weight of the capsule employed. The proper pro- 


cedure is'® to perform blank runs on the empty capsule, 
since only in this way can proper account be taken of 
the heat lost by radiation and convection during the 
descent of the capsule from the furnace 
calorimeter. 


Investigations on alloys not collated by Kelley in 


* This has been done at the request of Professor Morris Cohen, 
of the Massachusetts Institute of Technology, who also furn 
the alloy. 

t Our judgment of these authors’ experimental procedure has 
been corroborated by Dr. K. K. Kelley. (Private communication 
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clude those on seven solid copper-manganese alloys,!? 
on various solid alloy steels,'* and on a liquid bismuth- 
lead alloy,’ but all of these studies acheved too low 
The 


heat capacities of three liquid potassium-sodium alloys 


an accuracy to permit a determination of AC,. 
have been measured” by a Bunsen ice calorimeter, and 
the deviations from the Kopp-Neumann rule have been 
carefully established in the low-temperature region for 
the three superlattic es of the Cd-Mg system.” 


EXPERIMENTAL 


rhe gold-nickel sample was analyzed at the Massa- 
chusetts Institute of Technology and in this Labora- 
tory, the results being 48.37 and 48.2 atom per cent 
nickel, respectively; the figure of 48.3 will be taken 
as the nickel content. 

The 


Bunsen drop calorimeter described previously,” the 


present investigation was carried out in the 
only difference in operating technique being that an 
electronic controller was used to regulate the tempera- 
ture of the furnace. Photomicrographic studies showed 
that precipitation of second phase would occur to an 
observable extent during the lengths of time required 
for calorimetric investigation at furnace temperatures 
100°C. Consequently, the 
region from 100° to 790°, the boundary of the miscibility 


above about temperature 


gap at this composition, was not amenable to study. 


On the other hand, it was found that the conditions 


under which the sample is quenched in the Bunsen 
calorimeter are sufficiently rapid so that when the 


furnace temperature is maintained between 790°C and 


the solidus temperature of the alloy (about 950°C 
the homogeneous one-phase alloy is retained, and no 


abnormal thermal effects are observed. This tempera- 
ture region therefore becomes accessible to studv by 


Bunsen calorimetry. 


For the h 


igh-temperature calorimetry, 14.5809 grams 
platinum 


subse 


of alloy were sealed under helium into a 


capsule. The reference, or blank, runs were 


quently carried out on 11.4089 grams of 99.99 per cent 


gold plus 3.1723 grams of carbony! nickel held 


but unalloyed, in the same platinum capsule 


rate experiment had shown that the amount of alloyi 


between these two metals, or between either and the 


capsule, at the highest furnace temperature was com 


negligible. At any one furnace temperature, 


released to the Bunsen calorimeter by the 


capsule plus alloy minus the heat released by the capsule 
plus pure metals (the difference is labeled A] AH |o737 in 
lable I is equal to Soz3? AC,dT, where the AC, is the 
same quantity as appears in Eq. (2). Hence, a 


ical differentiation of the curve of Af AH 


yields AC,. 


EXPERIMENTAL RESULTS 


The results of the high 


given in Table I. The values of A] AH 


determinations at 


temperature calorimetry are 
are mean 


values of three or more any one 


(he heat 
ersus 7 
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temperature on the alloy plus capsule, and a similar 
number of determinations on the separated pure metals 
plus capsule. These data refer to magnetic or to non- 
magnetic nickel, depending on the state of the pure 
nickel in the capsule during the reference runs. The 
third column lists standard deviations of the 
Al AH }2737 values. The AC, values of the fourth column 
were obtained by a graphical method, and are similarly 
having the magnetic state 


the 


referred to pure nickel 
characteristic of the experimental temperature. 

A calorimetric value for the nonconfigurational por- 
tion of the entropy of mixing that would be directly 
comparable to the excess entropy of mixing, AS 
observed by Seigle, Cohen, and Averbach’ could be 
obtained only if helium-region calorimetric data were 
available for the magnetic transformation in this gold- 
nickel alloy.’ In the absence of such data, one can only 
attempt an estimate of the lattice vibrational contribu- 
tion to the entropy of mixing. This can be done if one 
assumes that the alloy exhibits no magnetic contribu- 
tion to its heat capacity above its Curie temperature, 
and that the magnetic contribution to the heat capacity 
of nickel may be approximated by the method of 
Stoner.“ The fifth column of Table I lists the cumula- 
tive increments of AS, from the ice temperature to the 
temperature in question, referring to nonmagnetic 
alloy and to nonmagnetic (8) nickel; these values are 
therefore increments in the vibrational contribution to 
the AS of solution 

The manner of calculation of these values is open to 
error not only because of the above assumptions, but 
also because of the lack of experimental data in the 
373° to 1076°K. Nevertheless, 
an approximation is made possible by the existence of 


temperature region from 


three relevant experimental facts: AC,=0 and 0.22 at 
373° and 1076°K, respectively, and }373°= f°373° 
AC ,dT=191.3, where the AC, is referred to the kind 
of nickel actually existing at the temperatures in ques- 


tion. Interconnecting the above two ‘£9 points 


MIXTURE OF HYPOTHETICAL 
BNi AND Au BEHAVIOR OF 
ALLOY 


660 1076 1190 M.P 


Fic. 1. Schemz results and 


itic representation of experimental 
of construction used to evaluate the AS in the temperature region 


inaccessible to experiment. 
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by a straight line, and evaluating J°373’ AC,dT along 
such a line leads to a number much smaller than the 
experimental value of 191.3, so that it is evident that 
the AC,(T) curve, referred to 8Ni must go through a 
maximum within this temperature interval. 
quently, the alloy must exhibit a behavior somewhat as 


Conse- 


shown by the dashed curve in Fig. 1, and for ease in 
analytical treatment, a sine curve was added to the 
straight line interconnecting the two data points at 
373° and 1076°K. The condition that the curve for the 
alloy join smoothly into the experimentally determined 
segments of AC,,(7), determined the wavelength of the 
sine function ; whereas its amplitude was determined by 
the condition that /°373° AC,dT=191.3. Referring to 
Fig. 1, the area between the C,,(7) curve for the actual 
mixture of pure metals in the reference runs and the 
C,°(T) curve for a mixture of nonmagnetic nickel and 
gold, i.e., areas 0+ R, is given from the work of Stoner” 
as *n;AH=0.483(190+40) cal/g-atom. On the other 
hand, from the present work, AC,dT=P—OQ 
= 191.3 cal/g-atom. Therefore, the sum P+R can be 
obtained, fixing the amplitude of the sine function. 
Then, integrating numerically the values of AC,° given 
by the sine function plotted against In T gives 0.38, 
for the temperature interval 373° to 1076°K, an en- 
tropy increment referred to gold and nonmagnetic 
nickel. 

A plot of Copan 


adding the AC,° to the weighted heat capacities of Au 


against temperature, obtained by 


and 8Ni, shows a very slight hump by about 1 percent 
to 950°K. Since C,(T) 
a negative slope in the absence of a second-order phase 
such a 


in the region 850 cannot have 


transition, and there is no reason to expect 
transition in the nonmagnetic alloy, this indicates that 
out choice of a sine curve overweights the high-tempera- 
ture end slightly, so that the AS accumulated from 373 
to 1076°K is probably slightly larger than the 0.38; 
calculated above. However, this difference can be 
neglected. 


DISCUSSION 


The heat capacity of pure, nonmagnetic nickel is 
higher than the Dulong-Petit value even at relatively 
low temperatures, presumably because of electronic 
transitions between close-lying energy levels. Diluting 
nickel with gold, which much more nearly obeys the 
Dulong-Petit rule, would be expected to cause the heat 
capacity of the alloy to relax towards the classical 
value, especially since one may reasonably expect that 
electrons from the added gold atoms would go to fill 
vacancies in the d-shell of the nickel atoms. It there- 
fore seems unlikely that the observed positive increment 
of the heat capacity of the alloy at high temperatures 
over the additive value can be of electronic origin. 

Averbach, Flinn, and Cohen* have interpreted their 
X-ray diffraction data from gold-nickel solid solutions 
as showing that the gold and the nickel atoms are 
smaller and larger, respectively, than are the atoms 
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laste I. Experimental and calculated results of Bunsé The large value of the heat of solution’ refle 

deformation suffered the electron clouds 

atoms in going from 

The portion of the heat 

strain energy, as being an effect 

in a liquid solution and approximate 
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of the pure metals. Such a deformation of the electronic REFERENCES 


orbitals must have a significant effect on the force 
constants that bind the atoms in the lattice. It must 
be concluded from the present data that the result is 
a net decrease in the magnitude of the average force 
constant, leading to a relative loosening of the lattice, 
an increased heat capacity, and a large vibrational eppa, J. Ar 3, 385 (1951 
entropy of solution. This is consistent with the finding 


of Ellwood and Bagley’ that gvold-nik kel solid solutions 


deviate positively from Vegard’s law. The rather fast 
increase of AC, above 1076°K may be connected with 
the nearness of the alloy to its melting temperature, 
an effect that has been noted for pure metals by Gin- 
nings, Douglas, and Ball** and Pochapsky.”’ 

The galvanic cell measurements of Seigle, Cohen, and 
Averbach’ have yielded an excess molar entropy of 
solution, AS (i.e., ASobserved—ASideal solution), Yre- 
ferred to gold and nickel, of about 1.4 cal/deg-g atom 
at 900°C. Since gold-nickel solid solutions have been 
shown to exhibit short-range order,™ the configurational 
entropy change in forming the solid solution of the 
present composition will be somewhat smaller than 
that calculated for the ideal solution, so that the non- 
configurational entropy of solution should be somewhat 
larger than the AS“, perhaps 1.4;. Combining with 
the present data the results of DeSorbo"’ for the vibra- 
tional contribution to the AS of solution up to room 
temperature, the AS (vibrational 1173°K is (0.62+0.09 
+ (0.45+0.1)=1.07+0.2 cal/deg-g atom. This number 
is not strictly to be compared with the nonconfigura 
tional entropy of solution of 1.45, since the latter is 
larger than the former by an amount [.S alloy, 
1173°)—XyiSmagn(Ni, 1173°]. This quantity is prob- 
ably small, though it cannot be evaluated with any 


precision at present. 
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INFLUENCE OF GRAIN BOUNDARIES ON THE BEHAVIOUR OF CARBON 
AND NITROGEN IN a-IRON* 


G. LAGERBERG and AKE JOSEFSSON}{ 


The internal friction has beer 


two dl 
reduce the i 
with rather 

iron increases the smaller 


fferent grain sizes and upon quenching from various temperatures. 


studied as a function of the concentration of carbon or nitrogen in a-iron at 


t is found that grain boundaries 


mobility of the interstitial atoms and that carbon probably is enriched in grain boundary films 
high carbon content, both phenomena decreasing the internal friction. The solubility of carbon 
the grain size. The influence of 0.08 per cent of manganese contained in the 


material is briefly discussed, and a calculation of the influence of preferred orientation on the internal 
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suchten Material wird kurz diskutiert und eine 


1 Einfluss einer Vorzugsorientierung auf die innere Reibung gegeben 


INTRODUCTION 


Internal friction measurements have proved to be 


very useful for the study of diffusion, solubility and 


prec ipitation in soli | solutions of carbon and nitrogen 
in a-iron, and our present knowledge of these phe- 
nomena is largely based on such measurements. 

The internal friction is mostly manifested as damping 
and is due to the elastic after effect caused by the strain- 
induced interstitial diffusion of the atoms dissolved in 
the body-centered-cubic a-iron. Assuming that the 
mutual interaction of these atoms could be neglected, 
after effect should be 


showed that the elastic 


to the concentration of either carbon or 


Polder 
proportional 
nitrogen in solid solution. This was experimentally 
verified for single crystals at low concentrations by 
Dijkstra.” 

In the internal 
which is the technique most commonly used, the speci- 


friction method developed by Ké,?’ 


men is a wire constituting the suspension element in a 
torsional pendulum with a period of vibration of about 
1 second. The damping of the vibrations, which is de- 


pendent on the temperature, is given by 


logarithmic decrement/z and this quantity is directly 
proportional to the elastic after effect.[ The maximum 
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Q-=the 


Domnarvet, 


of damping occurs at 36°C for carbon and at 20°C for 
nitrogen. For polycrystalline specimens Dijkstra,’ by 
means of resistivity measurements, found that the corre- 
sponding Qmax ! value was equal to the percentage of 
weight of carbon or nitrogen in solid solution with an 
accuracy of 10 per cent. 

This relationship between concentration and maxi- 
mum internal friction has been accepted in most works 
published within the field concerned. No attention has 
generally been paid to the possibility that interstitial 
atoms may be trapped by grain boundaries which thus 
will influence the results. As a rule, however, the test 
materials have been rather pure, probably leading to 
coarse-grained structures. The grain-boundary area per 
unit of volume has then been small, and the neglect of 
the grain-boundary effect might have been justified. 

The present investigation, which with the 
grain-boundary effect mentioned, originated from the 
observation that the preceding heat treatment of a 
influence considerably the internal 


deals 


specimen could 
friction measured upon quenching from a certain tem- 
perature,* which at first seemed rather confusing. The 
variations of internal friction could be traced back to 
differences in grain size, which was further checked by 


Thus two specimens, both containing 0.020 per cent C and 
0.002 per cent N, which had been furnace cooled from 1100° and 
normalized from 950°C, respectively, exhibited widely different 
internal friction values upon quenching from 700°C, the former 
treatment giving the higher value. 
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measurements on specimens given different grain sizes 
by cold work and recrystallization. Thus a smaller grain 
size was accompanied by a lower internal friction, other 
factors being constant. 

As to the mechanism of this effect two different 
were conceivable: 


Vays 


(a) A small grain size might promote nucleation of 
carbides or nitrides and consequently, when quenching 
the specimen precipitation from the supersaturated 
solid solution could not be avoided. 

(b) Grain boundaries might trap or absorb adjacent 
interstitial atoms. 


If a precipitate was formed, according to the first 
explanation, it would certainly accelerate the precipita- 
tion during a subsequent aging process. No such effect 
could be observed, so the second explanation seemed to 
be the more likely. In order to establish this conception 
it became necessary to study the variation of the in- 
ternal the 
nitrogen at different grain sizes. 


friction with concentration of carbon or 


EXPERIMENTS 
Specimen Preparation 


material used had the following basic com- 


The 


position : 


( Si Mn P S N 


0.020 0.08 0.014 0.010 0.002 per cent 


The remaining metallic impurities were insignificant, 
Cu and Co traces, Cr and Ni nil. Mo, V and Ti have 
not been determined in this heat but are probably less 
than 0.005 per cent. The oxygen content is not known, 
but slag inclusions were rather frequent as is seen from 
the micrographs shown in Fig. 1. 

Four different series of specimens in the form of 
wires 0.7 mm in diameter and 320 mm in length were 
prepared in accordance with the following procedures. 


(a) Coarse-grained specimens containing carbon. Wires 
of the final shape were purified from carbon and nitrogen 
by treatment in wet hydrogen at 700° for 3 hours. This 
was followed by furnace cooling from 1100° (at a rate 
of 200°C per hour) in an argon atmosphere, the grain 
size achieved being 0.5 to 2 mm. Different amounts of 
carbon were then introduced by treating specimens at 
710°C for different periods (8 to 50 minutes) in hydro- 
gen saturated with n-heptane at room temperature. A 
final anneal at 710°C for 30 minutes in argon insured 
the distribution. The 
shown in Fig. la. 


uniform resulting structure is 
(b) Fine-grained specimens containing carbon. A wire 
mm in 700°C in 
hydrogen until the contents of carbon and _ nitrogen 


3.53 diameter was treated at wet 


GRAIN 


BOUNDARIES IN [IRON 


were less than 0.001 per cent by chemical analysis. 
It was carburized in hydrogen saturated with n heptane, 
700° for 3 


then at 950° for 5 


950 


at first at hours and 


minutes, and further annealed at and 700° in 


argon for some hours. The wire was cold-drawn to 0.7 
mm corresponding to a reduction of area of 96 per cent 
minutes in 


was 0.070 


and recrystallized at 750° for 30 argon. 


After these treatments the carbon content 
per cent, and the grain size varied from 15 to 50 microns 
from the surface to the center of the wire. This some- 
grain-size distribution shown in 


what non-uniform 


Fig. 1b was probably due to a higher carbon content in 


the surface region. A treatment of wires of this ma 
terial at 680°C 
16 to 


carbon contents. 


in wet hydrogen for different intervals 


produced specimens with different 


\s for the 
followed by annealing at 710°C for 30 minutes in argon. 


30 minutes 


material in (a), this was 


Cc) Coarse-grained specimens containing nitrogen. 


The same procedure as for (a) was followed, but in 
stead of carburizing the wires were treated for 3 hours 


at 580°C in an ammonia-hydrogen mixture. Specimens 


of different nitrogen contents were produced by using 


different partial pressures of the ammonia gas 

d) Fine-grained specimens containing nitrogen. Cold 
drawn wires (96 per cent reduction of 
diameter were recrystallized at 750°C 30. minutes 
in argon and purified in wet 700° for 3 


] ; ) 


hours. The resulting grain s! Wi o 25 microns, 


and the structure is seen in Fig Nitrogen was intr 
duced by treatin: 
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men 


Grain 


Grain 


fourths in 


Grain 
size 15 


size 


15 


ment when nitriding series (c) and (d) would corre- 
spond to a radial degree of segregation of 1 per cent. 


Internal Friction Measurements 


Prior to measurement the specimen was solution 
treated in a specially designed vertical tube furnace, the 
heating zone of which had a temperature that did not 
vary more than +2°C along the specimen. The furnace 
atmosphere consisted of argon or nitrogen depending, 
respectively, on whether carburized or nitrided speci- 
mens were treated. These gases were purified of oxygen, 
hydrogen, and water vapor before passing through the 
furnace. The solution treatment was interrupted by 
rapid quenching attained by a special arrangement, 
causing the specimen to fall directly from the furnace 
into a 10 per cent aqueous sodium hydroxide solution 
at room temperature. 

Carburized specimens were quenched from 710 and 
630°C. Five minutes of solution treatment were found 
sufficient. Nitrided specimens were quenched from 710, 
580, and 450°C, the times of treatment being 10, 15 


GRAIN SIZE 0.5-2MM, QUENCHED FROM 7/0°C 
Woe 


arbon content. 


and 30 minutes, respectively. Solution treatments at 
lower temperatures were performed in a lead-bismuth 
bath, the time of treatment generally being 24 hours. 

Immediately upon quenching the internal friction 
was measured by using a device similar to that described 
by Ké.* The frequency of vibration was 0.8 period per 
second. The results were corrected for a small back- 
ground damping of 0.0008. 


Chemical Analysis 


The specimens measured for internal friction were 
analyzed for carbon and nitrogen, respectively. 

Carbon was determined according to the method 
developed by Oelsen, Haase and Graue,’ using electro- 
metric titration. On a 0.5-gram sample the accuracy 
was +0.0005 per cent carbon. Generally, the whole 
internal friction specimen was used, giving 1-gram 
samples. 

Nitrogen was determined by a titration method of 
Kempf and Abresch.* A weight of sample of 3 grams 
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allowed for an accuracy of +0.0005 per cent nitrogen. 


Since an internal friction specimen weighed only 1 o—o Gina 


“Seman SIZE 


gram, the sample had to be made up by three identically al 
treated specimens. This might involve some uncer- 
tainty, as the internal friction value measured will be --- cansowsowuguiry/,/ 
representative for only one-third of the sample. It was a pags 
found, however, that the Qmax~! values of specimens QUMSTRA (5) 
identically treated did not differ more than about 

+0.001, and judging from the fairly good agreement in 

the relation between internal friction and concentration 

(see below) the nitrogen contents probably did not 

differ more than about +0.001 per cent either. 


RESULTS 


In Fig. 2 the Q~' values obtained after quenching Cee 
from 710 and 630°C are plotted versus carbon content 
for the two different grain sizes. 

For the coarse-grained material (a) the values, with 
a fairly good precision, fall on a straight line having 


curves. It is clearly demonstr 


the slope of 1.2. The extrapolation of this line intersects ag ME Get ai 
grain-size 1s accompanied by the higher carbon solu 
the concentration axis at about 0.002 per cent, which ‘ ‘ 


bility whereas for the interna tion the Opposite 1S 


might indicate that the first few thousands of the per- ag : ; 
true. For comparison the solubility curve for carbon it 


centage of carbon will only cause internal friction to a 
minor extent. When the carbon content exceeds the ~ Lo Wer 
perature considered he based 

solubility limit at the quenching temperature, cementite 

is formed, and the internal friction will, consequently, 
be constant for a further increase of carbon concentra 
tion. The point of intersection between the horizontal 
and the sloping parts of the curve will thus denote the 
carbon solubility. 

The remarkably high Q,,..~! value of 0.026 obtained 
on specimens saturated on carbon at 710°C has not 
been reported earlier for carbon in a-iron and may be 
due to the extremely coarse grain size. 

The curves for the fine-grained material (b) differ 
from those for the coarse grained material (a) in four 
essential respects. 


1. At the same quenching temperature and composi- 
tion the fine-grained material yields a considerably 
lower internal friction value. Also, the value corre- 
sponding to saturation is lower. 

2. The sloping parts of the curves do not seem to be 
straight lines, the increase of internal friction being 
greater at higher concentrations. 

3. There is a marked influence of quenching tempera- 
ture. Quenching from 630°C is accompanied by a lower 
internal friction than quenching from 710°C, even at C 
contents below the solubility limit. 

4. The points of intersection indicating the solu- 
bility of carbon lie at higher concentrations. 


Figure 3 shows the relation between internal friction 
and quenching temperature for specimens with carbon 
contents well above the solubility limit. The values 
obtained lie on curves well defined for each of the two 
grain sizes. The corresponding solubilities as given by 


the intersections in Fig. 2 are also indicated by dotted 
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Contrary to the findings for fine-grained specimens 
containing carbon the internal friction is not influenced 
by the quenching temperature. There is no tendency 
in the spread of the plotted values, which increases 
somewhat with raised nitrogen content and is due to 
differences between the individual specimens. This 
independence of quenching temperature was found to 
be true even at 350, 300 and 250°C, provided that the 
nitrogen content was below the solubility limit. Thus, 
specimens with 0.006 per cent nitrogen quenched from 
these temperatures (24 hours at temperature) showed 
no decrease of damping with quenching temperature 
at any of the two grain sizes. 

It should be emphasized that coarse-grained and 
fine-grained specimens that were nitrided together had 
exactly the same nitrogen content by chemical analysis. 
Accordingly, at one and the same nitrogen activity the 
concentration and hence the solubility of nitrogen in 


a-iron is unaffected by grain size. 


DISCUSSION 


As demonstrated, the grain size influences the in- 
ternal friction due to either carbon or nitrogen, but the 
nature of the effect is somewhat different for the two 
elements. Thus the solubility of carbon is affected, 
whereas for nitrogen this is not so.* 

Since the internal friction is a measure of the entire 
number of movable interstitial atoms we might inter- 
pret the results in the way that the mobility of the 
atoms is reduced by grain boundaries. In addition, the 
boundaries seem to be capable of absorbing more carbon 
atoms than the ferrite of the grain interior. 

As for the restriction of the mobility the following 
picture is probable. The lattice adjacent to a grain 
boundary is thought to be more strained than that of 
the grain interior. A small external stress will then not 


be able to move the interstitial atoms located in the 


strained regions into other interstices and hence these 
atoms will not cause internal friction. Obviously, a 
smaller grain size involves a greater amount of strained 
volume and a lower internal friction. 

The markedly higher solubility of carbon in the fine- 
grained material as compared to the coarse-grained 
Figs. 2 and 3 must be attributed to 


one** shown in 


advocated that the fine-grained 


ways, the final grain sizes being obtained by 


specime ns were 
prepared ir 
f carburized material in the case of carbon and 
the case of nitrogen. This might be thought to 
boundary structures that would be re 
behaviours of carbon and nitrogen. It 


recrystailization 
purihed materia! in 
produce different grain 
sponslbD!i tor tne dl 


| ferent 
however, that our observations regarding nitrogen 


the nitrided specimens were prepared by re 


was found, 
were valid even if 


crystal ization in the itrided state. 


a ] 
The re 


the original composition of 


are additional records of this fact. Two specimens with 
he test material were sealed in silica 


tubes. One was 1 urnace cooled from the 


yrmalized and the other f 
composition occurred during these 


They were both quenched from 700°C. In the furnace 


range, and no change of 
treatments 
1 a grain size of about 250 microns some 


cooled spec imen th: 
be seen whereas in the normalized 


grain-boundary} 
specimen having a grain size of 50 microns no cementite could be 
detected. It was also observed that on simultaneous carburization 
of coarse-grained and fine-grained decarburized materials carbon 


y cementite could 
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some sort of grain-boundary absorption. This is also 
indicated by the form of the curves for the fine-grained 
material in Fig. 2. Hence, the carbon atoms seem to 
prefer sites where they do not cause internal friction. 
This preference is most evident at low concentrations. 
At higher concentrations an increasing proportion of 
the atoms will enter interstices where they are freely 
movable; the grain boundaries become successively less 
prone to absorption. There seems to be an equilibrium 
distribution between the movable and the absorbed 
atoms and this equilibrium is shifted towards a greater 
amount absorbed when the temperature is lowered. 

At a first sight this behavior of carbon might be 
thought to be in excellent agreement with the Cottrell 
theory,” if the grain-boundary zones are regarded as 
an arrangement of dislocations. In the strained volume 
near grain boundaries the carbon atoms would be 
trapped and enriched. The trapping is illustrated by 
the different Quax' values at saturation for the two 
grain sizes and the enrichment by the corresponding 
different solubilities. 

However, it is not very likely that we should be able 
to observe a Cottrell effect at 700°C for carbon, as we 
cannot do this for nitrogen even at 250°. As a conse- 
quence, we conclude that the enrichment of carbon is 
due to the formation of a grain-boundary film rich in 
carbon, the nature of which might be quite separate 
from that of ferrite. This is consistent with the findings 
of Tsou, Nutting, and Menter,'® who showed by means 
of electron diffraction that the grain-boundary ridges 
seen on the etched surface of a mild steel specimen had 
the structure of austenite. A high carbon content of 
grain-boundary has 
Trotter, McLean, and Clews.'* Moreover, the different 
behaviors of carbon and nitrogen agree with the obser- 
who found that the amount 


ridges also been proposed by 


vations of Hultgren ef al!’ 
of raised veins in ferrite sub-boundaries produced by 
hot-deformation was clearly related to the carbon con- 
tent, whereas the influence of nitrogen was less evident. 

If, in conformity with Tsou, Nutting and Menter, 
we assume that the thickness of the grain boundary film 
is of the magnitude of 1000 A and that carbon is en- 
riched solely in the volume occupied by this film, its 
carbon content X at the carbon activity of cementite 
may be calculated: 


Carbon solubility of coarse-grained material 0.023 pct 
the solubility of ferrite free 


approximately 
at 710°C (Fig. 2 


from grain boundaries 
material at 0.031 pet 


Carbon solubility of fine-grained 


710°C (Fig. 2 

Mean area per grain on etched surface of fine 0.000256 mm? 
grained material (Fig. 1b 
boundary area accord- 150 mm?/mm 


grain 


Corresponding 


ing tol 

Corresponding volume of grain boundary film 150.10-! mm 
per mm* of specimen volum« 

was deposited much earlier on the former. Obviously the coarse- 
grained ferrite reached saturation more rapidly—that is, at a lower 
concentration. 


LAGERBERG anp JOSEFSSON: 


We get the equation: 


).0.023=0.031 X= 


X-150-10~*+ (1—150- 10 0.5% 
This compares to the carbon content of the grain- 
boundary austenite Nutting 


Menter, the lattice spacing of which corresponded to 


found by Tsou, and 
0.85—1.7 per cent carbon. 

It might also be of interest to compute the thickness 
of the supposed strained regions adjacent to a grain 
boundary. We assume that the strains are too low to 
cause any enrichment of carbon as was found in the 
case of nitrogen. Except for the grain-boundary film, 
the ferrite will have the same composition at the carbon 
activity of cementite for both grain sizes. Upon quench- 
ing from 710°C of saturated specimens the fine-grained 
material exhibits a 38 per cent lower internal friction 
value as compared to the coarse-grained one. The 
grain-boundary area of the former is 150 mm*/mm 
for the latter it might be neglected. The thickness will 
then be 

0.38 


=().0025 mm= 2.5 microns, 


150 


which is a minimum value, since there is probably a 
continuous transition from the trapped to the movable 
state of the carbon atoms from the very boundary 
surface and inwards. This value is far above the dimen- 
sions of the grain boundary ridges, seen under the 
microscope. 

We will finally discuss some factors that might be 
thought to have influenced our results. 

The test material contains 0.08 per cent manganese, 
the presence of which is known to influence the internal 
friction due to both carbon and nitrogen according to 
Wert’? and Dijkstra and Sladek,'* respectively. Al- 
though the mechanism seems to be somewhat different 
manganese is 


reported to decrease the Qi.ax' values in both instances. 


for the two elements, 0.5 per cent of 


Moreover, the maximum internal friction caused by 
nitrogen is shifted from 20 to 27°C. The slopes of the 
curves in Figs. 2 and 4 are therefore likely to be less 
than what would have been obtained on a pure iron. 
However, the manganese content is probably too low 
to cause any considerable difference, and on all measure- 
ments the nitrogen peak occurred at 20°C. 

Therefore, the observed grain-size effect probably 
also applies to pure iron. Indications of that were ob- 
tained by measurements on electrolytic iron remelted 


A bar 


was carburized to 


in high-vacuum and containing no manganese. 
of this material, 6 mm in diameter, 
0.022 per cent carbon. By cold work and recrystalliza- 
tion, internal friction specimens with grain sizes of 
about 0.2 mm and 30 microns, respectively, were pro- 
duced. The heat treatments were performed in sealed 
silica tubes, the composition being unchanged according 
to chemical analysis. Upon quenching from 710° the 


Omax | values were 0.016 for the coarse-grained and 
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0.004 for the fine-grained specimen. The same wires 
were then carburized to about 0.040 per cent of carbon 
and again quenched from 710°C. The Q i 
unchanged, 
to 0.008. 


} ] 


ne i€ss 


the coarse-grained specimen remained 


\ 
I 


hereas that of the fine-grained one increased 


ese values fit into the picture outlined for t 


pure material. The coarse-grained specimen might be 


considered saturated with carbon at 0.022 per cent and 
hence will not change its internal friction on a further 


increase in carbon content, while the contrary is prob- 
However, the j 


able for the fine-grained o 
of the internal friction of the latter might part 
been due to a slight grain growth during the carburizing 


the grain size increased from 30 to about 


As a 


keep a small grain size stable in this mat 


treatment; 


35 microns whole, it proved to be difficult 


erlal, and that 


was why a more thorough investigation could not be 


performed. 
Another factor that might have affected the measure- 


ments is the possible presence of preferred orientation, 


since the elastic after-effect i anisotropic property. 


The coarse-grained material that was furnace cooled 


from the y-range could be ¢ x pec ted to exhibit a lower 


degree of preferred orientation than thi f the fine 


grained one, recrystallized in the a-range. An approxi- 


mate calculation given in the Appendix shows that the 
it] 110 |-texture 


is 15 per cent 


internal friction value of a wire with a 
the texture of a cold-drawn iron wire 
vire with random 


orains of 


higher as compared to a 
orientations. Hen e, any effect of preferred orientation 
in fine-grained specimens would be opposit 
observed. However, 
to reveal any pre 
ition in 1 wires recrvstallized in the 
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APPENDIX 


nal Irictlon que 


as measured witli 


he torsior 


According to Polder’ the magnitude of the elastic 


for a single crystal is given by 


= the directio 


n cosines with respect to the cube 


aXI1S 
modulus in the direction x, y, 2 


elastic l 


‘=volume of one mole of Fe 


per mole 


= gas constant 


absolute temperature 


number of gram atoms of C or N per gram 


atom of Fe 


number of gram atoms of C or N in the z-inter- 


stices per gram atom of Fe 
=relative deformations in the z- and x-directions 


respec tive \ caused by C. on the condition that 
externally stressed and 


the crystal is not 


(). 
The internal friction iue . is related to ) 9 


le equation 


X 


» with random orientation. 
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2, 


after-effect, Eq. (1) might be rewritten as: 


A is a coefficient and 
P= 272" 


Now the sum of the squared direction cosines is equal 
to one 
-+4-2? = 1, 


Eliminating 2, Eqs. (4) and (5) give 


F=2x" (6) 


The elastic modulus £ has a directional variation, 


which according to Barrett!’ is given by 


Here x, y and ¢ retain their previous meanings, and 
$11, Sig and s44 are elastic constants having the following 
values for a-iron at room temperature. 


cm*/dyne 


—0.282-10 


%12 


cm?,/dyne 
cm*/dyne. 


We insert these figures in Eq. (7) and obtain 


10” 


0.757(1—1.608F) 


Equation (3) should consequently be written 
1—1.608F 
where C is a coefficient. This equation accounts fully 
for the anisotropy of the elastic after-effect. 

When using the torsional pendulum the principal 
stress directions will form a 45° angle with the axis of 
the wire specimen. We assume that the Q,,.,x7! meas- 
ured on a polycrystalline specimen is made up by the 
sum of the effects deriving from all the individual grains 
the number of which is large. The contribution of a 
grain will depend on its orientation with respect to the 
principal stress as determined by Eq. (9 

We want to compare the measured internal friction 
of a specimen with randomly oriented grains with that 
of a specimen with a [ 110 |-texture. (This is the texture 
of a cold-drawn iron wire and it is generally assumed to 
be retained after recrystallization.) This involves an 
evaluation of the corresponding mean values of Qmax 
according to Eq. (9) with regard to the weighted amount 


of material in each orientation direction. 


242 
12 
13. 
Omax A+ EL 1—3(a?y?+ 22) ] 
=A-E(1—3F). (3) 
15. 
16 
17 (4) 
18. 1953). 
19), SE of Metals, 2nd ed. London, 1953, 
pn. 532 
2ZE-V 
( E 
x, 
C= 
(8) 
¢ 
20 2) 
\ 
When only considering the anisotropy of the elastic 
(xyz) = stress vector 
| 
| 
Y 
Ty 
Fic. 5. Locus of stress vector in a Wir «6 
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If there is no preferred orientation all orientations Lor— 
will be equally represented. From Fig. 5 it is readily 
found that 
x= COSU: COSI, (10) 
and 
'= Sind, (11 
1-3F (UV) 
where w and v are the horizontal and azimuthal angles, 1=1.608F (UV) Ny 
respectively. 


(12 


The mean value of Q,.,x7' is obtained by integrating 
Eq. (9) assuming a spherical distribution of stress 
vectors. 


1 3F (u,1 
cf f 
dor 0 ( 1— 1.608F (2.v) 


8 


xX cosu: 


We now consider the specimen with the [110 ]- 
texture and assume that the [110 |-direction of each 


Inserting this, E 1. (15) transforms to 


Z C001) 


Che mean value o 


sration of Eq. (9 


{xyz]= stress vector 
Y [oi0J 


we 


Equations 


X (100) 
possipie, to 


1.608F had a fixe 


were constant 
Fic. 6, Locus of the stress vector in a wir 


individual grain coincides with the wire axis. Since ‘eons 
there is a 45° angle between the wire axis and the prin 
cipal stress vector, the locus of the latter will constitute 
the surface of a right circular cone with the | 110 |- 
direction as cone axis and an apex angle of 90°. This is 
illustrated in Fig. 6, where the [ 110 |-direction is indi- 


nd lin ¢ tant 
eC Ssectit 


quently F and the piottec 


cated as the dotted line in the Y Y-plane of the coordi- : 
nate system XYZ ([100], [010], [001]). w is the angle Possible values. As 1 
between the (001)-plane and the plane containing the 4g 
stress vector and the [110 ]-direction, and irrespective only 
of the number of grains all values of w must be equally preferred 
accounted for. As is seen from Fig. 6, the condition fore assume 

Same resu \ 
+y=1 (14 
must be fulfilled. Eliminating y, Eqs. (6) and (14 be ROmewhe 
directional 
F=2x—52°+ 62° — 324. h: hat of */ 1—1.608F. 


ic f erefore compute the 
It is further seen that ad 


Will 


x=4(1+cosw). sponding F 


IRON 43 
/ 
/ 
/ 
/ 
/ 
/ 
/ 
/ 
/ 
/ 
| 
/ 
/ 
/ 
/ 
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/N1-3F (uy) | 
/ 
/ 
/ 
| 
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/ 
| 
0 
| 
(13) Fc. 7. [1-31 1 —1.608 ind [1-31 
F=5,—1 cos*w—;; costw=1 17 
ee is then obtained by inte 
ace l 1—3F 
1 OUA 
K | aC 
452. 
= PS 13) and (18) are very difficult, if no 
ympute. However f the denor 
| — value, it might be done; tl 
use 5) 
Fig ve nave 1 3/ 1 
ind 1—3F (a s tu ions of for 
ir the | 111 e mini ro 
the 100 |-directions. Bot ese direc ns are 
ONS vary V ¢ 
( ere 
appro LLel\ 
Eq. (3) as from |] 
e aiscrepancy snouk 
ving 2 is h¢ 
Ss more a l ed 
5), 1s simply qaone D e corre 
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1 no preferred orientation, we obtain 


1 pt? px 
F (u,v) cosu-dudv=t 


dor 
8 


and 
O 


In the same way, we 
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128 2 


Accordingly, a specimen with a fully developed 
110 |-texture exhibits a 15 per cent higher internal 
friction value than a specimen with randomly oriented 


grains. 


244 
and 
23 59 
Qmaxmean [110] 1-3 ) A-E- 
128 128 \ 
| Hence, 
Qmaxmean 1110). 
Bmaxmean 0 Qmaxmean 0 
ect for (110 |-texture 
f F(w)dw 
128 


DISLOCATIONS IN LOW-ANGLE BOUNDARIES IN GERMANIUM* 


F. L. VOGEL, 


\ more complete account is given in this paper of previous! 
angle boundaries in germanium single crystals. At higher magnificatio1 


larly spaced conical pits. X-ray and 


microscopic studies, which reveale 


the dislocation spacings in the boundary and the observed pit spacing 


the pits occur at the points of emergence of edge dislocations 
DISLOCATIONS DANS LES LIMITES DE SOUS-GRAINS DU GERMANIUM 


Cet article donne une des« ription compl te des observatior 
limites de sous-grains des monocristaux de germanium. A fort ¢ 
des piqtres coniques réguli¢rement espacées. Une excellente corrélatio1 
ces piqutres et celui des dislocations obtenu par micrographie et par rayons X. On et 


se produisent aux points ot débouchent les dislocations-coins 


VERSETZUNGEN AN KLEINWINKELKORNGRENZEN BEI GERMANIUM 


In der vorliegenden Arbeit wird eine vollstindigere Beschreibung von { 
bachtungen iiber Versetzungen an Kleinwinkelkorngrenzer 
aus Germanium gegeben. Bei grésserer Auflésung erscheiner 
konische Griibchen. Es werden réntgenografische und mi 
einen sehr guten Zusammenhang zwischen den Versetzung 
bachteten Lochabstiinden zeigen. Die Griibchen treter 
befinden. 


INTRODUCTION boundaries. A more explicit interpretation of the 


The dislocation model of a low-angle crystal bound- angle bo indary in terms or dislo ations has bee Fs give . 
ary proposed by Burgers! is shown schematically in ‘°F 8€TManium single crystals," the details of which wi 
Fig. 1. The boundary occupies a (010) plane in a simple be given none ; a 
cubic lattice and divides two parts of the crystal which Low —— bo indaries appear in polished and et 
? cross sections of zone-melted germanium single ¢ ry 


| 


have a [001 ] axis in common. This is referred to as a rb : = eee ; 
The degree of misorientation associated wit! 


pure tilt boundary, since the existing misorientation ee : 
can be described by a small rotation (@) of one part of undaries Is extremely acne ime order seahorse 
the crystal relative to the other about the common 2 Is a mai 
[001] axis. The boundary is represented in Fig. 1 as in germanium. At higher 


an array of edge dislocations of the same sign having detail becomes apparent, ‘ 
a spacing D=6/6@ where b is the Burgers vector of the ary appears here, not 
dislocations. 

Recent theoretical and experimental developments 
have substantiated this model. Read and Shockley’ de- 
rived a theory of crystal boundary energies based on 
Burgers’ model, which states that the interfacial energy 
is a function of the angle of tilt. Numerous observa- 
tions by Dunn’ and by Aust and Chalmers‘ have shown 
excellent agreement with this theory. A more direct 
verification of Burgers’ model resulted from observations 
by Lacombe’ on sub-boundaries in an aluminum single 
crystal. These sub-boundaries appeared as rows of 
streaks or elongated pits. The associated Laue back- 
reflection photograms had split spots which permitted 
an estimate to be made of the orientation difference 
between neighboring sub-grains. The dislocation spac- 
ing to be expected in the aluminum sub-grains was cal- 
culated® using a reasonable value for the Burgers 
vector, and agreement to an order of magnitude 
(10-* cm) was found with the spacing of pits in the sub- 


* Received October 1, 1954. 
t Bell Telephone Laboratories, Murray Hill, N. J. 
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ee ‘ro tion of grown germanium single crystal 


} 


sho under arrow) low-angle boundary x magnification 


CP-4 Polish-etcl 

series of discrete overlapping conical pits of regular 
spacing. Each etch pit is characterized by a definite 
center. To prove that these pits mark the places on the 
surface where edge dislocations emerge, the difference 
in lattice orientation on either side of the boundary was 
measured by means of X-rays, and the dislocation 
this, using Burgers’ model, 


spacing calculated from 


was compared wit! spacing measured in the 
mi ros¢ ope. 
EXPERIMENTAL 


The zone-melted germanium crystals* were prepared 
growth direction. The low-angle 
100 


with a [100] as the 


boundaries appeared on faces normal to the 
srowth direction when the cross se tion was polished- 
etched in CP-4 solution (a mixture composed of 25 ml 
HNOs, 15 ml HF, 15 ml glacial CH;COOH and a few 
drops of Brz). The plane of the boundaries 


specimens 


was the 
e growth axis. Cubical 


as one surface and a (011) as an- 


011 in the zone of th 
100 


+ 


were cul witli 


other surface. After ligh 


tly grinding these two surfaces 


on 600-mesh carborundum, each specimen was im- 


angle boundary in germanium 
1000 magnification. CP-4 Polish etch. 


its In low 
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mersed in CP-4 for two minutes. The conical etch pits 
were found to be well developed on the (100) face, 
but were not visible in the (011) surface. The pit 
spacings along the low-angle boundary were then meas- 
ured with a microscope at 1000X on the (100) surface 
about 0.005 inch from the (011) surface. Spacings were 
averaged over several thousandths of an inch. The ac- 
curacy of these measurements was estimated as better 
than +10°%. Material was then removed to a depth 
of 0.005 inch from the (011) surface by light grinding 
followed by etching. This was done so that the X-ray 
measurements could be made on a strain-free surface at 
the same distance from the original surface that the 
microscopic measurements were made. 

A schematic diagram of the X-ray equipment that was 
used is shown in Fig. 4. The X-radiation from a copper 
target tube was reflected from the (011) planes of a 
quartz reference crystal and then onto the specimen. 


GEIGER 
TUBE * 


REFERENCE 
A CRYSTAL 


/ 


GRAZING 


Fic. 4. Schematic diagram of double crystal X-ray spectrometer 


The beam emanating from the reference crystal con- 
tained the Ka; and Kay components, each highly colli- 
mated but slightly divergent with respect to the other. 
The the quarter-circle 


goniometer so that the 


mounted in 
011) planes received the in- 
cident radiation at the grazing angle (g), determined by 
220 


specimen was 


Bragg’s Law. The intensity of the reflection was 
measured by a Geiger tube set at twice the diffraction 
angle to the incident beam. The Geiger tube was 
equipped with a slit wide enough to register the dif- 
fracted intensity regardless of small lateral displace- 
ments of the planes under examination. Simultaneous 
readings of the diffracted intensity and the grazing 
angle in the vicinity of the diffracting position provided 
a rocking curve. Since the angles of tilt were quite small 
(of the same order of magnitude as the diffracted line 
widths), the rocking curves of both sides of the bound- 
ary were superposed. Therefore, in making the measure- 


ments it was necessary to obtain the rocking curve of 
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each side of the boundary with the other side shielded 
from the beam. This is shown in Fig. 5, which illustrates 
a typical result. The angle of tilt is given by the differ- 
ence in angular positions of corresponding peaks of the 
two curves. The response of the Geiger tube was not a 
linear function of the X-ray intensity it received; and 
therefore the ordinate in Fig. 5 is distorted. This had 
no effect, however, on the values obtained for the angles 
of tilt. The angular position of the peak of the diffrac- 
tion curves or the centers of the curves at half-intensity 
could be determined to within +2.5 seconds. 

A graphic portrayal of the tilt of the atom planes 
was obtained by placing a film in a position to record 
the diffracted beam as shown in Fig. 4. Figure 6 shows 
two photographs obtained in this way. In these photo- 
graphs the boundary lies in a plane normal to the page The possibility exi 
which separates the light and dark regions. The grazing ak in Fig. 5 
angle differed in the two exposures by a rotation of 25 
seconds of arc about the [100] axis. The reversal of 
intensity of diffraction which was observed indicates 

nar spacing. If the diffractin; 
degrees abo il their 

] 


two s1des ol! 


not so reverse if 
interplanar spacing. 


| 


idied and 


TED INTENSITY 


Vas Ca ised by 


han by a difference i 


It was also ne 


RELATIVE 


other component of rotation ot 


other. Thi 


axes oO! rotat 
Fic. 5. Rocking curves for typical tilt boundary examined , 


nate not corrected for non-linear response 


that in one photograph the (011 planes on only one 


side of the boundary were in a position to diffract, 
while, in the second photograph, only the (011) planes 


on the other side were in a position to diffract strongly. 
There is another feature visible in these photographs 
which merits consideration because it illustrates the 
sensitivity of this X-ray technique. In both photo- 
graphs, in the upper part to the right of the main 


boundary, there appears a small but definite change in 


blackening along a line parallel to the main boundary. 


Also, the difference in intensity across the main bound 


INTENSITY 


ary is greater at the bottom that at the top of the photo- 
graphs. These observations are consistent with the pit 
spacings observed on the end (100) faces in that these 
were slightly lower on the face at the bottom of the 


photograph. Also, on the (100) end face, at the top of 


the photograph, there was a sparsely pitted boundary to 
the right of the main boundary. The difference in 
orientation at this smaller boundary was about 5 


tilt 


seconds. across | 
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DISLOCATION SPACING, D, IN CM x 1074 


' 2 3 4 
ANGLE OF TILT, 8, IN RADIANS x 1074 


f dislocation spacing calculated from angle of tilt 
versus observed pit spacings. Angles range from 17.5 to 85 seconds 
I I 


In a pure tilt boundary, the edge dislocations lie 
parallel to the axis of tilt. In this case, therefore, the 


line of the dislocations was a [100]. The interaction 
energy of an array of edge dislocations of like sign with 
parallel Burgers vectors is minimized when they align 
themselves in a plane normal to the Burgers vector.’ 
Since the boundaries occupied (011) planes, the Burgers 
vectors must be the shortest lattice translation vectors 
normal thereto or b=1/2 a [110]. The Burgers vector 
magnitude (V2/2)aj=4.0 It is 
with the 


therefore has the 
interesting that this deduction is consistent 
experimentally determined Burgers vector in the slip 
process’. By coincidence, the picture of Fig. 1 applies 
equally well for this case in depicting the atom positions 
on a (100 
boundary in a (O11 


plane in germanium with a low-angle 
plane. 
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RESULTS AND CONCLUSION 


Six specimens were examined as described above. The 
pit spacings, as measured with the microscope, are 
shown in Fig. 8 together with the corresponding angles 
of tilt measured by X-rays. The data cover the range of 
values that can be investigated conveniently by the 
methods used. These limits are spacings of 1X 10-4 cm 
as determined by the light microscope and angles of 
1X10 radian as determined by the double crystal 
X-ray spectrometer. 

From the excellent agreement between the calculated 
dislocation spacings and the observed pit spacings, it is 
concluded that the etch pits mark the places on the 
surface where edge dislocations emerge. 
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TENSILE PROPERTIES OF ANNEALED TANTALUM AT LOW TEMPERATURES* 
J. H. BECHTOLD} 


The tensile properties of annealed tantalum, like those of other body-centered-cubic meta er 


depend markedly on test temperature. The yield strength increased 39 000 ps 
temperature to over 125 000 psi at 195°C. However, a transition f1 
was not observed in this temperature range. The marked ten 

believed to be due to the ordering of carbon and nitroge1 


dislocations. 


PROPRIETES MECANIQUES A BASSE TEMPERATURE DI 
Les propriétés mécaniques du tantale recuit dépendent fortement de la températur 
tous les autres métaux cubiques centrés, la limite élastique croit de 39.000 psi ; 
plus de 125.000 psia — 195°C. Toutefois, il n’a pas été ol 
la rupture. L’influence de la température sur la limit 


atomes de carbone et d’hydrogéne en insertion autour des dislocations 


DIE DEHNUNGSEIGENSCHAFTEN VON ANGELASSENEM TANTAL BEI 
NIEDRIGEN TEMPERATUREN 


Die Dehnungseigenschaften von angelassenem Tanta 
auch schon fiir andere kubisch-raumzentrierte Metalle 
steigt scharf von 27,42 kg/mm? bei Raumtemperatur auf 
vom Verformungs- zum Sprédbruch wurde jedoch i: 
auffallende Temperaturabhingigkeit der Streckgrenzenspantr 
stoff- und Stickstoffatomen auf bevorzugte Zwischen; 


zuriickzufiihren zu sein 


INTRODUCTION of 5X10~-° mm of Hg. This anneal resulted in a com 
pletely recrystallized grain structure averaging 450 


The mechanical properties of metals with the . : 
body-centered-cubic crystal structure undergo marked Sq ™mm No SCCOnG pnases wer observed in the 
changes at low temperatures. These changes are usually ™!CTostructure ; however, the center of the rod was quit 
characterized by a large increase in the yield strength POFOUS, apparently the ingot had not en sintered 
and a sharp transition from a ductile to a brittle type of very high density and subsequer t working did 1 
fracture. When tested in uniaxial tension at slow strain UP § ll of the ae voids. phe 
rates, these changes usually occur near —150°C in ‘ntalum and ol several other metals 
iron,! near room temperature in molybdenum? and at be compared are listed in Table | 
about 250°C in tungsten.’ Similar marked changes in The test procedure was the same as that outlined 
mechanical properties have not been observed in metals PT®% iously for studying the tensile properties of molyb 
with the face-centered-cubic crystal structure. denum* and tungsten.* For tests below room temp as 
The effects of temperature on the mechanical proper- 


the specimens were cooled in gaseous nit 
‘thod of Wessel and Oller 


tion was held constant throug! 


ties of tantalum, which is body-centered-cubic, have 
not been examined in detail. Tests by Druyvesteyn 
indicate that work-hardened tantalum retains some 
ductility as low as — 180°C. The purpose of the present 


nerwise spec proportion 


sec! unless ot 
taken from the autograpl ically ] tted load-e 
investigation was to determine the flow and fracture Is used herein 


characteristics of tantalum to establish if temperature 


referred to as the 
determined from 


} 


affects its mechanical properties in the same way as it , 
taken as the criterion of duct 


does other body-centered-cubic metals and to disclose ; 
any major differences that might exist. fOr severa: test Lemperacures a 


MATERIAL AND TEST PROCEDURE 


The tantalum was purchased from the Fansteel 
Metallurgical Corporation as 0.300-inch diameter 
nt n 0.010 99.9¢t 


swaged rod. Tensile specimens with the dimensions olvbdenum? 0.0017 0.0056 0.014 99.9% 


shown in Fig. 1 weré machined from the as-received rod 0.008 0.02 99.9% 
0.058 0.002 0.02 99 


and then annealed for one hour at 1700°C ina vacuums.” 
* Received October 18, 1954. 
{ Westinghouse Research Laboratories, é Pittsburgh, 
Pennsylvania. 
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.200 DIA. 


sile test specimens for tantalum 


RESULTS 


The load-per cent elongation curves in Fig. 2 reveal 


the marked 
properties of tantalum. 


tensile 
yield 


temperature dependence of the 


The rapid increase in 


strength is readily evident from the curves of tests 


below room — The percent elongation at 
nificantly with 


25°C 
and lower temperatures. The 
Table II, 


greatly with temperat 


fracture also varies temperature, 


and decreasing at 
reduction in 


being a maximum at ye see 


both higher 
change 


however, does not 


The fractures at all tempera- 


area at fracture, 


tures were dull, a eh tile types of failures. 


One of the more striking effects of test temperature 


is on > over-all he load-elongation curves. 


The curves at ‘ and above are similar to those 


observed for annealed, polycrystalline body- 


Yielding is 
yield 


usually 


centered-cubic metals. discontinuous, as 


revealed by and lower points at most 


temperatures, and a distinct yield-point elongation at 


upper 


The yield-point elongation increases 
\fter the yield-point 


the load increases as the ireten elongates 


all temperatures. 


with decreased test temperature. 
elongation, 
maximum, the timate tensile 


uniformly until a 


strength, is reached. Additional pease occurs al 
dec reasing the 
— 130°C, the 


again indicate that initi 


specimen necks down. 


Below pronounced upper and lower 


yield points yielding is dis- 


continuous. At the lower yield point stress, several 


per cent elongation occurs at essentially constant load 


and then the load decreases rapidly instead of increas- 


load-el ngat ion 


ing aS lt Goes al 


higher temperatures. A 
T 7 T T T T T T 
| | Strain Rate : 2.8 x sec™! 
+ —+— Grain Size : 450 grains per sq. mm— 


Be Test temperature indicated ken curves 


Fracture T 
Maximum jload 


A-78°C 

25°C 
6 20 24 28 32 % 40 44 
Percent Plastic Elongation 


> 


Nominal Stress - (1000 psi ) 


2. Nominal stress—per cent elongation curves 


for annealed tantalum. 
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curve of this type indicates that there was no uniform 
elongation of the gage-length section of the specimen 
and diameter measurements after test along the gage- 
length section revealed that all of the deformation was 
concentrated in a relatively narrow necked-down region 
adjacent to the rupture. This type of stress-strain curve 
has not been observed in previous studies of molyb- 
Although the percent elongation 
less than at higher tem- 


in the necked-down 


denum and tungsten. 
at fracture was considerably 
peratures, the reduction in area 
region was not significantly smaller than at high 
peratures and the fractures at all temperatures were 
dull, fibrous ruptures. In iron, molybdenum and tung- 
bright, brittle always observed 
low temperatures. 

The strain-hardening behavior of most body-centered- 


tem- 


sten, fractures are 


cubic metals can be expressed approximately by the 
relation: 

(1) 
K =a constant, 


where o= true stress; 6=nat tural st rain ) 


the stress at unit natural strain; and =a constant, 
usually referred to as the strain-hardening exponent. 
Figure 3 shows that this equation expresses quite well 
the relation between stress and strain from the strain 
at the 


maximum load point. 


» limit of the yield-point elongation to the strain 
True stress and natural strains 


The work- 


could not be calculated for tests below since the 


specimens did not elongate uniformly. 
hardening exponents are relatively small for an an- 
nealed metal, especially below room temperature, and 
temperature. If the de- 
continues at the —78°C as it 


work-hardening exponents must be 


decrease with decreasing test 


crease same rate below 
does above, the 
The abnormal! appearance of 
— 180 and —195°C 


work-hardening 


very small below — 78°C. 
the load-elongation curves at — 130, 
probably resu ry! from these very low 


exponents and the large difference between the upper 


and r yielc points. 

Several indications of strain aging were observed at 
200°C and 400°C. 
temperatures had numerous small irregularities such as 
hardening 


The load-elongation curves at these 


found in the load-elongation curves of age 


aluminum alloys. These irregularities were too small 


to be reproduced in the curves in Fig. 2. The relatively 


large decrease in uniform and total alas ration and 


increase in the work-hardening exponent above room 


temperature is believed to be further evidence of a 


strain-aging reaction. Strain aging in this temperature 


range due to the precipitation, during testing, of traces 


of carbon, nitrogen, or oxygen, can be predicted from 


the internal friction studies of Ké.® Strain-aging phe- 
nomena are observed in all of the 
metals, usually in the temperature range slightly above 
that at which the yield strength increases most rapidly 
with decreasing test temperature. 
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TABLE II. Tensile properties of annealed tantalum 


Vielding 


Yield 
strength* 
1000 psi) 


124.0 
104.5 
82. 
60. 
56. 
39. 
26. 
22.4 
127.0 


Test 
temp. 


Strain 
rate 
(in./in./sec) 


8X 10~ 
8X 10™ 
8X 1074 
8X 10™ 
8X 10™ 
8X 10 

8X 10 

8X 10 

9.2X 
5.0 107 


—195 
—180 
— 130 
—78 
— 30 
+25 
+200 
+400 
—195 
on 195 


mw 


* Yield strength defined as the stress at which the load-per cent elongation curve deviates from 
+ These specimens did not have ultimate tensile strengths in the usual significance 


point elongation (see Fig. 2). 
t No pronounced upper yield point, but a definite yield point elongation 


DISCUSSION 


The effects of temperature on the yield strength and 
ductility of tantalum and of several other metals are 
compared in Figs. 4 and 5. The curves in Fig. 4 show 
the marked temperature dependence of the yield 
strength of body-centered-cubic metals and the rela- 
tively small effect of temperature on the yield strength 
of nickel, which is representative of face-centered-cubic 
metals. The yield strengths of iron, molybdenum and 
tungsten cannot be determined by the tensile tests 
below about —195°C, —75°C and +150°C respec- 
tively, since brittle fracture will occur before plastic 
yielding. However, if the yield curves are extrapolated 
to lower temperatures, a very high yield strengths are 
predicted for absolute zero. In addition to a marked 
dependence on temperature, the yield strength is quite 
sensitive to changes in strain rate. This can be seen by 
comparing specimens Ta5, Ta6 and Ta7 in Table II. 
The strain rate effect in tantalum is not as marked as it 
is in tungsten’ or molybdenum? but slightly greater 
than in iron. Strain rate has a very small effect on the 
yield strength of nickel at low temperatures and pre- 
sumably of other face-centered-cubic metals. 

The reduction in area curves, Fig. 5, illustrate the 
sharp change from ductile-to-brittle behavior in iron, 
molybdenum and tungsten. Similar changes in ductility 
do not occur in the face-centered-cubic metals, nor was 
it observed in tantalum in the temperature range ex- 
amined. The reason tantalum remains ductile is dis- 
cussed later. 

Previously, a qualitative correlation has been ob- 
served between the temperature of the ductile-to- 
brittle transition and the melting points for the metals 
iron, molybdenum and tungsten. Tungsten melts at 
3410°C, molybdenum at 2620°C, and iron at 1540°C. 
This correlation obviously does not exist for tantalum, 
which melts at 3000°C, and whose ductile-to-brittle 
transition occurs at a lower temperature than any of 
the above metals. There does appear to be, however, 
some correlation between the ductile-to-brittle transi- 


pper 
yield yield ten niform Total 
point 


1000 psi 


124.6 


Maximum Load F 
Itimate Total 
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racture 
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cent) 
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oul 
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linearity. 


attached to the term since the load did 


tion temperature and the modulus of elasticity. The 
moduli of elasticity of tungsten, molybdenum, iron and 
tantalum are about 55 X 10° psi, 45 X 10° psi, 30 10° psi 
and 27.5 X 10° psi, respectively. No good reason for such 
a correlation is known. 

The marked temperature dependence of the yield 
strength and the predicted very high values at absolute 
zero must arise from anchoring of dislocations by trace 
impurities, since, according to dislocation theory, the 
stress required to move a free dislocation is relatively 
insensitive to temperature and should be small even at 
low temperatures. The major impurities present in 
these metals are the interstitial solutes, mainly carbon 
and nitrogen. Nabarro* has pointed out that carbon 
(and other interstitial solute atoms) can interact with 


dislocations in iron (and other body-centered-cubic 


metals) by at least three mechanisms. The first is by 


ordinary precipitation hardening, in which particles of 
The 


second arises from the relief of hydrostatic stresses 


the metal carbide (or nitride, etc.) are formed. 
around the dislocation by the solute atoms segregating 


into the close vicinity of the dislocation. The third 


Strain Rate: 2.8 X 10 * Sec? 
Grain Size: 450 Grains Per sq.mm_ 
& Maximum Load Point 


True Stress ( log scale) 1000 psi 


20 
0.002 0.005 001 002 0.05 05 10 
( log scale ) 


Natural Strain | 


Fic. 3. Flow curves—tantalum. 
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Ta-6 | 110.0 75 
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Ta-3 61.0 54.5 RO 
Ta-8 56.5 50.2 86 
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Ta-4 (b)t 22.4 84 
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Fic. 4. Effect of te yield strength. 


mperature on 


arises from the relief of shear stresses around the dis- 


location by the atom ordering into preferred 


the first mecha- 


solute 
interstitial sites. 
nism could account for a marked temperature depend- 
th, or, considering the very small 


It is very unlikely that 


ence of the yield streng 


concentrations of solute atoms, for the magnitude of the 


yield strength approaching absolute zero. 


Cottrell’ has treated the second mechanism and shown 


hat solute atoms w hich contract or expand the crystal 


an interact with dislocations, since hydrostatic 


lattice « 


stresses can be pestis: by the solute atoms segregating 


» vicinity of the dislocation. Interaction due to 


elief of hydrostatic stresses occurs only with the edge 


dislox ations, 


the stress field of the screw disloca- 
a pure shear. The 
which is representative of interstitial solute 


body 


vely by 


since 
tions is ideally spe ial case of carbon 
in a-iron, 
has been treated 


--centered-cubic metals, 


Cottrell and Bilby.” ¢ 


atoms in 
‘arbon causes 
which 


qu intitati 


marked expansion of the a-iron lattice, 
interaction with d 
through the 


to the 


a very 


ids to a very strong islocations. 


Since carbon diffuses relatively easily 


-Iron carbon atoms readily segregate 
‘condensed 


Bilby 


as a single row 


saaidibias and are believed to form a 


itmosphere” of carbon atoms. Cottrell and 


visualize this ‘‘condensed atmosphere” 


g dislocation line 


of carbon atoms lying parallel to the 


und approximately one lattice spacing below the center 


of the (positive edge) dislocation. Dislocations are very 


atmosphere.”’ 
about 


anchored by a “condensed 
Bilby that a 
i is required to release an anchored dislocation 
Since it is 


strongly 
Cottrell 
7X10 


line in the 


and estimate stress of 
thermal activation. 


undoubtedly 


> absence of 


based on elasticity theory, their treatment 


overestimates yield strength at absolute zero, but it 


forces are sufficiently 


yield 


does show that the anchoring 


strong to account for the observed strengths. 


The anchoring forces, although strong close to the dis- 


location, extend only over a short distance along the 
the release of 


The 


change rapidly with 


slip plane, and the activation energy for 


an anchored dislocation line is relatively small. 


yield strength should, therefore, 
temperature from very high values at low temperatures 


low values at higher temperatures where thermal 
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fluctuations aid the release of the dislocations and the 
very little effect. The 
amount of atmos- 
in an annealed metal is extremely small, ~10~® 
the full effect of an atmosphere can be ex- 


‘condensed atmosphere”’ has 


carbon necessary for a ‘‘condensed 
phere”’ 
wt %, and 
pected even in the purest metals currently available. 

It is doubtful, the relief of hydrostatic 
stress around dislocations can by itself account for the 
low-temperature yield behavior of the body-centered- 


dislocations will not be 


however, if 


metals, since screw 
The yield behavior of a crystal in which the 


the screw disloca- 


cubic 
anchored. 
edge dislocations are anchored but 
tions are not, has not been treated, but probably the 
unanchored screw dislocations would initiate the release 
of the edge 
To interact with screw dislocations, 


relatively low stresses. 


solute atoms must 


dislocations at 


be able to relieve shear as well as hydrostatic stresses. 
interstitial solute 
can relieve 


mechanism by which 
bow ly-centere l-cubic 


Carbon atoms in a-iron, and presumably 


There is a 
atoms in the lattice 
shear stresses. 
interstitial solute atoms in other body-centered-cubic 
in either the face-centers or the mid- 
If the carbon atoms are at the 


may be 
f the cube edges. 
centers of (O01 
pendicular to (001 


metals, 

poll nts ol 
faces or mid-points of the edges per- 
the lattice becomes tetragonal with 
(001) as the square base. If the carbon atoms jump to 
neighboring (010) interstitial sites, the lattice becomes 
tetragonal with (010) as the square base. Carbon atoms 
can therefore relieve shear stresses by arranging them- 
selves in preferred interstitial sites, forming essentially 
an ordered array lines. This 
interaction should be about as strong with screw as 
dislocation 


around the dislocation 
entire 
The shear interaction, like the hydro- 
interstitial atom to 


with edge dislocations so that the 
line is anchored. 
teraction, will cause the 


the dislocations forming a higher than 


static in 
migrate towards 


average concentration of solute atoms in the close 
y of the dislocation line. Consequently, the effect 
dilute 


same as that of 


vicinit 


should be solutions. 


marked even in relatively 
The mechanism is senatie the 
analysis of internal friction in a-iron except 


stress instead of 


Snoek’s!! 
that the 
externally applied stress. Dislocations in face-centered- 
this mechanism, 


ordering stress is internal 


cubic metals will not 
since neither interstitial nor substitutional solute 
can relieve shear stresses by migrating into preferred 
ttice. This is 


be anchored by 
atoms 


lattice sites in the face-centered-cubic la 
believed to be the reason for the pronounced differences 
in the low-temperature yield properties of body- 
centered and face-centered-cubic metals. 

The yield strength of metals in which the dislocations 
are anchored by solute atoms in preferred interstitial 
sites should depend markedly on temperature and strain 
rate. At high temperatures, thermal fluctuations will 
permit the interstitial atoms to reorientate themselves 
into new preferred interstitial positions as the disloca- 
Consequently they 
At low 


tion proceeds through the crystal. 
will have very little effect on the yield strength. 
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temperatures thermal fluctuations alone are not suffi- OY 
Tantalum 450 
——F — — Body Centered | Tungsten 2000 

| Cubic Metals} Molybdenum 900 


cient for the solute atoms to move to new preferred 
interstitial sites as the dislocation proceeds through the 
crystal and either the solute atoms must be reoriented 
by a high externally applied stress or the dislocation 
must be pulled bodily through the high energy field of 


Face Centered Micke 
Cubie Metals 


8 


Nickels | 

2) 
Tantalum 
the solute atoms. To account for the yield strengths at 
absolute zero, undoubtedly some segregation of solute 


atoms into the close vicinity of the dislocations must | 
Tungsten 


occur though probably not to the extent of a ‘“‘condensed 


atmosphere.” 
The effect of the ordering of interstitial solute atoms 


Reduction in Area at Fracture - percent 


100 200 300 400 $00 600 700 800 
on mechanical properties should be observed at lower Tempercture °C 

temperatures than the previously described hydrostati« 

interaction mechanism since the diffusion distances 


involved are much smaller. The upper limit of the tem- 
, lower yield point superimposed on the 

perature range where the effect of ordering on tensile hee 
strengthening. 
properties can be expected to first occur should coincide 1a) ae 
Although the yield strength of 


quite closely with the temperature of the peaks, due : : 
ouner body centered-cubic metals, 


ture dependent, the ductility and fra 


to interstitial solute atoms, in the internal friction spec- 
trum, since these peaks give the temperature at which - ies a 
not. The ductility of iron, molybdenum 


} 


the jump frequency of the interstitial solute atom is in ae wae 
decreases sharply in the same temperature 


phase with the strain frequency. When internal friction 
is determined by the ordinary torsional pendulum, the 
outer fibers of the specimen spend about the same time 


which the yield strength increases rapidly, 
fracture changes from a dull, fibrous, ductile 
a to a bright, brittle, crystalline fracture. This « 
interval in a given strain increment as in the ordinary 
brittle transition arises from he combinati 
tension test. Table III shows that the temperature at if 
ps “ites! rapid increase in yield strength and a relatively 
which the rapid increase in yield strength occurs does, of Oa or 
stress required for brittle fracture. ( ompiletely bri 
in fact, coincide rather closely with the temperature , : 
fracture occurs at the temperature where 
of the internal friction peaks due to carbon and nitrogen. 
4 strength exceeds the stress for brittle fracture 
If the upper and lower yield point phenomenon is as- , 1: iE mga 
shows this brittle fracture strength is about 85 000 
sumed to be related to the segregation of interstitial 
95 OOO psi for molybdenum and tungsten, respect 
atoms to edge dislocations due to relief of hydrostatic - 
Che brittle fracture strength of tantalum 
stresses, the upper and lower yield points should be ob- "y 
somewhat comparable condition apparen 
served at higher temperatures. Column 4 in Table III 
siderably higher than thls, sin ie 
shows that this is actually observed. 140 000 
occur at yie engths as high as 14 
Briefly the marked temperature and strain rate de- tile.to 
pendence of the yield strength of body-centered-cubi: tp ae 
metals is believed to arise from the migration of inter- ; ces 
stitial solute atoms into the vicinity of the dislocation saga! 
(but not necessarily to the extent of a Cottrell at 


understood to explain w! 


mosphere) and there forming an ordered array in pre- hpmoer ane pet 
ferred interstitial sites. The interaction of interstitial 
° qaenum or tungsten. 1 
atoms with edge dislocations due to relief of hydro- ee ae For 
brittle fracture is probably 
static stress around the edge dislocation may cause. 
impurities, notably oxides, 
additional strengthening evidence by an upper and , 
formation Of a separate grall 


possible explanation of the 


apie Il. in tantalum is that oxides d 


boundaries as readily as they 
the solubility of oxygen 
higher (approximately 0.9 
believed to be in iron, molybdenum and 
undoubtedly greater than the amount 
Iron Nitrogen® ~20 aad tested. If a gr ndary impurit 
Carbon” ~40 
Molybdenum Carbon ~250°C 150-200°C 400-600 °C 
Tantalum Carbon® ~150°C = 100-200°C Above 400°C 
Tungsten ~400°C 
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fracture is correct, brittle fracture would probably be 
observed in less pure tantalum. 

Another possible, though less likely, reason for the 
absence of brittle fracture may be that tantalum is less 
prone to mechanical twinning than the other body- 


centered-cubic metals. Bruckner!’ and others have 
postulated that brittle transgranular fracture in iron 
may, in some cases, be related to mechanical twinning. 
The twins providing local high stress regions which 
initiate brittle, transgranular fracture at stresses well 
below the theoretical cleavage strength of the metal. 
In previous work on molybdenum? and tungsten* me- 
chanical twins have been found in specimens that 
fractured in a brittle manner at low temperatures. 
However, no evidence of any mechanical twinning was 
found by metallographically examination in any of the 
tantalum specimens. If there is a relation between 
mechanical twinning and brittle fracture, the absence 
of mechanical twinning may be the reason for absence 
of brittle fracture in tantalum. 


SUMMARY AND CONCLUSIONS 


The yield strength of tantalum, like that of other 
body-ceriered-cubic metals, increases rapidly with 
decreased test temperature. The increase in yield 
strength is believed to be due to the ordering of inter- 
stitial solute atoms into preferred interstitial sites 
around dislocations. 

Tantalum, like iron, molybdenum, and tungsten, 
exhibits a pronounced upper and lower yield point. 
Some evidence of strain aging was also observed around 
200-400°C. 

Unlike iron, molybdenum, and tungsten, tantalum 
did not exhibit a transition from ductile-to-brittle frac- 
ture at temperatures as low as — 195°C. The reason for 
this is a very high stress for brittle fracture. A possible 
explanation of this high brittle fracture strength is the 
relatively high solubility of oxygen in tantalum which 
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prevents the segregation of oxides at grain boundaries. 
However, an alternate explanation could be a high 
critical stress for mechanical twinning. Mechanical 
twins were not observed in tantalum, although they 
have been observed in iron, molybdenum and tungsten 
at low temperatures. 
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A CALORIMETRIC INVESTIGATION OF THE SYSTEM SILVER-TIN AT 450°C" 


O. J. KLEPPAt 


By use of a new high-temperature calorimeter the heats of formation of solid and liquid alloys of silver-tin 
were determined at 450°. The results for liquid alloys were obtained by reacting solid silver with liquid 
in the calorimeter. For mole fractions of silver up to 0.2 the results may be represented by 


AH™ = 15.02 xag—13.33 kilojoule/g-atom 


The results are compared with those obtained in earlier calorimetric and equilibrium studies 

The heats of formation of 10 different solid alloys ranging in composition from 75 to 94 atomic per cent 
silver were derived from the heats of solution of the alloys in liquid tin. The minimum heat of fort 
was found for the nearly stoichiometric y-phase (‘‘Ag;Sn’’), where two alloy samples of very neat 
composition gave heats of formation of —6.06+0.23 and 6.19+0.23 kilojoule/g-atom, respectively 
the results for this phase and for the neighboring 8-phase we find for the hypothetical process 


=0.75 (orthorhombic) \P/“Ag =0.75 (hex il 


a AH of transformation of about 1.2 kilojoule/g-atom at 450°. 
RECHERCHES CALORIMETRIQUES SUR LE SYSTEME ARGENT-ETAIN 


Les chaleurs de formation des alliages solides et liquides Ag-Sn ont été mesurées a 450° ave 
calorimétre pour hautes températures. Les mesures sur les alliages liquides sont obtenues par 
argent solide avec |’étain liquide dans le calorimétre. Jusqu’a une concentration atomique de 20°, 
les résultats peuvent étre représentés par |’expression 


AH™ =15.02 x4,—13.33 xa, kilojoule g-atome 


Ces résultats sont comparés avec les mesures calorimétriques antérieures et le diagram équilibre 

Les chaleurs de formation de 10 alliages solides entre 75 et 94 at, d’argent it déduites des chaleurs de 
dissolution de ces alliages dans |’étain liquide. La chaleur de formation minimum (2 t obtenue pour 
une composition correspondant sensiblement a la phase \g*Sn), pour laquelle deux échantillons ayant 
sensiblement la méme composition ont comme chaleur .de formation 6.06+0.23 et 6.19+0.23 kilojoule 
g-atome. A partir des résultats pour cette phase y et pour la phase 8 voisine, nous trouvor facti 


“Ag =0.75 (orthorhombi 


une chaleur de formation d’environ 1.2 kilojoule/g-atome a 450 
EINE KALORIMETRISCHE UNTERSUCHUNG DES SYSTEMS SILBER-ZINN BI 


Mit Hilfe eines neuen Hochtemperatur-Kalorimeters wurden di¢ 
Legierungen im System Silber-Zinn bei 450°C bestimmt. Die Ergebnisse 


wurden durch Zugabe von festem Silber zu fliissigem Zinn im Kalorimeter er! 
ri 


zu 0,2 Silber kénnen die Ergebnisse durch folgende Formel ausgedriickt wer 


AH™ = 15,02r4,—13,33x4, 


Die Ergebnisse werden mit ilteren kalorimetrischen Bestin 


verglichen. 

Die Bildungswiirmen von 10 verschiedenen erstarrten Legierunge 
94 At% Silber werden aus den Lésungswiirmen der Legierungen i 
Bildungswirme (AH) liegt nahe der stéchiometrischen Zusammet un r y-Phas« 
zwei Proben mit nahezu gleicher Zusammensetzung Bildungswairmen n 6.06+0,.23 
kilojoule/g-atom ergaben. Auf Grund der Ergebnisse fiir diese und die benachbarte 8-Phas« 
den hypothetischen Prozess, (y)x,,=0,75 (rhombisch) = (8), 75 (hexagonal) €in AH vor 
kilojoule/g-atom bei 450°C. 


INTRODUCTION on heats of formation in alloy systems than has been 


ossible by earlier work in tl] 
In recent years the increasing interest in the thermo- poo - es a 
[he author has adopted the tin solution technique 


} 


chemistry of alloys has initiated the development of _ . 
. ior a study of the heats of formation in alloys of group 


new and more powerful calorimetric techniques suitable : | 
. 1B metals (Cu, Ag, Au) with other group B metals 
for determination of heats of formation of alloys.’ 

A particularly interesting and important development 


has been the introduction of liquid tin as a solvent for 


(Zn, Cd, etc.). A preliminary note on some aspects of 
this work has been published recently,’ while the 
: gen present report on the silver-tin system is the first 
solution calorimetry at elevated temperatures.” This detailed discussion of experimental details and results 
method shows promise of providing more accurate data gbtained. Another report, dealing with the silver- 
: cadmium, silver-indium and silver-antimony systems, 
* Received October 18, 1954. - 
{ Institute for the Study of Metals, The University of Chicago, 
Chicago, Illinois. 
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will be published later. Work is also in progress on 
other alloy systems. 


450 
actor 
argent 
= (B)r. 
$50°C 
ngswirmen von feste! d fliissiger 
‘ gescni on ‘ Legierunger 
Fiir Mole iche 
reich von 75 bis 
Dic ste 
6,19+0,23 
il \ 
ingefihr 1.2 
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The equilibrium phase diagram for silver-tin® indi- 
cates that at 450° the following phases are stable: 


: 0-10 
:12-22 atomic per cent tin 
:24.;-25 atomic per cent tin 
: 58-100 


a, f.c atomic per cent tin 
8, c.p. hex. 
y, orthorh. 


1, liquid atomic per cent tin 


The investigation of this system by the tin solution 
technique logically falls into two parts: 


(a) Determination of the heats of formation of liquid 
silver-tin alloys by reaction of solid silver with 
liquid tin in the calorimeter at 450°. 
Preparation of solid silver-tin alloys of known, 
uniform composition, followed by measurement 
of the heat of solution of these alloys in liquid tin. 
The heats of formation of each solid alloy are then 
obtained as the difference between the observed 
heat of solution and the heat of formation (ob- 
tained under (a) above) of the liquid silver-tin 

alloy resulting from the solution experiment. 

Clearly the heats of formation of the solid alloys 

will be associated with much greater experimental 

uncertainties than will be the case for the liquid 
alloys. 


EXPERIMENTAL 


The construction of the calorimeter and the details 
of its operation when used for simple liquid mixing 
experiments have been discussed elsewhere at consider- 
able length.* The only significant changes in procedure 
adopted in the present work were dictated by the fact 
that one of the reacting samples was in the solid state. 
Chis, first of all, called for the preparation of samples of 
pure, solid silver and of solid silver-tin alloys with a 
size and shape suitable to fit the available annular 
space of the charging and stirring device.‘ 

The samples of pure silver were cast in graphite 
molds from electrolytic silver (assay : 99.9. per cent Ag, 
balance mainly copper) in the shape of hollow cylinders 
After the 
half-cylindrical 


of about 0.5 in. o.d. and about 0.25 in. i.d. 


graphite core had been drilled out, 


BHM/Xag> JOULE /G ATOM 


| 
0.10 
ATOMIC FRACTION, 


1. Molar heats of formation (AH™” 
silver-tin alloys at 450°C. 


FIG 
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specimens of the desired weight were cut from the cast 
slug. 

The silver-tin alloys were prepared by melting known 
amounts of silver and tin (99.9+ per cent purity) of 
total weight 15-20 g in a graphite crucible sealed in 
vycor tubing at a rotary pump vacuum. After the liquid 
alloy had been homogenized in a slowly tilting furnace 
for a period of not less than two hours at a temperature 
50° or more above the liquidus, the whole alloy was 
chill-cast while still under vacuum into the desired 
cylindrical shape. The solid slug was finally annealed 
for 12-48 hours at 450 
uniformity of composition was checked by chemical 
analysis (Ag as AgCl). The deviation of individual 
samples from the weighed in composition was always 


, or above. In most samples the 


of the order of the analytical precision (0.1 per cent or 


less). 


TABLE I. Molar integral heats of formation of liquid silver-tin 
alloys from solid silver and liquid tin at 450+2°. 


Total, omposition, f AH™M 


g-atoms 


2.1394 
0.9734 
0.8550 
0.7650 

.1202 
0.8550 
0.9645 
0.9730 
1.1851 
0.9191 
1.0112 

8917 

2558 


0.0128 
0.0200 
0.0220 
0.0235 
0.0253 
0.0281 
0.0286 
0.0298 
0.0300 
0.0305 
0.0312 
0.0358 
0.0383 
0.1047 
0.1869 
2893 0.3212 
272 0.3281 
.2607 0.3402 
2758 0.3604 


14.60 
14.69 
14.36 
14.53 
14.47 
13.54 
12.58 
10.64 
10.48 
10.02 
9 41 


14.60 
14.54 
14.51 
13.62 


12.53 


The liquid tin bath used in the calorimetric experi- 
ments contained about 100 g metal. The tin was cut 
from 0.5 in. cast sticks, the surface cleaned by scraping, 
and the metal then introduced into the calorimeter as 
described.‘ The weight of the alloy sample was adjusted 
to yield a liquid alloy containing 2-3 per cent silver. 

Throughout the calorimetric experiments the over-all 
calorimeter temperature was maintained at 450°+2°, 
as measured by a chromel-alumel thermocouple cali- 
brated at the melting point of zinc. The long time fluc- 
tuations in temperature had no detectable influence on 
the observed heat effects. 


RESULTS 
Liquid Silver-Tin Alloys 


The molar heats of formation obtained in 19 separate 
experiments are given in Table I, which also contains 


| 

joule /g-atom Exp Calc., I 1 
190.. 14.91 14.85 
298 14.90 14.75 
317 14.41 14.73 
365 15.53 14.71 

371 14.66 14.68 

412 14.66 14.65 
$27 14.93 14.64 > 
139 14.73 14.62 Qc 
$38 14.62 
448 14.61 
448 
520 
554 
1418 

0 2351 7 

0 3416 

0 3437 

0 3407 

0 3392 

Mean deviatior experiments from | 1): 0.11 kj 
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information on the total number of g-atoms of liquid 
alloy formed in each experiment. It will be noted that 
the experiments cover alloys with silver contents rang- 
ing from about 1 per cent to 36 per cent (*#,4,~0.01 to 
0.36) with the greatest number of experiments in the 
important range 2-3 per cent. In Table I will also be 
found values of the quantity AH™”/x,, calculated from 
the experimental results. This quantity is plotted versus 
¥ag in Fig. 1. For moderate values of x4, such a plot 
may be expected to yield a straight line, and we note 
that this seems to hold true within experimental pre- 
cision for the plotted data up to x,,~0.2. The straight 
line drawn in the figure may be represented by the 
equation 


AH™ /x x, (solid silver) = 15.02—13.33x,, kilojoule, (1) 


which was derived from a least-squares treatment of 
the data. For comparison with experimental data we 
have included values calculated by this equation in the 
last column of Table I. We find that out of the 15 ex- 
periments on alloys containing less than 20 atomic per 
cent of silver 11 experiments deviate from the given 
straight line by one per cent or less. Equation (1) has 
been adopted for the calculations required to evaluate 
the heats of formation of solid silver-tin alloys. All 
results on the molar heat of formation of the liquid 
alloys have been included in Fig. 2, where AH™ is 
plotted versus composition in curve A. In order to 
facilitate comparison of the present data with those of 
earlier investigations (below), Fig. 2 also includes a 
plot of the molar heat of mixing for liquid silver-tin 
alloys from liquid tin and undercooled liquid silver at 
450° (curve B). For calculation of this curve we have 
adopted the value for the heat of fusion of silver given 
by Kubaschewski and Evans,’ 2.69 kcal or 11.25 kj/g- 
atom. We have also, for simplicity, assumed that 
the heat of fusion is independent of temperature be- 
tween the melting point (960°) and 450°. The error 
possibly introduced by this assumption will not affect 
our discussion in a significant By using the 
adopted value for the heat of fusion in Eq. (1) we get 
for the heat of mixing of liquid silver and liquid tin 


way. 


at low silver concentrations 


AH M 


(liquid silver) = 3.77—13.33x,4, kilojoule. (2 


We note that the curve for the heat of mixing shows 
small positive values for low silver concentrations 
(below x4-~0.28), while negative values are obtained 
at higher concentrations. It is very interesting to note 
that Koerber’ appears to have found a somewhat similar 
behavior for the heat of mixing in liquid copper-tin 
alloys at 1150 


Solid Silver-Tin Alloys 


In Table II are recorded the values for the heats of 
formation obtained in 32 solution experiments for 10 
different silver-tin alloys containing from 75 to 94 


CALORIME 


PRIC 


Molar heats of formatior 
(J) 


cooled) +xsn(/ 


atomic per cent silver. In the calculations required to 
evaluate these data use was made of Eq. (1) above. 
It will be noted that with each alloy two to five sepa- 
rate experiments were performed. This permits averag 
ing of the individual results and establishes the order of 
magnitude of experimental precision. The appropriate 
average is given in the last column of Table II along 
with the calculated mean deviation. In most cases the 
mean deviation is about 0.2 kj/g-atom, independent of 
alloy concentration. This imposes a practical lower limit 
on the heats of formation which can be studied with 
profit in the present apparatus. The average values of 
the molar heat of formation (with indicated mean 
deviations) are plotted in Fig. 2 along with the data on 


liquid alloys. 


COMPARISON WITH EARLIER DATA. DISCUSSION 


The liquid system silver-tin was studied calorimetri 
cally at 1050° by Kawakami,’ and by the e.m.f. cell 
method at 900°K by Frantik and McDonald.” More 
have reported on the | 
silver in tin at 240 300°. 

Kawakami the AH of 
mixing for liquid silver-tin alloys should be negative 
it] about 1.2 


and 


17 


recently, Ticknor and Bever eal 
of solution of solid and 


According to the data given by 


for all concentrations, with a minimum of 


kcal/g-atom around 65-70 per cent silver. Frantik 


McDonald in their e.m.f 
containing up to 60-70 per cent silver calculate 


investigations of liquid alloys 


th 


1c 


silver plus 


undercooled liquid 


integral heat of mixing 
to be positive for all alloy concentrations 


+ kcal around 50 per cent sil 


liquid tin 
with a maximum of 1. 
The dis« repancy between these two sets of data can in 
part be explained by the results obtained in the present 
work. The experimental basis for the work of Frantik 
f the partial 
id 


and McDonald was their measurement of 


molal heat content of tin Ls,, relative to pure 


tin. In the concentration range covered in their investi- 


gation they found positive values for Ls,, which is in 
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II. Molar integral heats of formation of solid silver-tin 
alloys from solid silver and liquid tin at 450+2°. 


TABLI 


Result 


Tin+alloy, kj /g-atom 


g-atoms 


Observed, 
joule Average 
0.945, 0.02917 


0.03020 


0.7702 455.5 
0.8721 460.8 
0.8536 402.8 
0.7883 471. 


0.02665 
0.03113 


.86+0.05 
0.896, 0.03524 
0.03079 


0.8727 
0.9004 .94+0.14 
0.9346 
0.7599 
0.7696 


0.03620 
0.03529 
0.03305 
0.04184 49+0.20 
0.03072 
0.03864 
0.02868 3.37+0.40 
0.03049 
0.03248 
0.03399 
0.03091 3.97 +0.20 
0.03061 

0.02766 

0.03243 

0.03361 


0.04122 
0.02717 
0.03083 


0.9259 
0.8939 
0.8931 
0.9578 
0.9207 


0.03039 
0.02871 
0.03280 
0.03413 
0.03009 


0.03632 
0.03003 
0.02940 


0.9459 
0.7964 


0.7534 6.06+0.23 


agreement with the results of the present investigation. 
However, in order to evaluate the partial molal proper- 
ties for silver and the integral heat data these authors 
were forced to extrapolate their data into the concen- 
tration range beyond 60-70 per cent silver. They did 


not realize that in this range Ls, exhibits a maximum 
and then falls to negative values for lower concentra- 
tions of tin. Such a behavior is clearly indicated by the 
present results (see, for example, curve B, Fig. 2). 
Lacking our present knowledge they carried out a 
smooth extrapolation for Ls, and thus obtained in- 
correct values for L,, and for the integral heats of 
mixing. It is, on the other hand, quite possible to com- 
pare Frantik and McDonald’s data for Ls, with the 
results of the present investigation. From our data we 
find that the relative partial molal heat content of tin 
for moderate silver concentrations should be given by 


the expression 


3x4," kilojoule. 


3,. 2955 
For x,4,=0.1 at 450° we find Ls,=133 joule in good 
agreement with Frantik and McDonald’s value at 
900°K of 35 cal (146 j). For x,,=0.2 we get Lsn=532 j 
which is compared with their value of 165 cal (690 j). 
The data reported by Kawakami, although correctly 
giving negative values for the heat of mixing at high 
silver concentrations, do not suggest any anomalies 
for low silver contents. 
Ticknor and Bever measured the heat of solution of 
silver in tin by dropping small pieces of silver main- 
tained at 0° into a tin bath at 240° and 300°. After 


correcting for the heat required to bring their silver 
samples from 0° to 240° (or 300°) they report for the 
limiting heat of solution of solid silver in tin values of 
3800-3900 cal/g-atom (15900-16300 j). They estimate 


their accuracy to be about 150 cal. According to our 
Eq. (1) we get 
j/g-atom at 450°. 


the corresponding value of 15020 
Based on the deviations of the ex- 
perimental data from Eq. (1) we estimate the uncer- 
tainty in this figure to be of the order of 150 j. It is, as 
pointed out previously,°® quite possible that a major 
part of the difference between our value and that of 
Ticknor and Bever is due to the effect of temperature 
on the heat of solution. The difference would be entirely 
accounted for by a relative partial molal heat capacity 
of silver in its dilute solutions in tin of the order of 
—5 j/deg g-atom. Relative partial molal heat capacities 
of this order of magnitude have been observed by the 
author in the liquid systems cadmium-tin and tin-zinc. 
The solid alloys of silver-tin have not previously been 
thermochemically explored. The system has only two 
intermetallic phases: 
B(e), with a close packed hexagonal structure similar 
to e-brass, and 
which according to the X-ray powder investiga- 
tion by Nial, Almin and Westgren" is a slightly 
distorted orthorhombic 
symmetry. 


/\ 


e-brass_ structure of 


These investigators state that it was not possible to 
say whether y represents an ordered form of 8 due to 
the similarity of the scattering powers of the silver and 
tin atoms. However, the phase diagram does suggest 
that this is actually the case, although the unordered 
8-phase of composition equal to y (#,4,¢=0.75) cannot 
be realized. (Note: y becomes unstable with respect to 
8 and liquid at 480 
supported by the thermochemical data for the two 


.) This view is also to some extent 


phases obtained in the present work. For the hypotheti- 
cal process 

(Y)rag—0.75= (8) rag 
our results indicate a heat of transformation of about 


1.2 kj/g-atom at 450°. 
too small for a complete disordering process which, 


This heat effect is of course 


for this composition and temperature, would involve 
3.5-4.0 kj. The present heat data therefore suggest 


Alloy 
0.838, B 
0.817, 8 
0.79.. B 
V 
0.772. B+> 0.8747 676.3 5.18 : 
0.8652 463.2 5.70 
0.9538 526.0 5.72 5.5340.24 
0.757, > 515.6 5.84 
493.0 6.04 
576.5 6.45 
588.6 6.11 
531.1 6.52 6.19+0.23 
0.75. 624.6 6.22 
6.25 
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extensive disorder in the y-phase and/or a high degree of Naval Research throu 
of short-range order in the 8-phase at 450°. This is in with the University of Chicago. 
general agreement with observations on disorder proc- 
esses, where the disordering entropy frequently is ac- REFERENCES 
cumulated over a considerable range in temperature. 
It would seem desirable to reinvestigate the structure 
of the 6- and y-phases by single crystal X-ray diffrac- 
tion techniques. Under these conditions super-structure ye 
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X-ray reflections might possibly be detectable. 


The chemical analyses were performed by Mr. M. 
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CRYSTAL PERFECTION IN ALUMINUM SINGLE CRYSTALS* 


T. S. NOGGLE{f and J. S. KOEHLER} 


A high resolution X-ray diffraction technique has been employed on annealed single crystals of aluminum 
in order to arrive at an estimate of dislocation densities and distributions. This work indicates that in an 
nealed aluminum crystals the majority of the dislocations are present in an essentially random array with 
densities of the order of 10° lines/cm*. Small-angle boundaries, which are commonly present, contribute 
about 10* to 10° lines/cm? to the dislocation density. Comparison of crystals obtained by growth from the 
melt and by recrystallization indicates that there are no basic differences in the degree of crystal perfection 
obtained using the two methods of growth. 


QUALITE DE MONOCRISTAUX D’ALUMINIUM 


La densité et la distribution des dislocations sont évaluées dans des monocristaux d’aluminium recuit par 
une technique de diffraction de rayons X 4 haut pouvoir de résolution. Ce travail montre que la plupart des 
dislocations sont réparties au hasard avec une densité de l’ordre de 10° lignes par cm?. Les limites de sous 
grains qui existent couramment introduisent 10* 4 10° lignes de dislocation par cm?. I] n’y a pas de différence 
essentielle dans la qualité des cristaux obtenus par recristallisation ou a4 partir de l’état liquide. 


UBER DEN IDEALAUFBAU VON ALUMINIUM-EINKRISTALLEN 


Angelassene Aluminium-Einkristalle wurden mit Hilfe eines R6ntgenverfahrens, das sich durch besonders 
hohe Auflésung auszeichnet, untersucht, um eine Abschitzungsméglichkeit fiir die Versetzungsdichte und 
-verteilung zu bekommen. Die Arbeit zeigt, dass in angelassenen Aluminium-Einkristallen der grésste Teil 
der Versetzungen in einer im wesentlichen regellosen Anordnung vorliegt. Die Versetzungsdichten liegen in 
der Gréssenordnung von 10° Linien/cm?. Die meist vorhandenen Kleinwinkelkorngrenzen 
Korngrenzen 
Einkristallen, die aus der Schmelze gezogen wurden und durch Rekristallisation hergestellten Einkristallen 
zeigt, dass durch die beiden Verfahren keine wesentlichen Unterschiede im Kristallaufbau hervorgerufen 


“small-angle” 
tragen mit ungefahr 10* bis 10° Linien/cm? zur Versetzungsdichte bei. Ein Vergleich von 


werden. 


INTRODUCTION termine the dislocation structure of reasonably well- 
annealed aluminum single crystals. In addition, single 
crystals of aluminum obtained by different. growing 


there were 


It is generally accepted at the time that a 


type of crystal imperfection called a dislocation plays a 


present 
methods were examined to ascertain if 
measurable differences in the degree of crystal perfec- 
tion and if any basic differences in the type or distribu- 


very important role in determining many of the proper- 
ties of crystals. The influence of dislocations on the 
properties of crystals arises as a result of the inherent : “sash 
properties of a dislocation and its interaction with other “on of the imperfections could be detected. 


dislocations or other types of lattice defects. Despite the 
recognized importance of the role of dislocations on GENERAL CONSIDERATIONS 
properties such as mechanical strength, damping and X-ray diffraction theory predicts that reflection of 
electrical resistance, there has been but little work done X_rays from a set of lattice planes in a perfect crystal 
toward obtaining direct estimates of dislocation distri- should occur over an angular range of a few seconds of 
butions and densities. This state of affairs is primarily are. In practice, it is Rnostil tent waned cbvaiele give 
due to the lack of completely satisfactory methods of _ reflections over an angular range in excess of one minute. 
measuring dislocation densities and distributions. Re- 
cently developed X-ray diffraction techniques! offer 
hope of improving this situation, and as applied particu- 
larly to metal crystals, are capable of giving semiquanti- 
In addition 


This spread in the angular range can be interpreted in 
terms of a mosaic block structure in which the angular 
range of orientations is given by the spread of the re- 
flection. This concept of a mosaic structure was ini- 


tative estimates of dislocation densities. tially introduced by Darwin‘ to account for the ob- 


these methods can detect the presence of and measure 
the magnitude of a particular type of dislocation dis- 
tribution commonly referred to as a small-angle bound- 
ary. Information of this kind is of importance in the 
interpretation of physical behavior in terms of disloca- 
tion theory. 

The present investigation was carried out to assess 


the possibilities of using X-ray measurements to de- 


* Received November 3, 1954. 
t-University of Illinois, Urbana, Illinois. 
t Now at Oak Ridge National Laboratory, Oak Ridge, Tenn. 
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served intensities of reflections from real crystals. 
Theory indicated that the observed intensities could be 
accounted for by a mosaic block size of mean diameter 
10~* to 10-° cm. This mosaic structure can be inter- 
preted in terms of dislocation distributions in which the 
boundaries between the blocks are defined by disloca- 
tions, and for the block sizes above would give disloca- 
tion densities of 10° to 10" lines/cm?. 

In addition to the spread in the reflection angle which 
arises from the tilting of the blocks, contributions to the 
angular range of the reflections should arise due to the 
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size of the mosaic blocks and from the strains asso- 
ciated with the presence of dislocations. 

Cottrell®* discusses the interpretation of the spread 
of X-ray reflections in terms of possible dislocation 
models for the case of tilting of the mosaic blocks. The 
type of model that he indicates should give the most 
reliable estimates of dislocation densities consists of a 
linear array of blocks of mean size 1, each block tilted 
by the angle a relative to its neighbors, a being ran- 
domly positive or negative. For this case, the probable 
angular deviation ¢ between two points in the crystal 
separated by the distance L is given by: 


g=a(L l)}, 


Assuming that the angle a is due to a single dislocation 
in the block boundary, the probable angular deviation 
is related to the dislocation density by the relation: 


where 6 is the Burgers vector of a dislocation and p is 
the dislocation density in lines/cm’. 

Extension of this theory to the two-dimensional case 
and to a derivation of the distribution function of the 
one-dimensional model leads to results similar to 
Eq. (2) in that the mean-square deviation increases 
with increasing sample size. The conclusion from this is 
that if dislocation distributions are essentially random, 
then the expected angular deviations will increase with 
increases in the crystal size or of the region investi- 
gated. This point can be checked experimentally. In 
addition, the tilting block model indicates that this 
source of angular spread of the reflections is independent 
of the reflection angle and offers the possibility of sort- 
ing out its contributions from other sources of line- 
broadening which are dependent on the diffraction 
angle. 

The particle-size broadening equation gives the 
increase in the angular spread of the reflection asso- 
ciated with the size of the coherently reflecting region. 
This relation is: 

0.9X 


where w is the experimental line width, wo is the in- 
strumental line width, is the wavelength of X-rays 
reflected by the crystal, 6 is the Bragg angle, and 
/=mean particle size. This equation predicts an in- 
crease in the line width due to decrease in the particle 
size. For a given system (A, / constant) the line width 
observed will vary as a function of secant @. In practice, 
the application of this relationship to the interpreta- 
tion of experimental data requires accurate knowledge 
of the instrumental line widths—particularly in the 
case of annealed crystals where / is relatively large and 
the expected changes in line width are small. 

The influence of lattice strains on the angular range 
of the reflections arises from the change in the diffrac- 
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tion angle wi changes in the 


The shift in t 


iInterpianar 


1e reflection angle is given by: 


Aé 


where ¢ is the strain and @ is the diffraction 


uniform strain will simply produce a shift 


diffraction angle without any cl in the angular 


ange 
range of the reflection. However, a non-uniform strain 


will give a contribution to the line width due t 


tion in e. The line-width increase Au 


strain Ae is given by: 
Aw 


In order to relate Eq. (5) to dislocation theory, 


dislocations in a crystal 


estimated by averaging the strain due toa single di 


mean strain due to 


tion over the region surrounding the dislocation 


points midway between adjacent d 


of calculation can be carried out 


islocations. Thi 


for edge | 


tions and gives: 


where @ is the mean-square tensile or compressive 
strain, 6 is the Burgers vector of a dislocation, R is the 
radius of the region occupied by the dislocation, and 


ro is the radius of a region around the core of the di 


in which eq lation 6) i applicable due 


the elasticity equation 
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cm in subsequent 
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this into account, 
Aw=4bp?{ log 


The 
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increase in line width predicted 
to edge tvpe disloc: 
type dislocations introduce no dilati 


In addition to the 


cussed above, small-angl 


present in metal crystals and 
high angular resolution X-ray ¢ 


ment between one portion of tl 


They are observed in an 


The angle associated with this displacement is a direct 


measure of the angular misorientation oc 


boundary. The simplest type of boundary 


constructed using dislocations consists of 


Sign with a 


parallel-edge-type dislo ations of the same 


mean spacing # between the dislocations. For small 
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Specimen 


Fic. 1. Schematic diagram of experimental set-up. 


angular misorientations, the angle of tilt of the bound- 
ary is: 


(8) 


where a is the tilt angle of the boundary and 6 is the 
Burgers vector of the dislocations. 

High-resolution X-ray diffraction methods have been 
applied to metal single crystals by several investigators, 
and their results have indicated that a higher degree 
of crystal perfection than heretofore expected some- 
times exists in carefully handled single crystals obtained 
by recrystallization. Guinier and Tennevin,' using a 
focusing Laue method, reported a maximum disorienta- 
tion in certain aluminum specimens of less than 30 
seconds of arc over regions involving about 30 mm’. 
In terms of the tilting-block model for estimating dis- 
location densities (Eq. 2), this gives a dislocation den- 
sity of p=2.3X 10° lines/cm. Lambot, Vassamillet, and 
Dejace,” employing a method similar to that used in 
the present investigation, reported for Al and Fe 
single crystals a maximum disorientation of 50 seconds 
of arc. This corresponds to a dislocation density of 
7.5X10° lines/cm*. Gay, Hirsch and Kelly, 
using a micro-beam technique, report the upper limit 


about 


for the dislocation densities in annealed aluminum as 
3X 10* lines/cm?. Since their work was carried out on 
their 
results are comparable to results obtained on single 
crystals. 


polycrystalline meaterial, it is not clear that 


EXPERIMENTAL METHODS 


High-purity aluminum single crystal specimens were 
prepared in the form of square tensile specimens 1 cm 
square by 6 cm long in the reduced section of the bars. 
One group of specimens was prepared by the strain- 
anneal method of Schwope, Shober, and Jackson.’ The 
other group of specimens were prepared by the “soft 
mold” method.* 
pared from the same bars of “hi-purity” aluminum 
(99.99+% Al).* 

After the appropriate crystal growing cycles had been 
carried out, the specimens were etched in a macro-etch 


30th groups of specimens were pre- 


solution’ which was capable of showing orientation 
differences of about 1/2 degree. The presence or absence 


* Supplied by Aluminum Research Laboratories, Aluminum 
Company of America. 
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of visible disorientations on the etched specimens was 
used as a criterion for sorting them into satisfactory 
and unsatisfactory categories. Most of the specimens 
processed by the strain-anneal method required an 
anneal of 20-50 hours at 650°C to eliminate isolated 
grains that remained after the growing cycle. The yield 
of satisfactory specimens was about the same for each 
method, being slightly better than 50 per cent. 


X-RAY METHODS 


The X-ray method used was essentially the same as 


that described by Lambot, Vassamillet, and Dejace.? 
Our experimental set-up is indicated schematically in 
Fig. 1. It employed a G.E. CA7, copper target, X-ray 
tube with the beam taken from the line focus port at 
about 4 degrees to the plane of the target. A bent 
crystal monochromator intercepted this beam and re- 
flected a monochromatic beam which was convergent 
in the horizontal plane and divergent in the vertical 
plane. When properly adjusted the monochromator 
gave a fine-line focus in which the Cu-Ka doublet was 


Fic. 2. a. Quartz (210); b. Al specimen D (111); ¢. Al specimen 


18 (311); d. Al specimen 10 (220). e. Al specimen S (220). (Num- 
bered specimens obtained by strain anneal, lettered specimens 
from the melt.) 


| 
/ 
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cleanly resolved. The characteristics of the beam ob- 
tained from the monochromator are listed in Table I. 

Specimens were held in a goniometer which could be 
adjusted so that the plane of the surface being investi- 
gated coincided with the vertical axis of rotation of the 
goniometer, which in turn had been adjusted to coin- 
cide with the monochromator focus. The orienting of 
specimens to obtain reflections was facilitated by prior 
knowledge of the orientation obtained by the back- 
reflection method. 

In the adjusting of the monochromator, it was found 
convenient to employ a long focal length microscope 
to observe the focus on a fluorescent screen. Use of this 
method improved the speed and reproducibility of 
adjustment over that of the photographic method. 
In addition, the use of a portable Geiger counter to 
detect and locate the reflection from the specimen 
facilitated the accurate adjustment of the specimen for 
maximum intensity of reflection. 

Reflections were registered on film at a distance of 1 
meter from the specimen. Exposure times varied from 
10 minutes for the (111) reflection from aluminum to 
about two hours for the (333) reflection. The films were 
scanned on an L and N microphotometer and line 
widths measured at one-half the maximum film density. 
Figure 2 
method. Figure 3 shows a typical microphotometer 


shows several reflections obtained by this 
record obtained from an aluminum specimen. 

Aperturing of the incident beam was carried out to 
test the predictions of the theory based on the tilting 
block model. This was accomplished by inserting lead 
slits into the path of the incident beam at a point about 
1 mm in front of the specimen. By this means the verti- 
cal height of the beam at the specimen could be varied 
from 0.1 mm to the full beam height without disturbing 
the monochromator or specimen adjustments and with- 
out sensibly affecting the angular aperture of the in- 
cident beam. These aperturing tests were carried out 
on aluminum specimen D, grown from the melt, which 
fortuitously combined the attributes of a good degree 
of crystal perfection and an orientation such that the 
(111) reflection could be obtained under nearly opti- 
mum experimental conditions. In addition, similar 
tests were carried out on a quartz crystal using the 
(210) reflection. This reflection occurs at a Bragg angle 
very nearly the same as the (111) reflection from 
aluminum. 

In order to determine the angular dependence of the 
line widths, a number of reflections which covered the 


TABLE I. 


O85 mn 
OOS mn 
058 mm 


Separation of Ka; and Kay 

Width of Ka; at one-half maximum intensity 
Width of Kaz at one-half maximum intensity 
Full width at background intensity level 20 mm 
Vertical height 10 mm 
Horizontal angular aperture . approximately 1 
Vertical angular aperture . . . approximately 3/4 
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5.975 prin 


1 
I ucrophotometer I 


range of reflection angles possible were obtained from 
All refles 


of the specimen. Three 


one face of aluminum specimen D. tions were 
obtained from the same region 


reflections covering about the same angular range were 


obtained from the quartz crystal for comparison 


A survey was carried out on a number of aluminum 


specimens for comparison between the strain-anneal 
and the melt-grown specimens. Reflections were ob- 


tained from each of the four faces of a spe imen, usually 


near the central region along the length of the specimen. 
Six sper imens, three of the strain-anneal and three of 


two different positions 
along the le h of the 


the melt-grown, were checked at 
separated by about 3 cm speci 
men. No significant differences in the degree of crystal 
the top and bottom 


perfec tion were observed between 
sper imens were examined 


regions, so the balance of the 
only near the center. 


RESULTS 


Che result 


perturing Tests. 


on line 


Ss of the aperturing 


widths are tabulated in Table II and sum- 


marized graphically in Fig. 4. The interpretation of the 


behavior observed is reasonably direct, but requires 


some understanding of the geometry of the experiment. 
If all ic] 
can arrive at and be reflected from a point on 


men that is centrally located with 


possible paths are considered by wnl 


respect to 


lines in the focus, it is found there is a 


angular range (vertical angulk 


3/4 degree over which this ca 
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Average Corrected Line Width-minutes 
N 


2 3 
Slit Height- millimeters 


Aperture 


Fic. 4. Effect of 
reflection from aluminum 


CuKa radiation. 


aperturing on the line widths of the (111 
and the (210) reflection from quartz. 


reflection from this point is registered on the film as a 


short arc whose vertical length corresponds to about 


3/4 degree and whose horizontal width is determined by 
the material giving the reflection and by the spectral 
range present in the X-ray beam. Points on the speci- 
men which are close enough to each other will give 
reflections which overlap and reinforce the intensity at 
the film. This condition varies with the vertical position 
along the focus. For reflection from points above and 
below the midpoint of the focus, the vertical angular 
aperture is reduced, and the direction of the ray pro- 
ducing the center of the reflected arc will no longer be 
horizontal, but will have a small vertical inclination. 
At the extremities, the vertical aperture is very small 
) ( 


and the mean paths are inclined at about 2 degrees to 


the horizontal. This can be seen in the reflections shown 
in Fig. 2 in which the lines taper off in intensity at 
either end due to the reduction of the vertical aperture 
at the top and bottom ends of the focus. The central 
portions of the lines which are uniform in intensity are 
from the central region of the focus where changes in 
the vertical aperture and the inclination of the mean 
path are small. This region of uniform intensity in the 
reflection is estimated to correspond to the center 4 mm 


focus, and this is the region in which the slits 
were used to define the beam height. In this portion of 


the reflection, the experimental line width is determined 
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Averoge Corrected line width- minutes 


Secont 


Fic, 5. Variations in line widths as a function of secant 8. 
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by instrumental contributions* and by the angular 
variations present in the material in an area defined by 
the focal width and about 1 mm of length along the 
focus. 

Inserting a slit to define the beam height at the 
specimen will not affect the line width in the central 
part of the reflection until the slit height becomes less 
than the maximum separation distance of points giving 
overlapping reflections. For slits less than this critical 
size, the area contributing to the reflection is reduced. 
In the aperturing experiments, this critical size corre- 
sponds to about 1 mm, and for slits in the range of 0.5 
to 1.0 mm the variation in the line widths qualitatively 
follows the behavior predicted by Eq. (2). Below 0.5 
mm, the gradual upturn and sharp increase in the line 
width is believed due to scattering of the incident beam 
at the edges of the slit. This factor would become rela- 
tively more pronounced with decreasing slit heights as is 
evident in the large values of the line widths for the 
0.1 mm slit. 

Due to the limited range of slit sizes for which the line 
widths vary, it is not possible to check in detail whether 
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Fic. 6. Variations in line widths as a function of tangent @. 


these changes follow the square-root relation of Eq. (2). 
A rough check can be made from the ratio of the line 
widths for the 1.0 mm and 0.5 mm slit sizes. This ratio 
is 1.46 for the aluminum specimen and 1.40 for the 
quartz. The ratio expected from Eq. (2) is 1.41. The 
agreement between experiment and the tilting block 
model theory is surprisingly good, particularly in view 
of serious doubts that arise as to the applicability of a 
theory based on a one-dimensional model to a three- 
dimensional (or at best quasi-two-dimensional) system. 
The important result of these measurements is that the 
behavior observed is qualitatively consistent with the 
behavior expected from a system containing a random 
dislocation distribution. 

Further consideration of the applicability of Eq. (2) 
to observations made during this investigation reveal 
some features which are of interest. If we use Eq. (2) 
to calculate probable angular deviations for widely 


* The instrumental contributions to the widths of reflections 
obtained with our experimental set-up have been treated in some 
detail by Lambot, Vassamillet, and Dejace.? Except for the con- 
tribution due to spectral width, the instrumental contributions 
for the reflections observed in the aperturing tests are quite small 
and lead to no serious errors if neglected. 
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separated points in the crystal (L=1 cm) for disloca- 
tion densities in the range of 10* lines/cm? to 108 
lines/cm?, we obtain the following values for the prob- 
able angular deviation: 


io = 


When the full beam is employed, the reflection ob- 
tained comes from a region on the specimen along a 
line about 1 cm in length. We can readily detect hori- 
zontal deviations in the position of the reflection of 
about 1 minute and vertical deviations of about 10 
minutes. In the absence of small-angle boundaries, no 
horizontal deviations from the mean-reflection position 
were observed that to more ) 


amounted than 1 or 2 
No vertical 


deviations were detected. This 


either the dislocation densities of the 


minutes. 
indicates that 
specimens observed were of the order of 10° lines/cm? 
or less, or that the tilting block model from which 


TABLE II. 
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Aluminum 


(111) 
Reflection 


WwW 


“sn 


) 
8 
2 
5 
> 
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bo 


Quartz 
(210) 


oo 


Reflection 


of three microphotome 


Eq. (2) is derived is not a good representation of the 
situation in a real crystal. 


Variation of Line Width with Diffraction Angle. The 
results of the measurements made to determine the 
dependence of the line width on the diffraction angle 
are tabulated in Table ITI and summarized graphically 
in Figs. 5 and 6. It is not possible to decide from these 
graphs whether the data follow the tangent 6 relation 
for strain broadening, or the secant @ relation for par- 
ticle size broadening. The results obtained on the 
quartz are somewhat indefinite due to scatter in the 
points obtained. Dislocation densities calculated from 
the slopes of the curves in Figs. 4 and 5 are tabulated 
in Table IV along with the values calculated from Eq. 
(2). The agreement between the dislocation densities 
estimated in the aluminum specimen by the tilting block 
model and the particle size relation is quite good. 

The densities obtained from the 


low dislocation 
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III. 


re flect 
Aluminum 
specime! 


strain broadening relation as compared with the densi- 
ties estimated from the tilting block model and from 


the particle size relation indicates that strains of the 


type considered in the derivation of Eq. (6) are quite 
Che dislocation densities tabulated in Table IV 


for particle size broadening are calculated under the 


small. 
assumption that strain broadening is negligible, and 
the strain broadening values assume that particle size 
If the 


densities given by the tilting block mode! and by the 


broadening is negligible. value for dislocation 


particle size broadening relation are accepted as the 
most reliable estimates of the dislocation density in the 
aluminum crystal examined, the low dislocation density 
obtained using the strain broadening relation can only 
be consistent with tilting block and particle size densi 
ties if the dilations present are much smaller than one 
would expect from most dislocation arrangements. It 


can be consistent if: 


1. Screw type dislocations predominate In annealed 
crystals. This appears to be a reasonable possibility, 
since the strain energy of an edge type dislocation is 


about 50 percent greater than that of a screw dislo 
cation. 


2. Edge type dislow 


of the crystal. One dislocation array which is commonly 
} } 


observed in metal crystals is the small angle boundarv. 


Survey of Aluminum Single Crystals. Comparison of 
the strain-anneal specimens (numbered series) with the 


melt-grown specimens alphabet series) from the survey 


I\ 


111 1.38 83 74 id 
220 2.09 1.65 1.21 49 S4 
222 2.15 2.26 93 66 79 
331 2.88 3.12 R6 15 66 
$22 +.82 5.44 1.26 70 Qs 
333 11.16 14.30 2.16 1.04 1.60 
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210 1.08 1.09 59 15 5? 
110 1.50 1.80 29 20 24 
524 7.36 853 1.16 04 () 
erture. See Ref. 2 
Aper 
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results as tabulated in Table V indicates that on the 


average the former show a slightly better degree of 


crystal perfection. The rather surprising aspect of this 
survey is that melt-grown 


specimens which were comparable in all respects to the 


there were a number of 


strain-anneal specimens. In general, the degree of 
crystal perfection present in the melt-grown specimens 
is much better than would be expected from information 
available in the literature. 

lt-grown specimens, the number of smal 


In the me |- 
angle boundaries intercepted by the beam was deter- 
mined in part by the angle the line of the focus made 
with the specimen axis. When the focus was perpen- 
dicular to the specimen axis, it intercepted on an average 
three times as many boundaries as when it was parallel 
to the specimen axis. Th’s indicates that the boundaries 
tend to run parallel to the specimen axis (and the 
growtl No indications of a preferred direc- 
tion of the strain- 


direction 


boundaries was observed in the 


anneal specimens. 
The density of dislocations in the small-angle bound- 
aries is comparatively small. For the strain-anneal 


specimens, the average density of dislocations in 


boundaries* is 4.610* lines/cm?, and for the melt 


* From the survey results, the average boundary angle and the 
average number of boundaries per cm are known. The total length 
of boundaries in a square centimeter can be estimated and calcu- 
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grown specimens 1.0X 10° lines, cm?. The line widths of 
the strain-anneal specimens tend to be slightly smaller 


than those of the melt-grown specimens. Annealing of 


several melt-grown specimens produced no detectable 
changes in the line widths. The average corrected line 
widths for both groups of specimens are 0.62’ for the 
melt specimens and 0.45’ for the strain-anneal speci- 
mens. The latter value is about the same as observed 
for the (210) reflection from the quartz. The dislocation 
densities corresponding to these line widths are 2.9X 10° 
lines/cm? for the melt specimens and 2.3X 10° lines/ cm? 
for the strain-anneal specimens. 

Some insight as to one of the sources of variation in 
line widths from specimen to specimen is given by a 
series of microphotometer measurements of the (111) 
reflection from specimen D and the (210) reflection ‘of 
the quartz. Each reflection was scanned at 0.5 cm in- 
tervals along its length over the central 5 cm of the line 
where the film density in the reflection was uniform. 
The root-mean-square deviation of the measurements 
from the aluminum specimen amounted to 20 per cent 
of the corrected line width, while the deviation for the 
quartz was 2 per cent. Close visual examination of the 
aluminum lines indicated that small bulges were present 
lation of the number of dislocations associated with boundaries 


obtained from pg= (a/b)L, where @ is the mean boundary angle 
and L the total length of boundary per square centimeter. 


Mean line widths in minutes 
Corrected for (vg. no. of \verage 
Ul rrected spectral widtl small angle boundary, Maximun 
Specimer Reflecti boundaries ingle lisorientation 
7 220 1.45 £52 63 42 1.8 1.1 3.0’ 
220 1.42 1.36 .60 26 
10 311 1.34 1.55 29 15 30 l.2 6.2 
13 220 1.39 1.43 57 33 2.8 0.9’ Le 
14 311 1.51 1.74 16 34 a i 2.4’ 
15 220 2.12 1.83 1.30 73 1.3 0.9’ 1.4’ 
200 1.04 0.90 51 19 seal nan 
18 311 1.29 49 24 09 1.0 0.1 l.s 
22 311 1.62 81 57 Al 0 
111 1.32 38 87 18 
D 220 09 65 1.27 5 7 8’ 1.5’ 
311 87 14 82 74 
E 220 60 73 78 63 1.4 8 bg 
220 30 45 48 35 
311 =Q 53 43 4.8 34.4 
H 311 2 2.46 1.27 1.06 8 hy oa 
L 311 0 1.62 45 22 1.0 2.25" 4.1’ 
200 7 1.64 1.24 93 
M 311 2 1 58 28 18 wo / a 
N 311 I 1.87 56 47 6.2 3.4’ 35 
220 7 1.68 85 .28 
I 311 1.93 86 53 1.4 2.61 
Q 311 9 2.02 94 62 3.0 1.72 5.16’ 
S 220 1.65 81 4.5 14.4’ 
200 1.10 59 39 
220 1.36 40 20 1.4 2.6 
220 2.10 1.13 1.00 
311 1.55 58 15 16 V4 
220 1.66 93 56 : 9 VOL. 
PCI 311 0 2.16 1.05 76 40 1.6 one x 
* These alive re btained by « inting the d tir ties on ea the films obtaine rom a given specime ne 
f films. 7 give roximately the average number small angle boundaries that would be intersected b line o1 rystal 1 cm in lengt 
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on the lines (compare a and 6 in Fig. 2). Some, but not 
all of the melt-grown specimens gave reflections with 
this type of variation in the lines, whereas the strain- 
anneal specimens rarely showed this type of variation. 
These variations are thought to correspond to small 
angle boundaries which are not resolved and represent 
angular disorientations of less than about 20 seconds 
of arc. 

The comparable degree of perfec tion observed in the 
quartz and aluminum specimens is consistent with pre- 
X-ray 


Comparison of our results, which were obtained by 


vious work which employed this method. 
reflection, with previous results obtained in transmis- 
sion? do not indicate any sensible differences in the 
degree of crystal perfec tion observed. This point is of 
some importance, since the reflection method ‘‘sees”’ 
only a thin layer at the surface and the question natur- 
ally arises as to whether these surface observations are 
also applicable to the interior of the crystal. Since the 
transmission measurements mentioned above were made 
on 0.5 mm thick specimens, it appears that our measure 
ments in reflection are representative of the material to 
a depth comparable to this. 

The unexpected high degree of crystal perfection in 
the melt-grown specimens is probably associated with 
the crystal growing method employed. No attempt has 
been made to date to ascertain which of several possible 
factors are of importance. The factors that are different 
“soft-mold” method from conventional 


in the more 


methods are the strength (or softness) and the radial 


thermal insulation provided by the mold 

The softness of the mold material reduces the possi 
bility of strain due to differential thermal contraction 
in specimens “keyed” in the mold, and in addition, 
permits easy removal without the danger of accidentally 
damaging a specimen. The thermal insulati 
provided by the mold material combined with extrac 
tion of heat by conduction from the bottom of the mold 
favors a truly axial heat flow in the specimen during 
solidification. This last factor is throught to be tl 
more important of those discussed. 


CRYSTAL PERFECTION IN Al 


CONCLUSIONS 


» of high-resolution X-ray diffraction methods 
on annealed crystals offers good possibilities of obtain 
+} ] 


information about ie dis ation 


ing considerable 


densities and distributions. The present work 


in annealed aluminum sing ; "Vsl , tne mayority 


of the dislocations are present in essentially random 
arrays and in densities of about 

angle boundaries contribute but 

dislocation density, contributin; 


10° to 10 
No basic differnces were 


ines, 
observ ed 


im single crystals prepared by 


method and those 


the two types of crystals is 


difference between 


on tie a rage the 


number and angular range of smal] 


angle bound: is | in the strain 
Additional work 


ts of this investigation. Extension of the 


anneal crystals 


is needed t onfirm and e) 
Statistics of disioca 


mental and theoretical is desirable. 


perimental techni lif 10se employed in 


this work shoul 


ACKNOWLEDGMENTS 


LO Professor \ Gull 
| during his 
\leta 


is met od period ol resicle nce 


iting Protessor of 


\leta 
Nb ORI 071(54 


REFERENCES 


167 
the strain annea 
wees from the melt. The majo 
cpand the 
resu work on 
the experi 
be investigated 
he authors are gr] er fol 
2 neip wit I is 
onc \ nent o 
\lining and of Illinois 
S work ice of Nava 
l \.G 1. Te \ ( 2? 133 (1949 
( L. Vassa I. D \ M 
1953 
3. P. Gay, P. B. Hit \ \. K \ M 1, 31 1953 
G. D P Mag. 27. 315 675 1914 
5. A. H. Cottrell, Dislo« ( 
()x vers P | 105.4 
6. A. Guinier, Imperfections in N p ( 
N \ 195 1() 
Meta N.A.C.A. TN 2618, 195 
| S. Nogg | I 24 124 19053 
9. P. A. Be J. C. Kremer, L. J. D M.L. H : 
l \.I.M.E. 175, 372 (1948 


THE DEFORMATION OF SINGLE CRYSTALS OF a-BRASS* 


HEATHER M. MURPHY and E. A. CALNANT{ 


Single crystals of a-brass deformed in tension have been studied by X-ray and micrographic methods. 
The connection between the orientation dependence of cross-slip and the unequal hardening of active and 
latent slip planes has been demonstrated. The two types of deformation bands observed are discussed. An 
explanation of the deformation differences between copper and copper solid solutions is proposed in terms of 
the locking of the dislocation sources in the alloy by solute atoms. This inhibits the development of the ‘‘fine 
structure” of elementary slip lines and so favors continued slip on parallel primary planes rather than on 
intersecting planes. 


DEFORMATION DE MONOCRISTAUX DE LAITON a 


Des monocristaux de laiton a, déformés par traction, ont été étudiés par rayons X et micrographie et 
une relation entre |’orientation des cross-slips et la différence de consolidation des systémes actif et latent 
a été établie. Les deux types de bandes de déformation observés sont discutés. Le comportement différent 
du cuivre et de ses solutions solides lors d’une déformation est expliqué par le blocage des sources de disloca 
tions par les atomes dissous qui empéche le développement de la structure fine des lignes de glissement et 
favorise le glissement continu sur des plans paralléles, plut6t que sur une autre famille de plans 


DIE VERFORMUNG VON EINKRISTALLEN AUS a-MESSING 


Mit Hilfe von réntgenografischen und mikroskopischen Methoden wurden durch Ziehen verformte 
Einkristalle aus a-Messing untersucht. Der Zusammenhang zwischen der Orientierungsabhingigkeit der 
Doppelgleitung und der ungleichmissigen Verfestigung der aktiven und der latenten Gleitebenen konnte 
gezeigt werden. Zwei verschiedene Typen von Gleitlinien, die beobachtet wurden, werden erértert. Fiir die 
Unterschiede bei der Verformung von Kupfer und kupferreichen Mischkristallen wird eine Deutungs 
moéglichkeit vorgeschlagen, die auf einer Bewegungshemmung der Versetzungsquellen in der Legierung 
beruht. Durch sie wird die Ausbildung eines ‘“‘Subgefiiges” (fine structure’’) der elementaren Gleitebenen 
unterbunden und so ein kontinuierliches Gleiten auf parallel liegenden, primiaren Gleitebenen mehr begiin 


stigt als das Gleiten auf sich schneidenden Gleitebenen. 


The deformation behavior of single crystals of a-brass_ took place, this hardening preceding the advent of 
has been studied by a number of previous investigators. conjugate slip. 
The operative slip system, {111} (110), was determined It was felt that certain features of this earlier work 
by Elam! who also noted that slip continued on the might now be correlated in the light of recent ideas on 
primary system alone until the crystal had rotated a_ dislocations, cross-slip, and the effect of solute atoms, 
considerable distance beyond the symmetrical position and to this end X-ray and micrographic examinations 
where the conjugate slip system should begin to operate. were made of single crystals of particular orientations 


This phenomenon of unequal critical shear stresses on deformed in tension. The results obtained together with 
some interpretation of the earlier observations are de- 


active and latent slip systems was investigated further 
by Masima and Sachs? who showed for a variety of scribed herein. 

crystal orientations that the critical shear stress for EXPERIMENTAL 
the conjugate slip system at the point where it became Single crystals of nominal composition 70 per cent 
active was about 25 per cent greater than that for the copper, 30 per cent zinc, were grown in the form of 
primary system. Goler and Sachs* demonstrated the 1/8-in. diameter rods approximately 6 in. long by slow 
variation of the shear stresses with the composition _ solidification from the molten state, using seed crystals 
of the brass. the latent hardening being approximately inclined to the axis of the rod to give the desired orienta- 
tion. After electropolishing in a chromic acid solution 
the orientation of the crystals was determined by the 
standard X-ray back-reflection Laue method. 

The crystals were extended in a simple tensile testing 
machine, the load being applied at the ends through 
friction grips which were constrained to prevent any 
twisting about the axis of the specimen. Optical micro- 
graphs and orientation measurements were taken at 


proportional to the zinc content. More recently, 
Maddin, Mathewson, and Hibbard‘ established the 
presence of cross-slip in single crystals so oriented 
that they should have deformed on only the primary 
system. They showed that the cross and primary sys- 
tems corresponded to slip on different planes but in a 
common slip direction. Shear hardening was found to 


be negligible until all the surface of the crystal was : : 
various stages in the deformation. 

covered with slip lines, then with additional slip on the . . , 2 ae 
Details of the chemical analyses of the individual 
existing primary and cross slip lines rapid hardening . . 
- © crystals will be given in the results but it may be men- 
es oe tioned that high accuracy carbon determinations on 


t National Physical Laboratory, Teddington, England. two crystals yielded contents of 0.004 wt % and 0.0048 
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HO 


Fic. 1. Tension axis orientations initially and where marked 
conjugate slip was observed to cut through primary slip lines 


wt %. This was done to determine the pick-up of carbon 
from the colloidal suspension of graphite in methyl 
alcohol which was coated on the crystals before the 
growth process to reduce the formation of surface ir- 
regularities and facilitate the removal of the crystal 
from the silica tube in which it was grown. 


RESULTS 


The initial orientations of the crystals and the orien- 
tations where marked conjugate slip was observed to 
begin are shown in Fig. 1, the relative shear stresses on 
the primary and conjugate systems at these latter 
orientations being listed in Table I. The orientations 
at intermediate and subsequent extensions are largely 
in accord with previous observations, rotations having 
taken place towards the active slip direction, the ap- 
propriate (110) direction. These are shown for one 
crystal in Fig. 2. 

SLIP LINES 


In discussing the slip systems the four possible slip 
planes will be referred to as the primary, the conjugate, 
the cross-slip plane and the fourth, as illustrated in 
Fig. 3. It was noted in agreement with previous workers 


TABLE I. Ratios of resolved shear stresses on conjugate and 
primary slip systems at orientations where conjugate slip cut 
through primary slip lines. 
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* Crystals extended in liquid nitrogen. 
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lOO 


Fic. 2 


rotation during exten 


Figure > extensior 


Tension 


s10n, crystal 
indicates 
that deformation began with the formation of a few 
strong and widely spaced slip lines and proceeded by 
the formation 
spaces. Early in the deformation a few isolated slip 


of additional lines in the intervening 
lines corresponding to the conjugate or fourth planes 
were observed, as reported by Maddin, Mathewson, 
and Hibbard.*® The possible importance of these will be 
discussed in connection with deformation bands. 
Interest was centered mainly on the occurrence of 
cross-slip and the possibility of its dependence on crystal 
orientation. It was found to be much more frequent 
100 | 


for orientations in the vicinity of as shown by 


Figs. 4A and 4B which have been chosen to be as far as 


possible typical examples of specimens in comparable 


conditions. It was concluded also that the cross-slip 


lines on formation extend from one primary line across 
the open space to the next line; that is to say, in the 


deformation primary 


lines are far apart there are long cross-slip lines, whereas 


initial stages of the 


late in the deformation where the primary lines are 


T 
CONJUGATE 


Fic. 3. The most favorable slip 
particular triangles ar 
of slip systems. Primary (111 


Cross (111 [101 | Fourth (111 


orientations 1n 
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in reproduction.) Fic. 
ittle cross slip. Crystal No. 43. 17 per cent extensi 
Band 
8. Band of secondary slip. Crystal No. 43. 17 per cent extension. 350X 


$B. 33° fron owing lit 
70X. Fic. 6B 
nsion 750X. Fic. § 


band (low magnificati 


stal No. 40. 7 per cent 


together only short cross-slip lines are formed. 
Fi ure 5 shows ey iden 4 of cross-slip on the conjugate 
system, the cross-slip plane operating as with 
primary cross-slip but slipping in a different direction, 
namely, the conjugate slip direction, which is common 
to the conjugate and cross-slip planes. 

The term deformation band has been used to describe 
various types of deformation inhomogeneity. The bands 
in aluminum which have been studied in some detail, 
Cahn,® Honeycombe,’ and Calnan,° are of two distinct 
types : king bands and bands of slip on a plane other than 
the primary slip plane (secondary slip). In the present 
work two types of bands have also been observed, i.e., 
the bands of secondary slip, which might be expected 
and which are similar to those in aluminum, and other 
bands closely related to kink bands. The latter have 


$A. 3 


VOL. 


| 


showing much cross slip. Crystal No. 28. 14 per 
Fic. 6A Rumpled 
700X. Fic. 7. Band 


from (100 


magnification 


similar to Fig. 6A at high 


apparently not been observed before and in fact 
Kuhlmann-Wilsdorf and Wilsdorf® suggest an explana- 
tion why kink bands proper should not appear in 
a-brass. Their argument is based on the fact that the 
slip lines in brass are too far apart for dislocations on 
adjacent lines to interact and form a kink array. The 
present authors thought that although this may be 
true throughout most of the deformation, there might 
be a hint of kink bands after considerable extension 
when slip lines were close together over the whole 
surface. Crystals were accordingly examined after severe 
deformation and rumpled markings similar to kink 
bands were found cutting across the primary slip lines, 
Fig. 6A. The planes on which these bands were lying 
were not, however, those normal to the operative slip 
direction, or in fact to any slip direction, as is the case 


MM 3, 1955 
one 
cent extension. 350%. Fi 
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in aluminum. They were found to correspond to the 
plane of another slip system, one of the unpredicted slip 
lines observed early in the deformation. Confirmatory 
evidence of this was the fact that at high magnifications 
the position of the “rumple” band showed only as 
another slip line crossing the primary system, Fig. 6B. 
It should be pointed out that the apparent direction of 
the slip line formed in the initial stages of deformation 
is generally not the correct crystallographic plane after 
it has been displaced by subsequent shear, and due 
allowance for this effect must be made. It thus appears 
that the Wilsdorfs’ explanation of the absence of kink 
bands proper is valid although in fact features closely 
akin to kink bands develop for another reason. In 
connection with the additional slip lines it may be 
noted that there was a tendency for them to appear as 
pairs, of spacing about one micron, Fig. 7. This phe- 
nomenon is unexplained. 

The second type of deformation band, the bands of 
secondary slip, were similar to those in aluminum in 
having edges slightly inclined to the adjacent slip lines. 
This characteristic, commented on briefly by the au- 
thors,’ has been considered in detail by Kitajima," who 
attributes it to the bending stress in the specimen 
brought about by primary slip. An example is shown 
in Fig. 8. 

DISCUSSION 


A convenient way of discussing cross-slip is provided 
by the idea proposed by Calnan* for the explanation 
of additional slip systems in single crystals. On account 
of the inhomogeneity of stress which develops in a 
crystal undergoing plastic deformation, the effective 
stress direction in any small part of the crystal is not 
necessarily the same as the applied stress direction. It is 
suggested that it can be represented by a simple tensile 
stress, 7',, initially coincident with the applied stress 
but under increasing applied stress 


direction which 


Fic. 5. Cross slip on conjugate system particularly evident within 
encircled area. Crystal No. 45B. 38% extension. 350 
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moves to a point of lower resolved shear stress. This 
movement continues until an element of slip occurs, 
which takes place on the most favorable system or 
systems « orresponding to the orientation of 7,. Figure 9 
shows the contours of the resolved shear stress function 
cosx cosa, and A angles which the 


stress axis makes with the primary slip direction and 


where x are the 


the primary slip plane normal, respectively. If the 
critical shear stress on the primary system is less than 
that for the other systems, then the boundary between 
the primary and the 
from 111 100 to a position ST J If, however, the 


cross-slip system has the same critical shear stress as 


other systems will be removed 


the primary, lower than that for the other two systems, 
then the boundary will be ST 100, the boundary be 


being TY. 


crystal] of applied stress direction p the 


tween the cross and fourth systems now 


Thus for a 
path of the effective stress to a minimum is either 


pXl 


or pu T corresponding to these 
former should display primary slip, 


cross-slip, while 


tem, and possibly a little 
primary and cross-slip and possibly a litt 


fourth and conjugate systems. These are general 


trends of behavior and there may 


constraint 


regions of material which have such 


cause them to behave otherwise However, the ex] 


mental observations leave little doubt that there 1 
of cross-slip than 


overwhelmingly greater amount 
the fourth system, that is to say, a-brass corresponds to 


] 


the second of the cases above in having lower critica 


shear stresses on the primary and cross-slip systems 
than on the It will be seen im 


two systems 
crystals of initial 


removed 100 for 


mediately on this basis that for 


stress axis orientation from 


instance g—the path of 7, is g 7, and thus comprises 


considerable lengths of primary slip (¢]} 
and conjugate slip, (17). Therefore cross-sliy 
spondingly much less likel r such an orientat! 


this way the orientation depe! dence of cross-sli] 


served is explained qualitatively. By 


it may also be shown that cross-s 
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TABLE II. Concentrations of various solute atoms in copper to 
produce brass type polycrystalline deformation textures, after 
Hibbard et al." 


Concentration, 


—().026 
0.042 
0.120 


become prevalent in the immediate vicinity of the [111 ] 
direction. In the present work, however, these orienta- 
tions have not been investigated. 

The next point to be considered is why the cross-slip 
is more extensive in a-brass than in aluminum, for 
example. One reason is apparent from the preceding 
section. The probability of cross-slip occurring depends 
on the length of the path of 7, common to the primary 
slip and cross-slip triangles, i.e., the line from T towards 
[100]. In aluminum this line is non-existent, or very 
short, because there is virtually no difference in the crit- 
ical shear stresses on the active and latent slip systems, 
and there is accordingly comparatively little cross-slip. 
A second reason is attributed to the absence in a-brass 
of the “elementary structure” of fine lines found in 
aluminum and copper by Kuhlmann-Wilsdorf and 
Wilsdorf.’ The present experimental observations sug- 
gest that, in general, cross-slip extends from the primary 
slip line where it is initiated to the next adjacent primary 
slip line. In aluminum there are elementary slip lines 
all over the specimen so that the cross-slip lines will be 
correspondingly shorter than in brass where there are 
large open spaces between adjacent slip lines. Of course, 
as the deformation of the brass proceeds the open 
spaces are increasingly filled with lines, and cross-slip 
in the later stages should be restricted to short lengths, 
which was in fact observed. 

It thus appears that the cross-slip phenomena in 
brass are the result of lower critical shear stresses on 
the primary and cross-slip systems than on the other 
two systems. After conjugate slip has begun, the lattice 
rotations towards the conjugate slip direction, [110], 
indicate that the conjugate slip system alone is active. 
This in turn implies that the critical shear stress on the 
conjugate system is now lower than that on the primary. 
So the effects may be summed up by stating that the 
critical shear stresses on the active and cross-slip 
systems are lower than those on the latent systems. 

Before discussing how this inequality comes about, 
the influence upon it of concentration of the solute 
atoms will be considered. First, there are the direct 
measurements of the orientations where marked con- 
jugate slip begins which give the ratio of the resolved 
shear stresses on the primary and conjugate systems.?*!! 
These indicate quite clearly that the ratio rises con- 
tinuously from unity for pure copper up to a value of 
about 1.3 for a 30 per cent concentration of zinc in 
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copper. Secondly, there are some indirect measurements 
which may be worthy of further experimental investiga- 
tion in the future. It has been proposed by one of the 
authors, Calnan,” that the difference between the poly- 
crystalline deformation textures of copper and a-brass 
stems directly from the ‘‘overshooting’” phenomenon. 
Hibbard ef al'* have studied the textures in various 
copper solid solutions and determined the concentra- 
tions required to produce the brass-like texture. These 
are listed in Table II, together with the size factors of 
the solute atoms, the atomic radius here being half the 
closest distance of approach in the parent lattice. It 
will be seen that there is some evidence that to produce 
the brass texture, which presumably implies a certain 
amount of ‘overshooting,’ the concentration varies 
inversely as the size factor. 

A satisfactory explanation of the deformation of 
copper solid solutions must thus explain (a) why the 
active and cross-slip systems have lower critical shear 
stresses, (b) the increase of this effect with increased 
solute concentration, and (c) the variation with size 
factor of the solute atom. Koehler" has suggested that 
the vacancies produced in the slip line diffuse outwards 
from it and erase impurity stresses in a band bordering 
the slip line. A parallel line may then be propagated 
through it more easily. One experiment immediately 
presents itself. If the slip behavior is governed by a 
diffusion process, then at a low temperature the diffu- 
sion rate should be so reduced as to eliminate almost 
entirely the softened region on either side of the slip 
line and the overshooting should therefore disappear. 

Two crystals, Nos. 2 and 4, were extended in liquid 
nitrogen. It will be seen from Fig. 1 and Table I that 
the overshoot is not significantly different from that 
obtained at room temperature, and accordingly the 
vacancy diffusion hypothesis must be discarded. 

The following explanation, however, appears to be 
more in agreement with the experimental facts as 
known at present. It is suggested that in the pure metal 
the activation energies for the dislocation sources lie 
within a fairly sharply defined band, whereas in the 


alloy there is a very broad band of energies due to 


widely differing locking of the sources by correspond- 
ingly wide variations of solute concentration in the 
immediate vicinity. Then in the pure metal a large 
number of sources are activated at the same stress level 
and a closely spaced system of slip lines develops in 
contrast to the alloy case where only a few isolated 
sources are active. (To produce equivalent shear in the 
alloy, many more dislocations must be emitted by these 
few sources. This may accord with the observations 
that from the earliest stages of deformation in brass 
large well-marked slip lines develop.) The closely 
spaced system of slip bands (referred to as the elemen- 
tary structure) may be considered to leave behind a 
“forest” of dislocations which impede equally further 
primary slip or intersecting conjugate slip, that is to say, 
the active and latent systems harden equally. The 
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widely spaced lines in the alloy, however, may be 


described as leaving ‘“‘avenues” of dislocations which 
give no obstacle to additional parallel active but which 
oppose intersecting lines. It may be remarked that if a 
conjugate line develops in a region between two widely 
spaced primary lines it will oppose other primary lines 
and the band will fill up with parallel conjugate lines. 
Such may be the explanation of the band shown in 
Fig. 7 from Crystal No. 40 whose initial orientation 
near the [ 111 ] [100] boundary (Fig. 1) makes the early 
development of stray conjugate lines particularly likely. 

In the above explanation jt thus appears that the 
fundamental cause of the alloy phenomena is the locking 
of the dislocation sources. The precise way in which the 
sources are locked might well be that proposed by 
Suzuki!® who explains the hardening of face-centered- 
cubic alloys by the interaction of the solute atoms with 
the stacking fault separating two partial dislocations. 
In favor of this mechanism is the fact that it has the 
right concentration dependence and it seems likely that 
a solute atom-size factor effect could be introduced into 
the treatment 
permit. 

To sum up: In the pure metal there are stacking 


when appropriate experimental data 


faults but no locking; therefore an elementary structure 
develops and there is equal hardening of active and 
latent slip systems. 

In the alloy the solute laden stacking faults lock the 
dislocation sources and no elementary structure de- 
velops; therefore, the active plane is unhindered while 
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the dislocations left behind by the active lines oppose 


intersecting slip and unequal hardening results. 
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BESTIMMUNG DER VERSETZUNGSLINIENDICHTE VON VERFORMTEM EISEN* 


W. KOSTER und L. BANGERT?+ 


An einem Kohlenstoff- und Stickstoff-haltigen Eisen wurden Dampfung-Temperatur-Kurven in 
\bhangigkeit vom Angebot an Fremdatomen in fester Lésung und vom Reckgrad aufgenommen. Die Héhe 
des Dampfungsmaximums bei 200° erreicht bei gegebenem Verformungsgrad einen Grenzwert, der durch 
die Sattigung der Versetzungen mit Fremdatomen gegeben ist. Aus der Messung dieser Sattigungskonzentra 


tionen wurde die Anderung der Versetzungsliniendichte mit steigendem Verformungsgrad bestimmt. 
DETERMINATION OF THE DISLOCATION DENSITY IN DEFORMED IRON 


In iron containing carbon and nitrogen, damping-temperature curves were investigated in relation t 
foreign atoms in solid solution and the degree of cold work. The maximum of damping at 200°C, with a 
given degree of cold work, reaches a limiting value, which is caused by the saturation of the dislocations 
with foreign atoms. Measurements of the saturation concentration permitted the determination of the 


change of the dislocation line de nsity as a function of the degree of deformation 


DETERMINATION DE LA DENSITE DES LIGNES DE DISLOCATION 
DANS LE FER DEFORME 


Les courbes amortissement-température d’un alliage fer-carbone-azote ont été déterminées en fonction 
de la concentration et du taux d’écrouissage. Pour une valeur donnée de la déformation, la valeur du maxi 
mum de l’amortissement 4 200° atteint une limite qui est déterminée par la saturation des dislocations en 
atomes étrangers. De la mesure de cette saturation, la variation de la densité des lignes de dislocation avec 


des déterminée en fonction du taux de déformation 


Die Dichte der Versetzungslinien von verformtem  geléstem Kohlenstoff gilt: 
Eisen ist von Harper! auf der Grundlage einer theore- ; 
tischen Uberlegung berechnet worden. Ausgehend von 
einer von Cottrell und Bilby? durchgefiihrten Analyse . - 
der Reckalterung durch die Versetzungstheorie hat er 
fiir verschiedene Reckgrade die Geschwindigkeit der Es bedeuten C, und Cy die Menge des gelésten 
Ausscheidung von Kohlenstoff in verformtem Eisen  Xohlenstoffs zur Zeit 


bezw. ‘=0 je cm’, a und A je 
gemessen. Fiir den Bruchteil des ausgeschiedenen ejne Konstante, L die Zahl der Versetzungslinien je 
cm?, D die Diffusions-, R die Boltzmann-Konstante und 
T die absolute Temperatur. Wird also die Verarmung 
des a-Mischkristalls an Kohlenstoff mit Hilfe der 


Kohlenstoffs bezogen auf den anfiinglichen Gehalt an 


0,060 ; 


700 °/Wasser Dimpfungsmessung bei gegebener Temperatur zeit- 


lich verfolgt, so kann die Versetzungsliniendichte 
berechnet werden. Das Ergebnis der Messungen von 
Harper enthalt Tabelle I. 

450°/Wasser Dabei ist aber zuberiicksichtigen, dass die ;Theorie, 


ihrer Herleitung entsprechend, nur angeniherte Zahlen 


500°Wasser 


geben kann: insbesondere beruht der Wert der Kon- 
normalisiert stanten A auf einer Abschiatzung. 
10 Tage bei 100° In dem vorliegendem Bericht wird ein Weg zur un- 
24Tage bei 100° | | mittelbaren Bestimmung der Versetzungsliniendichte 
beschrieben. Er beruht auf folgender Erkenntnis: 
In der grundlegenden Arbeit, in der Snoek* die 


Dampfung 


Deutung fiir das wenig oberhalb Raumtemperatur 
auftretende Dimpfungsmaximum von Kohlenstoff- und 


1 J TABELLE I. Versetzungsliniendichte gereckten Ejisens 
200 300 400 nach S. Harper. 
Temperatur in °C 
sild 1: Einfluss des Kohlenstoff- und Stickstoffangebotes auf dis Zahl 
Hohe des Dimpfungsmaximums bei 200°. 
1,86- 108 
* Received November 8, 1954. 2,46-10 
Max-Planck-Institut fiir Metallforschung, Stuttgart, Ger- : 3,72-10% 
many. 
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KOSTER 


Angebot an Fremdat 

Verformungsgrad in % 


a 
S 


S 


ODémpfungsmoximums 
200°- 104 


bei 


S 


120 
Hohe des Da 


Hohe des 


“160 200 300 400 
bei 
Bild 2: Einfluss des Angebots an Fremdatomen auf die Héhe 
des Dimpfungsmaximums bei 200° bei unterschiedlichem Verfor 
mungsgrad. 


Stickstoff-haltigem Eisen gegeben hat, hat er kurz 
mitgeteilt, dass an kaltverformtem Eisen ein Maximum 
in der Gegend von 200 wird. West‘ und 
Ké* sowie neuerdings Késter, Bangert und Hahn® haben 
diese Erscheinung niher studiert. Sie ist durch eine 
Wechselwirkung zwischen Versetzungen und den von 
ihnen eingefangenen Fremdatomen bedingt. Sie ist als 


beobachtet 


spannungsinduzierte Diffusion von Fremdatomen in 
den von diesen stabilisierten beweglichen Versetzungen 
anzusehen. Die Aktivierungsenergie des Relaxations- 
vorganges bei 200° liegt beietwa 36 000 cal/ Mol. 

Es hat sich nun gezeigt, dass das Maximum bei 200 
bei gegebenem Verformungsgrad proportional zur 
Menge der urspriinglich gelésten Fremdatome bis zu 
einem Grenzwert ansteigt, oberhalb dessen es auch bei 
gesteigertem Angebot an Fremdatomen im Ausgangs- 
zustand nicht erhéht wird. Hieraus darf geschlossen 
werden, dass der maximale Dimpfungsbetrag durch die 
Zahl der Versetzungen gegeben ist und dann erreicht 
wird, wenn diese mit Fremdatomen abgesittigt sind. 
Aus der gemessenen Sittigungskonzentration kann also 
die Versetzungsliniendichte ohne Zuhilfenahme anderer 
Konstanten als des Atomebenenabstandes entnommen 
werden. 

VERSUCHSDURCHFUHRUNG 

Fiir die Versuche wurde Draht aus einem Siemens- 

Martin-Stahl folgender Zusammensetzung benutzt: 


0,08% C, 0,01% Si, 0,31% Mn, 0,2% Cu, 0,06% Mo, 
0,05% Al, 0,038% P, 0,027% S, 0,004% N 


Vor der Verformung auf 1 mm Dmr. wurden die 
Drihte auf verschiedene Weise wirmebehandelt, um 
die Menge der in Lésung befindlichen Fremdatome zu 
variieren. Die Messungen des logarithmischen Dekre- 
ments #; Diampfung gennant, wurden mit einem 
Torsionspendel ausgefiihrt, das von Ké’ beschrieben 
worden ist. Die Schwingungsdauer betrug etwa eine 
Sekunde. Die Messungen an den diisengezogenen 
Proben wurden 10 bis 15 Min nach der Verformung 
begonnen. Die Aufheizgeschwindigkeit betrug 2 bis 
2,5° je Min. 

VERSUCHSERGEBNISSE 

Bild 1 zeigt die Dimpfung-Temperatur-Kurven des 

um 33% verformten Stahles nach verschiedener Vor- 


BANGER T 


VERFORMTEM 


behandlung. Menge an gelésten Fremdatomen 


Die 
ergibt sich aus der Héhe des Dimpfungsmaximums bei 
40°. Die Héhe des Maximums bei 200 
mit wachsender Konzentration des a-Mischkristalls an 


Ta 
stelgt 


Zzunat 


Fremdatomen an, wird dann aber oberhalb eines ge 


wissen Betrages vom Angebot an Fremdatomen 


abhingig. Das gleiche Ergebnis brachten Versuche 
anderen Verformungsgraden zwischen 1,5 und 70%. 

In Bild 2 ist die Héhe des Dimpfungsmaximums bei 
200° in Abhingigkeit von der Héhe des 
bei 40 Das Maximum bei 


unabhingig vom Reckgrad proportional zum Angebot 


Maximums 


aufgetragen. 200° nimmt 


an Fremdatomen zu, bis ein Maximalwert erreicht wird, 
der, mit steigendem Verformungsgrad anwachsend, 
weiterem Angebot von Fremdatomen beibehalten 

Ist einmal die Neigung der Anfangsgeraden bekannt 


kann 


formungsgrad 


beliebigen 
\lesspunkt 


stimmt werden, sofern die Konzentration des g¢ 


der Sattigungswert fiir jeden 


durch einen einzigen 
tigungswert ist. Er 

| \lesswert 


durch den 


der vom Null 


grosser als der Sit 


ergibt sich als Schnittpunkt der 


Fremdstoffes 


zur Abszisse gezogenen Parallele mit 

punkt ausgehenden Anfangsgerade1 
Am oberen Rand von Bild 2 ist 

Kohlenstoff- und Stickstoff-Atomen angegeben 


zugrunde velegt 


der Gehalt an g 


wurde eine Eichung von Pitscl 
zufolge 1,330 ,../m der Menge an gelésten Fremdatomen 
in Gewichtsprozent zahlengleich ist 
II enthilt die Sitti 

die aus ihr sich ergebende Verset 


\bhingigkeit vom Verformun; 


Tabelle rskonzentrat 

ungsliniend cnte 
Die Werte st 

men der Gréssenordnung naci 

iiberein, liegen aber etwas 

Bis rund 30% Verformung lisst sicl 

Bild 3 


W iedergeben 


der Kurve! 


lauf durch eine parabolische Bezie 


0.54-10 


1eren Verformungsgraden liegen die Werte 


\us 


er gestrichneit veriangerten 
lgkeltsmessungen 


Bei hé 


halb Parabel 


retischen Erwaigungen an Leitfih 


van Bueren® zu der Ansicht gelangt 
mit dem Exponenten 3/4 statt 1/2 
eingehen sollte. 

Bekanntlich 
a-Mischkristalls bis zu 


der Verarmung des 


Kinet ik 


\usscheidungsbetriigen 


folet die 


hohen 


75 
| 4 
4 0001 = 
15 2 > 
Bild 3: Sattigungskonzentratio D ( Versetzungsli 
l \ Vor Vert ingsgra 
PILOSTeCT 
Dabe 
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TABELLE IT. Sittigungskonzentration und Versetzungsliniendichte 
von gezogenem Eisen. 


Zahl der 
Sattigungskonzentration Versetzungslinien 
Gew. % C+N je cm? 


0,0006 
0,0012 
0,0015 
0.0022 
0,0026 
0,0029 
0,0030 
0,0034 
0.0036 


“IU 
600 © 


dem /'-Gesetz, das auf der Vorstellung beruht, dass die 
Versetzungen eine anziehende Kraft auf die gelésten 
Fremdatome ausiiben. Es ist jetzt klar zu Tage getreten, 
dass die verfiigbaren Fremdatome sich in zweifacher 
Weise an den Versetzungen anordnen. Zunichst Bruch- 
teil in die Versetzungen wirdein atomar eingebaut; 
nach. A. H. Cottrell diirfte ein einziges Fremdatom 


je Versetzung zu ihrer Verankerung geniigen. Nach 


VOL. 3, 3955 

dessen Einbau bleibt das Spannungsfeld der Verset- 
zungen weitgehend erhalten, sodass eine Sogwirkung 
auf die iiberschiissigen Atome bestehen bleibt. Diese 
scheiden sich dann entlang den Versetzungslinien je 
nach der Anlasstemperatur in Abstaénden von 1 bis 
4-10-* cm aus. Dafiir sprechen Gefiigebilder von 
Kraftwirkungsfiguren,” die Zunahme der Koerzitiv- 
kraft! Abnahme elektrischen Wider- 
standes.” 


und die des 
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STRUCTURE AND POLYGONIZATION OF BENT ZINC MONOCRYSTALS* 


JOHN J. GILMAN} 


The geometry of bent zinc crystals is discussed. It is found that the slip planes in bent zinc cryst 
the shape of involutes with the hexagonal axes of the lamellae parallel to tangents of the evolute 
curs with other investigators’ results for bent corundum-crystals and with theory 
Evidence is presented to show that bent cry stals, espec ially sharply bent ones, are not necessarily poly 


gonized immediately after bending. They sometimes contain low-angle grain-boundaries which may or may 
not form during the bending process. The normal structure of a homogeneously bent zinc crystal is believed 
to consist of a network of meandering dislocation lines connecting short segments of dis] 

Quantitative data on the kinetics of polygonization in cylindrically bent zinc crystals 
Polygonization, in the absence of inhomogeneous stresses, does not occur below about 170°C 
pure” zinc and this temperature is raised somewhat by contamination with 0.1 at. % Cd. At 
perature, the polygon angles increase in proportion to the logarithm of the time. The tem] 
pendence of the growth rate, d@/di, at constant angle, varies with temperature. If an Arrheniu 
used to describe it at temperatures below 250°C, Q is ~60 kcal/mol and at temperatures from 250 to 325°C 
Q is ~20 kcal/mol. 

The effect of several variables on the polygon growth rate were investigated 


Stress after annealing: causes boundaries to coalesce 
Twins: on compression side they markedly inhibit polygon growth 


Bending temperature: variations from —196°C to 22 


5°C had no marl 


Surface condition: no effect as long as surface was macroscopicall) 


ed effect. 
smoot h 


Intermittent versus continuous anneals: no effect 


Wh 


Skew bending: no effect for small amounts of skewness 


Radius of curvature: polygon size is roughly inversely proportional to radius of curvature at constant 
time and temperature 


The theory of polygonization is discussed and it is pointed out that ate of climb of unit dislocations 


does not seem to be the only factor that controls the growth rate 


STRUCTURE ET POLYGONISATION DU ZINC COURBE 


La géométrie des cristaux de zinc courbé est discutée et il est montré que les plans de glissement ont la 
forme des développantes, tandis que les axes hexagonaux des lamelles sont paralléles aux tangentes de la 


développée. Ceci concorde avec les résultats des autres chercheurs pour les cristaux de corundon courbés 
et avec la théorie. 


Il est montré que les cristaux courbés et méme ceux pliés ne sont pas nécessairement polygonisés im 
médiatement aprés la déformation; ils contiennent parfois des frontiéres de sous-grains qui peuvent s’étre 
ou ne s’étre pas formées pendant la courbure. La structure normale d’un cristal de zinc courbé unif : 

consiste en un réseau de lignes de dislocation reliant de pet 


Des données quantitatives sur la cinétique de la polyganisation sont présentées. La 


ts élément le parois de disl tior 
c1ements ae parois de aisiocatiol 


l’absence de contraintes hétérogénes, ne se produit pas au-dessous de 170° dans le zinc put 
ture est élevée par 0,1 at % de cadmium. A une température donnée, les angles des 
proportionnellement au logarithme du temps. L’effet de la température sur la vitesse de gr 
un angle constant dépend de la température; on obti¢ ie d’ lel’ 
au-dessous de 250° et de l’ordre de 20 kcal/mol entre 250 et 

Le réle de plusieurs variables sur la vitesse de croissance des polygones ¢ 


Contraintes aprés recuit: Provoque la coalescence des frontiéres 


Vacle s: Sur le ( oté en compression, empée he le grossissen ent 


Température de déformation: Sans influence marquée entre —196 et 
Interruption du recuit: Sans effet par comparaison au recuit inintert 
Courbure oblique: Pas d’effet quand l’obiquité est faible 


> 
J. 
4. Etat de surface: Sans influence pour autant que la 
5. 
6. 


Rayon de courbure: La dimension des polygones est er 
courbure pour une température et un temps donnés 


La théorie de la poly gonisation est discutée et il est remarqué que la vitesse de 


n’est pas le seul facteur qui détermine la vitesse de grossissen 


UBER DAS GEFUGE UND DIE POLYGONISATION BEI GEBOGENEN ZINKPROBEN 


Die geometrischen Verhaltnisse bei gebogenen Zinkkristallen werden diskutiert. Es wurde festgestellt, 
dass die Gleitebenen in gebogenen Zinkkristallen die Form einer Evolvente haben. Die hexagonale Achse 
liegt parallel der Tangente an die Evolute. Dieser Befund ist mit den Ergebnissen anderer Aut 
gebogene Karborundkristalle und mit der Theorie in | rel 

Es wird gezeigt, dass gebogene Kristalle, vor allem wenn si« 
sofort nach dem Biegen polygonisiert sind. Sie enthalten manch 
Korngrenzen), die sich u.U. wahrend der Biegung gebildet haben. Das nor1 


* Received November 13, 1954. t General Electric Research Laboratory, Schenectady, New York 
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verformten Zinkkristalles besteht vermutlich aus einem Netzwerk von gebogenen Versetzungslinien, die 
auf kleinen Abschnitten Versetzungswille enthalten. 

Fiir die Kine tik der Polygonisation in zylindrischen, gebogenen Zinkkristallen werden quantitative Daten 
mitgeteilt. Sind keine inhomogenen Spannungen vorhanden, so tritt bei ‘‘chemisch reinem” Zink unter 
170°C keine Polygonisation auf. Diese Temperatur wird durch Verunreinigung mit 0,1% Cd etwas erhoht. 
Bei einer bestimmten Temperatur vergréssern sich die Winkel der Polygone proportional dem Logarithmus 

r Zeit. Fiir einen gegebenen Winkel ist das Mass des Wachstums, d@/d?, temperaturabhangig. Wird zur 
klarung der Temperaturabhangigkeit eine Arrhenius’sche Formel harangezogen, so betragt fiir Tempera- 
turen unter 250°C, Q~60 kcal/mol und bei Temperaturen von 250 bis 325°C, Q~20 kcal/mol. 

Weiterhin wurden mehrere verschiedene Méglichkeiten untersucht, durch die das Wachstum der Polygone 
zu beeinflussen ist: 

1. Spannung nach dem Anlassen: bewirkt ein Zusammenwachsen der Korngrenzen. 

2. Zwillinge: auf der Druckseite hemmen sie das Wachstum der Polygone sehr stark. 

3. Biegetemperatur: Temperaturanderungen zwischen —198 und 225°C bringen keine wesentlichen 

Effekte 

Oberflachenbeschaffenheit : kein Einfluss, so lange die Oberflache makroskopisch glat tt war. 

Unterbrechung der Anlassbehandlung: kein Einfluss 

cein Einfluss bei kleinen Abweichungen 
radius: die Grésse der Polygone ist umgekehrt proportional dem Radius der Biegung bei Kon- 
inthaltung der Zeit und der Temperatur 
Theorie der Polygonisation wird diskutiert und dabei herausgestellt, dass nicht nur das Steigungsmass 


Einheitsversetzungen das Wachstum beeinflusst. 


Until recent years, there had been relatively few Cohen" who believe that the structure may be poly- 
systematic investigations of plastic bending in mono-  gonized immediately after deformation (even at low 
crystals. Work on this topic was greatly stimulated, temperatures) and that only growth of the polygons 
however, when Cahn,! Orowan,? and Cottrell’ eluci- occurs subsequently. This point will receive detailed 
dated the process which is now known as “‘polygon- attention in the present paper. 
ization.” Although polygonization in monocrystals has been 

The mechanics of bending in monocrystals has been observed in a wide variety of metals, as well as in non- 
a particularly neglected subject. The author is aware metallic crystals such as rocksalt! and Al,O;,” there 
of only three investigations of this subject: those of have been no quantitative investigations of the kinetics 
Kidani,*‘ Held, Loercher, and Kochendoerfer,’ and of of the phenomenon. Fragmentary data for zinc were 
Yen and yard.® These authors concluded that me- presented by Cahn,! and for silicon-iron by Dunn and 
chanical bending phenomena can be satisfactorily Daniels.'* It is a primary purpose of this paper to dis- 
interprete: : in terms of pure tension phenomena with cuss the kinetics of polygonization in detail and to 
uitable corrections for the different stress patterns compare the results with existing theories. 
that exist. One exception is that strain-hardening is Reviews of the literature have been given by Cahn," 
more rapid in bending® than in tension. and Cottrell'® and Guinier'® so no review will be at- 

The crystallography of bent monocrystals was first tempted here. 
clearly demonstrated by the experimental work of EXPERIMENTAL 
West’ on Al,O; (synthetic sapphire). The experimental 


meapiye rhis investigation became feasible when it was dis- 
results were elegantly rationalized by Nye.* West found te 
covered that polygonization could be observed with 
hat the slip lamellae in bent Al.O, crystals had the 

. particular ease on the cleavage surfaces of bent zinc 
monocrystals. A typical specimen is shown in Fig. 2, 


while Fig. 3 shows how polygon boundaries look on a 


shape of iaiaiie and the optic axes in bent crystals 
lay parallel to tangents of the generating circles of the 
involutes. Nye recognized that this was a natural con- 
sequence ce the lamellar nature of slip and gave a 
detailed interpretation of the phenomenon in terms of 


bent cleavage surface. 

The crystals were grown by the Bridgman method 
in round (5/32 in. I.D.) and square (6X6 mm) precision 
Pyrex tubes. The raw material was 99.999-+ per cent 
zinc from the New Jersey Zinc Company. Orientation 
control was obtained by means of seeding; most of the 


dislocations. He also considered the bending of crystals 


th more than one active slip system. Previous workers 
had believed** that the slip lamellae had the shape of 


cylindrical arcs. “x 
crystals had yo=35 


After the Greninger back-reflection X-ray method 
had been used to determine a crystal’s orientation, it 
was cut into 1} in. specimens. One end of each specimen 


Early workers on polygonization!.* assumed that the 
excess dislocations that bending introduces into a 
crystal were more or less randomly arrayed on the slip 
planes and that annealing was necessary to cause them 
to rearrange between “polygons” (see Fig. 1). This was cleaved at —196°C to make a sharp wedge that 
assumption has since been questioned by Guinier and was flat on one side. The flat side was used to align 
Tennevin,"” Jillson,?? and by Conard, Averbach, and _ the crystal in a bending jig so that the bending axis 
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Dislocations in as-bent zinc crystal and in polygonized 
- 
zinc crystal 


Fic. 1 


could be fixed relative to the crystal axes. The crystals 
were bent at room (except when it is 


noted otherwise). Then they were cleaved along their 


temperature 


bent cleavage surfaces by applying a reverse bending 
moment to their ends at — 196°C. This technique, when 
carefully performed, yielded smoothly bent cleavage 
surfaces (except for the inevitable cleavage steps).* 


* The following conditions were found to favor good smooth 
cleavages: (1) low temperatures, (2) high ratio of normal to shear 
stress resolved onto the cleavage surface, (3) surface polished to 
macroscopic smoothness, (4) polished surface lightly etched 


with HCl. 


ZINC 


MONOCRYSTALS 


monocrysta 


Fic. 2 


Typical bent and cleaved zin 


When it was desirable to polish a specimen, one of 
50% HNO;—fast 
but tended to pit and was difficult to control: (b 


two solutions was used: (a) action 


a special formulation of the standard chemical polish 
for zinc which was found by experiment to give optimum 
The latter polishing solution was composed of: 
20 g NasSO,-10 500 cc The 


HCl) was im- 


mersed in the chemical polish with gentle agitation for 
washed; and the process was repeated a 


} 


nolish 
polish 


results. 
160 ¢ CrO 


crystal (after thorough cleansing in 


10 seconds: 
few times to obtain the highest 


carried out in furnaces 


were controlled to within +2°C of 


Annealing treatments were 
that 
temperatures. The furnace atmosphere was air and it 


he desired 


was found that the cleavage surfaces remained free of 
appreciable oxide up to about 350°C. Tests made with 
a thermocouple embedded in a typical specimen showed 


that about three minutes was required for the specimen 


to approach within 10 degrees of the annealing tem- 


perature. Therefore, this amount of time was subtracted 


from the total time that a specimen was in a furnace 


in order to obtain the net times reported 
in the data. 


The local radii of curvature of 


planes were measured by a microscopic me 


a cylindrical surface is observed wit 


microscope, only a narrow band of 
illuminated. For a fixed aperture of tl 


} 


it can be shown that the width of the illuminate 


the radius of curvature of 1 


should be proportional! to 
T 


surface. Therefore, a calibration curve wi 


structed by measuring the widths of the illuminated 


bands on polished drill-rods. A graph of bandwidth 
versus drill-rod radius was linear as predicted, and was 
used to find the radius of curvature of cleavage planes. 

To find the polygon angles, the average spac ings of 
the boundaries were measured and divided by the ra- 
dius of curvature. To obtain representative data it was 
necessary to repeat the process on different specimens 
and then average the results. The method allowed the 


detection of polygon angles as small as 10~* radian 


Ce 
Sf =) 
\ 
\ \ 
\\ 2 metallurgica 


MET 


PLATE I. Fic. 3 a) Example of well-formed polygons. Crystal 
10 000 b) Showing polygon boundaries 
“‘niled-up” at edge of crystal. (c) Crystal was bent skewly with 
en axis. Heated 5 min at 350°C. 


heated 


respect to slip specin 


consistently. Under somewhat dubious conditions 


‘ radian were detected. 
Some mention the back- 
reflection Laue technique. Although this X-ray method 


angles as small as 3X10 
should 


also be made of 
is usually considered to be a low resolution method, 


its resolving power must be reconsidered for the 


special case of a severely bent crystal. Figure 4 shows 
th If the crystal were 
nominally flat with a mosaic fine structure, any part of 


1e experimental arrangement. 


the incident beam might strike a mosaic with a par- 
ticular angle. Therefore, the resolving power would be 
limited by the total divergence angle of the incident 
beam, d/L radians. However, when a severely bent 
crystal is irradiated, only very limited regions of the 


specimen have any particular angle with respect to the 
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beam so that the effective divergence of the beam be- 
comes d/(D+L/2) radians. Thus, by increasing the 
film-specimen distance, D, one can increase the resolv- 
ing power to a very high value. This seems to be limited 
only by the intensity of the Laue reflections and the 
line breadth of reflections from bent crystals. In the 
present work the X-ray method could detect polygon 
angles of 10~* radian and, therefore, was about equal in 
sensitivity to the optical method 


RESULTS AND DISCUSSION 


The description of the results is divided into three 
parts: (a) the crystallography of bent zinc crystals; (b) 
the distribution of dislocations in freshly bent zinc 
crystals; (c) the kinetics of polygonization. Then the 
theoretical significance of the results is discussed in 
general. 


(a) Crystallography of Bent Zinc Monocrystals 


The geometry of the majority of the specimens that 
were used in this investigation is shown in Fig. 5. The 
(0001) slip planes of the rod-shaped crystals made 
angles of about 35 degrees with the rod-axes and a 
[1210] direction was aligned in a plane parallel to the 
rod-axes. The crystals (unless otherwise specified) were 
bent about an axis lying in the (0001) plane at right 
angles to the rod-axis. A jig was used to insure ac- 
curacy in producing this type of bending. 

The result of bending a zinc crystal is shown schemati- 
cally in Fig. 1. The (001) slip planes assume the shape 
of cylindrical involutes and the hexagonal axes lie on 
tangents of the generating cylinder. This geometry for 
bending by simple slip was first determined by West’ 
for the case of bent sapphires. It is shown in more detail 
in Fig. 6. The various symbols in the figure may be 
used to express the relations between the parameters of 
interest. As West pointed out, the equations, for_the 
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Fic. 4. Schematic drawing of back-reflection X-ray 
camera for bent crystals. 
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involutes which define the slip planes are: 


x=a(cosy+y siny) 


y= a(siny—y cosy) 


(1) 


where a=R sinxyo=the radius of the generating circle. 
The radius of curvature of the slip planes at any point 
is a Y=c and since: 


L= 
we have: 
c= (2) 


Since a bent crystal can support only small elastic 
stresses (of the order of the critical resolved shear stress) 
most of the strains are relieved by excess dislocations.! 
The local dislocation density has been shown by Cahn! 
and by Nye,* using somewhat different methods, to be: 

n=1/be, (3 
where 0 is the Burger’s vector. It is assumed in the 
derivation of (3) that D, the slip plane spacing, is small 
compared to c.* The average dislocation density is a 
quantity that is sometimes desired. By means of Eq. (3) 
it can be obtained if the average radius of curvature is 
known. The average radius of curvature, é, is given 
exactly by: 


(1?—a?)*dL 


but it may be estimated from the value of R without 
taking the trouble to evaluate the integral. If L~R, 
Eq. (2) may be rewritten: 


c= (R?— R? sin?xo)!=R cosxoZ. 


Since ¢ increases for /<R and decreases for L>R, 
it can be seen that this is a fairly good approximation 
provided (r;—re2) is small compared with R and xp is 
not large. 

Consideration of Fig. 6 will show that the slip planes 
become perpendicular to the surface of rz=a. As West’ 
and Nye* have discussed, this imposes a limitation on 
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Fic. 5. Schematic drawing of crystals prior to bending 


* Otherwise, the expression should be: n= +D)[2cb(c+D 


which reduces to (3) for D«¢ 
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after West 


the minimum value that R can have for deformation 
of a single slip system. However, for t] f Zi 


and probably for other crystals with similar 


the minimum value of R is limited by another factor 


factor is the onset of tw inning. As is well 


The additiona 


known, 7 zinc can be twinned by compression parallel 


] 


to the hexagonal 


ratio of the resolved 


the resolved shear stress on the 


pl 


surface of a 


axis. Since the 


com} yressive stress 


(0001) plane increases as the ane approaches 


1 


perpendicularity with the bent crystal, 


twinning eventually becomes preferred over slip as 


mode of deformation. Thus, factors that affect 


ratio of the twinning stress to such as 


the slip stress 


temperature and impurities), also affect the minimum 


R obtainable. 
With 


the above discussion in mind, we proceed to 


given 


calculate the minimum value of R, for a 
thickness, 
Nye® since the 


crystal 


f, and orientation, x9. The method is that of 
method used by West’ is unrealistic 
in t ignores the change in thickness of the crysta 


volume of a length, J, of un 
After bending, the 


voiume SI 


during bending. The bent 


crystal of unit width is / volume is 


remain constant 


l/a( R?—a*). Since the 


during the tion, the volumes may be equated 


} 


so tnat: 


but: 


COs" x 


Thus, crystals with xX YO cannot be bent at 


whereas it should be 
x =U 
the form of 1 

Zin 
the (0001 


15 degrees, there is a strong tendency for a crystal 


possible to bend crystals 
until R=/. Again, however, a complication 
winning presents itself 

can be twinned by tension applied paral el to 
plane.!? Therefore, when Xo 1S less than about 
that 
component of 
0001) planes is 
large compared to the shear stress and such crystals 


is under bending stresses to twin. The 


maximum tensile stress parallel to the 
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Fic. 7. Comparison of the shape of the slip planes of an actual bent 
zinc crystal with the calculated shape. 


can be bent very little at room temperature without 
forming twins. 

The fact that xo had to be greater than a certain value 
for bending to occur in a crystal and that R,nin increased 
with increasing xo, required that a compromise be made 
in the choice of xo for the present specimens. It was 
found, by trial, that crystals with xo equal to about 35 
could be bent to smaller radii without tensile or com- 
pressive twinning, than crystals with either larger or 
smaller, xo’s. 

In order to determine how closely the theory of Nye 
might approximate the geometry of an actual crystal, 
the comparison illustrated in Fig. 7 was made. The shape 
of a bent and cleaved crystal was outlined from an 
enlarged photograph. This outline is shown in the figure. 
The value of R was taken as the radius of the center 
fiber of the bent crystal. Since this fiber made an angle 
f before and after bending, it was concluded 
that it fiber throughout the 
bending process. The theoretical involute of Fig. 7 was 
calculated by means of Eq. (1). (Note that the crystal 
was bent until re=a.) Considering all of the possibilities 


OI xo= 35 


remained the neutral 


for error in magnification of the outline of the actual 
crystal and the possibility that the neutral axis shifted 
slightly inward, it is felt that the agreement between 
the two curves is quite good. Other crystals were 
checked with as good or better agreement between 
theory and experiment as shown in Fig. 7. 

Another prediction of the theory is that the hexagonal 
axes of the bent crystal lamellae should lie along 
tangents to the generating circle of the involutes. West’ 
showed that this was true for corundum crystals by 
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optical methods. It is shown to be true for zinc crystals 
in Fig. 8. This photograph shows the etch pits that 
formed along polygonization boundaries in a_ bent 
zinc crystal. As Cahn! pointed out, these boundaries 
lie approximately parallel to the hexagonal axes. It 
can be seen that the boundaries in Fig. 8 are indeed 
straight and that they seem to lie tangent to a curve 
which is an ellipse in this case because the curvature 
of the crystal was not uniform. 

The final point to be discussed before the discussion 
of the crystallography of bending is concluded is the 
dislocation movements that occur during the bending 
process. Near A and B in Fig. 6, the dislocation move- 
ments that occur during bending are sketched schemati- 
cally. Since the number of positive edge dislocations 
must equal the number of negative ones in an unbent 
crystal, it can be seen that the motion of negative 
dislocations out of a crystal is equivalent to the motion 


Fic. 8. View along intersections of slip planes with polygon 
boundaries in a polygonized zinc crystal. (Bent crystal annealed 
65 hrs. at 350°C—etched electrolytically in 0.2% sodium thio 
sulfate—boundary angles approx. 3-4° (7 


of positive ones into the crystal during bending. Note 
also that no dislocations should flow past the neutral 
axis from either side. This means that only the excess 
dislocations need move to their final positions in order 
to produce the observed glide strains. However, since 
strain-hardening is observed during bending,® the 
number of dislocations that move is probably somewhat 
greater. 


(b) Structure of Bent Crystals Prior to Annealing 


During a discussion of the structure of plastically 
bent crystals some important points must be kept in 
mind. These are made explicit here because the subject 
might become confused if these points are ignored. 
First, polygonization is only one of at least three 
processes by which sub-boundaries may be introduced 
into a crystal. The other two occur during solidification!® 
and during ortho-kinking.’® Second, plastic-bending 
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introduces many dislocations into a crystal: some of 
these (equal numbers of positive and negative ones) 
contribute towards strain-hardening but not to poly- 
gonization; others (excess positive ones) eventually 
cause polygonization to occur but may or may not 
contribute to strain-hardening. 

In view of the above discussion, it should be clear 
that the simple observation of discontinuous X-ray 
reflections from a bent crystal is not sufficient evidence 
to show that its has polygonized (in the classical sense 
of the term, of course). An array of sub-grains is only 
one of the possible structures that can yield discon- 
tinuous X-ray reflections and there is more than one 
way in which an array of sub-grains may form. 

In the present investigation a considerable effort 
was made to try to separate the various components of 
the structure of bent zinc crystals. Microscopic as well 
as various X-ray techniques (including a precision 
spectrometer, the high-resolution Laue-Technique, and 
the Berg-Barrett method of X-ray micrography) were 
used. 

In agreement with the results of Conard, Averbach, 
and Cohen," it was found that weakly bent crystals 
(R>2 cm) sometimes yielded discontinuous Laue re- 
flections. This was never the case for strongly bent 
crystals (R<1 cm). In some cases it was possible to 
correlate the X-ray 
visual observations of markings on the cleavage sur- 
faces of the crystals. In other cases the X-ray reflections 


discontinuous reflections with 


were discontinuous but the cleavage surfaces appeared 
to be perfectly smooth under the microscope. 

The visual observations detected small angle grain- 
boundaries that seemed to have been formed in various 
ways. Some of them were simply ‘optical mosaic’’ 
boundaries that had formed when the crystals were 
grown, and had subsequently increased in angle during 
deformation. Others formed at inhomogeneities in the 
crystal (usually pits, etc., near the surface). In still 
other cases, collections of very small-angle boundaries 
were found adjacent to larger boundaries; suggesting 
that dislocations had piled up there. Finally, in some 
crystals, especially those with low angles (xo= 15-35 
a sort of “‘macro-polygonization” was observed. This 
seems to correspond with the phenomenon observed 
by Jillson.”° In these crystals, the bent cleavage planes 
were made up of facets roughly 1/32 in. in width, but 
the boundaries between the facets were not sharp. 
Also, when the crystals were annealed, polygonization 
occurred in them on a microscopic scale. 

The various markings, described above, were found 
in much greater density in the center two quarters of 
the length of the cleavage planes; that is, near the 
neutral axis. The outer two quarters of the cleavage 
surfaces were commonly free of all markings except 
cleavage steps. Furthermore, it was found that impure 
crystals (0.1 at. % Cd) seldom exhibited sub-boundary 
markings prior to annealing. 

In the cases where discontinuous Laue reflections 
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were obtained from crystals that showed no optically 
observable substructure, another cause was suspected. 
felt that 
within the slip bands might be responsible for the dis 


It was inhomogeneous ‘Taylor-rotations”’ 
continuous X-ray spots. In order to show that this was 


taken. 


The crystals were placed in the reflecting position at 


a possibility, the photographs of Fig. 9 were 
the back-focus of a bent crystal monochromator. The 
line focus of a GE CA-7 Copper X-ray tube was placed 
at the front focal point of the monochromator. The 


diffracted beams from the crystals were recorded on 
X-ray 


reflection from a crystal pulled in simple tension (no 


films. As Fig. 9 shows, it was found that 


macroscopi bending of the slip planes Was just as 
discontinuous as the reflection from a bent crystal. 
(To make the strains comparable, the outer fibers of 
the bent crystal had about the same elongation as the 
tensile specimen.) Furthermore, it was noted that the 
“segments” of the reflection from the as-bent crystal 


the 


became more finely segmented when crystal was 
annealed. 

It is concluded that weakly bent zinc monocrystals 
are not necessarily polygonized immediately after they 
have been bent. Observations of X-ray reflections alone 
do not constitute satisfactory evidence of polygoniza- 
tion. Thus the conclusions of Conard, Averbach, and 


Cohen 


Next, consider the structure of sharply bent crystals. 


are open to question. 


The quest ion to be decided is: are the excess dislocations 
in a sharply bent crystal distributed in a random or in 
an ordered array? Laue photographs of such crystals 
(taken 


10-* rad to be detected 


mis-orientations of 


invariably consisted 


under conditions allowing 


almost 


(d) 


Crystal bent t 


(c ) 
Fic. 9. (a 


Undeformed zinc crystal. (b 
approx. 25% El. of outer fiber. XY9=35 
(c) Crystal pulled to 25% El. in tension. X 35 


Bent crystal after 225°C 


polished after cleavage 


polished after 


cleavage d 10 min at 22 


gnc 

(a) (b) 
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of continuous asterisms. Similar results have been ob- 
tained by the very high resolution method (resolves 15 
seconds of arc and sizes down to 0.01 mm) of Guinier 
and Tennevin.” Instead of trying to increase further the 
resolution of the observations, a new approach was 
made to the problem in this investigation. The method 
was to try to maximize the possible polygon angles in a 
crystal. 

For a given dislocation density, the dislocations can 
be arranged in the two ways illustrated by Fig. 10. On 
the left, the dislocations are closely spaced on widely 
spaced slip planes. There is no way of distinguishing 
polygon boundaries in the array so that only short- 
range polygonization is possible. On the other hand, 
when d=D, as it is in the array at the right in Fig. 10, 
it is possible to distinguish clearly from a random array 
of excess dislocations. The minimum possible angle is 
equal to (b/r)*, and some values are given in the table 
at the bottom of Fig. 10. 

It has already been stated that the minimum polygon 
angle that could be detected by the methods of this 
investigation was about 10~* rad. The table of Fig. 10 
shows that this would be the minimum possible angle 
in a crystal with c=0.27 mm. Some specimens with this 
small radius of curvature were made by polishing crys- 
tals down until their diameters were less than 1 mm. 
These crystals could then be bent until R was about 
2mm and c=0.25 mm. Microscopic and X-ray examina- 
tions of such crystals showed no polygonization in them 
in the as-bent condition. 

It is concluded that sharply bent zinc crystals (bent 
at room are not normally polygonized 
except over very short distances of a few atomic spac- 


tem] erature 


ings. Prior to bending, the .crystals must be ‘‘good,”’ 
of course, and they must be carefully bent to avoid 
heterogeneous bending. 

Another aspect of the fine structure of bent crystals 
is the distribution of slip lines in them. The stress 
gradients that exist during bending and the excess 
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positive dislocations that are present might be expected 
to make the slip-band distribution in a bent crystal 
different from that in a crystal strained the same 
amount in tension. However, such a difference in slip- 
band distribution would probably not exist during the 
first few per cent of plastic strain. It would be more 
likely to exist in crystals that had been appreciably 
strained. Therefore, two polished crystals (one to be 
bent, one to be pulled in tension) were deformed to 
surface elongations of about 30 per cent; then some of 
the slip lines were preserved with stop-off lacquer while 
the others were polished off the surfaces; finally the 
crystals were deformed additionally and the sets of slip 
lines were compared. No qualitative differences could be 
found between the two sets of slip lines. 


(c) Kinetics of Polygonization 


Figure 11 presents examples of the appearance of a 
zinc cleavage surface during polygonization. It can be 
seen that the polygon boundaries are straight over large 
distances throughout most of the growth process. In 
the very early stages of polygonization (@<10~* rad) 
the boundaries were fragmentary and there seemed to 
be many cross-links between the fragments. The boun- 
daries were difficult to see, however, so the details of 
the cross-linking are not clear. After the boundary 
angles reached about 10~ rad in size, they were straight 
over distances large compared with their separation. 
From this stage onward they grew by the mechanism. 
that was first discussed by Dunn and Daniels," and 
which is outlined in Fig. 12. In this mechanism, two 
boundaries coalesce to form a single boundary of twice 
the angle, but less energy than the sum of the energies 
of the original boundaries. The average polygon angle is 
6=69(2)”" where @ is the initial angle and is the number 
of times that two boundaries coalesce. Thus, only a few 
growth events are required to change polygon angles of 
a few minutes of arc into angles of a few degrees. The 
‘““Y”’-junctions of the polygon angles were observed to 
move at rates of the order of mm/sec at roughly 300°C. 

Before the detailed kinetic studies were undertaken 
some of the variables that might have confused the 
results were investigated. These were: 

1. Effect of stress following annealing 
Parker and Washburn? that 
boundaries would be highly mobile 
stresses. Figure 13 shows that this is indeed the case. 


The results of 
indicated the polygon 


under applied 


Therefore, the polygonization specimens had to be 
carefully handled and could not be cleaved after the 
annealing treatments.* 

2. Effect of twins introduced during bending 


found that twins, which sometimes formed on the com- 
pression side of the specimens, greatly inhibited or 


It was 


* Figure 13 provides an additional indication that as-bent 
crystals are not polygonized. If an as-bent crystal were poly- 
gonized, then, under stress, the highly mobile boundaries should 
rapidly coalesce to form larger visible boundaries. This is not 
observed. 
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Fic. 11. Polygonization in zinc at temperature 
Radius of curvature of cleavage surface was 3 mm. (a) As 
cleaved. (b) After 10 min in 250°C fee. (¢ 

250°C fce. (d) After 1000 min in 250° fce 


completely stopped polygonization at ordinary tem- 
peratures. Therefore, it was necessary to avoid forming 
twins in the specimens used in the kinetics study. 
Twins also gave trouble sometimes by causing recrystal- 
lization to occur. 

3. Effect of bending temperature—It 
Cahn! that zinc crystals bent at —196°C do not poly- 
gonize when they are heated at 400°C. In order to check 


was stated by 


this point, several crystals were bent at —196°C and 
then annealed at 250°C. It was difficult to obtain good 
specimens because the crystals tended to cleave pre- 
maturely while they were being bent and it was difficult 
to avoid forming twins in them. However, a few satis- 
factory specimens were prepared, and it was found that 
these polygonized at the normal rate at 250°C. It is 
suspected that Cahn’s specimens did not polygonize 
because they contained unobserved twins. 

Cottrell'® suggests that polygonization should be 
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accelerated in the presence of an applied stress, because 
vacancies created during slip would facilitate climb of 
the polygonizing dislocations. This is a difficult point 
to prove because an applied stress would also tend to 
move and thereby coalesce polygon boundaries as in 
effect of high 


Fig. 12. Nevertheless, it was felt that the 
temperature deformation should be checked. This was 
done by bending crystals slowly while they were im- 
160—225°C. No evidence of 


polygonization was found on either their external or 


mersed in silicone oil at 


cleavage surfaces immediately after they were bent. 


During subsequent annealing treatments they poly- 
gonized somewhat more slowly than normal specimens. 
It is concluded that polygonization, which occurs 


above about 175°C in zinc, is not sensitive to the tem- 


perature at which the crystal was originally bent. 
4. Effect of surface condition—It 
that two polygon boundaries would be able to coalesce 


more readily near the surface of a crystal than in the 


might be susper ted 


interior. If this were true, the rate of growth of polygons 
would depend on how the surface of a specimen had 
been prepared. In order to test the effect of surface 


preparation, bent crystals were annealed after four 


different surface preparations had been given them. 
Some had polished surfaces, some etched, some oxidized, 
and some had surfaces plated with copper. It was 


found that the state of the surface had no measurable 
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The 
reason for this is that the growth precesses initiate in 
the bulk of a crystal rather than near an external sur- 


effect on the rate of polygonization at 250°C. 


face. This does not mean that the surface has no effect 
at all on polygon boundaries; under some conditions 
boundaries that have already coalesced within a crystal 
become stuck near the surface as shown in Fig. 3b. 

5. Effect annealing—Since it was 


of intermittent 


planned to anneal repeatedly the same crystal at each 


temperature in the kinetics study, it was necessary to 
compare continuously annealed crystals with crystals 
annealed cumulatively for the same amount of time. 
No measurable difference was found. 

6. Effect | bendin 
is bent about an axis that is not parallel with the (0001) 


g about skew axis—lIf a zinc crystal 
slip plane, purely cylindrical bending of the slip planes 
does not result. Hence, the crystal will contain more 
than one kind of excess edge dislocations, and will not 
polygonize in the normal way. A few crystals that had 
been bent about skew axes were investigated in order to 
see just how critical accurate bending might be in a study 
of polygonization kinetics. It was found that skewly 
bent crystals polygonized readily. However, in accord- 
ance with expectations, the polygon boundaries were 
never straight as in Fig. la, but were always cross- 
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Fic. 14. Growth of polygons in zinc at various temperatures. 
poly 
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Stress-induced motion of polygonization boundaries in a zinc monocrystal. 


linked (Fig. 3c) and sometimes incomplete. It was 
evident that small amounts of skewness of bending 
would have no appreciable effect on the present results; 
nevertheless, care was always taken to obtain reason- 
ably accurate cylindrical bending. 


7. Effect of radius of curvature—In a preliminary 
study of polygonization kinetics the effect of radius of 
curvature was ignored because it was believed that the 
polygon angle, 6, would be independent of radius of 
curvature for a given specimen, annealing time, and 
temperature. After considerable data had been col- 
lected, it was found that this was not the case, and that 
6 varied in a systematic way with the radius of curva- 
ture, c. The dependence of 6 on c was not investigated 
in detail but, roughly, @ was inversely proportional to « 
for values of c from about 0.5 mm to 20 mm; after a 
given annealing treatment. 

In the final study of polygonization kinetics, to be 
described shortly, the data were measured at the con- 


2 mm. 


stant radius of curvature, 

Figure 14 presents data on the polygonization of 
pure zinc monocrystals and on crystals with approxi- 
mately 0.1 at. % Cd as impurity. It can be seen that at 
low temperatures the polygon angles at particular tem- 
peratures depended logarithmically on the time at 
temperature. At higher the polygon 
angles increased rapidly to about 45X10-* radian and 
then remained It difficult obtain 
reproducible data at temperatures above 325°C; there- 


temperatures 


constant. was to 
fore, the high temperature curves should be considered 
to be approximate. 

The data show that cadmium, as an impurity, had 
little effect on the rate of polygonization at 300°C, 
but had a distinct inhibiting effect at 225°C. 

The polygon angles as a function of temperature after 
15. The 


graph shows that no polygon growth occurred below 


constant annealing time are shown in Fig. 


170°C in zinc of the present purity (nominally 99.999+ 
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% pure). This suggests that polygonization is not 
present in crystals deformed at low temperatures. 

The data of Fig. 14 were analyzed to find the rate of 
change of the average polygon angles with time. The 
rate was measured at constant angle (@=0.01 rad) 
The rate data are plotted against the reciprocal an- 
nealing temperature in Fig. 16. It is interesting that the 
temperature dependence of the polygonization was 
different below about 250°C than above. The possible 
significance of the different temperature dependences 
will be discussed in the next section. 


(d) Polygonization Theory 


Communication on the subject of polygonization has 
become difficult in recent times because of loose use of 
the term. Therefore, the meaning of the term, to the 
present author, will be defined at the outset of this 
discussion. First of all, polygonization is a process. 
Consequently, one cannot know that a material has 
polygonized if only its final state can be described. 
Second, as the name implies, polygonization is a process 
by which a curved line in a crystalline material becomes 
a polygonal line. The curvature of the line must have 
the same sign throughout the region under considera- 
tion, although the region may be quite small. In the 
simplest case, the line is part of a cylindrical surface; 
in more complex situations it may belong to a spherical 
surface. 

Low-angle grain boundaries can be introduced into 
an undeformed zinc crystal in at least two distinct ways. 
One of these ways is by the unit kink-process'’ which 
results in kink-planes, accommodation-bands, and sub 
boundaries in polycrystals. The other is bending fol- 
lowed by polygonization. The reasons why these two 
methods of reaching the same result seem to be distinct 
is not clear at present, but in the former case the forma- 
tion of the dislocation walls seems to be activated by 
stresses, whereas, in the case of bending followed by 
polygonization, the process seems to be thermally 
activated. 

It is believed that ample evidence has been presented 
in the present paper to show that ‘“‘good”’ zinc crystals 
can be bent in such a way that they are not polygonized 
immediately after they are bent. They no doubt con- 
tain a sort of short-range polygonization consisting of 
isolated segments of dislocation walls threaded together 
by meandering dislocations. This is a state distinct 
from long-range polygonization, however, and is rela- 
tively stable below about 150-175°C in the absence of 
applied stresses. 

Since it is well known that zinc crystals undergo 
rapid recovery at room temperature,'? it is puzzling 
that a bent zinc crystal does not immediately poly- 
gonize. Two clues are available to guide speculation on 


this question. First, there is evidence that in certain 


stress fields polygonization does occur at room tempera- 
ture in zinc. This was observed in some crystals of the 
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present investigation, and previously at 


bands.’ Second, at high temperatures the 


for polygon growth is about 20 kcal/mol 


energy 


approximately equal to that for recovery” and self- 


diffusion* parallel to the c-axis), but at lower tempera- 


tures the activation increases to about 6( 


kcal 


It seems likely that the ex 


energy 
mol. 

cess dislocations in a bent 
crystal must climb out of their slip planes for poly 
Mott 


gonization to occur. rived an expression 
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for the rate of climb of unit dislocations: 


cm 
~ vb 


sec kT 


climb rate 


where: 
= 10"*/sec 
Burger’s vector 
=3X10-°cm 
*=¢,=force causing climb 
’=activation energy to form jog 
"= activation energy for self-diffusion. 


Now boundaries of angle @=10~* rad are observed to 
double in about 10 sec at 200°C. In such boundaries 
the half-distance between dislocations is about 10~* cm. 
Hence, the required climb rate is estimated to be 10~° 
cm/sec. If o is taken to be a reasonable value: 10° 
dynes/cm*, and (U+JV’) is 20 kcal/mol (its value for 
recovery which to be climb-controlled), then 
Mott’s expression yields a climb rate of about 2X 10 


seems 
cm/sec. On the other hand, if (U+JWV) is given the 
experimental value of 60 kcal/mol then the climb rate 
becomes impossibly small. It is concluded that the rate 
of climb of unit dislocations does not limit the poly- 


gonization rate at low temperatures. Some other factors 


must be introduced. 

One factor that might limit the rate of the poly- 
gonization process is the fact that edge dislocations in 
zinc are dissociated to form extended dislocations.”° The 
extended dislocations must recombine to form unit 
dislocations before they can climb. Stroh** has discussed 
the energy required for recombination in detail, and 
has estimated the energy required. In the absence of 
stress gradients, the energy would be 20-120 kcal/mol, 
depending on the width of the extended dislocation. 
Since the additional energy that is required in the 
present case is about 40 kcal it is not unreasonable that 
recombination of extended dislocations should control 
the polygonization rate. The activation energy should 
be much reduced by stress gradients and this accords 
with observation. 

The shape of the polygonization isotherms should be 
considered next. Dunn and Daniels'* proposed that the 
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“Y”-junctions are all formed early in the process 
and then are gradually exhausted as polygonization 
proceeds. This would qualitatively predict the observed 
dependence of the polygon angles on In/, and is con- 
sistent with the other results of this investigation. 
Another possible mechanism would be the nucleation 
of new boundaries by the coalescence of two old 
boundaries. Calculations of the present author show 
that this is a very unlikely occurrence, however, even 
in the presence of high stress gradients. 
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THE FORMATION OF MECHANICAL TWINS* 
N. THOMPSON and M. HINGLEY} 


Measurements have been made of the stress required to cause the appearance of twins in single crystals of 


cadmium, both in tension and in compression. The results are consistent with the view that, if a twin nucleus 


is present, the shear stress in the twinning plane which is needed to cause it to grow is independent of the 


normal stress across the twinning plane 


FORMATION DES MACLES MECANIQI ES 


Mesures de la contrainte nécessaire pour former des macles dans les monocristaux de cadmium par tension 


et compression. Les résultats confirment que, s’il y a un germe de macle, le cisaillement dans le plan de 


macle, nécessaire pour provoquer son grossissement, est indépendant de la contrainte normal 


DIE ENSTEHUNG VON VERFORMUNGSZWILLINGEN 


An Einkristallen aus Cadmium wurden die fiir das Auftreten von Zwillingen benétigte Spannung sowohl 


unter Zug- als auch unter Druckbeanspruchung gemessen 


Die Ergebnisse sind mit der Theorie in Uber 


einstimmung, dass bei Anwesenheit eines Zwillingskeimes die zum Wachstum benétigte Schubspannung 


in der Zwillingsebene unabhingig von der Normalspannung quer zur Zwillingsebene ist 


INTRODUCTION 


In a previous paper! the question of the criterion for 
the production of mechanical twins was considered. 
Evidence was presented in support of the view that, in 
cadmium at least, the proper criterion was that the shear 
stress on the twinning plane, resolved in the twinning 
direction, should reach a certain critical value. At room 
temperature this critical shear stress was stated to be 
140 gm/mm* although there was a considerable scatter 
(+40 gm/mm?’) about the mean value. 

Subsequent work? has cast some doubt upon the 
validity of this criterion. One of the weaknesses of the 
experimental evidence was the limited range of crystal 
orientations that could be used. It was necessary that 
the angle between the axis of the (tensile) specimen and 
the basal plane of the crystal should be less than about 
6 degrees; if this were not the case, then the crystal 
slipped on the basal plane before twinning, and it is 
likely that the occurrence of previous slip will affect 
the subsequent twinning behavior.’ However, a strin- 
gent test of the hypothesis that the shear stress on the 
twinning plane is the important factor is possible, if 
measurements are also made in compression: for under 
these circumstances the normal component of stress 
will have changed sign. Only a limited range of crystal 
orientations is again possible; the angle between basal 
plane and compression axis must lie within the range 
84°-90°, if previous slip is to be avoided. 


EXPERIMENTAL 


Observations have been made on single crystals of 
cadmium in compression with the object of testing this 
hypothesis. In order to change the other conditions of 
measurements as little as possible, cylindrical specimens 
1.8 mm in diameter were used as before. To avoid 
mechanical instability these had to be kept short, and 

* Received November 12, 1954. =. 
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the unsupported length was never more than 17 mm. 
To transmit the load to the specimen, and to ensure, 
as far as possible, that it was applied along the axis, 
knobs 


. The crystal was an easy fit in the holes in the 


small brass were attached at each end (see 


Fig. la 
knobs and was held in place by a suitable cement, 
being held in a jig while the cement was hardening. 
Two small ball-bearings, as shown, resting in smaller 


holes drilled coaxial with the others, ensured axial 


loading. The load was applied by slowly adding water 
to a vessel, using the lever arrangement indicated in 
Fig. la. The lower end of the specimen rested on a 


piezo-electric crystal, which was used to detect the 


e 
onset of twinning as before. The presence or absence of 


twins was, however, always confirmed by microscopic 
examination. 


In spite of the use of cement to distribute the load 


over a considerable area of the specimen surface, it was 
frequently found that twins were first formed near the 
ends inside the brass knobs. This was presumably due 


to the increased local stress where the irregular end of 
the specimen rested on the brass. The occurrence of such 
twins was not signifi ant to the observations, but they 


were, of course, indistinguishable from those formed 
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the free gauge length, as far as the piezo-electric detector 
was concerned. In the results given below, attention is 
paid only to twins formed in the free gauge length. 


RESULTS 


The procedure adopted was to increase the applied 
load smoothly until the piezo-elec tric detector indicated 
the formation of a twin. Loading was then stopped as 
quickly as possible, and the crystal removed and 
examined to see if the twin were visible, or at the end. 
If not visible, the specimen might be replaced, and the 
load further increased. Finally the knobs were removed 
by dissolving the cement, and the whole surface ex- 
amined for twins. 


The most striking result was that it was found pos- 


sible, in some cases, to apply shear stresses considerably 


in excess of the expected critical value, without any 


twinning, whereas with other specimens 


Table I summarizes the 


detectable 
twins formed readily. results 
obtained from 113 specimens. They are grouped ac- 
cording to the maximum resolved shear stress on the 
twin plane to which they were subjected, and each group 
is subdivided into those which showed no twins at all; 
those which had no twins in the center portion, but only 
at the ends; and those which had twins in the center 
portion. A number of specimens which buckled before 
the test was stopped are not included in the totals. It 
will be observed that 48 out of the 113 specimens with- 
stood a stress of more than 200 gm/mm? without form- 
ing twins in the gauge length—a figure in excess of the 
upper limit given by Thompson and Millard for tensile 
specimens. On the other hand, of the 30 specimens 
which did show twins, the largest single group (14) 
required a stress in the range 95-145 gm/ mm‘? to produce 
them. 

It was accordingly decided to repeat the observations 
in tension, using a simple apparatus in which the speci- 
men was suspended from a stirrup resting on the piezo- 
electric detector. Connection to the specimen was by 
means of wire loops soldered to each end as shown in 

1b. The results obtained from 16 specimens are 
shown in Table IT; in this case there is no question of 
any stress concentration at the ends, as the wire loops, 
if confer extra strength. It will be seen that 
200 


if anything, 


all the specimens withstood stresses of at least 


TABLE I. Compression experimen 


100 
100—150 
150-200 
200-250 
250-300 
300-350 
350—400 

400 
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gm/mm? without twinning (one was taken up to 700 
), while the stress to produce twins when they 


gm/mm- 
did appear ranged from 225 to 405 gm/mm‘’. This con- 
firmed the results of Bell and Cahn that some crystals 
can withstand high shear stresses without twinning, 
and showed that the earlier results were not peculiar to 
the condition of compressive loading. 


DISCUSSION 


It remains to consider why some crystals twin much 
more readily than others, and to reconcile these results 
with the earlier findings of Thompson and Millard. The 
possibility of off-axis loading cannot be ignored, but is 
unlikely to be sufficient to account for the very large 
range of stresses. The crystals were not all grown at the 
same rate, but examination of the results failed to show 
any correlation between growth rate and twinning 
behavior. In fact, with one exception to be mentioned 
shortly, no regularity whatever could be detected in the 
experimental results. 

One hypothesis which seems to account for all the 
facts, as at present known, is that the critical stresses 
measured by Thompson and Millard in tension, and 
those observed in the 14 compression specimens which 
gave results in the same range, both represent the stress 
required to cause an existing twin nucleus to grow. 
This was, in fact, suggested in the earlier paper. The 
nucleus could possibly be produced by growth condi- 
tions‘ or by previous plastic deformation.” If no ade- 
quate nucleus is present, greater stresses will be re- 
quired to initiate the twinning, either by one of the 
mechanisms proposed by Bilby and Entwisle,’ or other- 
wise. Two points emerging from the present work lend 
support to this suggestion: (a) Of the five tensile speci- 
mens which did show twinning, two were known to 
have been accidentally bent a little before the observa- 
tions began. (b) Of the compression specimens which 
did show twinning, one half of the total, being all those 
giving a critical stress in the range 95-145 gm/mm’, 
were to be found in the first 40 specimens tested. 
It is suggested that this, the only noticeable regularity, 
is to be explained by the greater skill and care shown in 
carrying out the later observations, rather than any 
change in the physical conditions. One deduction from 
this hypothesis would be that all Millard’s specimens 
had received some plastic deformation before the test 


TABLE II. Tension experiments. 


No. with 
twins in center 


200-250 
250-300 
300-350 
350-400 
400-450 
450 


25 1] 6 2 
30 14 13 3 4 3 
19 8 } 7 3 2 1 
7 0 | 1 1 
] 2 1 
1 4 


THOMPSON aAnpb 
began. In view of his method of mounting specimens in 
his apparatus, and of the considerable care in handling 
which was used in the later stages of the present ob- 
servations, this is considered to be not impossible. An 
unsatisfactory feature is the apparent existence of a 
wide range of twinning stre if the above suggestion 
represented the whole truth, one would expect either a 
low stress (nucleus present) or a very high stress (no 
nucleus). Some further refinement is clearly necessary. 

If this general explanation is accepted, then it would 
be reasonable to suggest that the process observed by 
Thompson and Millard in tension is the same as that 
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concerned in the appearance of twins in compression 
under the lowest stresses. One could then conclude that 
is mainly de 


at least the growth of a twin nucleus 


termined by a critical shear stress criterion, and that 


the normal component of stress across the 


plane has little effect. 
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LETTERS TO THE EDITOR 


Effect of Order on the Electrical Resistivity 
of Ferromagnetic Alloys* 


The changes in electrical resistivity of order-disorder 
alloys provide one of the classic methods for studying 
the ordering process. In non-ferromagnetic alloys, 
these changes are related only to the degree of long- 
range order and, for a given degree of order, are tem- 
perature-independent. For an AB; type alloy, such as 
AuCu;, theory predicts a discontinuous change in 
order parameter, and consequently in the resistivity, 
at the critical temperature. This has been observed 
experimentally.! 

The situation is more complex in ferromagnetic 
order-disorder alloys. Two critical temperatures appear, 
the Curie at which ferromagnetism 
vanishes and the critical temperature 7, at which long- 


temperature 6; 


range lattice order vanishes. Experiment shows that 
the resistivity is much more directly sensitive to the 
degree of magnetic order than to the degree of lattice 
order. The latter affects the resistivity chiefly through 
its influence on 6;. If the position of 0; changes with 
lattice order, a fixed temperature of measurement below 
6; corresponds to a different magnetic reduced tempera- 
ture, and large changes in resistivity occur. To the 
extent that short-range order is able to produce changes 
in 6; it will cause similar changes in resistivity. The be- 
havior of the resistivity on ordering will depend on the 
relative positions of 6; and T,, and upon the direction of 


Fic. 1. Resistivity-temperature diagram for 30 atom % 
platinum-iron alloy T.>6;; 06;/ds>0. 
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change of 6; with order, represented by 06;/0S, where S 
is an order parameter. Four cases are to be distingushed: 


1. T.>6;; 00;/0S>0O: The Fe;Pt alloys are an ex- 
ample of this situation. Figure 1 shows the appearance 
of the resistivity-temperature diagram for a 30 atom % 
Pt alloy. No resistivity anomaly was observed in the 
heating and cooling curves above 6;, confirming the 
results reported by Kussmann.” Isothermal anneal 
studies conducted here show a very small decrease in 
resistivity, ~1% or about 1yu-Q-cm, as the alloy passed 
from the disordered to the ordered state.* Below 6; the 
resistivity is almost uniquely determined by the reduced 
magnetic temperature 7'/6;. 


RESISTIVITY (Q-cm x 107 


50 


60 


TEMPERATURE (°C) 


. 2. Resistivity-temperature diagram for FeNi; after 


Wakelin and Yates.‘ 6;>T,.; 06;/ds>0. 


2. 6;>T.; 060;/8S>0: An example of this situation 
is the alloy FeNi;. Figure 2 is the resistivity-tempera- 
ture diagram given by Wakelin and Yates.‘ Although 
the decrease in resistivity over a small temperature 
interval is large, a discontinuous change was not found 
at the critical temperature, contrary to theory and to 
experience with AuCu;. The data points are too widely 
spaced to permit the conclusion that no discontinuity 
exists, but, from the point of view of this note, a dis- 
continuous decrease in resistivity starting from the 
disordered curve is not to be expected. Since the re- 
sistivity change is primarily due to the change in @,, 
the persistence of short-range order causes a tailing-off of 
the resistivity change above 7,. If any discontinuity in 
resistivity occurs, it will begin after appreciable resis- 
tivity changes have taken place. 
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3. T.>6;; 06;/8S<0: In the FePd; alloys, order 
produces an increase in 6; in alloys containing less Fe, 
and a decrease in @; in alloys with more Fe than the 
stoichiometric 1:3 ratio.’ For the latter case, we expect 
a resistivity-temperature diagram of the form shown in 
Figure 3. That is, a very small decrease in resistivity 
above 6; as the alloy passes from the disordered to the 
ordered state, and an increase in resistivity at fixed 
temperature below 6;. 

4. 0;>T.; 00;/0S <0: This case should produce a 
resistivity-temperature diagram of the type shown 
schematically in Fig. 4. If examples of this type exist, 
they are not known to us, but there is no a priori 
reason to rule out the possibility. 


> 
- 
> 
w 


TEMPERATURE 


Fic. 3. Resistivity-temperature diagram (schematic) of 
type expected when T.>6;; 0;0/ds <0. 


Departures from the ideal behavior pictured above 
may be expected when the occupancy of the d-shells 
changes during the ordering reaction. For the examples 
cited, variations in d-shell occupancy are apparently very 
small, as witness the fact that the saturation moments 
of the ordered and disordered alloys are almost identical 
when extrapolated to 0°K. There is a dearth of experi- 
mental data for alloy systems in which large differences 
in the ordered and disordered moments are found at 
O°K. The meagre evidence available for such systems 
of types 1 and 3 suggest that above 6; the behavior is 
substantially as illustrated in Figs. 1 and 3. 
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Grain Boundaries in Alloys of High 
Magnetic Permeability” 


The 


nickel-iron-copper-molybdenum alloys of the Mumetal 


development of high magnetic permeability in 


or Permalloy-C type is achieved by annealing 
hydrogen at temperatures above 1000°C 


of the anneal are believed to be (i) mechanical softening 


through recrystallization and grain growth, and (il) re- 


moval of impurities such as carbon, nitrogen, and 
oxygen. 
that grain regions of low 


The idea boundaries are 


permeability is supported by the observation that the 
highest permeabilities are developed in specimens an- 


nealed at the highest temperatures, i.e., those with the 
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largest crystals. To determine precisely, however, the 
dependence of magnetic behavior on grain size, speci- 
mens of different grain size, but constant purity, are 
needed. 

An alloy containing 77 per cent nickel, 14 per cent 
iron, 5 per cent copper, and 4 per cent molybdenum 
was made by sintering a mixture of metal powders at 
1350°C for five hours in pure hydrogen. The billet was 


t+ in. to § in. 


cold-rolled from and annealed under the 
same conditions. It was then reduced by cold rolling, 
with intermediate anneals of a few minutes at 800°C 
in hydrogen after every 50 per cent reduction. When 
the strip was 100 microns thick it was coated with 
alumina powder, wound into a coil, and annealed for 
30 hours at 1050°C 

1e greater part of the carbon, nitrogen, and 
treatments. 


The purpose of this anneal was to 


oxygen remaining after the earlier heat 
The strip was chemically reduced to about 75 microns 
to remove any surface contamination resulting from 
contact with the alumina, and was rolled to 35 microns. 
Specimens were annealed at various temperatures 
to produce a wide range of grain sizes, and their initia 
permeabilities (u) and mean grain diameters (D) were 
determined. The results are given in Table I. 


Grain boundaries are expected to be regions of low 


permeability because of their irregular structure and 


low purity. A polycrystalline soft magnetic alloy can 
be regarded as consisting of crystals of mean diameter 
D cm, having high permeability u;, separated by a film 
d cm thick, having low permeability ue. Since there are 
1/D crystals per cm, we can write: 


D 


where w= measured permeability. 

The predicted linear relation between 1/u and 1/D is 
exhibited quite well by the results of Table I, as shown 
in Fig. 1. The intercept on the vertical axis indicates 
a crystal permeability of 
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140 000, while the slope 


VOL. 


TABLI 


Xu 


750 2 2.94 
800 2 3.74 
850 : 4.31 
900 : 4.62 
900 1.96 
1050 6.45 
1150 6.66 
1300 7.10 


hho 


CO 


3.6X 1075) suggests a much lower permeability at grain 
for, if d/u2=3.6X10-°, and d is <1000 
~3X10-* cm), then us< 1000. 


boundaries; 
atomic spacings 
R. E. S. WALTERS 


Post Office Engineering Department 
Research Branch 
Dollis Hill, London, England 
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On the Lattice Parameter of Mg-Li 8 Alloys* 


Studies of the variation in lattice parameter of body 
centered cubic magnesium-lithium alloys have been 
made in the magnesium-rich portion of the stable phase 
field':? in the course of phase diagram studies and of a 
search for an order-disorder transformation in these 
alloys. The decrease in parameter associated with 
additions of lithium to the magnesium saturated com- 
position has been rationalized in terms of a size factor 
effect. A study of the variation of lattice constant of 
these alloys over the entire range of stability (0-70 
atomic per cent magnesium) has shown the previous 
rationale to be incorrect. 

Alloys were prepared for X-ray diffraction study by 
melting in an inert atmosphere under a flux blanket 
of molten LiCl-LiF and were chill-cast. Minus 200- 
mesh powder was obtained by filing under an inert 
atmosphere and all alloys were given a stress relief 
anneal in the capillaries prior to the X-ray study. The 
melting and powdering techniques are more fully 
described in a forthcoming publication.* Patterns were 
obtained in 14 cm powder cameras and the data were 
extrapolated to 6=90° using the well known extrapola- 
tion function of Nelson and Riley. The results of the 
study are shown in Fig. 1. In instances in which dupli- 
cate runs yielded parameters differing by much more 
than one part in 2000, all of the values obtained are 
plotted. 

Consideration of Fig. 1 indicates the normal effect of 
adding magnesium to lithium is to decrease the lattice 
parameter. This trend is until 50 atomic 
per cent solute is reached, at which point the behavior 


followed 


I. 
Annealing conditions 1 
Tempera Time 105 x 1/D 
ture ( hours Pe u cm cm 
3.40 l 763 
2.67 1 544 
2.32 2 453 
2.17 2 400 
2.02 2 394 
1.55 3 255 
1.50 4 208 
1.41 5 172 
1 1 (- 
pe 
1 a 
ui Dye 
| “| 
} 
5, | 
Fic 


of Grube, von Zeppelin, and Bumm 
of Berry ond Raynor (2) 
of Present Study 


Lattice Parameter in Angstrom Units 


40 50 60 
Atomic Per Cent L 


Fic. 1. 


is reversed. This is a striking example of the effect of a 
Brillouin Zone overlap on the lattice constant of a 
solution since addition of divalent magnesium to mono- 
valent lithium increases the electron-atom ratio. It 
may be readily shown‘ that the first Brillouin Zone 
overlap in the BCC structure occurs at e/a=1.5 and it 
is known that attending the overlap an expansion of the 
lattice may occur normal to the bounding planes of the 
first Zone. The bounding planes in the BCC structure 
are 110 planes and such an expansion would be thus 
expected to produce general expansion of the lattice. 
If both the lithium and the magnesium are fully ionized, 
the electron-atom ratio of 1.5 is reached at 50 atomi 
per cent magnesium and Fig. 1 shows that it is indeed 
at this point that the lattice begins to expand, reversing 
the previous trend. Some of the earlier data are in- 
cluded for comparison. 
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An Electron Transfer Mechanism for Ultrasonic 
Attenuation in Metals* 


In a recent letter BGmmel! has given experimental 
results on ultrasonic attenuation in single crystals of 


superconducting and normal conducting lead crystals 
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25 


tures bet ween 2 and 18 K. He observed am irked de 


al frequen ies between 9 and sand at tempera 


crease In attenuation on cooling through the transition 
The de rease 


lends support to the plausible suggestion made earlier 


temperature to the super onducting state. 


by Hulm? that lattice phonons are not scattere 


superconducting electrons. If superconducting electrons 


are not scattered by phonons, it is not unreasonable 
phonons should not be scattered by superconducting 
Hulm’s 


studies 


based on therma 


] 


suggestion was 


electrons. 
conductivity and is supporte 
recent work by K. Mendelssohn 

It would appear reasonable to con 
Aa in attenuation at 


normal! 


a given temperature bet 
and superconducting states a 
phonon attenuation caused in the 


trons. We can fit 


lation 


action with conduction ele 


of BGmmel on lead at 4.2 


Aa 1.210 


nepers cm 


where / is the frequency in cycles/sec. 


We now consider the possib e origin of this attenua 


tion. We have calculated a theoretical expression for 


attenuation by collisions with conduction electrons 


which an electron absorbs or emits a phonon. The 


result for the energy attenuation is 


mass of a conducti 
VU is the atomk 


of sound: and C is the 


Wilson,’ Eq 


where m”* is the effective 


A is the atomic volume 


1 constant 


tron, a requirement 
5 ] ) ] 
covered by Bémme 


phonon-elec tron attel 
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known viscosity attenuation 


Qyvis= 

3 pv® 
where 7 is the viscosity of the electron gas. The applica- 
tion of this mechanism to metals has been considered 
recently by W. P. Mason;° it had apparently been first 
treated by A. Akhieser.® The viscosity mechanism ac- 
counts quite well for the principal features of the 
attenuation observed in lead, but, as we show below, 
it is not unique in this respect. 

We suggest that a part of the attenuation may be 
provided by an electron transfer mechanism. When 
polyvalent metals are deformed elastically, electrons in 
states near the Fermi surface are redistributed to a 
certain extent in k-space because of the deformation 
of the Brillouin zones, as shown in Fig. 1. Leigh’ has 
calculated that transfer this 
character in aluminum should make a really major 
contribution Mott® has sug- 
gested that such processes may be important in all 


electron processes of 


to the shear constants. 


polyvalent metals except the transition metals. The 
transfer process may occur to a lesser extent in mono- 
valent metals; formally, the only prerequisite is that 
the form of Fermi surface should depend on the state 


of strain of the lattice. 

We now give a phenomenological discussion of the 
tl 


effect 
We suppose that 
stant s may be written as 


ransfer on ultrasonic attenuation. 


1e effective elastic compliance con- 


of electron 


where So is the elastic compliance which would obtain 
if the electrons in the metal did not change their posi- 
tion in the Brillouin zone during deformation; s; repre- 
sents the compliance which results from electron trans- 
fer. The transfer process is limited by a relaxation time 
t which is likely to be of the order of magnitude of the 
relaxation time describing conductivity. 
Different compliance constants s;; 

transfer contributions, but we consider only a simple 


electrical 
will have different 


example. We discuss a one-dimensional model, for 
which the wave equation is 

Ou O-u 

Sp = (6) 

oF ox 
where w is the displacement of a volume element and p 
is the density. Substituting w=e''*), we have 
k?=w*ps. If we write k= k,—1ko, the energy attenuation 
constant a is equal to 2k». For wr<1, we have 


k Pw" p (Sot 0", (7) 


where 7 
limit. Further, 


is the sound velocity in the low frequency 


(8) 
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If wr<1, 


(9) 


where v,,= (ps0)? is the velocity in the high frequency 


limit wr<1. For lead we estimate 
a=f*(rX10~*) nepers/cm. (10) 
We take r~10-™ sec at 4°K, which is of the correct 
order of magnitude to account for the electrical con- 
ductivity. We have then 
a~1X10 (11) 


nepers/cm. 


This is in reasonable concord with the experimental 
value for longitudinal waves, a= 1.2 X 10~'*f? nepers/cm. 
Our estimate is based on the assumption that the 
electron transfer process is reasonably important in lead ; 
we assumed specifically that for longitudinal waves 
the effective compliances spo and s, are equal, giving 
vo= 2X 10° cm/sec and 2, = 2.8X 10° cm/s. 

We note that 
transfer mechanism will have roughly the same tem- 


the attenuation associated with the 


perature dependence as the electrical conductivity, as 
the conductivity is also proportional to 7. The increase 
in Aa at low temperatures as observed by B6mmel can 
be accounted for satisfactorily by the increase in the 
electrical conductivity. This feature is common to both 
the viscous and the transfer mechanisms. Also common 
to the two mechanisms is the prediction of different 
attenuations longitudinal 
although it is possible that detailed studies of mode 


for shear and for waves, 
dependence can separate out the contributions of the 
two mechanisms. The separation cannot necessarily 
be decided from the order of magnitude of the attenua- 
tion, as both processes unfortunately give closely the 
same order of magnitude in polyvalent metals. It is 
not unlikely that the viscous mechanism may be more 
important than the transfer mechanism in monovalent 
metals. 

The present work suggests that in the superconduct- 
ing state groups of electrons participate in the transfer 
process without interaction with lattice phonons, pro- 
vision for energy conservation presumably being made 
by an internal energy of the group. The transfer process 
must go on even in the superconducting state if the 
be essentially continuous 


elastic constants are to 


through the transition. 
Karplus 


and H. W. Lewis and from correspondence with K. 


I have profited from discussions with R. 


Mendelssohn; G. Dresselhaus has kindly checked the 
calculation leading to Eq. (2). 

KITTEL 
Department of Physics 
University of California 
Berkeley, California 


1 1 
Vo" 
5) 
a=2k& 
1+ (wr)? 
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Diffusion von radioaktiven Kupfer 
in technischem Stahl* 


Im Zusammenhang mit technischen Fragestellungen 
(Versprédung von Kupfer-Eisen-Schweisstellen) erhob 
sich die Frage nach den Diffusionsverhiltnissen im 
System Kupfer/Eisen. Hierzu fiihrten wir folgende 
Versuche durch: 

Zylindrische Stahlplatten (mit 0,63% Mn;0,16% Cu; 
0,13% C; weniger als 0,1% Si, Ni, Cr, S, P.) von 10 
mm @ und 3 mm Dicke wurden auf ihrer polierten 
Stirnseite auf folgende Art mit einer diinnen, nur 
Bruchteile von Milligramm wiegenden Schicht radio- 
aktiven Kupfers versehen : 

Ein Wattebausch wurde mit einer verdtinnten Lésung 
radioaktiven Kupfersulfates getrinkt, und damit die 
zu aktivierende Fliche eingerieben, worauf durch 
elektrochemischen Austausch die Ausfillung 
gleichmissigen und fest haftenden Schicht eintrat. 
Die Menge der von der Stirnseite der Proben aus- 
gesandten 8-Strahlung wurde in iiblicher Weise durch 
Messung mit einem Geiger-Miiller-Zahlrohr-Verstirker 


einer 


bestimmt, und die Proben wurden in einer Wasserstoff- 
Atmosphire in den Ofen zur Erhitzung auf die Diffu- 
sionstemperatur eingefiihrt. Nach entsprechenden Zeit- 
abschnitten wurden die Aktivitaétsmessungen wiederholt 
und die Minerung der Aktivitiéit durch Diffusion und 
Absorption im festen Stoff festgestellt. Der zeitliche 
Verlauf folgte in guter Naiherung dem theoretischen 
Verlauf, der durch den Ausdruck: 


A= Ao exp(wDt)[1—W J; 
u= Absorptionscoeffizient 


diese Art ermittelten 


in logarithmischer 


wiedergegeben wird. Die auf 
Diffusionskonstanten sind in Fig. 1. 
Darstellung als Funktion der reziproken absoluten 
Temperatur wiedergegeben. Es resultiert eine Gerade, 
die dem Ausdruck: D=3 exp(—61 000/RT) cm? sec 
entspricht. 

Bei tiefen Temperaturen (nicht in der Figur wieder- 
gegeben) wurde die Kontaktmethode! verwendet. Die 
so erhaltenen Werte liegen auf der Verlingerung der 
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Geraden in Fig. 1 und bestitigen die Temperatur 
funktion. 
R. LINDNERT 
F. Karnrxt 
Goteborg, Schweden 


Sédertiilje, Schweden 
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Double-Valued Internal Friction Behavior’ 


In the study of amplitude-dependent internal friction 
of single crystals, two types of double valued behavior 


of the internal friction versus strain amplitude have 
shall be called type I 


was reported by Read! in zinc single crystals. This type 


of behavior is characterized by a single-valued 


been reported. The first which 
internal 
friction versus strain amplitude curve as the driving 
voltage to the composite oscillator is increased and a 
large hy steresis loop as the driving voltage is decreased. 
Che 


ported by 


double-valued behavior was re 


In sodium 


ly pe of 
Frank] 


and shall be called type II. The type II double-valued 


ond 


hloride single crystals 


behavior is a result of a rapid increase in damping as 


the driving 


voltage to the 
lis rapid 


composite oscliiator Is 


creased. ink rease in 


decrement causes the 


amplitude to decrease even though the driving voltage 


is increased, thereby giving the curve its double-valued 
nature. Upon decreasing the driving voltage the initial 
curve was repeated; i.e., there was only a slight 


hys- 

teresis loop. 
The present work is an extension of the study of 

Che 


and 


double valued behavior. materials used were 


dium chloride, silver, aluminum single crystal 


The measurements were made by the composite pie: 
electric oscillator method. 

Figure 1 is an example of the double-valued internal 
friction versus strain amplitude behavior in sodium 
annealed at 


chloride. The crystal had been vacuum 


750°C and slowly cooled at the rate of 50°C/hr to room 
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friction in sodium 
50°C per hour. 
19 hours at 25°C. 


treatment on i 

\: 750°C anneal, cooled at 
, cooled at 300°C per hour. C 
temperature. It was then heated to 500°C and cooled 
at 300°C hr to room temperature. As shown in curve B, 
the crystal then exhibited a double-valued behavior and 
a large hysteresis loop. Curve C shows the behavior of 
the crystal after it had annealed at room temperature. 
At point 1 on curve C, the driving voltage was shut off 
for about 30 seconds before the next driving voltage 
was applied. This short anneal altered the nature of the 
curve markedly in that the type II behavior was re- 
moved. In every case of double-valued behavior found 
in NaCl, the crystal exhibited a large hysteresis loop 
as the driving voltage was decreased. This hysteresis 
was not observed in the crystal initially and was not 
observed in Frankl’s work. This type of behavior com- 
bines the features of type I and II behavior in that it 
exhibits a large hysteresis loop and a double valued 
behavior as the driving voltage is increased. In Frankl’s 
data the maximum strain amplitude was of the order of 
tl 


while these strain 
amplitude of the order of 14X10~*. This may account 


experiments employed 


+} 


for the differences in the observations. 


Figure 2 indicates the nature of the double-valued 


behavior in a silver single crystal. Curve B indicates the 
double-valued behavior obtained after a static torsional 
in./in. 


annealing at room temperature, the 


deformation of maximum torsional 


shear strain. On 
double-valued behavior was removed as shown in 


curve C. On further static torsional deformation of 


in./in. 


annealing for 70 


maximum torsional shear strain, and 


minutes at room temperature, the 
double-valued behavior was recovered as indicated in 
curve D. The strain amplitude at which the crystal 
exhibited the rapid change in decrement increased with 
the amount of deformation. The behavior in the silver 
single crystal is characteristic of type II behavior. 
No hysteresis loop was observed on decreasing the 
driving voltage. 

Figure 3 indicates the double-valued behavior in an 


aluminum sing 
behavior. The room temperature curve indicated a large 


e crystal which is typical of type II 


increase of the decrement with strain amplitude. On 
cooling to —196°C in vacuum, the crystal exhibited a 
with strain 


double-valued behavior of the decrement 


amplitude. The double-valued behavior was also found 
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at —186°C, —167°C, —147°C. At all these tempera- 
tures, no hysteresis loop was observed. On testing at 
—125°C, the specimen no longer exhibited a double- 
valued behavior. The strain amplitudes at which the 
large increase in decrement occurred decreased as the 
temperature of testing was increased. On retesting at 
— 196°C the double-valued behavior was not obtained, 
although the amplitude dependence of the decrement 
was very large. 

It is of interest to consider the behavior of an edge 
dislocation under the conditions of the internal friction 
measurement. The dislocation may be considered as 
pinned by dislocation intersections and points at which 
the dislocation line leaves the slip plane, and surrounded 
by a Maxwellian atmosphere of solute atoms. The con- 
centration of solute atoms about the dislocation varies 
as 
tration and U is the interaction energy of the solute 
atom and the dislocation. At temperatures 
T= Unax/K \n(1/Co) the atmosphere has a Maxwellian 
distribution.’ Under the oscillating stress of the internal 


where Cp is the average solute concen- 


above 


friction measurement, a stress 
o-=112CNuer,’ 


is required to free the dislocation from the influence of 
its dilute atmosphere.* (.V is the number of atoms per 
unit volume, 0d is the Burgers vector, € is the strain due 
to the solute atoms, r, is the radius of the matrix atom.) 
Even if the dislocation is freed from the influence of its 
dilute atmosphere, it is still pinned by dislocation inter- 
sections, and by those points at which the dislocation 
leaves the slip plane. Its extent of motion is limited by 
these pinning points. 

The type II behavior where no hysteresis was ob- 
served may be due to the pinning of the dislocation by 
intersections, while the large increase in damping may 
be due to the freeing of the dislocation from its dilute 
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solute atmosphere. Since the dislocation remains geo- 
metrically fixed in the crystal, the repinning time for 
the solute atmosphere is quite short. The large hysteresis 
oC > y > > é a > > > > > t] > . . . 
- P of the type one ivior may be expec ted when he The Origin of Screw Dislocations 
dislocation 1s freed from its pinning point and is di Role of Colloidal Particles 
placed geometrically in the crystal. In order to reform 
the solute atmosphere about the dislocation in this When proposing the screw dislocation mechanism of 


case, diffusion will have to occur over greater distances crystal growth, Frank' made a number of 


Suggestions 


so the repinning time will be longer. Therefore, during to account for the genesis of screw dislocations in gr 
the period of the internal friction measurement the ing crystals. None of th lurnished 


specimen should exhibit a hysteresis behavior. genetic mechanism. 

For the aluminum used in these experiments 7) is of | Sears’ have postulate 
the order of 0°K so the solute atmosphere may be con- rigin of screw dislocation 
sidered dilute at all the temperatures considered. For ir] 
this material, A is 10-* dyne cm? and C» is 8.65X 10 
The stress at which the double-valued behavior oc- support the proposed genet 
curred was 3.9X 10° dynes/cm? at — 196°C and 2.5X 10! Very thin platelets of ( 
dynes cm? at — 147°C. The calculated stress for freeing hess widtl vl 
the dislocation from its atmosphere is of the order of — screw 
4X 10° dynes/cm’. tion a 

For the sodium chloride crystals used in these ex- In the la 
periments, A is 6.2X10~*! dynes cm? and Cy is 10~°. 7 the Burgers vector 1s 
is calculated to be — 100°C. The solute atom interaction lislocations form in t 
energy with the dislocation is greater for the sodium well as at their periphery 
chloride than for the aluminum crystals. The stress at t has been proposed 
which the double-valued behavior was observed was of vhen the originally perfect 


the order of 4X10° dynes/cm?. The calculated stress grows around a second 


} 


required to free the dislocation from its dilute atmos- sometimes a platelet 


phere is of the order of 14108 dynes/cm?. The large _ to the first crystal. 


hysteresis found in the sodium chloride may be ex- dislocations at 
plained on the basis of the much larger stress amplitudes li tions origin 
used for this crystal. in the interior of 

The probability of observing the double-valued — terior dislocations 
behavior appears to be greater in those specimens impingement of platelet 
where loosely pinned dislocations have been produced _ colloidal particles and 
by heat treatment or cold work, or in those materials around these particles. 
in which the dislocation pinning is weak. If the disloca- [he postulated role of 
tion density is increased by plastic deformation the ported by several facts. Aque 
dislocations may become more strongly pinned by for the ubiquity of colloida 
dislocation intersections and the stress to produce the rate of screw dislocations 
double-valued behavior increases as shown in Fig. 2. reasonable concentration of co 
The_hysteresis behavior of crystals may also be sup- kirk’ occasionally observed a « 
pressed by increasing the dislocation pinning by cold trapped between overlapping 


work and annealing. A critical experiment for 
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lated role of colloidal particles in the genesis of interior 
screw dislocations is apparent. If perfect platelets are 
grown in the absence of colloidal particles, then screw 
dislocations with a Burgers vector normal to the large 
face should only form peripherally by impingement of 
two platelets, never in the interior of a face. 

Such an experiment has already been reported. 
Kowarski* in 1933 described the growth of perfect 
platelets of paratoluidine from the vapor. Translated 
into current terminology Kowarski reported that very 


thin platelets of para-toluidine grew at constant thick- 


ness on the surface of condensation from the vapor. 
The interference color of a given platelet was constant 
over long periods of time. Occasionally screw disloca- 
tions were generated on the extended faces and thicken- 
ing occurred. He observed that the screw dislocations 
were always generated at the periphery of the platelets, 
and only at the point of intersection when neighboring 
platelets came into contact with one another during 
growth, 

He stated that the neighboring platelets were tilted 
with respect to one another, which 
exactly with observations of Newkirk on CdI,* and 
the theoretical postulate.! Since the growth occurred 


slightly agrees 


from the vapor phase, there can be no argument as to 
the absence of colloidal particles. 

The objection may be raised that there is some funda- 
mental difference between growth from solution and 
from vapor. The accumulated evidence at this Labora- 
tory appears to definitely eliminate the possibility. 
However, work is in progress to observe the growth of 
Cdl, platelets from a solution free of colloidal particles. 

G. W. SEARS 
General Electric Research Laboratory 
Schenectady, New York 
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Self-Diffusion of Lead in Oriented 
Grain-Boundaries* 


It is now generally accepted that there are three paths 
for diffusion in polycrystalline metals, namely, through 
the lattice (lattice diffusion), along grain-boundaries 

grain-boundary diffusion) and over the surface (surface 
diffusion). Diffusion experiments are of interest as they 
can give information about the properties of metals and 
because of the fact that diffusion plays a prominent role 
in many processes which can take place in metals (e.g., 
precipitation). 
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dimensions in mm 
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In order to avoid mathematical and experimental 
difficulties in investigating the complete diffusion be- 
havior of a metal, it is advisable to study if possible, 
the different diffusion phenomena separately. Though it 
is easy to eliminate the complications due to surface 
diffusion, experiments on grain-boundary diffusion are 
practically always interfered with by lattice diffusion. 
This might give difficulties in analysing the experimental 
results obtained. For the case, however, that grain- 
boundary diffusion is relatively important and provided 
that the number of atoms diffused along the boundaries 
is much larger than the number of atoms diffused 
through the lattice, Fisher' has worked out a method 
which enables the analysis of the penetration curves, 
deviating from those obtained by homogeneous diffusion. 

With the aid of this method Hoffman and Turnbull? 
and Slifkin, Lazarus Tomizuka® the 
grain-boundary diffusion constant for silver. For zinc 


and calculated 
this was done by Wajda‘ and for lead by Okkerse.°® 


Smoluchowski ef al® 
ing method that the penetration of silver and zinc in 


have shown by means of an etch- 


copper is a function of the orientation difference be- 
tween neighboring grains. Similar observations, but 
explained in a different way, were made by Turnbull 
and Hoffman." One of the corollaries of the dislocation 
model is that the diffusion coefficient may be expected 
to be different in different directions, relative to the 
position of the dislocation lines in the grain-boundary. 
As a matter of fact such an anisotropy of the grain- 
boundary diffusion was demonstrated by Couling and 
Smoluchowski" by means of autoradiographs. 

Because of the fact that in our laboratory grain- 
boundary and lattice diffusion in lead were investigated 
with the aid of the sectioning technique and as it 
turned out to be possible to distinguish between these 
two phenomena, it seemed worth while to try to de- 
termine the influence of the structure of the boundary 
on the self-diffusion of lead in oriented grain-boundaries. 
In what follows a description of the technique applied 
and of the results obtained will be given. 

In order to have the disposal of grain boundaries with 
a well-defined structure, lead bicrystals were prepared 
after the method of Tiedema and Kooy.” The dimen- 
sions of these bicrystals were: length 90 mm, width 30 


3, 1995 
dimensions in mm 

1 
3 u 
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mm and thickness 6 mm. From the so-obtained bi- 
crystalline “‘bars” cylinders with a diameter of 23 mm 
and a thickness of 5 mm were prepared by carefully 
sawing and machining (see Fig. 1). The specimens were 
only slightly deformed as appeared from Laue back- 
reflection diagrams. After an anneal at 310°C in vacuum 
for 10 days, the deformed layer disappeared in most 
cases aS was proved by Laue back-reflection photo- 
graphs. This means a complete recovery of the deformed 
bicrystals. 

The method by which the penetration curves were 
obtained was the same as that used for single crystalline 
and polycrystalline specimens by Okkerse.°® The speci- 
mens were activated in the normal way with thorium B. 
Then they were annealed in vacuum at a temperature of 
220°C for about 70 hours. After this diffusion-anneal, 
sections with a thickness of approximately 10 were 
turned off on a lathe. The radioactivity of each section 
was determined by means of a bell-shaped Geiger 
counter. In each case, 25 sections were examined. After 
the appropriate corrections, the penetration curve 
could be obtained from the weight and the activity of 
each section. 

The bicrystals were grown with orientations as given 
in Fig. 2. Figure 2a represents the orientations of bi- 
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Bicrystal I 


i 
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( ; can be seen from the drav 


crystals have a common | 110 |-direction whicl 


° 1 1 . 
cides with the longitudinal di 


e SI 


rection of 
whereas each crystal has a (111)-plane whic! 
angle of 81 degrees with the surface of the 

In bi rystal [] 
mon [211 ]-direction coinciding with the longitudinal 
111)-plane of eac h 


crvstal makes an angle of 81 degrees with the surface. 


direction of the specimen. Again a 


Finally in bicrystal III (Fig. 2c) the ’ 
have a (111)-plane perpendicular to the surface of the 


specimen making angles of 9 degrees with the longi- 


tudinal direction. They have a common | 110 direction 


perpendicular to the surface. 
From bicrystal I, two specimens were examined 


whereas from the bicrystals II and III three specimens 


I 


were analysed. The penetration curves ol different 
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specimens from the same bicrystal were very similar. 
Typical curves for each bicrystal are shown in Fig. 3. 
From the results obtained it seems to us that the 
following conclusions can be drawn: 
a. In bicrystal I no detectable grain-boundary diffu- 
sion occurs. If the penetration curve is analysed in the 
normal way a lattice diffusion constant of 5.2010~-" 


cm?/sec can be calculated. This value is 17 percent 
higher than the value calculated from the equation 
D=1.17 exp(—25700/RT 


This deviation is within the accuracy of the 


cm?/sec as given by Ok- 
kerse. 
experiments. In the case of bicrystal I the dislocation 
lines are expected to be perpendicular to the diffusion 
direction. 

b. The deviating penetration curves obtained for the 
bicrystals II and III can neither be analysed in the 
normal way, nor by the method of Fisher.' As far as we 
can see this must be ascribed to the fact that the condi- 
tions required for the availability of Fisher’s method 
there is a marked difference 
ITI. 


last case. Now in bicrystal III the 


are not satisfied. Still, 


between the curves II and The penetration is 
much larger in the 
dislocation lines are expected to be parallel to the 
diffusion direction. For bicrystal II it is not so easy 
to say what the position of the dislocation lines is 
with respect to the diffusion direction. It is, however, 
clear that diffusion in the boundary is much faster than 
for bicrystal I but slower than for bicrystal III. 

c. From these experiments it follows that the diffu- 
sion in grain-boundaries is influenced strongly by the 
position of the dislocation lines with respect the 
that the lines are 
bicrystal III) diffu- 


sion goes much faster than for the case that these lines 


diffusion direction. For the case 


parallel to the diffusion direction 


are perpendicular to the diffusion direction. 


B. OKKERSE 
T. J. TrepEMA 
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Laboratory for Physical Chemistry, 
Technical University, 
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Formation of the Intermetallic Compound PtZn 
at Room Temperature* 


After zinc 
chemists concerned with electroanalysis of brasses and 


was electrodeposited on platinum, early 


similar alloys observed that when the electrodeposit 
was removed in acid, a black residue remained firmly 
attached to the platinum. This deposit was unattacked 
by nitric or hydrochloric acids, and was stated to be 
platinum black.'* A similar residue was not observed 
when copper was electrodeposited instead, accounting 
for the recommendation that a layer of copper on 
platinum precede electrodeposition of zinc. 
With zinc, the film, although 
resembling platinum black, was not analyzed by those 
who stated its composition, the identification being 


residual strongly 


based solely on appearance and lack of attack by acids. 
If the compound is platinum black, as claimed, the 


mechanics of its formation at such low temperatures 


(25-60°C) and within short times (one to several hours) 


is of some interest and, hence, appeared to deserve 
further investigation. 

A commercial zinc plating bath was prepared based 
on zinc sulfate‘ employing a current density of 1.5 
amp/sq cm. Platinum cathodes were cleaned in nitric 
acid, washed in water, and then heated to a bright red 
temperature in an oxygen-gas flame. Immediately 
after cleaning, the platinum was plated with zinc 
room 


for a period of 15 minutes at 


This provided a deposit approximately 7X10~* cm 


tem] erature. 


thick. The zinc-plated platinum was then either aged 
at room temperature for a definite period of time, or 
heated somewhat above room temperature under 
specified conditions. Following this period, the zinc 
was removed by dissolution in 15 vol.% nitric acid at 
room temperature. In all cases, a black or gray residue 
remained on the platinum, insoluble in hot concentrated 
The 


residual film, however, was attacked by aqua regia. 


nitric or hot concentrated hydrochloric acids. 

It was apparent visually that the longer the time of 
aging, or the higher the temperature of heating, the 
darker was the film. But even when the film was stripped 
immediately after plating, evidence of a superficial 
residue was faintly apparent. This meant that aging at 
room temperature for 15 minutes sufficed to produce 


TABLE I. Effect of aging on weight gain of Zn-plated Pt cathodes 
after immersion in HNOs. 


Weight gain 
per cathod 


30 cm? 


le 


Room 0.0 mg 
Room 1.0 
0.2 
80°C 1.3 
100°C 26 


lime in plating bath 


1. J. C. Fisher, J. A 
2: R. E, Hom 
3. L. Slifkin, D. Lazarus, and T. Tomizuka, J. 
1032 (1952 

4. E. S. Wajda, Acta Met. 2, 184 (1954 

5. B. Okkerse, Acta Met. 2, 551 (1954 _ Aging — \ging | 

6 R oluch« VS} ‘ 

7. R. Smoluchows! 

8. R. Smoluchows! 

9. R. Smoluchows!} 

10. D. Turnbull anc 

11. L. Couling and I 

12 T J Tieder a al 


Fic. 1. Residual film after immersion of Zn-plated Pt in 15 vol 
aged 15 minutes, 


(a) Aged 1 hour, 80°C; (b 


some amount of the film substance. The residue was 
darker on some grains of the base metal than on others, 
suggesting that rate of formation of the film substance 
depended on preferred crystal orientation (Fig. 1). 

Further examination furnished evidence that the 
residue was not platinum black. By weighing platinum 
cathodes before and after stripping the zinc coating, it 
was noted that the platinum gained weight, and that 
the weight gain was greater the longer the aging period. 
Data are given in Table I. 

Final identification was obtained by electron diffrac- 
tion studies of the film in situ, and was supplemented 
by scraping off some of the residue and subjecting it 
to X-ray diffraction. The patterns were established as 
that of the intermetallic compound, PtZn, in accord 
with previous identification by Nowotny ef al.° Weak 
lines of Pt;Zny and Pt were also evident, but the major 
reaction product was PtZn. 

From values of weight gain and a calculated density 
for PtZn of 15.4, the average thickness of film after an 
aging period of 1 hour at 100°C is about 600 A. On 
some grains, the value of thickness would be consider- 
ably larger than this average. Growth of a film so thick 
at so low a temperature and within so short a time 
presents an interesting problem in diffusion, the answer 


EDITOR 


~ 


% HNO 


Plating time, 15 minut 


room temperature 


to which is not immediately obvious. Making 
the approximate relation®:’ S?=2Di, where S 
thickness of PtZn (600 A), D is 
1 hr), the cal 


is equal to 5.0 10 se 


he diff 


consi 


and / is the time ilated diffusion constant 
at 100°C 
can be compared with the diffusion of zinc into 


24 29% Zn—Cu) Is 
Arrhenius 


This value 
copper, 
hich 


the activation energy for w 


35 000 cal/mole and A of the 


equation is equal to 0.096.* The corresponding 


given as 
the diffusion constant at 100°C is calcul 
4X 10 
smaller than the value corresponding to formation of 
PtZn. 


The high value of D for the Pt-Zn system can hardly 


cm? sec™!, i.e., many orders of magnit 


be accounted for by rise of surface temperature through 


} 


heat of reaction, in view of the good conductivity of 
both metals. One possibility is a very high diffusion rate 
of Zn or Pt through the intermetallic compound. This 
can be weighed against the stability of the compound 
exposed to hot concentrated acids and the « orresp ynding 


reluctance of reactive zinc atoms to leave the lattice. 
he surface diffusion of 


lowed by 


An alternative explanation is t 
zinc through pores of the compound PtZn, fol 


reaction of zinc with platinum at the interface of the 


two metals to form more compound. Rate of surface 
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diffusion is typically more rapid than rate of lattice 
diffusion. Since surface reaction rates of this kind are 
logically related to the particular crystal face of 
platinum exposed, this mechanism would also explain 
the variations of film thickness over the platinum 
surface. 

H. H. UHLIG 

J. S. MAcNAIRN 

D. A. VAUGHNT 
Department of Metallurgy 
Massachusetts Institute of Technology 
Cambridge, Massachusetts 
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ISOTHERMAL DECOMPOSITION KINETICS OF TRANSFORMED-BETA PHASE 
IN A TITANIUM-NICKEL ALLOY* 


D. H. POLONIS; and J. GORDON PARR} 


The decomposition kinetics of the transformed-8 phase during isothermal heat-treatment 
by measuring the rate of precipitation of Ti,Ni. The reaction follows the 
Johnson and Mehl, and an activation energy of 84,000 cal/mole has been determined 
values of the coefficient ‘‘n” it is suggested that Ti.Ni precipitates as plates at temperatures up to 
spheroidal precl 


type ol equation 


On the 


\bove this temperature there appears to be a tendency for the formation of 
model for the reaction is proposed in which the rate controlling process is the 


self-diffusion of titar 

CINETIQUE DE LA DECOMPOSITION ISOTHERME DE LA PHASE-8 DANS UN 
ALLIAGE TI-NI 

La cinétique de la décomposition de la phase-8 pendant un traitement isotherme est étudi 

la vitesse de précipitation de Ti?Ni. La réaction suit |’équation de Johnson et Mehl et 

tion de 84.000 cal/mol a été déterminée. De la valeur de |’exposant “‘n,” il semble 

plaquettes jusqu’a 525°; au-dessus de cette température, il y aurait tendance a une précipitation 

Il est suggéré que la réaction est contrélée par l’autodiffusion du titan 


DIE KINETIK DER ISOTHERMEN ENTMISCHUNG DER UMGEWANDEL 
BETA-PHASE EINER TITAN-NICKEL-LEGIERUNG 

Die Kinetik der Entmischung der umgewandelten 8-Phase bei einer isothermen Warn 
wurde durch Messung der Ausscheidungsmenge von Ti.Ni untersucht. Die Reaktior 
Gyp der Gleichung von Johnson und Mehl. Die Aktivierungsenergie wurde zu 84.000 cal 
Auf Grund des Koeffizienten ‘‘n”’ wird vermutet, dass sich Ti:Ni bei Temperaturen bis 525°C 
ausscheidet. Oberhalb dieser Temperatur eine Neigung zur Bildung von sphiarolitischen Au 
zu bestehen. Es wird ein Modell fiir die Reaktion vorgeschlagen, bei dem der massgebende Vorg: 
Reaktionsablauf die Selbstdiffusion des Titans ist 


veriault 


INTRODUCTION other titanium alloys.’'°" The absence of any other 
The tempering kinetics of some important ferrous a s confirmed by X-ray diffraction studies. The 


/.2 per cent nickel alloy was selected for the present 


alloys have been explored in detail’* by applying 
theories of diffusion and precipitation developed by 
Johnson and Mehl® and Zener.’ The work has included 
decomposition studies of retained and martensitically 


study since, on tempering to produce equilibrium struc- 
tures, phase-ratios could be assessed more accurately 
than with lower compositions. In addition, this alloy 
corresponds approximately to eutectoid composition. 


) 


transformed austenite as well as graphitization in cast- 
(see phase diagram, Fig. 2 


irons. Most of the research has been concerned with 


The phase diasram shows that the approach towards 
interstitial alloying elements in materials of complex Phe phase diagram shows that the approach toward 


commercial composition. equilibrium during tempering yields the phase Ti,Ni. 

The present work is an analysis of the tempering 
kinetics of transformed-8 solid solution (hexagonal 
close-packed) in a 7.2 weight per cent (6 per cent atomic) 
nickel alloy of titanium. It was possible to produce 100 
per cent transformed-@ (called a’) in titanium-nickel 
alloy powders (—200 mesh) containing up to 7.2 per 
cent nickel* by quenching them from 1,000°C with a 
blast of purified argon gas. Specimens containing more 
nickel showed some retained 6 after quenching. Metal- 
lographic examination of completely transformed speci- 


mens revealed pronounced strain patterns (Fig. 1) 
which are typical of martensitic structures observed in 


* Received December 13, 1954. 
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Phase diagram of the titanium-nickel system 
after Margolin ef al.! 


During the formation of Ti,Ni the a’ phase is depleted 
of nickel until its composition conforms to that of 
equilibrium a at the tempering temperature. It probably 
contains less than 0.1 per cent nickel at 500°C. 


EXPERIMENTAL METHOD 


The titanium alloy was prepared from iodide titanium 
and Johnson Matthey spectrographic standard nickel 
by levitation-melting.” The method by which filed 
powders were quenched has been described elsewhere,’ 
and the usual precautions against contamination were 
observed. Sufficient quenched powder of the 7.2 per cent 
nickel alloy was prepared for the subsequent isothermal 
heat-treatments which were made upon samples sealed 
in evacuated fine bore silica tubing. Temperature con- 
trol during tempering was #-3°C. Where heat-treat- 
ments were of less than 15 minutes’ duration, a thermo- 
couple was attached to the specimen-tube and time was 
measured from the instant the thermocouple reached 
temperature. In all cases temperature was attained in 
15 to 20 seconds. 

The extent of the tempering reaction after heat- 
treatment was determined by computing from X-ray 
data the amount of TisNi formed. In order to assess 
this quantitatively the ratio of the line intensities 
TigNisi1°":@19, was first obtained on Geiger-spectrom- 
eter plots for each of several Ti-Ni alloys ranging from 
0 to 10 per cent nickel which had been heat-treated to 
produce equilibrium structures. The percentage Ti,Ni 
for each alloy was determined from the phase diagram 


/ 


& 


WEIGHT % 


2 


TiN 


LOG TIME (mins) 


Fic. 3. Graph showing percentage by weight of Ti:Ni 
formed versus logio time 
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and plotted against the corresponding ratio of intensities 
TioNis11**":a10;. Hence, relative line intensities obtained 
after heat-treating the quenched alloy could be trans- 
lated into phase ratios. It should be noted that both the 
101 @ line and 101 a’ line are coincident about 6= 20°. 
Consequently, it is necessary to assume that a and a’ 
phases have equal structure factors. This introduces a 
small error since a’ contains 6 atomic per cent nickel 
in the alloy used, and its structure factor differs from 
that of equilibrium a, which is practically pure titanium. 
However, calculations based on the assumption of 
random nickel distribution in a’ reveal the error to be 
less than 2 per cent—a figure that is no greater than 
the inherent errors involved in the technique. 


EXPERIMENTAL RESULTS 


The tempering reaction in the alloy was followed at 
temperatures of 450°C, 500°C, 525°C and 550°C. The 
weight percentages of Ti,Ni formed during the reaction 
are plotted as a function of logy) time in Fig. 3. The 
curves possess the familiar ‘S’-shape (although the early 


Fic. 4. Magnification 2000. Etchant 5 per cent HF in glycerin, 
followed by nitric acid Ni alloy. Powder 
quenched and transformed 90 pe 


rinse 


7.2 per cent 
r ce 


nt at 500°C. 


stages of the reaction could not be measured) and may 
be reasonably superimposed by translation along the 
logo time Once the initiated the 
amount of Ti.Ni formed is approximately proportional 


axis. reaction is 
to logio time up to the concluding stages of the reaction 
(i.e., when more than 14 per cent Ti.Ni has precipitated) 
at which juncture the rate decreases quite appreciably. 
Complete transformation would be at 18.9 per cent 
TigNi. 

Tempered specimens were examined metallograph- 
ically in order to detect any changes due to diffusion 
and precipitation. The original strained structure ap- 
peared to be transformed to a Widmanstitten precipi- 
tation type. Figure 4 shows a typical microstructure for 
90 per cent transformation at 500°C. The structure is 
fine and acicular. Since TisNi is not resolvable at a 
magnification of 2,000 times, it is presumably very finely 
dispersed. At 550°C the structure is a little coarser 
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Fic. 5. Magnification 2000X . Etchant 5 per cent HF in glycerin, 
followed by nitric acid rinse. 7.2 per cent Ni alloy. Powder 
quenched and transformed 90 per cent at 550°C 


(Fig. 5), but no definite precipitation of Ti,Ni can be 
seen. Microscopic examination of a specimen heated at 
750°C for 15 minutes revealed a spheroidal precipitate 
of Ti.Ni in a matrix of a (see Fig. 6). 


DISCUSSION OF RESULTS 


The general shape of the curves in Fig. 3 suggests a 
type of nucleation and growth process that was quanti- 
tatively analysed by Johnson and Mehl.® They proposed 
an equation of the following form for a rate of nuclea- 
tion V and a rate of growth G: 


1—exp -G*-é (1) 


3 


TW 


where /(¢) represents the fraction transformed in time /. 
A more general form of Eq. (1) is 


f(t)=1—exp (— ki”), 
which yields 


d f(t) 


Fic. 6. Magnification 2000. Etchant 5 per cent HF in glycerin, 
followed by nitric acid rinse. 7.2 per cent Ni alloy. Powder 


quenched and transformed 100 per cent at 750°C. 
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The coefficients & and » are constants for a particular 
process. If logarithms are taken in Eq. (2), 


loge(1 kt’ 


and 


log 


Cohen ef al.' have proposed the following equation 
which serves to define the specific rate constant K and 


is merely another form of Eq. (2 


where m=n—1. 


Comparison of Eqs. (3) and (6) shows 
nk= 
Substituting Eq. (7) in (5 


10 logio 


From (8) it can be seen that if the tempering re- 


action is to obey the relationship, then a plot of 


log, 1 | 


line. The experimental values for the current investiga 


1] 
log, versus |og 


yleld a straight 


tion are plotted in Fig. 7 and produce reasonably 
straight lines up to the late stages of the reaction. The 
curves deviate from linearity at approximately the 
same ordinate values, suggesting the possibility of some 
structural feature that inhibits the growth process. 
Reference to Eq. (8) shows that the slopes of the 
values of m for 


Table I, 


curves in Fig. 7 are equivalent to the 


each temperature. The values are listed in 


| 


é 4 logio log n log yl. 5) 
ay 1— f(t) 2.3 
K 0) 
di 
log +n log 8) 
1— 2.3n 
Fic. 7. Graph of logyo logio{ 1/1 ersus logy time 
| | 
di 
$50 0.53 240 
500 0.51 1.45 
525 0.52 1.02 


310 ACTA METALLI 
where it is seen that, except for the value of 0.7 at 
550°C, n is fairly constant about 0.52. 

The values of log;(A/2.3n) for each temperature 
have been obtained from the log time=O intercepts of 
Fig. 7, and are listed in Table I. From basic rate theory, 
it is known that: 

(9) 
where A, is the specific rate constant in units time", 
Q, is the activation energy, and A is a frequency factor 
if the reaction is first order. If logA, is plotted against 
the reciprocal of the absolute temperature then a linear 
relation should exist and the slope will equal Q;/2.3R. 
(This is the standard Arrhenius method of obtaining 
activation energy.) 

From Eq. (7) the rate constant for a precipitation 
reaction as defined by Eqs. (6) and (8) is 

K 


the values of log,)(A/2.37) have been 


T asshown in Fig. 8. Anexcellent linear 


Consequently, 


+ 


plotted against 1 


Fic. 8. Graph of logio(K/2.3n) versus 


relationship yields an activation energy Q,.=43,500 
cal/mole. From Eq. (8) it can be seen that the rate con- 
stant K is expressed in the units time~", but the corre- 
sponding activation energy Q; must be evaluated in 
terms of A in units time~! before any comparisons may 
be drawn with other rate processes. The conversion can 
be made automatically by plotting (1/7) logy(K/2.3m) 
versus 1/T, 


controlling process. In this investigation, 0,=43,500/n 


or more simply by using the relationship 
n where (), is the energy of activation for the 


= 84,000 cal/mole, where 7 is 0.5. 

Alternatively, the activation energy Q, for the tem- 
pering process may be obtained (5) from the slope of a 
graph of log time against 1/7 for a specific fraction of 
decomposition (e.g., 50 per cent) as shown in Fig. 9. 
This method gives the same value for Q, as the above 


calculation. 
DIFFUSION MODEL 


The following experimental results and conclusions 
have been considered in proposing a model for the 
tempering of transformed-8 in the 7.2 per cent nickel 
alloy: 
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LOG TIME (mins) 


1 
3 


x» 10°53 


3. 9. Graph of logio time versus 1/T for 50 
per cent transformation. 


1. The reaction is a growth process which can be 
adequately described by the equation: 


f(t)=1—exp(—k-?"), 


where n=0.5 at 450°C, 500°C and 525°C =0.7 at 550°C 

2. In the tempering treatments carried out at 450°C 
to 550°C the phase Ti,Ni is not microscopically resolv- 
able; however, at 750°C the precipitate appears clearly 
spheroidal. It is concluded that at the lower heat-treat- 
ing temperatures, growth of many more dispersed nuclei 
occurs than at higher temperatures. 

3. At the three lower tempering temperatures the 
coefficient ” is approximately 0.5, which suggests that 
growth occurs by advancement of planar interfaces of 
Ti,Ni. Cohen has indicated a similar process in his 
treatment of first stage tempering in steels.” 

4. The later stages of the reaction do not comply with 
Eq. (2). This is perhaps due to the impingement of 
adjacent Ti.Ni precipitates. 

5. Diffusion in this system is by substitution. Growth 
of a Ti.Ni precipitate requires that Ni atoms be trans- 
ported through the a’ lattice to the interface. There is 
a great difference in nickel concentration between a and 
Ti,Ni at the interface and consequently it is to be ex- 
pected that the rate of movement of interface will be 
slow. In addition, a countercurrent diffusion of Ti atoms 
away from the interface, in the same direction as the 
Ti.Ni growth, must occur in order to create vacancies 
for Ni atoms to form TioNi. 

6. The activation energy for the controlling diffusion 
process has been determined as 84,000 cal/ mole. 
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Fic. 10. Proposed model for growth process. 
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On the basis of these observations, it is proposed that 
at 450°C to 550°C (and probably below this range) 
growth of Ti.Ni proceeds in plate-like form as shown in 
Fig. 10. Ti,Ni is envisaged as advancing into the a’ solid 
solution with a depletion of nickel ahead of the inter- 
face. The gradient of nickel concentration in a’ will be 
determined by the diffusion coefficient of the reaction 
and by the maximum and minimum nickel concentra- 
tions indicated by co and c; respectively. The line ‘aa’ 
represents the centre-line between the midpoints of two 
growing Ti:Ni plates. Towards the end of the decompo- 
sition process the concentration cp» at line ‘aa’ will start 
to diminish, resulting in a subsequent decrease in con- 
centration gradient. In this model the product should 
consist of a regions surrounded by fine, well-dispersed 
plates of Ti,.Ni. At low tempering temperatures (less 
than 550°C) it is probable that the growth of many 
nuclei will proceed with eventual impingement which 
results in the nonlinearity of the upper parts of the 
curves logio logiol 1/1— f(é)] versus logit. Thus, the 
Widmanstitten type of a precipitate seems reasonable 
on the basis of this model, and Ti,Ni formations would 
be manifested as an apparent thickening of a boundaries. 
Calculations based on cylindrical a needles and uniform 
distribution of Ti,Ni as surface layers around a show 
that the thickness of the Ti.Ni layer is in the order of 
0.05 microns—which would not be resolvable under the 
microscope. At 550°C the increased value of » (0.7) 
implies that precipitation occurs in thicker units, since 
as n approaches 1.5 spheroidal precipitates are expected. 
Although no measurements have been made at tem- 
peratures higher than 550°C, the photomicrograph of 
a specimen treated at 750°C (Fig. 6) supports this view. 

The diffusion coefficient for the controlling process, 
as calculated from 


D=§av exp—Q/RT, 


(where a is interatomic spacing, and v the thermal 
oscillation frequency) is in the order of 10~** cm? per 
sec in the temperature range 450°C to 550°C. Such a 
small value implies a slow diffusion rate which will 
favour the formation of a very fine and well-dispersed 
precipitate. 

Since the proposed model requires countercurrent 
diffusion of Ti atoms and Ni atoms, the self-diffusion 
of Ti to create vacancies for the Ni may well be the 
rate-controlling factor. Although no figure exists for 
the activation energy of self-diffusion in titanium ((,), 
an analysis of self-diffusion data for several metals 
indicates that Q, is roughly proportional to the melting 
point 7;. In Fig. 11, the available values of Q, are 
plotted against 7, 
tionship is obtained. From Fig. 11 the activation energy 
titanium is estimated to be about 


and a reasonably straight-line rela- 


of self-diffusion of 
77000 cal/mole. This value corresponds remarkably 
well to the activation energy for the rate-controlling 
step of the tempering reaction in the titanium-nickel 
alloy. 
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. 11. Graph showing activation energy 


versus melting temperature, 7 


CONCLUSION 


A model for the tempering kinetics of transformed-8 
in a 7.2 per cent nickel alloy of titanium has been pro- 
posed. This model is based on growth of plates of Ti.Ni 
during isothermal heat-treatments between 450°C and 
550°C. At temperatures above 525°C there is a tendency 
for the precipitation of thicker units and eventually 
spheroids. 

The reaction, to 85 per cent completion, is satisfac- 


torily described by the rate equation based upon the 


work of Johnson and Mehl, Cohen and Zener. On the 
basis of the proposed model and the ac tivation energy 
of the that the self-diffusion of 


process, Il appears 


titanium is the major rate controlling factor. 
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ON THE INTERPRETATION OF “LOW-TEMPERATURE” RECOVERY PHENOMENA 
IN COLD-WORKED METALS* 


A. S. NOWICKt 


The “‘low-temperature”’ recovery range is defined as the range of temperatures in which equilibrium atomic 
diffusion is too slow to be the rate controlling process in recovery. A survey of various low-temperature 
recovery phenomena is carried out in order to determine to what extent effects due to point defects (va 
cancies, interstitial atoms, etc.) and to dislocations may be separated from one another. It is concluded that 
both annealing out of point defects and regrouping of dislocations occur in the very early stages of annealing. 
Of the various physical properties for which recovery data have been obtained, electrical resistivity seems 


| most by the 


to be the most sensitive to point defects, while internal friction and elastic modulus are affectec 
earliest stages of the rearrangement of dislocations. Studies of the latter properties show, in fact, that con 
siderable dislocation recovery takes place at room temperature in very short times after deformation, even 
for high melting point metals. This recovery effect is believed to be the early stage of the same process that 
also leads to the release of stored energy and eventually to X-ray line sharpening. 

In the quantitative interpretation of recovery data it is convenient to regard recovery as a superposition 
of elementary first-order processes, each having a unique recovery time. The pre-exponential factor in the 
Boltzmann expression for the recovery time generally falls close to 10™™ sec. For point defect phenomena, this 
result implies that the mean lifetime of a defect in a cold worked lattice is of the order of 10? to 10° jumps. 


SUR L’EXPLICATION DE LA RESTAURATION A BASSE TEMPERATURE POUR 
LES METAUX ECROUIS 


Le domaine de la restauration a basse température est défini comme le domaine de température pour lequel 
la diffusion atomique est trop faible pour régir la restauration. En passant en revue les divers phénoménes 
de restauration a basse température, |’auteur cherche a distinguer les effets des défauts ponctuels (lacunes, 

interstitiels, de ceux des dislocations et il conclut que, pendant les premiers stades de revenu, 
a fois destruction des défauts ponctuels et regroupement des dislocations. Des différentes propriétés 
la restauration, la résistivité semble étre la plus sensible aux défauts 


le module d’él 


asticité sont affect es plus particuliérement par 
L’étude de ces derniéres propriétés montre en effet qu’une 
due aux dislocations se produit 4 température ordinaire, immédiatement aprés les 


déformations, méme pour des métaux 4 point de fusion élevé; c’est le méme effet qui tendrait a libérer 
énergie accumulée et, éventuellement, a affiner les lignes de rayons X. 

Dans l’interprétation quantitative de la restauration, il est commode de la considérer comme la super 
tion de diverses réactions du premier ordre ayant un méme temps de relaxation. Le coefficient avant 


DOSI 
posi 
l’exponentielle dans |’expression de Bolzmann, pour ce temps de relaxation, est généralement voisin de 10 

sec. Pour les phénoménes liés aux défauts ponctuels, ce résultat suppose que la vie moyenne d’un défaut 


dans un métal é i est de | lre de 107 a 10° sauts 


BEITRAG ZUR KLARUNG DER PHANOMENE DER “TIEF-TEMPERATUR” 
ERHOLUNG BEI KALTVERFORMTEN METALLEN 


*Tief-Temperatur’’-Erholung wird als derjenige Temperaturbereich definiert, bei 
dem die Gleichgewichtsdiffusion der Atome zu langsam ist, um fiir den Erholungsvorgang die steuernde 
Komponente zu sein. Um festzustellen, inwieweit die auf 6rtlich begrenzte Fehler (Leerstellen, Zwischen 
gitteratome, etc.) von den durch Versetzungen hervorgerufenen Efiekten zu trennen sind, wird eine kritische 
Betrachtung der Phinomene der ““Tief-Temperatur’’-Erholung durchgefiihrt. Es wird festgestellt, dass dic 
\uflésung der Grtlich begrenzten Fehler, sowie die Wiederanhdufung der Versetzungen in den friihen 
Stadien de n tattfindet. Der elektrische Widerstand ist von den physikalischen Eigenschaften, 

ie zur Erholungsmessung herangezogen werden konnten, die empfindlichste in Bezug auf die 6rtlich 
| | die innere Reibung und der E-Modul durch die Anfange der Wiederanhaufung 

Untersuchung der letzteren Eigenschaften zeigt in der Tat, dass eine 

betrachtliche Versetzungserholung kurze Zeit nach der Verformung bei Raumtemperatur vorsichgeht, auch 


bei Metallen mit hohem Schmelzpunkt. Man mimmt an, dass dieser Erholungsefiekt das Anfangsstadium 


desselben Prozesses ist, der auch zum Freiwerden der aufgespeicherten Energie, sowie zur Verscharfung der 
R6ntgenlinien fiihrt 


Bei der quantitativen Auswertung der Ergebnisse von Erholungsversuchen ist es iiblich, die Erholung als 
eine Uberlagerung von elementaren Vorgéangen erster Ordnung zu betrachten, von denen jeder eine in 
dividuelle Erholungszeit hat. Der vorexponentielle Faktor in der Boltzmann’schen Gleichung fiir die 
Erholungszeit liegt im allgemeinen bei 10" sec. Fiir drtlich begrenzte Phanomene sagt das Ergebnis aus, 
dass die mittlere Lebenszeit einer Fehlstelle im kaltverformten Gitter in der Gréssenordnung von 10? bis 10 


oprungen 
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ponctuels, tandis que le ff a 
les premiers réarrangem 
restauration importante 
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I. INTRODUCTION 


The modification of the properties of a cold-worked 
metal produced by annealing, when no change in grain 
structure (recrystallization) takes place, is known as 
recovery. Recovery phenomena have been observed for 
many years, but systematic investigations of these 
effects and attempts to understand the mechanism of 
recovery appear only very recently. Investigations of 
recovery may be roughly subdivided into two cate- 
gories. First, there are effects which occur below the 
range of temperatures in which recrystallization nor- 
mally takes place. Such ‘‘low-temperature”’ recovery is 
the principal concern of the present paper. In the second 
category there is recovery which occurs in and above 
the recrystallization range. This process competes with 
recrystallization as a mechanism of softening and may 
only be observed when recrystallization is avoided. This 
“high-temperature” recovery is now fairly well under- 
stood in terms of a mechanism of polygonization, which 
involves the grouping of excess dislocations of like sign 
into subgrain (small-angle) boundaries, and subsequent 
subgrain growth. The subject of polygonization has 
been adequately reviewed.! 

In view of the great sensitivity of recrystallization 
temperatures to such factors as degree of deformation 
and purity of the metal, the above distinction between 
low-temperature and high-temperature recovery ranges 
may seem somewhat artificial A more meaningful 
definition of the ranges may be obtained in terms of 
atomic diffusion. Such a definition is based on the belief 
that high-temperature recovery takes place through a 
mechanism of dislocation climb? where lattice diffusion 
is the rate controlling process.* The ‘‘low-temperature”’ 
recovery range may then be regarded as the range in 
which normal atomic movement has become too slow 
to contribute to the recovery process. A reasonable 
(though somewhat arbitrary) definition is obtained by 
separating the low and high temperature ranges at that 
temperature at which the mean time between atom 
jumps, 7, is greater than or equal to 10* seconds. This 
choice is based on the fact that for appreciable recovery 
by means of a diffusion controlled mechanism at least 
several atom jumps will be required, on the average. 
Thus, if 7210* sec, recovery by such a mechanism 
begins to require an unreasonably long time. Since 7 
is given by 

r= FT, (1) 
where (Q is the “activation energy” for normal lattice 
diffusion, and ro is of the order of magnitude of 10 
sec,‘ the temperature, 7», at which r= 10% sec is given by 


T)=0/41.4R. (2) 


For many of the common cubic metals Q/7,,36 
cal/mole/K, where 7,, is the melting point. Equation 

* Actually Mott® indicates that the activation energy for dislo 
cation climb might be somewhat higher than that for self-diffusion 


TEMPERATIU 
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(2) therefore becomes 


In accordance with the above discussion, 7) defined by 
Eq. (2) or (3) may be regarded as the dividing point 
“high-temperature” 


are 135°C for aluminum and 


between ‘“‘low-” and recovery. 
(Typical values for 7; 
310°C for copper.t) The importance of recovery in the 
process of creep is illustrated by the fact® that creep of 
many metals may be described in terms of an activation 
energy very nearly equal to that for self-diffusion when 
T>0.45T, 

A discussion of the structural changes that are re- 
sponsible for low-temperature recovery must start from 
a description of the cold worked state. The structure of 
a cold-worked metal has been described alternatively 
as a rather uniformly strained lattice® or as a lattice 
fragmented into unstrained crystallites or subgrains.’ 
Recent evidence*-” favors the compromise viewpoint 
that subgrains do exist after deformation, but that the 
boundaries are poorly defined and the interiors highly 
strained. In terms of dislocation theory, dislocations 
may be distributed more or less uniformly throughout 
a region, producing internal strains, or may be collected 
into small angle boundaries to form a substructure. A 
in addition to 


variety of evidence™ indicates that, 


dislocations, a deformed crystal contains “point de- 


atoms, and paired 
their 


fects” (e.g., vacancies, interstitial 


vacancies) in amounts considerably in excess of 


equilibrium concentrations. Seitz’® suggests that these 
point defects are generated through the movement ot 
dislocations during plastic flow. 

The 


temperature 


recovery of electrical resistivity 


range is attributed primarily 


annealing out of point defects. This conclusion is based 


shows sub- 


principally on the fact that the resistivity 
stantial re overy al temperatures So low that there are 
no corresponding changes in ordinary mechanical prop- 
erties (e.g., yield strength or hardness). On the otl 
hand, the energy of a network of dislocations may 


lowered by mutual annihilation of dislocations of 
opposite sign or by regrouping of excess dislocations of 
sign into more stable configurations. Such 


the same 
redistribution of dislocations should also lead 

covery effects in the low-temperature range provided 
that dislocations move primarily through glide (i.e., 
motion along the slip plane) rather than through a climb 
mechanism which requires diffusion. For example, the 
recovery of X-ray line breadth, to the extent to which 
it occurs in the low-temperature range, is most reason 
ably attributed to such a dislocation mechanism. 

The present paper has as its purpose the reexamina- 
tion of various low-temperature recovery phenomena in 
order to see to what extent recovery effects due to dis- 
locations and to point defects may be separated from 


+ For Cu, Eq. (2) is preferred since Q for self-diffusion has beet 


| it is necessary to use E 5 
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each other. It will be shown that significant redistribu- 
tion of dislocations as well as the annealing out of point 
defects takes place in the very earliest stages of re- 
covery. In carrying out this survey of recovery, it is 
desirable to obtain as much quantitative information 
as possible from available data. Various observers report 
an average activation energy for recovery in a given 
temperature range. It (Sec. IL) that 
analysis of recovery as a superposition of first-order 


is shown here 
decay processes permits one to obtain an additional 
parameter (69) from recovery data. 

Because of the existence of several excellent re- 
views!*~!* of specific aspects of recovery phenomena, no 
attempt is made here to present a complete survey of 
low-temperature recovery. Only experiments which 
pertain to the objectives of the present paper will 
be quoted. 


II. THE RECOVERY SPECTRUM 
Various attempts have been made to study recovery 


the 
19 


quantitatively by utilizing a specific model of 
process to derive a corresponding recovery equation." 
The present approach is more phenomenological; it is 
simply assumed that the low-temperature recovery data 
may be regarded as a superposition of recovery effects 
which obey first-order kinetics. Thus, the property P 
is taken as the sum of elements Ps, each of which re- 
covers with its individual recovery time, 6, and therefore 
obeys the differential equation 


dP,/ —adt/0. (4) 


Values of 6 may vary over a continuous range or spec- 
trum.* It is usually appropriate to assume that each 
value of 6 varies with temperature according to 


=O (5) 


where AH is the appropriate activation energy and 4 
a constant factor with dimensions of time. When only 


] 


a single @-value is operative, combination of Eqs. (4) 


and (5) shows that recovery takes place in a very narrow 


temperature The introduction of a 


spectrum enables one to take into account the fact that 


range. recovery 
recovery generally takes place over a broad range (or 
several broad ranges) of temperature. The existence of 
a spectrum of values of 6 may be due to a distribution 
in the activation energy AH, in 4, or in both these 
quantities. 

The quantity 6 which is effective at any stage of 
recovery may be obtained from experimental recovery 
data in one of two ways. (a) In the special case of a 
sharp recovery spectrum, @ is simply the time for the 


of 


recoverable increment in the resistivity to fall to e 
its initial value. (b) If the recovery spectrum is very 
broad, @ may be obtained at any point on an isothermal 

* The recovery spectrum at a given temperature may be defined 
specifically as the distribution function which gives the relative 
magnitude of recovery per unit range of Iné. 
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recovery curve by setting it equal to the total time, /, 
to reach the desired point. This method assumes that 
for a sufficiently broad spectrum, all recovery for which 
6<t has already taken place, while that for 6>>/, has 
essentially not yet begun. Thus, the principal contribu- 
tion to recovery at time ¢ comes from that part of the 
spectrum near 6=/. A more quantitative demonstration 
of this result is given in the Appendix. 

The most complete quantitative information required 
to describe the recovery process phenomenologically 
consists of the recovery spectrum itself plus the values 
of 6) and AH at each point of the spectrum. Present 
experimental results do not permit one to obtain such 
complete information directly; usually a single value 
of AH is reported as a mean value for a given recovery 
range. This value of AH is obtained either from the 
shift in function of 
temperature, from the shift in isochronal curves (plots 
against temperature) for two different annealing times, 


isothermal recovery curves as a 


or from the change in slope of an isothermal curve when 
the temperature is abruptly changed. It is then possible 
to obtain @) from Eq. (5) if @ is known for the state of 
recovery at which the experimental value of AH applies. 
The recovery time @ may be obtained in each case by 
the use of either method (a) or method (b) described 
above, whichever is the more appropriate. 


III. EFFECTS ATTRIBUTABLE PRINCIPALLY 
TO POINT DEFECTS 


A. Recovery of Resistivity 


Theoretical calculations suggest that point defects 
created during plastic deformation account for a large 
part of the resistivity increase after cold working.’ This 
conclusion seems to be especially true if deformation is 
carried out at liquid nitrogen temperature, since a sub- 
stantial recovery of resistivity occurs between 80°K 
and room temperature in metals such as copper. 

Most measurements of the recovery of resistivity 
after deformation indicate a broad recovery spectrum. 
Manintveld,”° however, reports sharp annealing ranges 
at approximately — 100°C and O0°C for deformed Cu, 
Ag and Au. These latter observations are especially 
interesting since they imply the presence of two distinct 
types of point defect which anneal out each in its own 
temperature range. The results of Eggleston*! (on Cu) 
in the same range of temperatures are quite different; 
the recovery spectrum observed is quite broad and 
barely resolvable into two broad stages. A summary of 
the results of these workers is included in Table I. Also 
included are the results of other measurements” on 
the low temperature recovery of resistivity which are 
such as to permit the determinations of reasonably 
precise values of AH. The quantity 4 is calculated in 
each case by the method of Sec. II; T is the temperature 
at which AH and 6) are calculated. From the results of 
Table I, all values of 4 fall within the range 


— log@)= 11.0(+1.0) 
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TABLE I. Resistivity recovery data for cold-worked samples 


Temp. of 


detormation 


liq He 


Reference Metal 


Eggleston?! Cu 


Manintveld”® Cu liq Ne 


liq Ne 
liq Ne 


Bowen el al* room 


Dugdale? room 


Corrucini* room 


(8) in seconds), with the exception of the results from 
Stage I of Manintveld’s work on Cu, Ag and Au for 
which values of —log@)= 2.7 to 4.4 are obtained. These 
latter results are not in agreement with the data of 
Eggleston in a similar temperature range. In fact, 
Eggleston (private communication) has attempted to 
reproduce in copper the sharp annealing ranges ob- 
tained by Manintveld by duplicating the temperature, 
manner and degree of deformation as well as the anneal- 
ing procedure used by Manintveld; however, he was 
unable to obtain annealing curves which show two sharp 
stages. It therefore appears that the occurrence of dis- 
tinct stages and of abnormally high values of #) may 
be very sensitive to impurity content or to the manner 
of deformation. Further experiments are evidently 
needed to clarify this point. For most cases, however, 
the value of 6:=10~" sec appears to be valid for the 
recovery spectrum obtained from resistivity data over 
a wide range of temperatures. 

Figure 1 gives a convenient alternative representation 
of the results of Table I showing, in effect, both the 
value of @) and the range of temperature in which each 
measurement is made. Since different observers use 


different annealing times, the data are first adjusted (by 


400 
T (°K) 


Fic. 1. Variation of the activation energy for recovery of elec 
trical resistivity with the temperature at which the activation 
energy is measured (for a fixed recovery time of 10° sec). Slope of 
the solid line=32.2. The triangles are from Manintveld’s data 


(Table I). 


(sec 


600 
900 


900 
9OO 


900 


900 
9OO 


4400 


2.3X 10! 


3200 


means of the known values of AH) to a common value 
of 6=10* sec. The graph is then a plot of AH/R against 
Ti, where 7; 
A= 10° sec 


is defined as the temperature at which 


(values given in the last column of Table I 
From Eq. (5) it follows that for constant 4 this graph 
will be a straight line through the origin. The solid line 


in the figure represents #)>=10~" sec, and is in good 
agreement with all data for the recovery of cold-worked 
spec imens, with the exception of Manintveld’s otage | 
(the group of triangles below 200°K 

If it 
effects result from the removal from the lattice of excess 


is assumed that these low-temperature recovery 


point defects created during plastic flow, then each 


recovery time, 6, may be related to the mean jump time 


of a defect,* 72, through the equation 


f= 0 


where .V is the mean number of jumps that the defect 


must make before it becomes ineftex tive, 1.e., anneals 
out of the lattice. The temperature dependence of 7 


is given by the usual rate equation 
Ae 


where AH is the activation energy for motion of the 


defect. A reasonable value‘ for the ‘“‘frequency factor,” 


is 10" to 10" 


rom Eqs. 5), (6) and (7) it 
follows that 

= Ao. 
Substitution of @)=10 sec and 4=10" to 10" se 
required Lo 


a value between 10? and 10*. This 


gives, for the mean number of jumps, .V, 
anneal out a defect, 


result is perhaps a surprisingly small number. It cer- 


tainly indicates that defects need not go far (e.g., to 


internal boundaries) to be effectively removed from the 


lattice, but that either dislocations or other point de 
fects must serve as sinks. 
itomk 


* For a point defect capable of producing diffusion, the 


jump time, 7 (Equation (1)), is rz multiplied by the mole fractior 
J i 


of defects.! 
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Stage — kcal/mole gd K 
I 163 10.2 10.9 160 
I] 243 15.5 11.0 242 
I 178 1.6 2.7 177 
I] 293 20.2 12.1 292 
\g I 133 1] 38 132 
I] 238 15.0 10.8 237 
Au I | 198 6.7 4.4 197 
I] 288 16.0 9.1 287 
$23 28.8 11.2 142 
343 27.6 11.2 124 
625 10.0 10.5 650 
20 
< 
Pt 
” 
2 cu 
x 10 
« 
~ A Au 
Cu 
eee 
aAu 
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In order to attempt to establish more definitely 
whether the low-temperature recoverable resistivity in 
deformed metals is due to point defects, it seems appro- 
priate to compare the above results with similar data 
for specimens quenched from high temperatures, and 
those irradiated with high-energy particles. In these 
latter cases, it may be reasonably assumed that disloca- 
tions are not present in large numbers and therefore 
that only point defects contribute appreciably to the 
resistivity. Samples quenched rapidly from elevated 


temperatures seem to preserve the large number of 


defects present in thermodynamic equilibrium at the 
high temperatures,” and therefore should show an ab- 
normally high resistivity which can be annealed out. 
Unfortunately, only preliminary measurements of this 
type have been reported for pure metals” and for alpha- 
brass.!° Irradiated crystals also contain point defects, 
but among these are various types of defects having high 
energies of formation, which would not form thermally 
to any appreciable extent. Thus the situation is more 
complex than for quenched specimens. Resistivity 
studies of irradiated metals are reviewed by Broom.'® 
Examination of the data on the annealing of irradiated 
copper’ and platinum” shows that values of 6 for 
to 107!” sec. This 
result implies a larger value of .V [ Eq. (8) ] than in cold- 
worked samples, which is consistent with the lower dis- 


irradiated specimens range from 10 


location density in the irradiated samples. The recovery 
spectrum of cold-worked and irradiated samples seems 
to be very nearly the same in copper and platinum. In 
the case of copper it is striking that the isochronal 
recovery curves for specimens irradiated near liquid 
and specimens cold-worked 
are quite similar in 


nitrogen temperatures,” 
at liquid helium temperatures” 
shape, and that all these curves show only a small 
amount of recovery in the range 0°C to 100°C. 

It should be noted that in general the recovery spectra 
discussed above are quite broad, so that it is possible 
to observe almost any value of AH depending on the 
temperature range in which one makes his observations. 
Thus, when irradiated and cold-worked samples show 
essentially the same value of AH in a given temperature 
range, it is incorrect to conclude (as Mott? has done) 
that this particular AH value represents the activation 
energy for the motion of a fundamental defect. Such an 
agreement in AH values means only that @ is nearly 
the same for the two samples. 


B. Release of Stored Energy 


Seitz" claims that a large part, perhaps the major 
part, of the energy stored in cold-working may be due 
to the formation of point defects. Recent work by 
Clarebrough ef al 


demonstrating that 40 per cent of the energy stored in 


seems to support this conclusion, in 


the deformation of nickel is released before any reduc- 
tion in hardness occurs, and in the same temperature 
range as the recovery of resistivity. However, these 
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same measurements and others to be quoted in Sec. IV, 
indicate that the annealing of dislocations also con- 
tributes appreciably to the release of stored energy. 


IV. EFFECTS ATTRIBUTABLE PRINCIPALLY TO 
DISLOCATIONS 


A. X-Ray Observations 


Various observers have found that the line-broaden- 
ing of the Debye rings obtained from a cold-worked 
polycrystalline metal often begins to recover below the 
range of temperatures at which visible recrystallization 
occurs. The older of such observations are reviewed by 
Barrett.4 More recently, Lutts and Beck*! have shown 
that under suitable conditions line breadth in cold- 
worked aluminum may recover completely before 
softening sets in. The work of Hall and Williamson” 
shows that for deformed Al and W, line breadth recovers 
relatively early compared to the background intensity. 
Line broadening may be related to the long-range stress 
field about a dislocation, while the background appears 
related to atoms near dislocation centers which undergo 
relatively large displacements. It therefore seems rea- 
sonable to conclude that extensive rearrangement of 
dislocations may take place before the number of dislo- 
cations is affected. It is noteworthy that the recovery of 
line breadth is considerably slowed down by the 
presence of impurities. 

Another X-ray approach to the study of low tem- 
perature recovery is by means of the microbeam method 
of Hirsch and Kellar” and later by Gay and Kelly.* 
This method uses a narrow beam which irradiates a 
sufficiently small volume of material as to produce 
spotty Debye rings. From the number of spots and the 
shape of the spots the mean size of subgrain particles 
and the distortion within them may be obtained. For 
pure aluminum extensive recovery of strains within 
subgrains takes place in a period of about one year at 
room temperature. During this period the subgrain size 
remains practically unchanged at about 2u. Hirsch® 
suggests that the formation of the subgrain boundaries 
must take place either during cold-working or immedi- 
ately thereafter and that the recovery process involves 
continued migration of dislocations into the boundaries 
to reduce internal stresses. For impure aluminum, a 
smaller particle size is obtained; this is interpreted to 
mean that impurities interfere with the migration of 
dislocations. 


B. Observations by Electron and Optical 
Microscopy 


Heidenreich’ has applied electron microscopy to the 
study of cold work and recovery in aluminum. His 
results lead to the conclusion that after cold work a 
subgrain structure is present for pure aluminum, where 
the mean subgrain size is about 2u and the interior is 
highly strained. Appreciable recovery of the internal 
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strains is observed in periods of the order of days with 
essentially no change in subgrain size. These results are 
very similar to those obtained by the microbeam X-ray 
method. Here again impure aluminum shows a much 
smaller subgrain size. 

The metallographic observations of Perryman" on 
high purity aluminum are consistent with the results 
of Heidenreich and of Hirsch. A subgrain structure 
(size 1-2) is observed after cold working; this structure 
becomes considerably sharper on annealing for one year 
at room temperature or for five minutes at 100°C 
Furthermore, the presence of an impurity (magnesium) 
decreases the size of the subgrains to the point where 
they cannot be seen. 


C. Recovery of Mechanical Properties 


The recovery of such mechanical properties as hard- 
ness and tensile strength generally takes place relatively 
late in the annealing process—usually in the high- 
temperature recovery range, or coincidentally with re- 
crystallization. Inasmuch as relief of strains within sub- 
grains can take place in the low-temperature recovery 
range, as indicated by the results already quoted, it 
might be suspected that a finer examination of me- 
chanical properties would show low-temperature re- 
covery phenomena. Such recovery was in fact demon- 
strated by Cherian, Pietrokowsky and Dorn in 
commercially pure aluminum. Experiments carried out 
at room temperature and at 100°C show that the initial 
flow stress recovers at these temperatures. The effects 
of recovery are readily wiped out, however, when 
deformation is resumed. From the evidence presented, 
a broad recovery spectrum is indicated. Recovery of an 
entirely different the high- 
temperature range. This latter recovery leaves a perma- 
nent effect (in that further deformation does not bring 


nature is observed in 


the stress-strain curve back to the original curve). 
Furthermore the activation energy associated with this 
second stage is 33 kcal/mole, which is close to the 
activation energy for self diffusion in aluminum. This 
latter result is in agreement with the definition of the 
high-temperature the 
Introduction. 

Indirect the 
properties comes from a study of the effect of tempera- 


recovery range presented in 


evidence for recovery of mechanical 
ture and rate of deformation on the stress-strain curves 
of single crystals. From the fact that the rate of work 
hardening is strongly temperature dependent over a 
wide range of temperatures, Schmid and Boas* con- 
clude that work hardening involves a thermal recovery 
process superimposed on an athermal deformation 
process. More recent work* on aluminum single crystals 
shows that the rate of work hardening is strongly 
temperature dependent even near liquid nitrogen tem- 
perature. This result indicates that recovery plays an 
important part in the deformation process down to very 
low temperatures. 
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D. Recovery of Dynamic Modulus and 
Internal Friction* 


It was first observed by Késter and co-workers*’ 
high 
values of internal friction which recover rapidly at room 


that freshly deformed metals may show very 


temperature and even more rapidly at elevated tem- 
the 
internal friction, the dynamic Young’s modulus of the 


peratures. Simultaneously with the recovery of 


metal may increase by as much as several per cent. Both 


of these properties usually achieve constant values 


before the recrystallization region is reached.** Figure 2, 
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taken from Ké6ster’s work on iron,** demonstrates these 


low-temperature recovery effects. The rise in internal] 


friction and the decrease in dynamic modulus resulting 


from the deformation has been termed the Kdster 


The 


distinguished from other 


effect.* internal friction under discussion is to be 


types of internal friction in 


cold-worked metals ;4 


in addition to its rapid recovery, 


it is characterized by amplitude independence at low 


strain amplitudes, and by only a mild dependence on 
frequency and temperature studied in detail 
Koster effect 
by various investigators for iron, 


not yet 


Observations of the have been reported 


brass. 


nickel-chrome,* copper“ (all deformed at room 


perature). Measurements are usually in the kilocycle 


range olf Itrequencies, but the same type ol behavior 


has also been demonstrated at lower frequencies.‘ 


Isothermal plots of internal friction or dynami 


Young’s modulus show rapid changes at room tempera- 


ture in very short periods of time following the deforma 


tion. Such behavior takes place even for relatively high 


melting-point metals. For example, in the work of 


Koster on heavily deformed iron, from which Fig. 2 is 
taken, isothermal data show that recovery of internal 
friction is essentially complete after about 10 hours at 


100°C. As 


measurements of 


room temperature or a few minutes at 


another example, some new LOW 


frequency internal friction of a cold-worked platinum 


wire (diam. .025 in are in Fig. 3. The cold- 


working in this « 


given 


ase was carried out by bending the wire 


here classified < 
The aynamk 
recrystallization (sé 
effect is complicates 


recrystallization 
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Fic: 3. 
a freshly deformed platinum wire at room temperature. Solid 
curve: dashed curve: ¢ vs / 


vs Frequency, 0.73 C.p.s. 


about a 1/4-inch diameter cylinder and then straighten- 
ing the wire in such a way as to avoid kinks. It should 
be noted that although measurements are begun only 
six minutes after the deformation, it is not possible 
to extrapolate the curve to zero time. This is especially 
clear from the plot against log time (the solid curve) 
which shows positive curvature over the entire range, 
whereas it must undergo inflection and revert to nega- 
tive curvature before we can obtain an extrapolated 
value corresponding to ‘=0. This same characteristic 
of the curves, in both internal 
friction and dynamic modulus, has appeared in most of 


isothermal recovery 
the curves obtained by KGster and in unpublished work 
in this laboratory in measurements on deformed bars 
(in the kilocycle range). Such evidence implies that 
considerable recovery takes place in minutes or even 
seconds after deformation and that the recovery spec- 
trum must be very broad. 

The only precise determination of an activation 
energy for recovery of the Koster effect is that of A. D. 
N. Smith, from dynamic modulus measurements in 
deformed copper. He finds as much as an 8 per cent 
recovery of the dynamic modulus of O.F.H.C. copper 
extended by 1 per cent. The mean activation energy for 
this recovery, which is studied between 47° and 100°C, 
is 25 kcal/mole. The first line of Table II lists the in- 
formation required for the calculation of 4) [Eq. (5) ] 
from these data. The value of 6) obtained is in fairly 
good agreement with the corresponding values from 
resistivity measurements (Table I). 

The large recoverable decrease in modulus 
deformation has been attributed* to the elastic oscilla- 
tion under stress of dislocation segments pinned at the 


upon 


TABLE IJ. Recovery data for dynamic modulus and release of 
stored energy in copper (deformed at room temperature). 


Reference 


Elastic 
lulus 
Release 


Smith* 


Borelius* 


of energy 
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ends. The damping, on the other hand, must be due 
either to a thermally controlled release of these seg- 
ments at their pinning points or to the natural damping 
of a moving dislocation.*® The recovery process has been 
associated with the annihilation of mobile screw com- 
ponents of dislocation loops.“ In view of the low tem- 
peratures at which these recovery effects occur and in 
view of the large modulus changes involved, these ex- 
periments seem to be of fundamental importance in 
the study of low-temperature recovery. It therefore 
appears desirable to reexamine possible interpretations 
of the Késter effect and of its recovery, especially with 
regard to the possibility that point defects play a major 
role in these phenomena. 

First, it seems worth considering the possibility that 
point defects created by the deformation might be 
responsible for the Késter effect. Such defects could 
produce a large contribution to the internal friction in 
a pure metal through a stress-induced reorientation of 
the defect, similar to the internal friction due to carbon 
in a-iron.*® An effect of this sort, which could be ob- 
tained only for a defect that produces noncubic distor- 
tion of the surrounding lattice, would involve a strong 
temperature and frequency dependence in the form of 
a simple internal friction peak. The Késter 
friction does not 


internal 
behavior.*! The internal 
friction could also be due to defects, if the defects could 


show such 


be induced by stress to flow to boundaries in the crystal, 
such as grain boundaries or slip bands; however, the 
Koster effect is obtained at too low a temperature and 
at too high a frequency to permit such long-range defect 
diffusion during one oscillation. Furthermore, it is not 
possible to see how large modulus changes, of the order 
of several per cent, can be due to defects created by 
plastic flow. It seems therefore that the Késter effect 
may be sensibly attributed only to dislocations. The 


oscillation of dislocation loops is known,*’-** to be cap- 
able of lowering the elastic modulus by 1 to 2 per cent 
in well-annealed high purity metals. It is therefore to 
be expected that such dislocation loops affect the modu- 
lus in cold-worked specimens. More quantitatively, it 
may be shown‘ 


that the change in shear modulus, G, 
due to .V dislocations per cm? pinned to form loops of 
average length L is 


AG/G= — N L?/6a, (9) 


where a is a slowly varying function of LZ of the order 
of magnitude unity. Upon substituting the reasonable 
value 10" cm™~™, and an average experimental value 
of 5 per cent for AG/G, we obtain L~10~-* cm, for a 
cold-worked metal, where the pinning points are pre- 
sumably intersections with other dislocations. Such a 
value is quite reasonable. The limitation to the magni- 
tude of AG/G probably lies in the difficulty of develop- 
ing a large .V without considerably decreasing L. 

If it is granted that oscillating dislocation loops are 
responsible for the Késter effect, separate consideration 


must now be given to the question of how the recovery, 
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or immobilization of these dislocations, takes place. 
Immobilization may result from the movement of the 
dislocations themselves to new positions involving 
tighter binding with other dislocations, or by the move- 
ment of solute atoms or point defects to the dislocations 
to produce further pinning and decreased L-values. The 
possibility that substitutional* solute atoms can be 
responsible for such pinning of dislocations is eliminated 
when it is noted that considerable recovery may take 
place at room temperature in several minutes, even for 
the higher melting metals. (The data already quoted 
for iron and platinum illustrate this point.) The require- 
ment that solute atoms undergo appreciable movement 
in these metals in a short time at room temperature is 
in disagreement with known diffusion measurements. It 
is desirable to consider next the possibility that point 
defects created by the plastic flow are responsible for 
the pinning of the dislocations. Such a viewpoint is 
suggested, for example, by the work of Blewitt®® which 
shows that a sharp yield point may be developed in a 
copper crystal deformed at 78°K and then annealed at 
300°K. The following series of arguments is intended 
to show that the recovery of the Késter effect cannot 
be attributed to point defects. 

1. If the recovery of the Késter effect were due to 
point defects, it should be capable of correlation with 
the recovery of electrical resistivity. Yet there is no 
evidence for appreciable recovery of resistivity in high 
melting-point metals, such as iron® and platinum* 
near room temperature. In the case of copper large 
recovery effects are obtained in the Késter effect (after 
room temperature 25°C 
100°C, whereas the resistivity of cold-worked and ir- 


deformation) between and 
radiated copper shows relatively little change in this 
range. 

2. The dynamic modulus recovers readily even after 
1 per deformation ; substantia 
increase in the amount of deformation does not appre- 


cent furthermore, a 
ciably change the character of the recovery curves.” 
These results are difficult to reconcile with the theory 
that point defects are responsible for the recovery, 
especially in view of the work of Blewitt,®* which indi- 
cates that very few point defects are created by small 
amounts of cold work. 

3. Pinning of dislocations by defects should result in 
a hardening effect, as far as mechanical properties are 
concerned. Instead, the results quoted in Sec. IV(C 
indicate that, in the usual situation, softening occurs in 
the early stages of annealing. 

4. The other recovery effects, quoted in Secs. [V(A), 
(B), and (C), show that regrouping of dislocations can 
and does occur in the low-temperature recovery range. 
It therefore seems quite reasonable that recovery of a 
property which measures the oscillation of individual 

* The generality of the recovery of the modulus and damping 
after deformation tends to eliminate the possibility that interstitial] 
solutes are responsible. Also, some of the arguments presented 
here to show that point defects are not responsible for this recovery 
effect can be applied as well to solutes. 
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dislocations (viz., elastic modulus or internal friction) 


should take place much more quickly than the recovery 
of internal stresses within the subgrains, as observed 
by microscopy and X-rays. 

5. There is some evidence in the work of Smith" that 
higher purity copper shows more rapid recovery of 
dynamic modulus than copper of lesser purity. This 
behavior is in agreement with the effect of impurities 
in retarding recovery of internal strains, as indicated in 
the microscopy and X-ray work quoted earlier. There 
is no evidence that impurities affect the recovery of 
point defects in this way. 
of the above arguments it does not 


In view seem 


probable that the recovery of internal friction and 


modulus after deformation can be related 


elastic to the 
segregation of point defects at dislocations. On the con- 
trary, it seems necessary to conclude that immobiliz: 

tion of dislocations occurs through their own migration 


to more stable positions. From data, such as in Fig. 3, 


it may then be further concluded that considerable 
rearrangement of dislocations takes place in very short 


periods of time after the deformation. 


E. Release of Stored Energy 


In the discussion of experiments on the release of 
stored energy, given in Sec. III(B), it was noted that 
not all such measurements may be interpreted in terms 


Now 


some of the early stages of re- 


of the annealing out of point defects. 
been established that 
covery are due to dislocation movements, it is to be 


expected that some release of stored energy will ac- 


company such movements. Borelius and co-workers 


have shown that a signifi ant reiease of energy may take 


place at 60°C and at 100°C in room-temperature de- 


formed copper. The annealing curves indicate 
recovery spectrum. The range of temperature in 
these effects are observed is one in which the resistiy ity 
of irradiated samples shows no signific 
therefore seems most reasonable 

release measures the reduction in stral 
1; 


dislocations tnat 


energy n energy 


associated with the same regrouping of 


Koster effect. 


servation of Borelius that in the release 


I rom tne ob 


produces recovery of the 
of stored energy 
in copper, 45 hours at 60°C correspond to 0.5 hour 
100°C 


II. The agreement between 


, one may calculate AH and 6» as given rable 
this value of @) and the value 
obtained from the modulus recovery experiments 
Smith is quite good, considering the fact that 
Borelius experiments are still of a preliminary sort. 
Suzuki?! 


worked copper and found that 


has measured specific heat curves for 


energy 1S released in 


stages in the low temperature recovery range. The first 


stage appears to be the simpler of the two; it involves 


an evolution of heat proportional to the prior plastic 


strain. Suzuki attributes recovery effect 


to more stable positions 


movement of dislocations 


also observes a change in mechanical properties in 
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preplastic range which accompanies this recovery and 
which might be attributed to a change in the anelastic 
properties (e.g., internal friction) of the metal. 


V. DISCUSSION 


The principal result of the last section is that redis- 
tribution and possibly annihilation of dislocations take 
place in the very early stages of annealing. The range 
in which such effects are detectable depends greatly on 
the nature of the property being measured. It is ap- 
parent that internal friction and dynamic modulus are 
more sensitive to changes in individual dislocations than 
the other properties considered. Measurements of the 
release of stored energy are also capable of detecting 
an early stage of dislocation recovery. Microscopy and 
X-ray measurements, on the other hand, observe the 
strain over regions of the lattice that are large on an 
atomic scale and therefore are sensitive to still later 
stages of dislocation annealing. Finally, ordinary me- 
chanical properties such as hardness and tensile strength 
are not greatly affected by “low-temperature” anneal- 
ing. However, as indicated in Sec. IV(C), the rate of 
work-hardening in a tensile test at low temperatures is 
probably controlled by recovery. 

It is possible to reexamine the theory of the formation 
of a substructure in the light of the present conclusion 
that substantial dislocation recovery takes place im- 
mediately after deformation. Conrad, Averbach and 
Cohen® and also Beck* have decided that the formation 
of subboundaries must take place during deformation 
and without thermal activation, rather than after 
deformation. This conclusion is based on experiments 
which show substructure formation in various metals 
after deformation at temperatures far below their melt- 
ing points. According to the present discussion, how- 
ever, a substantial recovery of dislocations is demon- 
strated by the Késter-effect experiments, even for high 
melting-point metals deformed at room temperature. 
It is not unreasonable, therefore, to suppose that the 
substructure can form as a very rapid recovery phe- 
nomenon, with comparatively low activation energy, 
directly after low-temperature deformation. Such a 
possibility is in accord with Mott’s recent suggestion® 
that dislocation climb is not necessary to the start of 
polygonization, based upon his analysis of experiments 
on “‘fine slip.” 

In the case of the low-temperature resistivity meas- 
urements, the similarity in recovery spectrum of a cold- 
worked and an irradiated sample seems to indicate that 
the recovery of resistivity is principally due to the 


annealing out of point defects. It is quite possible, how- 
ever, that careful resistivity measurements can also 
detect the regrouping of dislocations during recovery 
following deformation. For example, Weyerer®® finds 
that recovery of the resistivity of copper deformed at 


room temperature may be observed by raising the tem- 
perature a few degrees. He further observes that this 
recovery effect is more noticeable in pure copper than 
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in impure copper, a result which may be characteristic 
of dislocation annealing (see discussion below). 

Inasmuch as it is possible to obtain substantial re- 
arrangement of dislocations without a significant change 
in the usual mechanical properties, it is not valid to 
assign an interpretation in terms of point defects to all 
recovery phenomena which take place at low tempera- 
tures. It is therefore important to attempt to find some 
criteria to distinguish between effects due to the an- 
nealing of point defects and of dislocations. One possible 
criterion is the value of 4. It has been shown, for the 
recovery of resistivity of cold worked metals, that 
6,=10-" sec. This result has been interpreted to mean 
that the mean lifetime of a defect is about 10° jumps 
in a heavily cold-worked lattice. Now consider values 
of 6) obtained from measurements that have been at- 
tributed to dislocations (Table II). These values seem 
to be slightly lower than the corresponding values 
obtained from the resistivity measurements, although 
the difference may not really be experimentally signifi- 
cant. The interpretation of 6), when recovery is due to 
dislocation movements, is as follows. The quantity 4 
is the frequency factor associated with the oscillation 
in its potential well of that segment of dislocation which 
must break loose from its pinned position in order to 
free an entire dislocation loop. This frequency factor is 
reasonably expected to be somewhat lower than the 
frequency factor A [ Eq. (7) | associated with motion of 
a point defect. Thus, it appears that the value of 4 
cannot serve as a criterion to distinguish dislocation 
from defect recovery, since in both cases it is of about 
the same order of magnitude. 

One respect in which dislocation and point defect 
contributions to recovery may differ greatly is in the 
sensitivity of recovery to impurities. In the case of each 
recovery phenomenon which is dependent on redistribu- 
tion of dislocations (described in the last section) there 
was some experimental evidence that the presence of 
impurities slows down recovery. In the case of defect 
phenomena there is no clear-cut experimental evidence. 
It seems quite reasonable that slight impurities may 
be a relatively unimportant factor in recovery due to 
point defects. This proposal, made at present in a some- 
what speculative vein, suggests that the effect of im- 
purities be studied more carefully in future recovery 
experiments. 


VI. CONCLUSIONS 


1. The concept of recovery as a superposition of 
first-order decay processes involving a spectrum of re- 
covery times is very useful in the analysis of recovery 
data. It makes possible a calculation of the pre-expo- 
nential factor, 6, in the Boltzmann expression for the 
recovery time, 6. 

2. The fact that the value of @), obtained from data 
on low-temperature recovery of electrical resistivity, is 
essentially a constant independent of the state of re- 
covery implies that the broad recovery spectrum is due 


NOWICK: “LOW 
to a distribution in values of the activation energy, A//. 
The experimentally observed value of AH is determined 
by the temperature range in which the annealing experi- 
ment is carried out. 

3. The low temperature recovery of resistivity may 
be attributed primarily to the annealing out of point 
defects created by the deformation. The 
value #)=10~" sec obtained from almost all resistivity 


numerical 


recovery experiments implies that point defects make, 
on the average, 10° to 10* jumps before they anneal out 
of the lattice. 

4. The annealing out of point defects is not the only 
mechanism of recovery in the low-temperature range. 
The recovery of the dynamic elastic modulus and in- 
ternal friction directly after deformation are attributed 
of This 
process is believed to be the early stage of the same 


to the redistribution dislocations. recovery 
process that also leads to the release of stored energy 
and eventually to X-ray line sharpening. 

5. The very rapid rate of recovery of elastic modulus 
and internal friction (even of high melting-point metals) 
directly after deformation at room temperature shows 
how closely thermally activated dislocation rearrange- 
ment follows deformation. This result is consistent with 
the fact that the rate of work hardening in a tensile 
test is strongly temperature dependent to very low 
temperatures. It also tends to negate the concept that 
the substructures observed in metals deformed at low 


temperatures must arise from an athermal process. 
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APPENDIX 


The total recovery of a Property P is given by a 
superposition of solutions of Eq. (4), or 


P(t)= f |nd, 


L 


where /(#) is the distribution function. The effective 
# at any given time may be defined as that value which 
makes a maximum contribution to dP/d¢ at that time. 
The contribution of any element d In@ of the spectrum 


to dP/dt is 


— je 


Under the assumption that /(@) is a slowly varying 


function of 6 (i.e., that the spectrum is broad) the last 


expression is a maximum for 6=/. 
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DISLOCATION ENERGIES IN ANISOTROPIC CRYSTALS* 


A. J. E. FOREMAN+ 


\ detailed calculation is made of the elastic energy of a straight dislocation in a cubic or hexagonal 
crystal, for various orientations in the crystal of the dislocation line and its Burgers vector. For both crystal 
systems there are a limited number of cases where the equations of anisotropic elasticity theory yield a com- 
pletely analytic solution, and these are listed for several different types of Burgers vector; numerical solution 
of the equations is necessary for several other dislocations which are of interest. The results, which are most 
con ple te for the face-centered cubic metals, do not indicate a very marked correlation between the observed 
slip planes and the planes of lowest elastic dislocation energy. Finally, the inelastic energy contribution from 
the dislocation core is discussed on the basis of the Peierls model of a dislocation 


ENERGIE DES DISLOCATIONS DANS LES CRISTAUX ANISOTROPES 


Calcul détaillé de l’énergie élastique d’une dislocation rectiligne dans un cristal cubique ou hexagonal pour 
différentes orientations de la ligne de dislocation et de son vecteur de Burgers. Dans les deux systémes, il 
existe un nombre limité de cas ot les équations de l’élasticité anisotrope donnent une solution analytique 
compléte et ceux-ci sont rassemblés pour les différents types de vecteurs de Burgers. Une solution numérique 
des équations est nécessaire pour les autres dislocations intéressantes. Ces résultats, qui sont plus complets 
pour les métaux cubiques a faces centrées, n’indiquent pas une corrélation marquée entre les plans de 
Finalement, la partie 


glissement observés et les plans d’énergie élastique minimum pour les dislocations. 


] 


le ’énergie provenant du centre de la dislocation est discutée en partant du modeéle de Peierl. 
VERSETZUNGSENERGIEN IN ANISOTROPEN KRISTALLEN 


einem kubischen oder 
Kristall und ihren 


Berechnung der elastischen Energie einer geraden Versetzung ir 


alen Kristall wird fiir verschiedene Orientierungen der Versetzungslinie im 


Burgers Vektor durchgefiihrt 


Fiir beide Kristallsysteme gibt es eine begrenzte Anzahl von Falk, bei 


lenen die Gleichungen der anisotropen Elastizitatstheorie eine vollstandige analytische Lésung ergeben. 


. fiir verschiedene Typen von Burgers’ Vektoren aufgeftihrt. Fiir einige andere Versetzungen, die 


nteresse sind, ist eine numerische Lésung dieser Gleichung erforderlich 


hachenzentrierte system 


beobachteten Gleitebenen und der 


Ebenen niedrigster elastischer Versetzungsenergie 


Die Ergebnisse, die fiir das 


am vollstandigsten sind, zeigen keine sehr ausgepragte Beziehung zwischen 


Zum Schluss 


| der Anteil der unelastischen Energie des Versetzungszentrums auf Grund des Peierls’schen Modells 


einer Versetzung bespr 


1. INTRODUCTION 


In many problems relating to the dislocation theory 
of plastic deformation it has been customary to make 
use of the properties of a dislocation in an elastically 
isotropic material. Most of the common metals, how- 
ever, exhibit a marked degree of anisotropy in their 
single crystal elastic behaviour and it is therefore more 
desirable to calculate the properties of a dislocation on 
the basis of anisotropic elasticity theory. 

In this paper we shall consider in particular the elastic 
energy of a dislocation and investigate the dependence 
of this on the orientation in the crystal of the dislocation 
line. Dislocation solutions to the differential equations 
of anisotropic elasticity theory have been derived by 
several authors. Burgers! treated the problem of a dis- 
location loop in a cubic crystal, and Eshelby’ considered 
the two-dimensional problem of an edge dislocation in 
an anisotropic medium. Eshelby, Read and Shockley*® 
subsequently developed a more elegant mathematical 
solution for the problem of a straight dislocation line 
of either edge, mixed or screw character in an ani- 
sotropic crystal, and also made a correction to the 
earlier paper. 

* Received December 22, 1954. 

t Atomic Energy Research Establishment, Harwell, Berks., 
England. 
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Other investigations of the properties of dislocations 
in anisotropic crystals have been made by Leibfried* 
and Seeger and Schéck.’ The extension of the static 
theory to include a uniform motion of a straight disloca- 
tion through anisotropic media is given by Bullough 
and Bilby.® 

In the present paper we consider the elastic energy of 
a dislocation and also briefly discuss the inelastic con- 
tribution from the dislocation core. In calculating the 
purely elastic contribution the notation and theory of 
Eshelby ef al is adopted, the important results of which 
are outlined in section 2. In section 4 we discuss the 
most general case where the elasticity theory yields a 
completely analytic solution and in sections 5-7 the 
results are used to calculate the elastic energies of some 
dislocations in the cubic and hexagonal systems. In 
section 8 the possible inelastic contributions to the 
energy from the dislocation centre are discussed on the 
basis of the Peierls model of a crystal dislocation. 


2. ELASTIC DISLOCATIONS 


The components of stress and displacement for a 
straight dislocation lying along the x; axis have been 
derived by Eshelby ef a/. In their elastic solution the 
and pu 


quantities (k, /=1, 2,3) are defined in 
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terms of the elastic constants C;;,: by the three homo- 
geneous equations* 


p(C tC + PPC ]=0, (1) 


which have a solution for A;, As, A; provided that the 
determinant of the coefficients vanishes. This yields a 
sextic equation for p having six complex roots denoted 
by Pw, pr, Pr) and complex conjugates, and corre- 
sponding to these roots equation (1) has six solutions 
for A; denoted by Axa), and complex con- 
jugates. The quantities D,,, are then given by 


where denotes real part of, b=(b1, be, bs) is the 
Burgers vector of the dislocation, and we have intro- 
duced the notation 


A (Cijert (4) 


The components of stress 7;; and displacement «, are 


given in terms of these quantities by 


Da 
L(+) 


| 


where =41+ is a complex variable and (+ 
is the sign of the imaginary part of pvp. 

If the dislocation is generated by cutting the elastic 
material on the plane x.2=0 and giving a relative dis- 
placement b to the faces of the cut then the energy per 
unit length of dislocation line isT 

1 
b 


where ry is the inner core radius at which Hooke’s law 
and linear elasticity break down, and R has the dimen- 
sions of the crystal. From equation (5) 72(4,0) is 
inversely proportional to «; so that the integral (7) gives 


Kb’ R 


(3) 


where the factor A is given by 


(+ ip, (9) 


* Summations over repeated subscripts are inferred, except fot 
those over / which are always shown explicitly. 

+t The energy contributions arising from the non-zero surface 
stresses at the inner and outer boundaries are self-cancelling. 
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NERGIES 


in which 9 denotes imaginary part of. It may be verified 
that by virtue of Eq. (1) the same expression for K is 
derived if the dislocation is formed by cutting the elastic 
material on the plane x,=0 instead of on x.=0. 

The factor K is the only part of the energy equation 
(8) which depends direc tly on the elastic constants, and 
therefore on the orientation in the crystal of the dislo- 
cation line and its associated Burgers vector. The elastic 
constants are of course referred to the dislocation axes, 
axis along 


the dislocation line, which are not in general 


i.e., to a set of orthogonal axes with the x, 
identical 
with the normal crystal axes. We shall adopt the nota- 
tion of Seeger and Schéck® and denote elastic constants 
referred to crystal axes by heavy type, so that from the 
fourth-order tensor 


law for the transformation of a 


we have 


where a;; is the cosine of the angle between 
location axis and the x; crystal axis. 

The equations (2) and (3) may be solved in de 
terminantal form for Di), so that on substituting for 
D,y in (9) the energy factor A can be expressed in terms 


of Ax <1) and pu. The result may be reduced to the form 
KG (11) 


= 2—);,./iD, in which D is the 6X6 determinant 


where @ 
D=| 12) 


and Dj, is the determinant D with the k’th row replaced 
by J B 9 
ratic combination of the 


(b;,b2,6 


only of the elastic constants. 


. This shows clearly that Ad? is a quad- 
vector 


and B 


slip components 


since both the A are functions 


3. COMPONENT INTERACTION ENERGIES 


calculating the energy of any particular dislocation 
sometimes possible to choose the dislocation axes 


+} 


so that the separate dislocation energies of the slip 
vector components are known. It is not in general true, 
that 
additive, as is the case for isotropk 


however, the separate component energies are 


materials, but they 


may be so if the dislocation axes lie along suitable sym 
metry directions in the crystal. 

One such condition for vanishing interactions is th: 
the ax; plane be a symmetry plane of the crystal; a 
crystallographically equivalent condition is that the a, 
axis has a twofold rotational symmetry, 1.e., is a diad 


axis of the crystal. In this case it may be shown that 


the expression for the energy factor A, which we have 
seen from equation (11) to be quadratic in the slip 
vector components, contains no cross-terms in },b, or 
bibs, 1.€., Terms in are not 
necessarily absent, however, unless further symmetry 


conditions are satisfied. 


323 
ok” 4 
RL Bis D 0, 9) ( pj 10 
Lie 1 
Tij=R 5) 
ore 
> ] B b* 
In 
it is 
In—, | 
dor r 


ACTA METALLI 

The above result may be proved either from the 
general expression (11) for the energy factor A, or 
more simply from symmetry arguments. Suppose that 
the x23; plane is a plane of symmetry and that we 
generate the dislocation by cutting the elastic material 
in this plane. Then the elastic energy is 


1 R 
[by +07 10(0,x2) 
L 


+b (0,2) (13) 


Reflecting the entire crystal and dislocation structure in 
the xox; plane changes the sign of some stress compon- 
, giving 71)’ = 711(O,x2), 710 (O,x2) = — 712(0,x2), 


13(O,a2), and generates a new dislocation 


with Burgers vector b’= (d;, — bs, — 63), as may be seen 
by reflecting the Burgers circuit in the x27; plane. Since 
the components of stress are a linear function of the slip 
vector components we conclude that the stresses on the 


plane x,;=0 take the form 


= 011 (x2)d; 
(14) 


\ Vo b 


a o(X2)bota \b 


so that the energy integral (13) contains no terms in 
bib. or 6,63, although the b.b; term does not in general 
vanish. 

Thus if the 2 axis is normal to a symmetry plane, 
i.e., is a diad, then we have $).+¢21:=¢13+¢31=0. 
Similarly, if the «2 axis has this property then ¢12+¢21 
= $23 +632=0, if both the x, and axes are 
diads (this implies that «x; there are no 


so that 
is also a diad 
interaction energies between any of the three dislocation 
components and the separate component energies are 
therefore additive. The above condition is however not 
a unique one, since it may be shown that a sixfold 
symmetry about any one dislocation axis is also a suffi- 
condition for the interaction terms to 


cient energy 


vanish. 


4. ANALYTIC SOLUTION TO THE ELASTICITY 
EQUATIONS 


In calculating the elastic energy of a dislocation we 
require to find the most general case where the elasticity 
solution outlined in section 2 yields a completely ana- 
lytic result. The remaining cases of interest must then 
of necessity be evaluated numerically. 

The analysis given below follows closely that of 
Eshelby et al, but for the edge dislocation we do not 
(100 


cubic crystal. The calculation of the energy factor for a 


1° 


restrict the dislocation line to a direction in a 
screw and edge dislocation is therefore only briefly 
outlined. 

The condition for the edge and screw component solu- 
tions to be separable is that Cy3,;=0 (a, 8, y=1, 2), or in 


the contracted notation ¢14=¢15= C24= C25= C46 = C56 = 0, 


RGICA, 
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for the equation (1) then reduces to 


A (Cri t+ 2 pcie+ pcos) 
Ai (Cie+ coe |+ 
+ Ao(Ceg+ 2 + p?c22) =0 
A3(¢ss+ 2pcast press) =0, 


in which A;, which is associated with the #3; (screw) 
component of displacement, is clearly independent of 
A, and As. 


For a pure screw dislocation A;= A2=0, A340, so 


that from (15) we have a quadratic equation for p 
giving the complex root = Ca5")?. 
For the slip vector (0,0,6) equations (2) and (9) 
reduce to 


RA 37 Day =), (16) 


Kb= $A 31) Dy (Cast press), (17) 


and since ¢45;+ picasa IS purely imaginary this gives 


K = (€44C55— €45")?. (18) 
This is the energy factor for a pure screw dislocation 
when the array of elastic constants takes the form 


A twofold symmetry about the dislocation line (i.e., 
the x3 axis is a diad axis) is sufficient to give this array 
with also ¢34=c35;=0. 

There is no slip plane associated with an elastic 
screw dislocation so that a degree of freedom exists in 
orientating the x; and x2 axes. It may be verified that 
C44€55— C45” iS invariant for a rotation of the axes about 
the dislocation line (x3 axis). 

For an edge dislocation we set A ;=0 in equation (15); 
the determinantal condition gives a quadric equation 
for p, which if we let ci1g=cos=0 reduces to the quad- 
ratic equation in 


+ (C11C22— — 261 2C66) C1166 =O. 


The roots are written in the form pi) =Ae"™, pro 


where A*=¢);/¢22 and 


a=% cos (20) 


26 11C6 


in which @);= (¢j;¢22)?. The remaining analysis is similar 
to that of Eshelby ef al for an edge dislocation along a 
cube direction, but with cy, replaced by ce, ¢11 by @1 
and the additional quantity introduced. We let 


713 (0,2) = — 
T 
Ox 
Cu C13 0 Cx VOL. 
C22 C23 C2¢ 2 
C33 COC OC (19) ] 95° 
O44 45 
Cs, O 
| 
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2), where A, is given by 


(21) 


C12 C66) 


The equations (2) and (3) for Dj reduce for a (6,0,0) 
slip vector to 


R(Diy— Dey) Aa 


R(D 1 ) 


which have the solution 
ib 
Day = Di): 


sin2a 


K = | 


which after some analysis gives 


Do 


(C11 — C12) 
K = (@11+¢12) 


Veron) 


C22(€11 C124 2C¢6) 


This is the energy factor for an edge dislocation with 
slip vector (6,0,0) when the array of elastic constants 
takes the form 


A twofold symmetry about the dislocation line is not 
in this case sufficient to give the required array, since 
it does not imply that cig=c2s=0. The array of elastic 
constants takes the form (26) if either 


(i) each dislocation axis has a twofold symmetry, 
or (ii) any one axis has a sixfold (hexagonal) symmetry. 
Both these conditions imply that ¢34=¢35=C¢36=C¢45=0. 

We can now give the general analytic 
the energy factor K of a straight dislocation with slip 
vector b= (b;,b2,b;), whose components are along (or- 


formula for 


thogonal) dislocation axes in the crystal satisfying either 
of the condition (i) or (ii) given above. From Sec. 3 
the component energies are seen to be additive, so that 
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we have 


Kob2+ 


where 


The value of A» is found here by using the result (25 


with axes rotated through an angle 7/2 about the x; axis 


For an isotropic material the elastic constants are the 


same for all orientations of the dislocation axes, and are 


A+ Qu, A, C44 Cee This gives 


K 


is Poisson’s ratio. 


where u is the shear modulus and vp 


5. DISLOCATIONS IN CUBIC CRYSTALS 


We shall apply the results of the theory outlined in 


Sec. 4 to crystals with cubic symmetry and shall con- 


sider all types and orientations of dislocations for which 


the elasticity theory equations yield an analytic solu- 


tion. The condition for this to be so in the cubic system 


is that the dislocation axes shall lie along directions of 


twofold symmetry in the crystal. For a cubic crystal 


there are only two essentially different sets of axes 
which satisf condit 


isfy this 


1On, 


namely 1) the 


axes and the axes generated by rotating the cubi 


about any one 


101 


angle 
-[0101. 0 


axes through an 
Ox, 101 |. Oa 


location line (#3 axis 


LAIS, © 


: In one case the 


lies along a 100 direction 


iin a 


and 
in the other along a (110) direction. Thus we conclude 


that a dislocation line in a cubic crystal with an arbi 


trary Burgers vector has an analytic elasti 


100) or (110) dire 


crystal. In other cases of interest it 


only if it lies along either a 
the 
to solve the equations outlined 
numerically. 

In considering the 
analytic expression for the energy fact may 


derived we shall restrict the choice of Burgers vect 


to (100), (110 111 
The energy factor 
1.bo.b 


axes is from (27 


and directions in the cubic system 


for a dislocation with Burgers 


1° 


vector b= (6 and the cubic axes cation 


given by 


Kb?= Ky'b, 
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TABLE I. The energy factor K for five types of dislocation 
lying along an [001 ] direction in a cubic crystal. 


Screw 
Edge in {100} 


Edge in {110} 
Mixed in {100} 


Mixed in {110} 


where 
C44(C11— C12) 


C11 (Crit 2€44) 


There are five slip vector directions which give essen- 
tially different types of dislocation. These are listed in 
Table I, together with the type of dislocation and slip 
plane, and the value of A in terms of Ky’, K»’ and K;’ 
given above; these results correspond to those given 
by Read.’ 

Secondly, we consider the set of dislocation axes 


Ox,=[101], Ox.=[010], Ox,;=[101], 


where Ox, is the dislocation line. The elastic constants 


for these axes are 


and therefore from (27) the energy factor is given by 
(31) 


K."’, K;'’ are given by the K,, Ko, K; of 
(27) with the expressions (30) for the elastic 


where K,” 
equation 
constants substituted. For the screw component 


$€44(C11— C12) |: = 


where A = 2¢44/ (€1:—C12) is the “‘anisotropy factor” of 


TABLE II. The energy factor K for seven dislocations having 
a [101] line direction in a cubic crystal. 


[vpe ot 

Mixed in {100} 
Edge in {110} 
Edge in {100} 


Mixed in {111} 


Screw 


Mixed in { 
Edge in {1 


110} 
12} 
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ANISOTROPY FACTOR A— 


Fic. 1. Variation of K with the anisotropy factor A for a dis 
location in a {111} plane and at an angle 7/3 to its Burgers vector, 
where is Poisson’s ratio for a (100) extension. The 
broken curve is for a (110) screw dislocation (independent of ¢). 


Zener.* For these axes there are seven slip vectors which 
give essentially different types of dislocation; these are 
Table II. 

Thus for the cubic system there is a total of twelve 
110) or (111) slip vectors which 
have completely analytic solutions to the equations 


listed in 
dislocations with (100), 


of elasticity. Only the expressions for the energy factor 
K have been listed here but we could if required set out 
the complete expressions for the components of stress 
and displacement in each case, using the equations of 
Sec. 2 and Sec. 4. 

The energy factor K is plotted in Fig. 1 against the 
anisotropy factor A for two dislocations with (110) slip 
vectors, namely (a) a pure screw dislocation, and (b) a 
mixed dislocation in the {111} plane, with an angle 7/3 
between the slip vector and dislocation line. For cubic 
metals A exceeds unity so that the energy is less than 
would be predicted by the isotropic approximation. 


6. FACE-CENTERED CUBIC CRYSTALS 


In the face-centred cubic lattice the dislocations of 
principal interest are those with Burgers vectors in the 
(110 
vector and the observed slip direction. 

From Sec. 5 it will be seen that we can calculate the 


direction, since this is both the shortest lattice 


energies of five dislocations of this type, these being 


a pure screw dislocation (no slip plane), 

and (3) an edge and a mixed (@=7/4) dislocation 
in the {100} plane, 

an edge dislocation in the {110} plane, 

a mixed dislocation (@=7/3) in the {111} plane, 


where @ is the angle which the (110 
makes with the dislocation line. 
To obtain a more complete picture of how the disloca- 


Burgers vector 


tion energy varies with orientation of dislocation line 


20} | 
Type of dislocation b K 
[001 } \ 
100 } Ky’ 
[110] 2(K,'+ 
[101 | 1(K,’+K;3’ \ 
- OS} 
Cy =F 2€44 
C22= 
(30) 
C44 = C44 
C55= 3 (C11— C12), 
C44 
(32) 
I b K (1) 
(2) 
| 100 | 
[010 } K," 
(4) 
[101 } zx.” 
[110] \9) 
[101 ] 
[111] (2K,"+ Ke" 
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in a face-centred cubic metal we have computed the 
energy factors for the following cases: 


edge dislocation (@=2/2) in the {111} plane, 
mixed dislocation (@=7/6) in the {111} plane, 


and (iv) mixed dislocations cos*@=? and 4 (re- 
spectively) in the {110} plane. 


For cases (i) and (ii) we set up the dislocation axes 
Ox; =[011], Ox2=[111 ], Ox3=[211 ], and calculate from 
the transformation law (10) the elastic constants rela- 
tive to these axes. Since the «; axis has a twofold sym- 
metry and the x2 axis a threefold symmetry the array 
of constants takes the form 


in which ¢5;=4(c11—¢13). These are given in terms of 


the elastic constants for the cubic axes by 


Cu=Ciut+¢, Co2= Cit (4/3)¢, 


where ¢=€44—4(€11:—C12). For case (i) the slip vector 
components are 6(1,0,0) and for (ii) 6(3,0,v3/2). The 
elasticity equations are solved numerically in each case 
for the metals copper and gold, taking the following 
values for the single crystal elastic constants (units of 
10" dynes/cm*). 


Lazarus? 
Schmid and Boas 


0.756 


0.436 


The cases (iii) and (iv) are evaluated numerically in 
a similar manner, and using the same set of dislocation 
axes as above, but with interchanges in (2%),%2,x%3). For 


case (iii) the axes are Ox,;=[111], Ox.=[011], Ox 
=[211], and for case (iv) 0x;=[211], Ov.=[011], 
Oxv3=[111 ]. 

The following are the computed values of the energy 
factor K (units of 10° dynes/cm?) for these four cases. 


i 


0.569 
0.382 


0.519 
0.328 


0.745 


0.507 


On combining these numerical results with the analytic 
cases described in section 5 we can form quite a detailed 


DISLOCATION 


ENERGIES 


SCREW EOGE 


Fic. 2. The variation of K (units of 10” dynes/cm? 


edge-screw composition angle 6, for three types of d 


plane in copper and gold. 


picture of the way in which the energy factor for a 
110 


orientation in the crystal. 


dislocation with a slip vector varies with its 

Figure 2 shows the variation of K with the edge-screw 
composition of dislocations in the {100}, {110} and 
{111} planes of copper and gold, with curves of best 
fit drawn through the calculated points. In Fig. 3 are 
plotted the similar curves of A/¢y, for copper, alu- 
minium, and isotropy (v= 4 
lie near to those for copper on this graph and are omitted 


for the sake of clarity. 


- the curves for gold would 


7. CLOSE-PACKED HEXAGONAL CRYSTALS 


In the hexagonal system we restrict our calculations 
1120 \s for 
the cubic system these are a limited number of cases 


when the 


to dislocations having Burgers vectors 


elasticity theory yields a completely analytic 


) 


solution. These are (1) the screw dislocation, (2) the 


edge and any mixed dislocation in the basal plane, and 


(3) the edge dislocation in the prismatic plane 
The energy factors for these cases are easily found on 
dislocation axes and applying the 


erecting suitable 


COPPER 
A*32 


SCREW 


against 


Fic. 3. Curves of K/e, 
angle 6 for copper, aluminium ar 
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results of Sec. 4. In each case the «3 axis is along the 
dislocation line and one of the axes is in the c-direction 
of the crystal; from Sec. 4 an analytic solution exists 
if one of the dislocation axes has a sixfold symmetry, 
and the component dislocation energies are additive. 
The elastic constants for the dislocation axes are calcu- 
lated in terms of those for the crystal axes, and on using 


Eq. (27) we find that 


C44(C11— C13) 
K cage (basal) = 


where (€1;€33)? and 


prismatic) (36) 


The hexagonal lattice is uniaxial in that the elastic 
constants are invariant for a rotation of the reference 
axes about the c-axis, so that the energy factor for a 
mixed dislocation in the basal plane is given by the 
isotropic relation 


> 


K mixea (basal) = sin?@+ (37) 


where @ is the angle between the slip vector and dis- 
location line. 

Another plane of interest in the close-packed hex- 
agonal system is the {1011} pyramidal plane. There is 
no analytic solution for an edge dislocation in this plane 
and the energy factor has therefore been computed for 
the metals zinc and beryllium, using the following 
values for the single crystal elastic constants (units of 
10" dynes/cm?) and axial ratios. 


c 


0.508 Schr 


0.87 Gold 


The numerical values for the energy factors of the 
above dislocations are given in the Table III. It will be 
noted that there is a marked difference in the general 
behaviour of the energy factor for the two metals. The 
almost constant values of K for different slip planes and 


TABLE III. Values of K/ce4; for edge and screw dislocations in 
the close packed hexagonal metals zinc and beryllium. 


1.346 
1.982 


1.346 
1.462 


1.290 
1.307 


1.290 
1.281 
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types of dislocation in beryllium liken it to an isotropic 
material with zero Poisson’s ratio. The energy factor for 
the basal plane dislocations in zinc is fairly constant 
also, but in the prismatic and pyramidal planes there 
is a more marked variation between the edge and screw 


dislocations. 


8. THE PEIERLS MODEL OF A DISLOCATION 


In deriving Eq. (8) for the energy of a dislocation the 
elastic solution is excluded from a cylinder of radius ro, 
inside which both Hooke’s law and linear elasticity 
theory break down. The energy contribution from this 
core region is difficult to calculate precisely but may be 
estimated from a Peierls-type dislocation model, in 
which deviations Hooke’s law 
strains are taken into account along the dislocation slip 


from for large shear 


plane. A detailed summary of the properties of this 


model has been given by Nabarro.” 

The essential feature of the Peierls model is the inter- 
atomic force-displacement law which is postulated for 
the shear displacement of neighbouring planes of atoms. 
Peierls and Nabarro took this to be a sinusoidal function 
with the periodicity of the lattice and a slope for small 
shear strains equal to the shear modulus of the crystal, 
and Eshelby” has shown how the results of their analysis 
may be modified for anisotropic elastic media. If the 
dislocation line does not lie along a symmetry direction 
of the crystal, however, it is not strictly correct to 
ascribe a shear modulus to the slip plane, since from 
Hooke’s law each component of shear stress is in general 
coupled to all six strain components instead of only to 
the one shear strain component, as in the isotropic case. 
As a first approximation we may neglect these coupling 
terms on the slip plane and take the shear moduli as 
ANA Cee. 

The analysis of Peierls and Nabarro has been ex- 
tended by Foreman, Jaswon and Wood,!* who con- 
sidered a more general law of force in which the ampli- 
tude may be varied, but the initial slope is kept con- 
stant. When the solution is modified for anisotropic 
elasticity the total energy of an edge dislocation may 
be shown to be* 

R a—1 


In—+1+ 
dor 2a¢ a 2a 


a—1 


Kb 
(38) 


where the parameter a controls both the force law 
amplitude and the dislocation width, A is the energy 
factor for the corresponding elastic dislocation, and 
¢=4cK/ces where c is the spacing of the planes of atoms 
which are parallel to the slip plane. The identical result 
holds for the screw dislocation except that cg is replaced 
by c4s, if we take the slip plane to be the plane x.=0. 
For both the screw and edge cases the Peierls-Nabarro 
dislocation with a sinusoidal law of force corresponds 


* The term (a—1)/a was omitted from the result given by 


Nabarro.”” 


C44 
; > 
$C44(C1i— | (34) 
(A) 
K 
c c c c Reference 1 
Z 1.630 0.623 0.379 0.256 Ei nd Boas 1.856 
Be 3.08 3.57 1.10 0.58 eT 1.568 
Meta dis] tior Basal Prismati Pyramidal 
Edge 2.098 
wach 
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to a=1. In Fig. 5 we plot the variation of the energy 
with the dislocation width for values of w greater than 
the Peierls-Nabarro width 2¢. 

A similar analysis (unpublished) has been made for 
a second harmonic type force law, i.e., one in which a 
second harmonic term is added to the sine function 
assumed by Peierls, the linear combination being such 
that the initial slope is equal to the appropriate shear 
modulus. The energy versus relative displacement for 
such a law of force then takes the form shown in Fig. 4, 
there being a metastable equilibrium position at a rela- 
tive displacement of 36 when the second harmonic term 
predominates. This is a first approximation to the situa- 
tion in the octahedral planes of the face-centred cubic 
lattice where a stacking fault position exists midway 
between, but zof in direct line with, the normal close 
packed positions. When the second harmonic term pre- 
dominates in the law of force the solution represents 
two half dislocations (i.e. each with a slip vector $b) 
connected by a “stacking fault.”’ The width of the com- 
plete dislocation is approximately equal to the spacing 
of the halves and for large widths varies inversely as 
the stacking fault energy, as predicted by a purely 
elastic model. The total energy of the dislocation may 
be expressed directly in terms of the width w, giving 

Kop R u 
In—+1— 3 In 
dor 2¢ 2¢ 
where w= 2¢ corresponds to the narrow Peierls-Nabarro 
dislocation. The energy again decreases with increasing 
width, as may be seen from Fig. 5, but not so rapidly 
as for the previous type of dislocation. 

Seeger and Schéck® have made a detailed investiga- 
tion of the problem of an edge or screw dislocation in 
a close-packed plane, using the Peierls model with ani- 
sotropic elasticity and deriving solutions by the ap- 
proximate variational technique of Leibfried and Dietze. 
Both edge and screw components of displacement are 
involved, so that the Peierls type force law is replaced 
by an energy surface with minima at the equilibrium 
and stacking fault positions. The resulting expression 
for the total dislocation energy is a rather complicated 


POTENTIAL ENERGY 


RELATIVE DISPLACEMENT (UNITS OF b) 
Fic. 4. Family of curves of potential energy against relative 
displacement for the second harmonic type law of force, 
the widths of the corresponding dislocations (w= 2¢ is the Peierls 
Nabarro case). 
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pac ked plane 
function of the parameters involved but may be sim 
plified somewhat since the total misfit energy of the 
slip plane atoms is a constant, 


of the 
anisotropic case.* With this simplification the energy 


whi h is independent 


law of force and is equal to A&*/4m for the 


is given by 


where p, o and x are functions of the elastic constants 


and the stacking fault energy. In Fig. 5 we show the 


variation of this energy with the dislocation wi 


defined as in the prey ious two cases, for the case x 
the form of the curve is not very sensitive to the value 
of x in the range plotted. This curve lies reasonably 


second harmon 


close to that for the two dimensional 


approximation, although for very large widths they 


must differ due to the different lengths of the dissoci: 


slip vectors for the two cases. 


As has been pointed out by omer and Nyt 


Peierls model of a dislocation must of necessity negiect 


such effects as the “cracking” 


tensile side of the dislocation slip 


expected to modify the above 


energy, but these effects are, however, difficult 


tigate without making a detailed lattice calculat 
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an effective core radius. The factor K is a function of 
both the single crystal elastic constants and the orienta- 
tion in the crystal of the dislocation line and its Burgers 
vector, and has been calculated for a variety of disloca- 
tions in the cubic and hexagonal systems. The effective 
core radius ro is more difficult to determine since it 
depends upon the nature of the inelastic interatomic 
forces acting in the dislocation core, but in the absence 
of a detailed lattice calculation of the core structure it 
may be estimated from the Peierls dislocation model 
discussed in Sec. 8. 

The results for the energy factor K are most complete 
for the face-centred cubic lattice (Figs. 2 and 3), where 
it will be seen that for the metals so far considered the 
{110} plane is associated with lower values of A than 
is the observed {111} slip plane. If the criterion for 
determining the planes of slip in a crystal is that of 
minimum dislocation energy, then this suggests [ Fore- 
man and Lomer'®] that core effects and dissociation 
on a close packed plane may be the more important 
factors. 

For the hexagonal system the results in Table III 
show that for zinc the energy factor K takes the lowest 
values in the observed basal slip plane. Since this is a 
close packed plane there should be a further reduction 
in energy due to the dislocations becoming extended in 
this plane, the magnitude of this effect depending on 
the stacking fault energy. In contrast to zinc the values 
of A for beryllium are remarkably constant for the 
three dislocation slip planes considered. 

It will be noted that the variations of K with the 
dislocation orientation are in general less than the 
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changes in the value of b? due to alternative choices of 
the Burgers vector. Thus the anisotropy effects do not 
interfere with the well known result that the energy of 
a dislocation, which is proportional to K8’, is minimised 
by choosing its Burgers vector to be the shortest lattice 
vector of the crystal. 
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A STUDY OF PRIMARY AND CONJUGATE SLIP IN CRYSTALS OF ALPHA-BRASS* 


G. R. PIERCY,+ R. W. CAHN? and A. H. COTTRELLi 


When a single crystal of alpha-brass is strained in tension the conjugate slip system does not become fully 
active until the tensile axis has ‘“‘overshot” the [100]}-[111] symmetry line appreciably. Experiments on 
such crystals described in the present paper show that the amount of overshoot is substantially independent 
of the temperature and rate of straining, and is unaffected by intermediate strain ageing tt 
glide in these crystals is accompanied by the passage of Liiders bands along the specimen ar 
distinguished from yield elongation. When two Liiders bands on different slip systems me¢ 
barrier to the passage of the other which is impenetrable until the applied stress reaches the level at 
conjugate slip normally propagates. An explanation of latent hardening and overshoot is 
basis of these results. 


ETUDE DES GLISSEMENTS PRIMAIRES ET SECONDAIRES DANS 
CRISTAUX DE LAITON a 


Quand un monocristal de laiton a est déformé par traction, les systémes de glissement secondaires ne 
deviennent actifs que lorsque la direction de traction a nettement dépassé l’axe de symétrie [100 }-[111] 
Les expériences sur ces cristaux, esposées dans ce travail, montrent que ce dépassement est indépendant 

i I 
ill 


de la température et de la vitesse de déformation et qu’il n’est pas affecté par les viei 


ssements inte 


médiaires. Le ‘‘glissement facile’’ dans ces cristaux est acc ompagné par la propagation de bandes de Liiders 


et ne peut pas étre distingué du palier. Si deux bandes de Liiders correspondant 
glissement se rencontrent, elles forment une barriére infranchissable l’une pour l’autre jusqu’a ce que 
contrainte appliquée atteigne la valeur a laquelle se propage le glissement secondaire. Une explication d 


consolidation des systémes latents est proposée sur ce principe 
EINFACHES UND DOPPELTES GLEITEN IN ALPHA-MESSING KRISTALLEN 


Wenn ein Einkristall aus alpha-Messing durch Zugbeanspruchung verformt wird, nmt die doppelte 
Gleitung erst dann vdllig in Gang, wenn die Zugachse die [100 }-[111] Symmetrielinie merklich “iiber 
schritten” (‘“‘overshot’’) hat. Versuche an hier beschriebenen Kristallen zeigen, dass der 
schreitung (overshoot) von der Temperatur und dem Verformungsgrad wirklich un: 
weiterhin durch eingeschobene Spannungs-Alterungsbehandlungen nicht beeinflusst wit Leicht 
Gleitung (easy glide) wird bei diesen Kristallen von der Wanderung Liidersscher Linien entlang der Probe 
begleitet und kann so nicht von der plastischen Dehnung unterschieden werden. Went 
Linien auf verschiedenen Gleitsystemen zusammentrefien, bildet jede der beiden ein Hinderni 
Wanderung der anderen, das so lange undurchdringbar ist, bis die angelegte Spannung die Grésse erreicht 
hat, bei der normalerweise doppelte Gleitun auftritt. Auf Grund der vorliegenden Ergebnisse wird eine 


Erklirung fiir die latente Verfestigung und das Uberschreiten (overshoot) vorgeschlaget 


INTRODUCTION this line, i.e., to continue moving towards | 101 


Thi direction of primary slip. After a certain amount 

Chis paper describes an investigation into the cause P 
this additional primary slip the conjugate system sud- 

denly becomes active and further slip then concentrates 


he amount of overshoot is great- 


of the “‘overshoot”’ of the crystal orientation across the 
[100 }-[ 111] symmetry line during tensile deformation 
of alpha-brass single crystals. According to the usual 
theory of the deformation of single crystals in tension,! 
slip should occur on one system (the primary system) 


itself on this system. T 
est for crystals containing 30 per cent zinc in copper; 
this alloy was therefore chosen for the present experi- 


until the orientation of the crystal reaches the symmetry ments. m2 . 
line. Beyond this point slip should occur equally on both Previous work on the tensile deformation of alpha- 
the primary system and a second system (the conjugate brass has shown that during the initial horizontal part 
system), causing the orientation to move along the 2% the plastic stress-strain curve (called easy glide) the 
symmetry line towards [211 ]. This theory agrees with 


early observations on copper’ and aluminium,'* but not 


extension is not uniform along the gauge length and 


that the slip lines cluster together.* It follows that an 
with those on certain alloys. Results on the latter show OTientation measurement taken during easy glide is not 
that the crystal continues to slip almost entirely on the necessarily representative of the whole specimen. How 
primary system after the orientation has reached the €Vver, during the stage of strong linear hardening, which 
symmetry line,‘~? causing the orientation to overshoot occurs between the stages of easy glide and of conjugate 
slip, the total extension and orientation are uniform 
Received January 4, 1955 : 
+ Department of Physical Metallurgy, University of Birming along the sample. lhe experiments of von Géler and 
ham, England. 
i Formerly, Professor of Physical Met ulurgy, Univer ity of the change of orientation appears to be less than that 
Birmingham, England. Now at the Atomic Energy Research 
Establishment, Metallurgy Division, Harwell, England 
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Sachs? showed that the plastic strain calculated from 


measured directly. They attributed this difference to 


Lie 
Onc 
|, 
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some conjugate slip assumed to occur during the period 
in which primary slip is predominant. However, for 
samples with initial orientations near [100 ] the amount 


of such conjugate slip needed to account for the dis- 
crepancy would be enough to produce a marked drift 
of the orientation towards [ 110 ], the direction of conju- 
gate slip. Because this drift has not been observed, 
doubt exists on this point. Furthermore, Maddin° did 
not observe any such conjugate slip in his metallo- 
graphic studies of stretched brass crystals. He noticed a 
similar but much smaller discrepancy between the 
measured extension and that calculated from the meas- 
ured change in orientation, which he attributed to cross- 
slip. Because of these differences of behavior and inter- 
pretation, a comparison of the measured and calculated 
extensions was included in the present investigation. 
Two theories have been proposed to explain the over- 
Koehler,!” sup- 
poses that vacancies produced by dislocations moving 


shoot phenomenon. The first, due to 
in the primary slip planes migrate to nearby zinc atoms, 
thereby reducing alloy hardening near the active slip 
plane. After a certain amount of primary slip the alloy 
hardening is completely removed on these planes but 
still remains on the conjugate planes. Thus, slip does 
not start on the conjugate system until the applied 
shear stress on this exceeds that on the primary system 
by the same amount as the critical shear stress of brass 
exceeds that of copper. This explanation is consistent 
with experimental results for the effect of zinc content 
on the amount of overshoot. To test the theory further, 
samples of the same initial orientation can be strained 
at various temperatures and rates of strain to determine 
whether changes in the mobility of vacancies influence 
the amount of overshoot ; a crystal strained in liquid air, 
for example, should show a smaller overshoot than one 
extended at room temperature. 

The second theory, formed by the present writers at 
the beginning of this study, supposes that the difficulty 
in starting the conjugate slip is due to locking of the 
dislocations of the conjugate system by atmospheres 
of solute atoms, dislocations on the active primary slip 
planes having been freed from their atmospheres during 
the initial slip. This theory is consistent with the ob- 
servation of a yield point in alpha brass crystals." It 
can be tested further by extending a crystal until its 
orientation has crossed the symmetry line, so that the 
conjugate system carries the largest resolved shear 
stress, but not so far as to activate the conjugate 
system; if the crystal is then aged, to form atmospheres 
on all the dislocations, and strained again, slip ought 
then to occur preferentially on the conjugate system. 

It will be noticed that in both of these theories the 
cause of overshoot is ascribed to some process of 
softening (vacancies, and release from atmospheres, 
respectively) which occurs on the primary planes, during 
the initial slip, but not on the conjugate planes. These 
theories thus diverge from the usual view” that over- 


shooting is evidence for latent hardening, i.e., for a 
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positive hardening process on the conjugate system. 
The investigation described below has been mainly con- 
cerned with testing these theories. 


EXPERIMENTAL METHOD 


The 70-30 brass was made from oxygen-free high- 
conductivity copper (99.99 per cent) and high-purity 
zinc (99.999 per cent), which were melted together in 
an alundum-lined crucible, chill cast, and then drawn 
to 1.5 mm diameter wire. Pieces of this wire, 12 cm long, 
were grown into single crystals under argon by the 
Andrade and Roscoe fusion method,'* being supported 
in silica quills and coated with graphite during growth. 
To verify that the graphite had no appreciable effect on 
the mechanical properties of these crystals, a few crys- 
tals were grown in moulds of powdered alumina; the 
latter gave the same stress-strain curves and showed the 
same ageing behavior as the former. After growth, all 
crystals were homogenized under argon for five days at 
850°C, air-cooled in silica quills, and etched in dilute 
nitric acid. After wire loops, for mounting in the testing 
machine, had been soldered or brazed on its ends, giving 
a working length of 3.5 cm for the tensile experiment, 
each crystal was finally electropolished using 8 per cent 
hypophosphoric acid in water. 

Analyses were made of the finished specimens. Spec- 
trographic analysis gave the following percentages of 
impurities: Fe, 0.01 to 0.04; Cd, Ni, Pb, Sn, each <0.01; 
As, <0.003; Sb, <0.002; Bi <0.001; Al, Mn, not de- 
tected. A detailed chemical analysis of one specimen 
showed that the copper content was constant to within 
0.3 per cent along its gauge length. Chemical analyses 
on all specimens gave copper contents ranging from 
70.7 to 72.3 per cent. 

The tensile experiments were made on a hard machine 
of the Polanyi’ with a normal strain rate of 
4.2 10 


were measured in si/u during the tensile experiments by 


type, 
per second. The orientations of specimens 


means of the back-reflection Laue method. To ensure 
that the initial orientation was uniform along the gauge 
length, each specimen was first examined by back- 
reflection with an X-ray beam collimated into a line seg- 
mented into five parts. In the early experiments fre- 
quent orientation measurements were made during 
deformation, but in the later ones it proved sufficient to 
make one measurement (at three points along the gauge 
length) after 0.2 per cent primary extension and another 
after + per cent extension on the conjugate system. 

In all experiments at room temperature the point at 
which conjugate slip began was determined by continual 
microscopical examination (at 15x) of the deforming 
specimen during the period of linear hardening, after 
easy glide. A change in the slope of the load-extension 
curve always occurred at the start of conjugate slip. 

Annealing of specimens at temperatures below 300°C 
was done on the tensile machine, using a bath of silicone 
oil. Annealing at 720°C was done elsewhere, with the 
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specimen suspended vertically inside a brass sleeve and 
sealed off in silica under argon. 


RESULTS 
a. Distribution of Primary Slip 


To study the distribution of primary slip along the 
gauge length, and to examine the relation between the 
extension and the change of orientation, three crystals 
were strained on each of which fine silica hairs had been 
attached with Canada balsam at six places along the 
gauge length. During each experiment the distances be- 
tween successive hairs were measured and also cal- 
culated (assuming single slip) from the changes of orien- 
tation measured at points midway between hairs. In 
every case where the distribution of slip lines between 
two hairs was uniform, the measured and calculated 
extensions proved to be equal. 

During the period of easy glide, slip concentrated 
itself into one or more Liiders bands, outside which very 
few slip bands were observed. As extension continued 
through the easy-glide stage the Liiders bands moved 
along the gauge length. Figure 1 gives a series of photo- 
graphs, taken in rapid succession during easy glide after 
an overall extension of 6 per cent, which show a Liiders 
band moving through a section of the specimen. In Fig. 
2 the local extensions between adjacent silica hairs are 
compared with the overall extension of the crystal. In 
this diagram the letters A, B, C, D, E, refer, in order, 
to successive sections along the gauge length. Had the 
crystal extended uniformly the curves of the individual 
extensions would all be superimposed along the broken 
line inclined at 45 degrees. This figure, together with 
Fig. 3, shows in fact that a Liiders band started in 
section A and moved along the gauge length, that the 
local tensile strain within the Liiders band was the same 
as the overall strain at the end of easy glide, and that, 
when the Liiders band filled the entire gauge length, the 
easy glide ended. Easy glide in this material is thus in- 
distinguishable in these respects from the phenomenon 


of ‘‘yield elongation” observed in soft steels when the 


Fic. 1. A sequence of photographs at 30X showing a Liiders 
band moving through a section of the crystal. The pictures were 
taken in rapid succession while easy glide was in progress, afte1 
an overall extension of 6 per cent. 
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IN EACH SECTION OF CRYSTAL 
8 w o @ 


PERCENT EXTENSION 
fe) 


4 


id 20 30 40 50 60 
MEAN PERCENT EXTENSION OF CRYSTAL 
Fic. 2. The percent extension measured locally between adja 
cent silica hairs, on crystal no. 2, at various values of the mean 
extension. The letters A, B, C, D, E 
between hairs, along the specimen 


reter to succe ssive sections 


upper yield point is overcome; it is thus an indication, 
not of an absence of work hardening, but of a process 
of propagation of slip through a material of constant 
properties. The dispersion of the curves of the individual 
extensions (Fig. 2), which occurs at the end of the period 
of linear hardening, shows that conjugate slip also 
spreads along the specimen in the form of a Liiders 
band. Although earlier investigators have reported a 


strong tendency for slip lines to cluster together in 
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Fic. 4. The initial orientations of the tensile axes 
of the tested cry stals. 


alpha-brass, Liiders bands of primary slip do not appear 
to have been reported previously for this material. 


b. Effects of Temperature and Rate of Strain 
on Overshooting 


Five specimens, the initial orientations of which are 
shown in Fig. 4, were strained under the following 


conditions: 


Specimen 21 
number 
Temperature 
of straining, 
Rate of strain 


ing, sec 


— 190 — 190 


4.2X10 107 4.210 


Stress-strain curves for the first four of these specimens, 
which all had very similar orientations, are shown in 
Fig. 5. The curves show a discontinuity at the start of 
conjugate slip, in accord with the higher resolved shear 
stress at which the conjugate system succeeds the pri- 
mary one. It will be noticed that specimens strained at 
— 190°C, at +20°C, and at different rates of strain, all 
showed practically the same amount of overshoot, which 
disagrees with the theory that the overshoot is caused 
by the migration of vacancies.* The results on specimen 


no. 25 confirmed those on specimen no. 22. 


c. Ageing Experiments 


Specimen 11, whose load-extension curve and changes 
of orientation are shown in Fig. 6, was aged for two 
hours at 200°C at each of the points marked on the 
diagram. Specimen 7 was extended until the orientation 
had crossed the symmetry line and was then aged at 
200°C for twelve hours and at 250°C for two hours. In 
both cases slip continued, after ageing, on the primary 

* Recent experiments of the same type, by Heather M. Murphy 
and E. A. Calnan (Acta Met., 1955, in press), have also led to the 


conclusion that overshoot in alpha-brass is not caused by the 
migration of vacancies. 


METALLURGICA, V 


STRAIN 
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RESOLVED SHEAR STRESS Kgr/mm? 


i 


SHEAR STRAIN 

Fic. 5. The resolved shear stress supported by the active slip 
system at various total strains, measured on crystals of similar 
orientations at various temperatures and rates of straining. For 
simplicity, a smooth curve is drawn for the crystal strained at 
200°C which does not show the repeated yielding that occurred 
throughout the extension. 
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100 


° 


40 60 
PERCENT EXTENSION 


Fic. 6. The orientation of, and load supported by, specimen 
no. 11 at various stages during tensile deformation. The specimen 
was aged for two hours at 200°C at each point marked on the 
load-extension curve. The letters on the stereographic projection 
refer to orientations measured after reaching corresponding stages 
on the load-extension curve. The subscript ¢ denotes the orienta 
tion measured inside the Liiders band of conjugate slip. 
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Fic. 7. Changes of orientation, A to E, during the extension of 
specimen no. 17. The specimen was annealed for four hours at 
720°C at the point B. 
system, and the conjugate system remained inactive 
until the normal amount of overshoot had occurred. 
Thus the overshoot does not appear to be caused, 
directly at least, by atmospheres locking dislocations 
on the conjugate system. 


d. Annealing Experiments 


Several specimens were annealed at 720°C at stages 
during their deformation. Those annealed at the end of 
easy glide did not recrystallize, and on subsequent 
straining they showed a new period of easy glide, similar 
in length to that of an unstrained crystal. With one such 
crystal (specimen 16) five periods of easy glide were ob- 
tained in this way. Specimen 17 was interesting, for it 
crossed the symmetry line during the initial period of 
easy glide, but did not reach the orientation at which 


conjugate slip normally begins. After annealing for four 


hours at 720°C a normal amount of easy glide and over- 
shoot again occurred, but it took place on the conjugate 
system, not the primary one; this is shown in Fig. 7. It 
is thus possible to induce conjugate slip, once the sym- 
metry line has been crossed, in a specimen which has 
been extended in easy glide and then thoroughly 
annealed. 


Fic. 8. A typical band of secondary slip, observed at the end 
of easy glide. The primary slip direction lies within 10 degrees of 
the plane of the photograph. 720X. 


SLIP IN CRYSTALS OF a-BRASS 

Specimens extended beyond easy glide into the region 
of linear hardening usually recrystallized on annealing 
at 720°C. In one case recrystallization occurred at only 
one end of the specimen. This end was cut off, a new 
grip was soldered on, and after electropolishing the 
specimen was strained again. It showed a period of easy 
glide, but this occurred at a resolved shear stress of 
2.2 kgm/mm~ and was only one-third of the normal 
length. Thus, although crystals of alpha-brass can be 
fully recovered after extensions up to the end of easy 
glide, by annealing at 720°C, after larger extensions they 


either recrystallize or recover only partially. 
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e. Observations of Slip Lines 


To examine the suggestion of von Godler and Sachs? 
that some conjugate slip occurs during the stage of 
linear hardening, before the Liiders band of conjugate 
slip starts, several crystals were studied in detail micro- 
scopically. In all cases some bands of secondary slip 
could be seen, very faintly, just after the end of easy 
glide. Measurement of the orientation of the slip traces 
showed that the active slip plane in these bands was that 
of the conjugate system. A typical example is shown in 
Fig. 8; here the conjugate slip cuts across primary slip 
lines that had been active during easy glide. In one 
specimen these bands were first detected some 7 degrees 
before the crystal orientation had reached the symmetry 
line. 

To study the mode of slip further during the stage of 
linear hardening some crystals were electropolished 
after reaching the beginning of this stage and then 
strained and examined again. Figure 9 shows photo- 
graphs of the bands of conjugate slip developed in a 
given area on a specimen at the various stages indicated 
along the load-extension curve. While this specimen was 
hardening linearly more conjugate slip developed within 
the band of conjugate slip, but the band itself did not 
widen appreciably until the main conjugate slip began 
in the form of a Liiders band. It was observed that 
bands of conjugate slip became linked together by con- 


jugate slip lines as the boundary of the Liiders band 


progressed up to them; whereas those still beyond the 
Liiders band remained clearly separated by regions 
purely of primary slip. 

The existence of these bands of conjugate slip raises 
the point whether the extension, as calculated from the 
changes of orientation on the assumption of single slip, 
agrees with the directly measured value. Figure 10, in 
which the calculated and measured values are compared 


for several specimens, shows in fact that they agree. 


PERCENT EXTENSION CALCULATED FROM ORIENTATION 
9 


4 4. 
10 20 30 40 $0 
MEASURED PERCENT EXTENSION 
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Fic. 10. The extension calculated from the change of orienta 
tion, assuming single slip, as a function of the measured extension 
rhe values given are all taken during the period of linear harden 


ing, after easy glide. 
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Fic. 11. The resolved shear stress supported by the active slip 
system at various total strains, measured on crystals extended at 
room temperature. The number on each curve denotes the speci- 
men whose initial orientation is shown in Fig. 4. 


The earlier observations of von Géler and Sachs on this 
point are thus not confirmed. 


f. Effect of Initial Orientation on the Amount 
of Overshoot 


Several specimens were extended to determine 
whether the amount of overshoot depended on the ini- 
tial orientation. The resulting stress-strain curves are 
given in Fig. 11; in these, the arrival at the symmetry 
line is shown by an arrow. It will be seen that the 
amounts of easy glide and overshoot do not vary very 
much with the initial orientation. Specimens 6 and 10, 
whose initial orientations lay on the symmetry line, 
were particularly interesting since the Liiders bands 
formed in different parts of their gauge lengths involved 
slip in one or other of the two symmetrically disposed 
slip systems. When two such bands involving different 
systems met they refused to propagate through one 
another, apart from a few intersections between their 
outriding slip bands. Only when the applied stress was 
increased to the level at which the Liiders bands of 
conjugate slip normally form did these mutually ob- 
structing Liiders bands pass through one another. The 
results on specimen 6, in which three Liiders bands 


were formed, are shown in Fig. 12. 


Fic. 12. Changes of orientation of two adjacent sections of 
specimen no. 6, whose initial orientation lay at point B. The 
points B to S denote successive orientations developed during 
the deformation. 


336 1955 
8 rf ‘a 
/ / / 
[ / / /2 13 Jay / 
9 os to us | as 40 as so ss 40 6s 
\ 
\ 
N 
\N Py 
\ 
LM 
—¢ 
Ss. 
D 
a 
FGuH 


cy, CARN, 


AND 


ge/mm? 
> 


° 4 


o 


© Present experiments at 20°C 


x Masima and Sachs [4] 


© von and Sachs [J 


Elam [24] 


+ Masima and Sachs [25] 


RESOLVED SHEAR STRESS ON CONJUGATE SYSTEM K 


1 2 
RESOLVED SHEAR STRESS ON PRIMARY SYSTEM Kgt/mm 
Fic. 13. The resolved shear stress on the conjugate system, at 


the start of conjugate slip, as a function of the resolved shear 
stress on the primary system, at the same point. 


These results prove the reality of latent hardening, 
in the sense that the slip lines of the one system experi- 
ence difficulty in breaking through the active slip lines 
of the other one. The vacancy and atmosphere theories, 
on the other hand, which suppose that overshooting is 
caused by softening processes on the active slip planes, 
but not the latent ones, would require the Liiders bands 
to pass through one another without difficulty. 

A measure of latent hardening is provided in Fig. 13, 
in which the hardening on the conjugate slip system is 
compared with that on the primary system. For each 
system the hardening is measured by the shear stress 
acting on it at the point where conjugate slip begins. 
The room temperature results of the present experi- 
ments and those of previous investigators all lie along 
the straight line ¢,-=1.280,, where o, and ¢, are the 
shear stresses acting on the conjugate and primary 
systems, respectively, at the start of conjugate slip. A 
relation of this type has been used previously by 
Masima and Sachs.* 


DISCUSSION 


This work has shown that overshooting in alpha-brass 
crystals is due to the difficulty which slip on the conju- 
gate system experiences in cutting through the active 
primary slip lines, thus confirming the old hypothesis of 
latent hardening, and is not due to softening processes 
localized in the active primary slip lines. 

There is evidence in other materials that active slip 
systems experience difficulty in cutting through one 
another. Honeycombe!’ observed in crystals of pure 
aluminium oriented for double slip that a roughly 
chequered pattern of slip lines was formed, in each ele- 
ment of which slip occurred substantially on only one 
system. Likewise, Pratt'® showed that when two slip 
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systems are equally favoured, in sodium chloride crys 
tals, although slip occurs initially on both systems one 
system usually becomes predominant on further de 
formation. Further evidence on aluminium crystals was 
provided by Paxton and Cottrell'’ who showed that 
after slip had been made to occur, by plastic twisting, 
on systems inclined to those used in tensile deformation, 
the stress for further tensile slip was sharply increased. 

[t thus appears that localized latent hardening, in the 
sense that an active slip plane provides locally a barrier 
to slip on an intersecting system, may be a general 
phenomenon. In order for this localized effect to make 
itself felt as an overall latent hardening, giving rise to 
overshooting, it is necessary that when the symmetry 
line is reached there should be an unequal distribution 
of slip between the primary and conjugate systems, 
such that the mean free path between the obstructing 
slip lines of the other system is appreciably longer in 
the planes of the primary system than in those of the 
conjugate one. 

This condition is satisfied most completely in mate- 


rials that show a yield phenomenon, since in these the 


nucleation of a slip line is much more difficult than its 
srowth, so that the initially formed slip lines of the 
primary system become very long, thus creating at the 
beginning of deformation a highly anisotropic pattern 
effect of 


self-perpetuating. Consistent 


of slip which, through the localized latent 


hardening, tends to be 


with this view is the fact that overshooting has been 


observed in crystals of materials that 
phenomenon independently of whether the 
caused by solute atoms, as in alpha brass 
or by work-softening, as in pure aluminium after a 
liminary deformation at a low temperature. 

The argument developed above suggests that, con 
trary to the usual view, overshooting should be regarded 


} 


as a normal characteristic of the plastic deformation of 


crystals, and that the intriguing feature is that ever 
should be Even in 


absent. crystals of pure aluminium 


overshooting occurs if work-softening is present 
as Chen and Mathewson”! showed, a 


is used so that deformation spreads aiong 


manner of a Liiders band. Absence 


of overshoot iS, from 1 » present point of view, an indi 


length rather in the 


cation of an exceptionally mode of plastic 


deformation in which so many ‘iers to primary 


localized slips on intersect 


are formed, e.g., by 


' the localized latent hardening due 1 
tems, that the localized latent hardening due to such 
barriers is as severe on the primary system as on the 
conjugate one. Chere is ey iden¢ e Io! this severe harden 


ing on the primary system in the fact that the specimens 
reported in the literature not to have 


ing are in general those which, in spite of initial orienta 


show! oversnool 
tions favourable for single slip, had very little easy glide 
and work-hardened rapidly. 

Indirect evidence for the lesser turbulence of slip in 
brass crystals as compared to that in aluminium is to 


be found in Fig. 11. The various crystals there repre 


; 
‘ 
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sented, though of widely varying orientation (see Fig. 
4), all have closely similar stress-strain curves. This is 
to be contrasted with the striking dependence on initia] 
orientation of the rate of hardening of crystals of pure 
aluminium.** This dependence is usually held to be the 
result of the varying incidence of local conjugate slip at 


early stages of the deformation, in amounts depending 


on the initial orientation. The annealing studies re- 
ported here strongly suggest that up to the end of easy 
glide the brass crystals were devoid of conjugate slip, 
and the similarity of the curves of Fig. 11 implies that 
the restriction of conjugate slip, when it does start, to 
discrete bands limits its capacity to cause work- 
hardening. 

The reluctance of active slip lines to intersect one 
another is understandable since dislocation lines cut 
through one another only with difficulty when this leads 
to the formation of jogs on them.” The energy of a jog 
increases with increasing spacing of the partial disloca- 
tions which form the complete dislocation ; this spacing 
in turn increases as the specific energy of the fault 
between the partial dislocations decreases. An indication 
of the stacking fault energy is provided by the tendency 
to form annealing twins in the metal. Because very few 
annealing twins are formed in aluminium, and because 
the tendency to form annealing twins increases when 
zinc is added to copper,’ the stacking fault energy 
should decrease in passing from aluminium to copper 
to brass. Latent hardening, and the tendency towards 
overshooting, should increase in the same order. 
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energy supplied is measured and subtracted from the 


total heat evolved. 

A sketch of the apparatus is shown in Fig. 1. 

The compacted powder mixture (A) is suspended by 
a 0.25 mm molybdenum wire within the furnace. This 
consists of a molybdenum winding (B) insulated by 
alumina bushes (C) from the molybdenum framework 
D), surrounded by ten radiation screens of 0.03 mm 
nickel foil (E). The radiation screens are separated by 
protuberances made by indenting with a pin. The fur- 
nace hangs on a 1 mm molybdenum wire, and is enclosed 
in a hollow cylindrical aluminium block (F) the lid of 
which is fastened by four brass studs (G). Two gas 
outlet holes (H) pass through the lid. The block is 
suspended by linen threads (J 
fitted with an O-ring seal 


within a cylindrical 
brass vacuum-container (K 
(L). The container is connected to a rotary vacuum 
pump and a McLeod gauge by a tube (M) which is 
shielded from direct radiation by a brass bridge (N). 
This tube also holds the container which is immersed in 
a water bath, thermostatically controlled at 25°+0.01°C 
by a toluene temperature regulator. One end of the fur- 
nace winding is joined to the molybdenum framework, 
the other end is connected by a steel terminal (O) to 
0.5 mm copper wire, which is carried by a silica tube 
through the lid of the aluminium block. The furnace and 
block are earthed to the brass container by 0.5 mm 
copper wire. Ten 0.25 mm copper-Eureka thermo- 
couples in series have their hot junctions at representa- 
tive positions on the surface of the aluminium block, 
six on the wall and two each on the top and bottom. The 
soft-soldered junctions are clamped to the surface by a 
copper washer and brass screw (P), from which they are 
electrically insulated by a folded piece of thin mica. The 
cold junctions are similarly clamped to a brass block 
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Reoction Run 
x First Colibrotion Run 


+ Second Colibretion Run 


2. Potential difference/time curve for a titanium 

aluminium alloy with 43.8% Al by weight 
(Q) attached to the lid of the vacuum container, 
through which the thermocouple and furnace leads are 
taken by waxed rubber seals. Access to the specimen is 
obtained by successively lowering the thermostat bath 
and the main parts of the vacuum container, aluminium 
block, and radiation screens. Power is applied to the 
furnace through a watt-hour meter at about 30 volts 
A. C. and 3.5 amp. The potential difference of the ther- 
mocouple is measured on a deflection potentiometer. 


Preparation of Specimens 


A titanium powder of —120 mesh was analysed and 
shown to have the following average composition: 
98.3 per cent Ti, 0.35 Ca, 0.09 Mg, 0.3 Fe+Al+Si, 
0.3 Ov, 0.1 No, and 0.5 He. The hydrogen was removed 
by heating the powder to 800°C in vacuo, so as to bring 
the purity to 98.8 per cent Ti. 

The aluminium powder (— 200 mesh) contained 99.9 
per cent Al according to analysis. The remaining 0.1 
per cent was probably mainly surface oxygen. 

The iron powder (—120 mesh) contained 0.015 per 
cent C, <0.001 Si, 0.05 Mn, 0.005 S, and <0.005 Cu, 
Ni, Cr. The oxygen content, however, was appreciable, 
and the powder was therefore reduced by heating for 
one-half hour to 850°C in a stream of hydrogen purified 
over copper turnings (250°C), silica gel, P2O;, and 
magnesium turnings (620°C). After degassing in a 
vacuum, the slightly sintered powder was ground in an 
mortar. The 
and degassing was: 
0.0006 Ho. 

After weighing out, the powders were mixed for 17 


content after deoxidation 
0.066 per cent Os, 0.006 No, and 


agate 


gas 


hours in a rotary mixer, then made into compacts (15 
mm diameter, 15 mm long) under a load of 5 to 10 tons, 
two compacts being required for each charge. 
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Procedure 


The unreacted compacts are weighed and loaded into 
the calorimeter, which is immersed in the thermostat 
bath and evacuated to 0.003 mm Hg pressure. When a 
uniform temperature has been attained within the 
calorimeter, the furnace is switched on, the input watt 
hours being measured. Within 3-5 minutes the compacts 
are heated to the temperature at which the reaction 
starts. This temperature has been established by pre- 
liminary runs in a separate arrangement. The start of 
the reaction is indicated by a change in the electrical 
resistance of the furnace winding, and by a slight 
evolution of gas. At this point the furnace is switched 
off. The reaction increases the temperature of the com- 
pacts by several hundred degrees. The temperature of 
of the aluminium block rises, and the thermocouple- 
potential is measured until a maximum value is reached 
after about one hour. 

On the following day, when the calorimeter is again at 
a uniform temperature of 25°C, an amount of electrical 
energy is put into the furnace which, it is estimated, 
will raise the block to the same maximum temperature 
as in the reaction run: that is, an amount of energy equa! 
to the electrical energy introduced to initiate the reac- 
tion plus the heat evolved during alloying. One to three 
of these calibration runs may be necessary before an 
exact repeat of the potential-difference/time curve of 
the reaction run is obtained. Figure 2 shows the poten- 
tial-difference/time plot for the reaction run, and the 


TABLE I. Experimental results and their accuracy 


Heat of 
nation 
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30.0 Al — 3760 
40.0 Al - 4750 
40.0 Al - 4800 
50.0 Al - 6000 
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The work 


first and second calibration runs of the 43.8 wt. per cent 
\l-Ti alloy as an example. 

The difference between the input electrical energy in 
the reaction- and calibration-runs is then the energy 


evolved by the reaction 


RESULTS 


In this way, the heat of formation at various composi 
1ron-alu 
titanium-aluminium, and titanium-iron. The 
Figs. 3 and 4. The 


in Table | Wil be 


tions has been determined in the systems: 
minium, 
results are given in Table I and 
estimation of the errors indicated 


discussed below. 
Iron-Aluminium 


Several alloys of this system have been investigated 


the results with those of othe 


Middel 


of formation by mixing the molten metals in a calorime 


in order to compare 
investigators. Oelsen and measured the heats 


ter at room temperature. When the heat contents of the 
molten components were subtrac ted from the total | eal 
effect, the heat of formation was obtained. Biltz an 


measured the heat of formation of FeAl, as the 


the heat of solution of 


Haase 


difference between the alloy and 


iG. 4. Heats of 


formatior 
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of the parent metals using hydrochloric acid as the 


fluid. 
In the present experiments, reaction started at about 
660°C, i.e., 


solvent and the calorimetri 


Table I] 


together with the estimated errors and are compared 


results of seven measurements are given in 


with the earlier results of Oelsen and Middel, and Biltz 


and Haase in Fig. 3. In view of the experimental ac- 
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the melting temperature of aluminium. The 
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curacy, which is not better than +10 per cent in either 
of the two sets of earlier measurements, the agreement 
is considered to be good, and increases confidence in the 
present method. A discrepancy of ca 300 cal between 
Oelsen’s and the present work at high iron contents 
will be discussed further below. 


Titanium-Aluminium 


660°C. The 
compacts kept their shape even after reaction was com- 


These reactions also started at about 
plete. The results of 17 experiments are given in Table 
[ and plotted in Fig. 4. The line was drawn so as to be 
consistent the phase diagram determined by 
Bumps, Kessler and Hansen.* 


with 


As with the iron-aluminium alloys there is a curvature 
in the solid solution range indicating an increase of the 


negative) partial heat of solution of aluminium, Afi a, 
with aluminium content. The minimum heat of forma- 
tion was found in the y 
Al(V4,;=0.585 


tinguished on the heat-concentration curve. 


phase when saturated with 


The compound TiAl; is clearly dis- 


Titanium-Iron 


At room temperature two compounds TiFe and TiFes, 
Equi- 
mixtures of iron and titanium reacted at about 


exist, but no extensive homogeneity ranges.’ 
atomk 
1090°C, the eutectic temperature. From the four deter- 
minations given in Table I a heat of formation of TiFe 
of —4850+150 cal/g-atom is obtained. For TiFe, the 
values are less negative. This appeared to be improbable 
in view of the high melting-point maximum at this 
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composition. The alloys formed were therefore studied 
by the X-ray method. The equiatomic alloy was shown 
to consist virtually entirely of FeTi, some traces of 
FesTi being also present. The Ny.=0.667 alloy, how 

ever, consisted essentially of about equal parts of FeTi 
and aFe, and only a small quantity of Fe2Ti. Under the 
conditions of the experiments, Fe.Ti was thus not 
formed quantitatively, and the heats of formation 
shown in Table I are therefore numerically much too 
low. Some compositions in the heterogeneous FeTi-FesTi 
and Fe.Ti-Fe ranges were also investigated, and again, 
the heat of formation per g-atom was only slightly more 
negative than corresponded to the proportion of FeTi 
present in the final alloys. 


Titanium-Tin 


Compacts of tin and titanium powders (with 10, 30 
and 60 per cent Sn) were heated up to 1000°C. No heat 
effect was observed, and subsequent micro-examination 
indicated that very little alloying had occurred. The 
heat of formation is therefore probably much less nega- 
tive than that of any other alloy investigated. 


CORRECTIONS AND ACCURACY 


Errors in the heats of formation may arise from (1 
the experimental measurement, (2) impurity effects, 


and (3) incomplete reaction. 


(1a) Most of the errors arising from the actual meas 


urement have been eliminated by the exact reproduction 


of the potential-difference time curve in the calibration 
h individual re 


runs, which were carried out after ea 
action run. Thus the main error comes from the a 

curacy of the watt-hour meter. This was calibrated by 
the Electricity Division of the National Physical Labo 
ratory and was accurate to within 0.4 per cent. Since the 
heats of formation in Table I were obtained as differ 
ences between the energy inputs in the reaction and 
calibration runs, the maximum error was worked out 
for each heat value individually. On an average, this 
turned out to be about +1 per cent, but increased up 
to +2 per cent with the less negative values. 

(1b) The specimen, after reacting at high tempera 
tures (>>1000°C) cooled rapidly. Its temperature during 
the period of potential-difference readings had, however, 
not attained room temperature. The temperature of the 
specimen was estimated to be between 90°C and 60° 
during this period. The specific heats of the alloys in 
As a rule, 
atomic heat on alloying are very small, if not ne 


vestigated are not known. 


It can safely be said that the necessary corrections 
would not amount to more than +25 cal/g-atom. 

(2) Purities of the metals used were given above. It 
has generally been overlooked in earlier calorimetric 
work of a similar kind that the impurities may be trans- 
ferred to the baser metal evolving a relatively high 
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amount of additional heat. In the present 

metals of known purity corrections may be 

In the case of iron-aluminium, for instance, one woul 


Passed 


expect the oxygen and nitrogen in the iron to be 
to the aluminium during the reaction. The amount 
this heat may be calculated from the analysis of the ir 


AIN, Fe 


176 cal/g-atom Fe 


and the heats of formation of Fe,N, 
AloO3. It 


subtracted from 


follows that 


the heats of formation in the 
system. This correction was not applied by Oelsen and 
Middel? who used “commercially pure iron’’ 
investigation in the same system. This easily 
for the differences, still existing between 
present heats of formation, particularly at 
contents. In order to account for this difference 
assume that Oelsen’s iron contained about 0.12 per 
oxygen plus nitrogen, but in view of the relatiy 
accuracies of the two methods this 1 
very rough estimate. 

For the Fe-Ti 
must 


system it was calculated 


cal/g-atom Fe be subtracted from 
formation observed. A corresponding calculation for the 
Ti-Al system is difficult. The data for the free energies 
in the titanium-oxygen system® and of alumina! imply 


passed 


high titanium contents, and in the re 


hat oxygen would be from aluminium t 
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errors given, and no additional inaccuracy-value has 
been added to the values in column 4 (Table I). 


PRODUCTION OF TITANIUM-ALUMINIUM ALLOYS 


It may be of some interest to show how the thermo- 
chemical data of alloy formation may be used to ap- 
proach a practical problem, such as the production of 
titanium-aluminium alloys by the reduction of titanium 
dioxide by aluminium. 

The free-energy composition curve of the titanium- 
oxygen system was established by Kubaschewski and 
Dench® at 1000°C, and the heats of formation of the 
titanium-aluminium alloys (Fig. 4) may be taken to be 
equal to their free energy of formation at the same 
temperature, i.e. the changes in atomic heat (ACp) and 
in entropy (AS) on alloying are assumed to be zero. The 
errors introduced by this simplification will be discussed 
further below 

With the present thermochemical data one may cal- 
culate the oxygen contents of aluminium-titanium al- 
loys depending on their composition, at 1000°C. The 
authors are aware that, in practice, one would go to 
much higher temperatures, and, in fact, the thermite 
reaction is not isothermal at all. Data for liquid Ti-Al 
alloys and for the free energy of Ti-O solutions at higher 
temperatures are, however, not available, and the fol- 
lowing calculation may be taken as an outline of the 
mode of calculation rather than a final assessment for 
practical application. 

In the following calculations the accepted thermo- 
dynamic terminology will be used, as given, for instance, 
by Kubaschewski and Evans.' The bar over the symbol 
AG; denotes the free-energy change on dissolving 1 
mole, 7, in a theoretically infinite amount of an alloy of 
given composition. Various types of brackets are used 
to indicate states of aggregation, i.e., (solid), {liquid}, 
gaseous), and dissolved: [solute | 

If TiO. reacts with an excess of molten aluminium, 


the reaction may be written as 
2(Al,03)= [Al Japerit2[ Ti: 


This formulation neglects the possible interaction of 
alumina with titanium oxides. However, the percentage 
of Ti,O; dissolved in AlsO; cannot be great under equi- 
would not 
affect the free energy of alumina by more than, say, 2 


or 3 kcal. The heat of formation of AlsTiO; from its 


librium conditions, and, in this percentage, 


component oxides is not known, but if it were even as 


high as that of Al.SiO;,! it would not be stable in the 
presence of excess aluminium. 

In order to calculate the equilibria of reaction (1 
the free energies of the following basic reactions are 


required : 
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and 


Jari; AG. (4) 


The free energy of formation of alumina is given by! 
AG2= — 407,440—8.05T logT+106.1T. 


The value for the free energy of solution of aluminium 
in the AI-Ti alloys, AGs, may be obtained from Fig. 4 
by drawing the tangent at any point of the curve. This 
tangent will intersect the ordinate at V,;=0 and AA; 
for (Ti)=[TiJarrvi, and at V4,=1.0 and AH, for 
Al)=[Al Jai-ri, where the composition of Ti-Al is that 
of the point of contact of the tangent to the AH-.V 
curve. Since the entropy of formation of the Ti-Al alloys 
is neglected, we have AHy,;~AGy; and AHy,~AG 4). 
In order to correct the last free-energy value for the 
solution of Jiguid aluminium in the alloys, the free 
energy of fusion of aluminium, AG;=2500—2.68T, is 
introduced, and 
AG ~AH AG 


is obtained, where Af/,, is derived from the curve in 
Fig. 4 in the manner described. 

Thirdly, the partial free energy of oxygen in the 
Ti-Al alloys, AG, is required. Since this has not been 
determined directly, it must be derived in another way, 
which is somewhat involved. The partial free energy of 
solution of oxygen in the binary titanium-oxygen alloys 
at 1000°C, 

(Os) = ( ) h AGs. 
is known from the work of Kubaschewski and Dench.*® 
The partial free energy of titanium in the Ti-Al alloys 


AG, (6) 


was shown in the preceding paragraph to be obtainable 
from Fig. 4, and to be AGg=AG7;~ AH yj. 

The connection between AG; and AG, with AG, is as 
follows. 

In the presence of aluminium, the integral free energy 
of the titanium-oxygen alloys is reduced by a certain 
amount which may be denoted AG*. An integral free 
energy may be split up, according to Lewis, into two 
terms involving the partial free energies of the com- 
ponents, 

where Vo and .V7; are the atomic fractions of oxygen 
and titanium in the binary alloy. On the other hand, 
AG* may be obtained by an integration of AGy;* ac- 
cording to a modified form of the Duhem-Margules 
equation, namely 


VTi AGy;* 
AG* Vo f —dN ri. (8) 


For a given composition of titanium-aluminium, AGr;* 
(=AG,), i.e., the reduction in free energy of titanium 
in the titanium-oxygen alloys owing to the presence of 
the aluminium, is constant. Equation (8) may thus be 


2{ Al}+13 (Oz) = (Al.O;); AG» 2 
{Al}=[Allarri; AG 3 
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TABLE II. Oxygen content of aluminium-titanium alloys produced from titania and uminium at 1000°( 


Weight 
VTi % Ti 2 AG AG 
0-0.25 0-37.3 202,800 70.000 272.800 0.003 
0).25—-0.42 37.3-43.8 202,800 — 7,750 100 224.350 0.1-0.13 
0).42-0.51 43.8-64.9 202,800 13,500 900 206,200 2.7-4.0 
0.51-0.64 64.9-76.0 202,800 — 21,200 1 800 186.400 12 7.8-9.1 
0.75 84.2 202,800 — 23.600 3 400 182.600 13.5 11 


written for the binary Ti-O alloys a: and its possible reduction by the uptake of Ti,O 
solution which was estimated above to be not more t 
dN 3kcal/mole. The AH curve of Ti-Al in Fig. 4 is acc 
ithin +150 cal, but the differentiation, 1.e., the draw 
(1—Nr,)? within +150 cal, bu differentiation 


AG* = (1—N7,) AGr;* 


+ 


ing of tangents, would magnify this error. The neglect 


= V7) AGy ” 4 of the entropies of reactions (3) and 6) may res ilt in 
1—N; an error of about +1 kcal in each AG; and AG; 
total error in AG;, arising from these sources, is t 
It follows then from equations (7) and (8) that estimated to be of the order of +6 kcal. As may be see! 


. - - from the AG; curve in the earlier paper® this inaccuracy 
AGy;* = No AGo*+ \ riAGr;* 


AGo* = = 


would not affect the oxygen percentages to a significant 
extent, but there is an additional source of error whic! 
is mostly neglected in recent considerations of this ki 
Since AGo* represents the reduction in free energy from 
LAG; to 3AG,, we now find for the unknown free energy ©-B:s wre de oxidation equilibria in liquid ste io 
deriving the free energy of reaction (1), those for oxyge! 
of the solution of oxygen in the Ti-Al alloy ape : : 
- , and aluminium in the ternary alloys were obtained from 
AG, = AG;— 2AG.. those in the respective binary alloys wit! 
There is, however, a mutual effect of oxygen 
With this, all the required basic free energies are known  minium on their activities in the ternary 
to calculate the equilibria of reaction (1). Equilibrium was, as usual, disregarded in 
in reaction (1) is established when For the deoxidation of steel 
Richardson,’ for instance. 
(4 3)AG3— 3AG2+ AGs=0 (10 largely compensate each 
or, inserting equation (9), 
Che resulting 
(4/3)AG;—2AG.—2AG,+AG;=0. 11 as that observed bet 
mental values tor tl 
In Table II, the first three terms of Eq. (11) were Richardson’). Sucl 

calculated for various compositions of aluminium-tita impair the value of 
nium from the curve in Fig. 4, and the free-energy present evaluatior 
equation of alumina. The resulting free-energy value, It 
AGs, was used to find in the curve in Kubaschewski and would presumablv be carried 


mite reaction, and that 


has been mentioned 


Dench’s paper® the corresponding oxygen concentration, 
which was then reduced for the actual amount of tita- — quring reactior 

nium present in the titanium-aluminium alloy: last 
; 3 - : culated from the heats of forma 

column. It is seen that these percentages increase dis- 
' and from the specific heats of 


continuously at certain compositions. These discon- 
about 1200°C 


tinuities correspond to the breaks in the AH-.\V curve, 
Fig. 4. They would not be expected to occur with molten 
titanium-aluminium alloys, for which the AH-.\V and 
AG-.V curves should be continuous. ' 

OWaTACS eC tomk omposit 


It is seen from Table II that, according to the present at Ch, se? - 
| ne conditions tor 


added the 
One may expect trom general ¢ 
the heat formatio! 


calculation, titanium-aluminium alloys with up to 43 . ; 
per cent Ti by weight may be produced at 1000°C, with oat Ty eee be somew 
very little oxygen. For higher concentrations of tita- , Cueilleron and Pa 
nium the equilibrium contents of oxygen increase aluminium, using various 
rapidly with concentration. type reaction alloys containing 40 
The calculation involves the inaccuracy of the free oxygen of the order of 1 per cent by 
energy equation for AlsO; which is about +2kcal/mole, favourable case, these authors claim a composit 
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65 per cent Ti and 0.02 per cent oxygen. Although the 
calculations above contain a number of simplifying 
assumptions and are for 1000°C only, the latter figures 
appear to be a little doubtful, and would require check- 
ing. In addition, the violent thermite-type reaction 
would lead to a product in which segregation is incom- 
plete ; that is, AloO 
removed, would be found in the metal. 

reaction, in which true 


inclusions, which are not easily 
Nevertheless, a less violent 
equilibrium could be established, should yield titanium- 
aluminium alloys with considerable percentages of tita- 
nium and a very low oxygen content. In practice, alloys 


are required that are much lower in aluminium. In view 


of the high price of titanium, it should be an economical 
advantage to add to titanium a titanium-aluminium 


alloy of, say, 40 per cent Ti rather than pure aluminium. 
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UBER DIE ABHANGIGKEIT DER KORNGRENZENAUSSCHEIDUNG VON DER 
ORIENTIERUNG DER BENACHBARTEN KRISTALLE* 


W. GRUHL und D. AMMANN} 


Es wird dic ‘1t der Starke 
benachbarten Kristalle an Proben mi 

Be ryllium g¢ messen. Dabei wird beobachtet, dass mi 
grenzenausscheidung bis zu einem flachen Maxin 
grenzenenergie erreicht ihr Maximum bereits be 
der Starke der Ausscheidung von der Richtung det 
der Fall, dass zwei gleiche, niedrig indizierte El 


Eebenen parallel verlauft, als Sonderfall anzuseher 


ON THE DEPENDENCE OF GRAIN BOUNDARY PRECIPITATION ON THI 
ORIENTATION OF SURROUNDING CRYSTALS 


rhe dependence of t rate ol gral 
crystals is measured in copper-nickel-manganest 
It can be shown that with increasing difference 
tion increases to a fl 
onentation angie 


found. Similar 


RELATION ENTRE LA PRECIPITATION INTERGRAN 
L’ORIENTATION DES CRISTAUX VOISINS 

Par mesure de la de 
d’orientation des cristaux vVoISsINS sur des eprouvel 
Cu-Ni-Mn et Cu-Be, il est montré que |’épaisseur des 
in maximum plat t !’ 
orientation de 
e cas de deux pians 


cas particulier 


Bereits vor mehreren Jahren haben P. J. E. Forsyth, Es erschien deshalb interessant 


G. J. Metcalfe, R. King und B. Chalmers! darauf \lessung der Ausscheidungsstiarke 
hingewiesen, dass die Starke der diskontinuierlichen der Orientierung zu ternehmer 
\usscheidung an den Korngrenzen offenbar von der Bereits R. Smoluchowski und 


vegenseitigen Orientierung der benachbarten Kristalle 


Arbeiten iiber die Orient 


abhingig ist, da die unter dem Mikroskop beobachtete1 ngrenzendiffusion erkannt 


dunklen Zonen an manchen Korngrenzen stark, an handlung des Problems erhebli 
anderen nur schwach ausgebildet sind. Insbesondere Probenmit Fasertext 
zeigt sich hiufig, dass sich die Starke der Ausscheidung 
an Stellen, an denen Zwillingsstreifen ein benachbartes 
Korn beriihren, mehrmals sprunghaft dndert. Diese 
Beobachtung ist spiter u.a. an Kupfer-Beryllium?* und 
auch an dem hexagonalen Zink-Kupfer (2°, Cu 
bestatigt worden. P. J. E. Forsyth, G. J. Metcalfe, R 
King und B. Chalmers! vermuten, dass die Korn 
grenzenausscheidung umso stirker ist, je verschiedener 
die an der Korngrenze nebeneinander liegenden Korner 
orientiert sind. Sie nehmen an, dass die Stirke de 
Ausscheidung durch den Grad der Fehlordnung des 
Gitters in der nachsten Umgebung einer Korngrenze 
bestimmt wird. 

Diese Vermutung hat nach allem, was uns heute 
iiber die Vorginge bei der Keimbildung der Ausscheid 


ung bekannt ist, einen hohen Grad der Wahrschein 


lichkeit, doch fehlt bisher der experimentelle Nachweis 
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nach | 001 n Kupfer-Nickel-Manga Kupfet 
t steige¢ Unientierungs nkel die Breit Kor 
u ei 45° zur Die Kurve itiven Ko 
eine Orient gswinkel ve | \ ingigke 
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ener eina er ert ] e Kor 
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Herstellung eines einwandfreien Gussgefiiges aus Stengel- 
kristallen keine Schwierigkeit. 


VERSUCHE MIT KUPFER-NICKEL-MANGAN 
Nac h 


Gefiige mit sehr unterschiedlichem 
Neben Kornern, die 


Randzone bis zu 6 mm Durchmesser aufwiesen, waren 


dem Legierung ein 
Korndurchmesser. 


besonders in 


Vergiessen zelgte diese 


sehr der 


grossen 
zahlreiche kleine (bis herab zu 0, 1 mm Durchmesser 
zu sehen, so dass eine réntgenografische Orientierungs- 


ni ht 


bestimmung einer grésseren Zahl benachbarter Kristalle 

méglich war. Im Gusszustand zeigte das Gefiige 
jedoch deutliche Dendriten, die die Orientierung der 
Korner einwandfrei erkennen liessen. Laue-Riickstrahl- 
aufnahmen an mehreren grossen Kristallen zeigten, dass 
Dendriten der (001 
Richtung der Kérner entsprach. 


die Wachstumsrichtung der 
Im Lingsschliff ver- 
liefen die Dendriten genau senkrecht 
Probenachse, die | 001 


und 


zur zylindrischen 
-Richtung war zugleich Stengel- 
Faserachse, wie dies bei den kubisch flichenzen- 
trierten Metallen der Fall ist.’ Die Streuung der Faser- 
+10) 


001 |-Richtung der Kérner héchstens von der Stengel- 


textur betrug max. um diesen Betrag wich die 


richtung ab. Von der Probe wurde nun ein Querschliff 


senkrecht zur Stengelrichtung angefertigt und das 


Getiige eines grésseren Bereiches fotografisch festge- 


halten. Anschliessend wurde entsprechend den Angaben 


Dahl und K. L. 


\usscheidungen zunichst ein 24 


von OQ. Dreyer® zur Erzielung der 


stiindiges Lésungs 
S00+5°C vorgenommen, die 
$ Stunden 


erneutem 


giuhen im sSalizbad bel 
Probe in Wasser abgeschreckt 


bei 400°C im Salzbad 


dann 
Nach 
\nschleifen wurde dieselbe Stelle des Gefiiges, in dem 
die Dendriten verschwunden 

den Korngrenzen 


traten, Dél 


und 


ausgeélagert. 


varen, dafiir jedoc h 
\usscl 


Vergrésserung erneut fotografiert 


deutliche leidungen auf- 


1 
aerseiben 


und die Orientierung der Kérner durch Ubertragung der 


el-Mangar 


1. Korngrenzenausscheidung bei Kupfer-Nick 


520. Die [ 100 )-Richtung r Korner ist ngezeichnet 


14% Sn, 


lisationsgetug 


Rest Cu) ergab infolge des zu feinen Trans 
ne Modglichkeit der 
eine Zink-Kupfer 


Vergiessen nur 


rontgenografischer 


Le frierung 


RGICA, 


3 


Ausscheidungsbreite b 


20° 


Bitp 2. Abhingigkeit der Breite der Korngrenzenausscheidung 
von der Orientierungsdifferenz bei Kupfer-Nickel-Mangan 


Dendritenrichtung aus der vorigen Aufnahme fest- 
gelegt. Ein Vergleich der beiden Bilder zeigte, dass im 
Verlauf der Wirmebehandlung nur eine relativ gering- 


fiigige Verschiebung der Korngrenzen stattgefunden 


hatte, so dass die einzelnen K6rner stets zu identifi- 
zieren waren. Die Orientierungswinkel konnten dann 
aus den Aufnahmen auf +1° genau ermittelt werden. 

Bild 1 zeigt das Gefiige der Kupfer-Nickel-Mangan- 
Legierung nach der vorgenommenen Wirmebehand- 
lung. Der Anschliff erfolgte 
Man sieht, 
ein und derselben Korngrenze recht unterschiedlich ist. 
Zur 780 


Vergrésserung auf die Mattscheibe des Mikroskops 


senkrecht zur Faserachse. 
dass die Breite einer Ausscheidungszone an 
Ausmessung wurde das Gefiige bei facher 
geworfen und die Ausscheidungsbreite 6 aus mehreren 
In Bild 1 ist die 


der Korner, wie sie sich 


Messungen gemittelt. 


100 |-Richtung 


aus der Ubertragung ergal 
n Kreuze vekennzek hnet. 

Bild 2 zeigt die Abhingigkeit der Stirke der Korn- 
grenzenausscheidung von dem Orientierungswinkel @ 
bei der Kupfer-Nickel-Mangan-Legierung. Die Aus- 
780 facher Ver- 


Faserachse die [001 |- 


scheidungsbreite 6 ist hier in mm bei 


grésserung angegeben. Da als 
Richtung vorliegt, haben wir eine 4 zaihlige Symmetrie, 


Winkel @, 


Hochstwert 


bei der der der die Orientierungsdifferenz 
kann. 
stark, h 


zeigt sich eine deutliche Zunahme der Starke der Aus- 


angibt, einen von 45° annehmen 


Naturgemiss streuen die einzelnen Werte 


scheidung mit wachsender Orientierungsdifferenz, wobei 
Kurve 6=45 


Die erhebliche 


einen Hdéchstwert bei 


Streuung der Werte ist 


die gemittelte 


erreicht. teil- 


weise wohl auf Ungenauigkeiten bei der Ausmessung 


der Ausscheidungsbreite zuriickzufiihren, da diese im 


Verlauf ein und derselben Korngrenze Unterschiede 


bis zu 100°; aufwies (vgl. Bild 1). Auf weitere Ursachen 


fiir die Streuung der Werte wird bei den Messungen an 
Kupfer-Beryllium noch hingewiesen. 


VERSUCHE MIT KUPFER-BERYLLIUM 


Eine Legierung mit 1.75% Be zeigte nach dem Ver- 


giessen ziemlich gleichmiassige Stengelkristalle, deren 


) 


Durchmesser jedoch 2 mm nur vereinzelt iiberstieg. 


Ebenso wie bei Kupfer-Nickel-Mangan zeigten sich im 


Gusszustand deutliche Dendriten nach [ 100 Ein 
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Cu-Ni-Mn 
* 
+ 


R KORNGE 


| 


usserdem 


Korner 


3. Ausscheidung an 
bei Kupfer-Beryllium. Die 
\tzstreifungen deutlich zu erkent 


Versuch, die Dendritenrichtung ebenso wie bei Kupfe1 
Nickel-Mangan zur Orientierungsbestimmung heranzu 
ziehen, scheiterte jedoch daran, dass nach einem 24 
stiindigen Diffusions- und Lésungsgliihen bei 820+5°( 
im Salzbad und nachfolgender Wasserabschreckung 
eine erhebliche Verschiebung der Korngrenzen statt 
gefunden hatte, so dass die urspriinglichen Kérner nicht 
mehr zu erkennen waren. Hier ergab sich jedoch eine 
andere Méglichkeit zur Orientierungsbestimmung. Nac} 
4 stiindigem Anlassen auf 400°C im Salzbad zeigte sic 
an den Korngrenzen eine deutliche diskontinuierliche, 
daneben im Korninneren eine kontinuierliche Ausschej 
dung, wie sie bereits friiher festgestellt worden wat 
Durch mehrfaches Atzpolieren wurden auf den Kor 
flachen Atzstreifungen erzielt, die zweifellos « 
orientierte Ausscheidung der y-Phase auf besti 
kristallografischen Ebenen hervorgerufen werden. 
Streifen verlaufen zum Teil in einer | 

stehen sie senkrecht aufeinander 

grésseren K6rnern vorgenommene Bestimmung 
Orientierung dieser Streifen durch Laue-Riickstra| 
aufnahmen ergab, dass sie stets parallel zu der | 100 
Richtung verlaufen. Die Orientierung der Ké6rne1 


konnte hierdurch einwandfrei erkannt werden. Bild 


zeigt das Gefiige einer solchen Probe mit Ausscheidungs 


zonen an den Korngrenzen und streifigen Ausschel 
dungen im Korninneren, die die | 100 
Korner angeben. Die Schlifffliiche verliuft senkrecht 
Faserachse 

Die Abweichung des Korngrenzenverlau 
Stengelkristalle von der Achse der zylindrischen Probe 
wurde aus einem Lingsschliff mit max. +15° gemesse1 
Die Streuung der | 001 |-Richtung einzelner K6rner 
der Faserachse betrug nach den R6ntgenaufnahme! 
max. +8&°. Zur Auswertung wurde eine gréssere Anza 
von Gefiigeaufnahmen verschiedener Stellen derselbe1 
Probe bei 530 facher Vergrésserung hergestellt 
Ausmessung des Orientierungswinkels @ mittels eines 
Winkelmessers auf 1°, die der Ausscheidungsbreite 


mittels einer Schublehre auf 0.1 mm genau gemessen, 


GRUHL unn AMMANN DE EN ZE NAUSSCHI NG 
‘ Mg? Yor oF Zusitzliu vurde no det e R ing Kor 
lo der Shocl nd R 
gemessen. Analo, von W R. 1 
|. a rye rel Bere Inve ( ( aete | 
der Korngrenzenrichtung wurde ¢ in der Weise g 
| messe! aas ( | ngventle ore ( 
ey, she ind Cine Liere 100 R ing ! aet 
K B lie Al ngigke yn ber Kupfe 
en. V=530 $30 facher Vergrésserung angegeben. Wie n eht 
Werte ( erhet 
diirtte der direkte, bei Kupter-N I 
starken | ers ecle der Bre er Auss 
\ussi Ing ¢€ elpe Kor ore 
bel Kupfer-Ben el tal ssig star 
Vg B ( 4 Die ( Kul 
ergil S 1S ¢ er v¢ l¢ ing \less eT 
cle isgezogene Kurve ¢ en Wert fiir 
D el ier dul cit ISS ( 
Lie bei der QOrientierungsdiftter eine Korner 
> lal kx ¢ e Kornere ssche ing ¢ 
9553 sie dass die Abwe beider Kurv rb 
elne Ori el rscitter \ 
sonst st el e b er Kupi Nickel-Mang 
I ( I el 
er Kurve 
\uffillig sind die hier ester Ausmes 
P. J. E. G. J. M e, R. King 
einen ss au e Starke \ \ 
er K ort 100 
I K |) \\ y 
2 
< be 


kann ebenso wie @ bei der vorliegenden 4 zaihligen Sym- 
annehmen. In Bild 5 
Wie 


htung der Korngrenze offensichtlich 


metrie einen Hochstwert von 45 
Abhingigkeit 6 von o dargestellt man 


die | 


keinen Einfluss auf die Grésse der Streuungen und damit 


ist diese 


sieht, hat 


auch keinen Einfluss auf die Breite der Ausscheidung. 
In Bild 6 ist Korngrenze gezeigt, die in ihrem 
Verlauf simtliche Werte fiir ¢ von 0-45° annimmt; die 


\usscheidungsbreite ist hier unverandert. 


eine 


weitere mOégliche Ursache fiir die Streuungen 


Tatsache, dass die Korngrenzen nicht immer 


Eine 
wire die 
Schliffebene verlaufen. Die ge- 
messenen Abwek nungen 


Korrektur des gemessenen b-Wertes 


genau senkrecht zur 


von wurden im Grenz- 
fall folgende 
erforderlich mache 


-cos15 ca. 0.976 


diirfen hiernach nur 


jedoc h erhebli h 


\bwek hungen 


gen tatsichlich 


ung der gemessenen Kurve von der 


Fiir die Abweict 
t ick kleinen Werten fiir @ ist 


hen bei offenbar die 


verantwortlich, dass die Fasertextur keines- 


itsacne 


ideal war, sondern Streuungen von max. +8 


k6nnen die kristallografischen Lings- 


Korner 


sein. setzi 


fwies. Damit 


achsen zweier im Grenzfall um 16° gegenein- 


ander geneigt man einfach voraus, dass sich 


aufeinander senkrecht stehende Orientierungsdiffer- 
sO muss diese Orientier- 


zu dem in der Schliff- 


addieren lassen, 


max. 16 


enzen vektoriel 


ingsdifferenz von 6’ 


RGICA 


1955 


VOL 
nach den Regeln des recht- 
winkligen Dreiecks 
Orientierungsdifferenz entsprechend: 


ebene gemessenen gen, 


spharischen tatsiichlichen 


COSA = COSA gem * COSA’ 


fiihren. Es werden so maximale Abweichungen von @ 
bei Qcem=0 und solche bis zu ca. 2° bei 
auftreten. Diese Uberlegung erklirt ohne 
kleine- 


ren Orientierungsunterschieden, insbesondere auch die 


bis zu 16 

weiteres die beobachteten Abweichungen bei 
Tatsache, dass die genau gemittelte, in Bild 4 gestri- 
chelte Kurve von der wahren, ausgezogenen nach oben 
abweicht. Eine Verschiebung des Messpunktes nach 
rechts zu etwas grésseren Winkeln hin wiirde sie der 
ausgezogenen Kurve niher bringen. Diese im Rahmen 
einer Fehlerabschitzung wohl durchaus zulissige ein- 
fache Addition der Orientierungsunterschiede, die auf 
der Voraussetzung beruht, dass sich eine dreidimen- 


Bitp 7. Schema zur Messung « 

sionale Fehlorientierung nicht anders auswirkt als eine 
zweidimensionale, zeigt jedenfalls, dass fiir die Ab- 
weichung bei kleinen Winkeln die Streuung der Faser- 
Richtigkeit 
des Verlaufes der ausgezogenen Kurve, die durch den 
Nullpunkt geht. 

Die bei 
teten Streuungen sind schon im Hinblick auf den flacher 
werdenden Verlauf der Kurve in der Nihe des Maxi- 
Winkelstreuungen kliren. Auf 
ihre Ursache wird im folgenden noch eingegangen. 

Die der Kupfer- 
Beryllium-Legierung noch die 
Messung der relativen Korngrenzenenergie als Grenz- 


textur verantwortlich ist und erhirtet die 


grossen Orientierungsdifferenzen beobach 


mums durch nicht zu 


zahlreichen Gefiigeaufnahmen 
erlaubten zusdtzlich 
flachenspannung, wie sie in ahnlicher Weise erstmals 
von C. G. Dunn und F. Lionetti!® an Eisen mit 3% Si 
sowie von K. T. Aust und B. Chalmers 
Zinn und von A. P. Greenough und R. King 
durchgefiihrt wurde. An einer Stelle des Gefiiges, an der 


an Blei und 
an Silber 
stellen sich im 


Korngrenzen zusammenstossen, 


Falle des Gleichgewichtes zwischen diesen bestimmte 


drei 
Winkel ein, die von dem Energieverhialtnis der drei 
Korngrenzen abhingig sind. In Bild 7 ist dieser Fall 
Summe der drei 
Null ist, gilt die 


schematisch dargestellt. Da _ die 


Vektoren Gleichgewichtsfall 
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‘ 
Cu- Be 
~2 20° 30° 40° 50° 
Bitp 5. Abweichung der Ausscheidungsbreite in Abhangigkeit 
von del Richtungswinke der Korngrenze 
r 
E13 12 
73 
¥ a 
5 
\ E53 7) 
Die mainde 
13% betragen, 
noner 
» ‘ - 4 
6. Korngrenzenausscheidung bei veranderter Richtung 
einer Korngrenze bei Kupfer-Beryllium. V = 530 


ND AMMANN DER 


Beziehung: 


siny; siny 


An einer Anzahl von Gefiigestellen, an denen drei 
Korngrenzen zusammenstossen, wurden die Winkel y 
yv». und wy; genau ausgemessen und so drei Relativwerte 
fiir die Energie der drei Korngrenzen erhalten. Zwar 
war bei der 24 stiindigen Homogenisierungsgliihung bei 
820°C nicht darauf geachtet worden, ob diese auch zur 
Winkelkonstanz gefiihrt hatte, doch lisst die Beo 
bachtung, dass die Korngrenzen sich bei der Gliihung 
so stark verschoben hatten, dass das urspriingliche 
Gefiige nicht mehr zu erkennen war, mit grosser Wahr 
scheinlichkeit auf eine weitgehende Einstellung des 
Gleichgewichtes schliessen. In Bild 8 sind nun die 
erhaltenen Wertetripel ausgehend von einem Maximal- 
wert, der fiir eine Korngrenze, an der der Orientierungs 
winkel 6=45° betrug, gleich 1 gesetzt wurde, so auf 
getragen, dass sich eine méglichst geschlossene Kurve 
ergab. Man kann auf diese Weise die relative Korn 
grenzenenergie in Abhinigkeit von der Orientierung 
erkennen. Die Kurve verliuft zunichst ausgehend von 
dem Wert 0 ziemlich steil ansteigend und erreicht bei 
einem Wert fiir @ von annihernd 21° ihren Héchstwert, 
der sich bei grésseren Orientierungswinkeln nicht mehr 
veriindert. Dieser Kurvenverlauf der relativen Korn- 
srenzenenergie stimmt recht gut mit den Ergebnissen 
anderer Autoren,! -insbesondere von K. T. Aust und 
B. Chalmers!! fiir das kubisch fliichenzentrierte Blei bei 
einer Fasertextur nach | 001 | iiberein, auch dort wurde 
ein Maximalwert der Korngrenzenenergie bei @=22 
semessen. Analog hierzu hatten R. Smoluchowski und 
Mitarbeiter’ beobachtet, dass von einem kritischen 
Orientierungswinkel 6 22° ab eine merkliche Be 
vorzugung der Korngrenzen bei der Diffusion von Zink 
bzw Silber in Kupfer stattfindet. In Bild 8 ist zum 
Vergleich auch die Kurve der Ausscheidungsbreite } aus 
Bild 4 gestrichelt in dem Massstab mit eingezeichnet, 
dass der Héchstwert von 6 auch dem der Korngrenzen 
energie & entspricht. Man sieht, dass beide Kurven in 
ihrem Verlauf nicht iibereinstimmen, da die Kurve der 
Ausscheidungsbreite wesentlich flacher verliuft und 


Bitp 8. Relative Korngrenzenenergie von Kupfer-Beryllium it 
\bhingigkeit von der Orientierungsdifferenz. Die Kurve det 


\usscheidungsbreite ist aus Bild 4 gestrichelt mit eingezeichnet 


KORNGRENZENAUSSCHEIDUNG 


erst bel einem Orientierungswin} 


\laximum erreicht 


DEUTUNG DER ERGEBNISSE 


Die Versuche haben deutli vezeligt 


grenzenausscheldung umso stirker Ist, je 


die benac hbarten Kristalle an de betreffende1 


Vermutung 


grenze orientiert sind. Damit 
P. J. E. 
‘halmers! aucl 


xu der Vermutung dieser 


Forsyth, G. J 


experimel! 


Proben mit Fasertextur kein 
der Korngren en 
Korngrenze restgestelit 
Read’® hatten errechnet 
einen Einfluss auf die Korng 
Orientierungswinkel @ habe 
h fiir en 
\bweichung bis max. 
solcher Einfluss bish 
Korngrenzenenergie 
det ebenso Zeigcten 
\litarbeiteri 


Geschwindigkeit 


“iscl 


vor iegenden \ ersu 
der experiment 


Trotzdem ist 


n Bild 9 
Kupfer-Beryllium 
anderen VO 
dass hier nur bei einer § 
Korngrenze \usscheidu 
anderen Richtungen eine deut 
missig starke Ausscheidung 
haben hier beide KGrner eine Hat 
weise | 100 |, gemeinsam. Diese 


verlauft hier quer zum Schliffl 


Kort! 


B 9 Korng é ssche K B 
eine von eine a el sent K a 
gibt vermutliche Faserchse an. (Nach P. J. E. 1 G. J 
Metcalfe, R. King u B. Cha s 
etwa 40 
, dass die Kor 
verscniede I 
vird de \ 
Qac bestatigt. Im Gegens 
\b o1l7KelL Ger S rKé 
VO ler R 
W. Shockley dR. 
eats ind r ¢ ( 
LIV KUDIS sG Cl 
bel cde \lessung el 
] 8) { 
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Befunde 
Beobat VO P ] | rs 
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eingezeichneten Pfeil. Die Ebenen senkrecht zur dieser 
Richtung haben die gleichen Indices, sind jedoch um 
Bei der 
Fall 


nicht erfasst, hier lagen alle Korngrenzen etwa parallel 


unbekannte Winkel gegeneinander verdreht. 
vorliegenden Versuchsanordnung wurde dieser 
zur Faserachse. Es wird vermutet, dass ein Sonderfall 


dann vorliegt, wenn gerade zwei niedrig indizierte 
Ebenen parallel zueinander liegen und die Korngrenze 
zusitzlich parallel zu diesen Ebenen verliuft. Eine 
grundsiatzliche Abhangigkeit der Ausscheidungsstirke 
von dem Korngrenzenwinkel ¢ ist jedoch mit Sicherheit 


nicht festzustellen. 


Um die Ergebnisse selbst zu verstehen, muss man 
zunichst einmal iiberlegen, von welchen Faktoren die 
gemessene Ausscheidungsbreite 6 iiberhaupt abhingig 
ist. Es sind dies einma! die Keimbildungshiufigkeit unc 
zum anderen die Geschwindigkeit des Wachstums der 
gebildeten Ausscheidungskeime. Beides wird von der 
Korngrenzenenergie sowie von der Starke und Zahl der 
Korngrenze 
und Versetzungen beeinflusst. 


vorhandenen Gitterstdrstellen 
Dabei ist 


nehmen, dass die Keimbildungsgeschwindigkeit wesent- 


an einer 
jedoc h anzZu- 


lich stiirker beeinflusst wird als die Wachstumsgesch- 
windigkeit. Wie Messungen der Ausscheidungsgesch- 
windigkeit an Kupfer-Beryllium® in 
verformtem und unverformtem Zustand gezeigt haben, 


a-Eisen® und 


wird durch eine nach dem Abschrecken vorgenommene 


Kaltverformung die zur Keimbildung  erforderliche 


Inkubationszeit erheblich herabgesetzt, wahrend der 


weitere Ausscheidungsverlauf, also das Keimwachstum 
sogar leicht verz6gert erscheint. Das verformte Gitter 
ist infolge einer erh6hten Zahl von Versetzungen den 


unmittelbar an einer Korngrenze liegenden Gitterbe- 


sich die Korngrenzenausscheidung 


kann 


voraussetzen, 


reichen, in denen 


recht dhnlich; 
Fall 


des Keimwachstums nur unwesentlich 


abspielt, man daher fiir den 


vorliegenden zumindest dass die 
Geschwindigkeit 
verindert und gegeniiber der Keimbildungshaufigkeit 
vernachliassigt werden kann. Betrachtet man weiterhin 
das Wesen der diskontinuierlichen Ausscheidung, die ja 
Keimbildung in 
Zerfall des Muttergitters in die beiden Gleichgewichts- 
dieser Zerfal| 
in das Kristallinnere fortpflanzt, 


nach anfanglicher einem spontanen 


wobei nach U. Dehlinger 


e 
phasen besteht, 


sich 


autokatalytisch 
so erkennt man leicht, dass die Geschwindigkeit des 
Fortpflanzens wohl kaum von der Orientierungsdifferenz 
der KGrner abhingig sein kann, da sich dieser Vorgang 
ja sehr rasch von der Korngrenze entfernt. Unter dieser 
Annahme einer konstanten Wachstumsgeschwindigkeit 
dunklen 
sreite b zu einer Funktion des Zeitpunktes, 
Dass 
die Keimbildung ausschlaggebend fiir die Ausscheidung 


der \usscheidungszonen wird aber deren 
gemessene | 


an dem die erste Keimbildung stattgefunden hat. 


ist und gerade an den Korngrenzen besonders erleichtert 
wird, zeigen u.a. auch die Untersuchungen von A. von 
Wiedebach-Nostitz!®> an Zink-Silber- von W. 
Gruhl* an Zink-Kupfer-Legierungen; hier findet die 


sowle 


Ausscheidung der e-Phase bei tiefen Temperaturen, bei 
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denen eine Keimbildung im Inneren der Korner noch 
nicht méglich ist, in Form der diskontinuierlichen Aus- 
statt, bei 
Ausscheidung 


Korngrenzen héheren 


kontinuierliche 


scheidung an den 
Temperaturen ist die 
vorherrschend. 

Nach R. Becker'® ist nun die Keimbildungshiufigkeit 
fiir die Bildung einer zweiten Phase durch die Beziehung 


O+A 
prop. exp 


gegeben, worin Q die Aktivierungswarme fiir die Diffu- 
sion, A die Keimbildungsarbeit, R die allgemeine 
Gaskonstante und 7 die absolute Temperatur bedeuten. 
Beriicksichtigt man nun im vorliegenden Fall noch die 
Korngrenzenenergie und betrachtet diese als Erh6hung 
Korngrenze 
Energiezustandes des Gitters gegeniiber dem im Inneren 
der Kristalle, so wird sich die fiir eine Keimbildung auf- 


des an einer vorhandenen = spezifischen 


zuwendende Arbeit um diesen Energiebetrag E’ vermind- 
ern Man erhilt somit fiir die Keimbildungshaufigkeit 


prop. exp 
R1 
Damit lisst sich die mit zunehmendem Orientierungs- 
winkel 6 
erklairen, da ja der Betrag von EF’ 
steigender Keimbildungshiufigkeit 7 auch der Beginn 
Nach dem Unter- 
bestimmten Zeit- 
punkt erscheinen dann diejenigen Zonen am breitesten, 


wachsende Breite der Ausscheidungszonen 


mit # ansteigt und bei 
der Keimbildung friiher einsetzt. 
brechen der Auslagerung in einem 
an denen die Keimbildung am friihesten eingesetzt hat. 

Der in Bild 8 dargestellte Verlauf der relativen Korn- 


grenzenenergie & und der gemessenen Ausscheidungs- 


breite 6 stimmt mit den vorhergehenden Uberlegungen 


wird die 


jedenfalls bis zu einem Orientierungswinkel 


iiberein. Bis zu diesem Orientierungswinkel 
Struktur der Korngrenzen recht befriedigend durch das 


und W. 
Fir 


Versetzungsmodell, wie es von J. M. Burgers! 
L. Bragg'> vorgeschlagen wurde, wiedergegeben. 


Werte 


wihrend die Ausscheidungsbreite noch weiter 


grossere von @ bleibt die Korngrenzenenergie 
konstant, 
zunimmt. In diesem Bereich hat nach R. Smoluchowski 
von N. F. Mott?’ Giiltigkeit; 


dieser Vorstellung wechseln entlang einer Korngrenze 


das Inselmodel] nach 
Inseln, in denen die Gitter der benachbarten Kristalle 
relativ gut aufeinander passen mit solchen Gebieten ab, 
in denen eine schlechte Passung, die nicht ohne weiteres 
Versetzungsstruktur iiberbriickt 
Offenbar ist 


durch eine einfache 
im Giiltig- 


nicht 


werden kann, vorhanden ist. 
keitsbereich Mott’schen 
mehr 


des Inselmodells nun 


ausschliesslich die Korngrenzenenergie fiir die 
Keimbildungshaufigkeit 
man jedoch eine Stelle, an der eine schlechte 


Erhéhung der massgebend. 


Betrachtet 


Passung der benachbarten Gitter vorliegt, so haben wir 


hier ein Gebiet, an dem gleichsam beide Gitter zusam- 


menhanglos aufeinander liegen. Beide Gitter haben eine 
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vollstaindige Oberfliche, durch die sie voneinander 
getrennt sind. Nach R. Becker'® wird die Bildung eines 
Keims nun wesentlich durch seine Grenzflichenspan- 
nung gegeniiber der ihn umgebenden Mutterphase 
erschwert. Dadurch, dass bereits vor der Bildung des 
Ausscheidungskeimes an der Korngrenze selbst eine 
freie Grenzfliche des Muttergitters vorliegt, wird die 
aufzuwendende Grenzflichenenergie stark 
herabgesetzt und damit nach den Ansitzen von R. 
Becker'® sowohl die Keimbildungsarbeit A als auch die 
kritische Keimgrésse erniedrigt. Es werden sich somit 


zweitfellos 


Keime vorzugsweise an den Stellen schlechter Passung 


bilden. Je verschiedener nun die Orientierung der 
K6rner ist, desto zahlreicher und grésser werden auch 
die Gebiete schlechter Passung, so dass die gesamte 
Keimbildungshaufigkeit entlang einer Korngrenze an- 
steigt. Mit dieser Uberlegung wird die Beobachtung, 


dass die Breite der Ausscheidungszonen mit steigendem 
Orientierungswinkel auch nach dem Erreichen eines 
Hoéchstwertes der Korngrenzenenergie bei ca. 21 
weiter ansteigt, wohl verstandlich. 


noch 


Die Betrachtung der Ausscheidungsbreite als Funk- 
tion des Zeitpunktes, in dem die Keimbildung an der 
betreffenden Stelle vor sich gegangen ist, lasst auch eine 
Erklirung fiir die insbesondere bei grossen Orientier- 
ungswinkeln beobachtete starke Streuung der Mess- 
werte (vgl. Bild 4) zu. Der Zeitpunkt einer ersten Keim- 
bildung wird im einzelnen durch und 
thermische Schwankungen bestimmt, 
wahrscheinliches Eintreffen wird durch die Keimbild- 
ungshiufigkeit J wiedergegeben. Betrachtet man zusitz- 


statistische 


lediglich sein 


lich noch die Keimbildungsverhiltnisse, insbesondere 
im Giiltigkeitsbereich des Mott’schen Inselmodells, so 


KORNGRENZENAI 


SSCHEIDUNG” 
wird auch die Keimbildungsarbeit, je nachdem wie nun 
die Passung der Gitter innerhalb einzelner, submikro- 
starken 
Schwankungen unterworfen sein, ihre Verminderung in 
Abhiangigkeit 
gleichfalls einen rein statistischen Charakter. Damit 
findet die beobachtete starke Streuung der einzelnen 
Werte eine Erklirung. 

Herrn Professor Dr. G. Wassermann, Clausthal, sei 


skopischer Bereiche ist, sehr verschieden 


von der Orientierung erhalt damit 


fiir die Anregung zu dieser Arbeit sowie fiir zahlreiche 
Diskussionen herzlich gedankt. 
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UBER DIE IDEALEN ORIENTIERUNGEN EINER WALZTEXTUR* 


JOHANNA GREWEN und G. WASSERMANN?{ 


Eine vergleichende Untersuchung der Walztextur einer Aluminiumfolie mit dem Texturgoniometer ergab, 
dass die Textur an allen Stellen der Folie ungefahr gleich ist, dass jedoch hinsichtlich der Einzelheiten Unter 
schiede bestehen. Auch die Lage der Maxima der Belegungsdichte unterliegt einer Streuung und ist schon in 
den vier Quadranten einer Polfigur nicht iibereinstimmend. Es wird untersucht, wie sich dieser Befund auf 
die Deutung der Textur mit Hilfe von idealen Orientierungen auswirkt. 

Die idealen Orientierungen, die fiir gewalztes Aluminium und andere kubisch-flachenzentrierte Metalle 
innerhalb der letzten dreissig Jahre vorgeschlagen worden sind, werden besprochen und mit den (111 
Polfiguren der vorliegenden Untersuchung verglichen. Nahezu alle diese Orientierungen sind mit der 
Polfigur annadhernd in Ubereinstimmung, aber keine wird den experimentellen Ergebnissen wirklich gerecht. 

Die bisherige Annahme idealer Orientierungen mit einer Kristallebene parallel der Walzebene und einer 
Kristallrichtung parallel der Walzrichtung erscheint daher fiir die Beschreibung von Walztexturen nicht 
geeignet. 

Es wird eine neue Beschreibung vorgeschlagen, nach der die Polfigur aus einer Uberlagerung mehrerer 
Fasertexturen (die in Bezug auf die Rotation um die Faserachse beschrankt sind) besteht. Es werden fiir 
Aluminium zwei Faserachsen [111 ] und eine Faserachse [100] angenommen und die sich daraus ergebenden 
theoretischen Polfiguren konstruiert. 

Das Ergebnis stimmt mit den experimentellen Resultaten sehr gut itiberein. Es konnen auf diese Weise 
nicht nur die Lagen der Maxima beschrieben werden, sondern insbesondere auch die bei der bisherigen 
Methode ganz unberiicksichtigt gelassenen Streulagen. 


ON THE IDEAL ORIENTATIONS OF A ROLLING TEXTURE 


A comparative study of the rolling texture of aluminium foil by means of the texture goniometer has 
shown that the texture is nearly the same everywhere in the foil. There are, however, differences in details. 
Also, the location of the orientation maxima shows scattering, and differs in the four quadrants of the same 
pole figure. An investigation was made as to the manner in which this variation affects the interpretation 
of the texture by means of ideal orientations. 

The ideal orientations proposed for rolled aluminium and other f.c.c. metals during the last 30 years are 
discussed and compared with the (111) pole figure of the present investigation. Nearly all of these orienta 
tions are in approximate agreement with the pole figure, but none gives a true picture of the experimental 
results 

Therefore, the former assumption of ideal orientations in the form of a crystal plane parallel to the rolling 
plane and a crystal direction parallel to the rolling direction appears unsuitable as a description of rolling 
textures. 

A new description is proposed according to which the pole figure consists of a composition of several fibre 
textures, the latter being restricted as to the rotation around the fibre axis. For aluminium, two fibre axes 
[111] and one fibre axis [100] are suggested, and the resulting theoretical pole figures are constructed. 

The result is in very good agreement with the experimental findings. This method permits a description 
of the location of the maxima and, in particular, the orientation spread which could not be considered 
in earlier proc edures. 


SUR LES ORIENTATIONS IDEALES DES TEXTURES DE LAMINAGE 


Une étude de la texture de laminage d’une feuille d’aluminium montre que, bien que la texture soit sensible 
ment la méme en tous les points, il existent cependant dans le détail des différences. C’est ainsi que la posi 
tion des maximums de densité présente une dispersion et ne coincide pas dans les quatre cadrans d’une 
figure polaire. I] est montré comment cette osservation influe sur l’interprétation de la texture. 

Les orientations idéales qui ont été proposées au cours des trente derniéres années pour |’aluminium 
laminé et les autres métaux cubiques 4 faces centrées sont discutées et comparées avec les figures de pdles 

111) de cette recherche. 

Toutes ces orientations sont sensiblement en coincidence, mais aucune ne correspond réellement aux 
résultats expérimentaux 

Les hypothéses actuelles pour les orientations idéales (plan cristallin paralléle au plan de laminage et 
direction cristalline paralléle 4 la direction de laminage) ne paraissent pas appropriées a la description des 
textures de laminage. Il est proposé de décrire celles-ci par la superposition de plusieurs textures de fibres 

se limitant 4 une rotation autour de |’axe de la fibre). Pour l’aluminium, les figures polaires sont construites 
en prenant comme axes de fibre [111] et [100]. 

Le résultat correspond trés bien a l’expérience et, de cette fagon, non seulement la position des maximums 

peut €tre expliquée, mais aussi la dispersion, contrairement aux méthodes antérieures. 


* Received August 10, 1954; in revised form October 15, 1954. 
{ Institut fiir Metallkunde der Bergakademie Clausthal, Clausthal-Zellerfeld, Deutschland. 
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GREWEN 


EINLEITUNG 


Die Kristallorientierungen in verformten und _ re- 
kristallisierten Blechen sind in den meisten Fallen so 
kompliziert, dass eine genaue Bestimmung und Dar- 
stellung der Textur nur mit Hilfe der stereographischen 
Projektion in Form von Polfiguren méglich ist. Daneben 
hat man sich stets bemiiht, sogenannte “ideale Orien- 
tierungen”’ aufzufinden, d.h. einzelne Kristallorientie- 
rungen, derart, dass eine bestimmte Kristallflache der 
Blechebene parallel und eine in dieser Flache liegende 
kristallographische Richtung als parallel der Walzrich- 
tung angegeben wird. 

Durch eine solche Vereinfachung will man eine 
Grundlage fiir das Verstindnis und die Deutung der 
Entstehung der Texturen von Blechen schaffen, ohne 
die komplizierten, nach Richtung und Ausmass sehr 
verschiedenen Streuungen beriicksichtigen zu miissen. 
Weiterhin ist es mit Hilfe der idealen Orientierungen 
méglich, die Texturen von Blechen auf einfache und 
anschauliche Weise mit Hilfe von Worten zu beschreiben. 

Die idealen Orientierungen lassen sich nun durchaus 
nicht immer leicht und sicher bestimmen. Wahrend 
z.B. iiber die ideale Orientierung der als ‘“‘Wiirfellage”’ 
bekannten Rekristallisationstextur kein Zweifel be- 
stehen kann, ist das Auffinden idealer Orientierungen 
bei den Rekristallisations- und Walztexturen 
Blechen in den meisten anderen Fallen recht schwierig 
und unsicher. Dies riihrt daher, dass entweder die 
Maxima der Belegungsdichte in der Polfigur nicht sehr 
ausgepragt sind, oder dass sich nicht alle Maxima mit 
den Flachenpolen eines Einkristalles zur Deckung 
bringen lassen. 

Fiir eine méglichst sichere Bestimmung der idealen 
Orientierungen sollten folgende Voraussetzungen erfiillt 
sein: 

1. muss die Anisotropie des untersuchten Materials 


von 


méglichst gross sein, so dass sich die Bereiche maxi- 


maler Belegungsdichte scharf auspraigen und méglichst 
eng begrenzt sind. Dies wird am ehesten bei einem 
Werkstoff mit hohem Verformungsgrad verwirklicht 
sein. Diese Voraussetzung ist bei den meisten der in 
der Literatur beschriebenen Texturen erfiillt. 

2. muss die Bestimmungsmethode so genau sein, dass 
sich die Bereiche maximaler Belegungsdichte auch wirk- 
lich prizise bestimmen und abgrenzen lassen. Dies ist 
durch die Verwendung des Geiger-Miiller-Zahlrohres 
zur. Texturbestimmung heute méglich. Das friiher 
verwendete photographische Verfahren ist dagegen 
recht ungenau und erfiillt diese Voraussetzung nur 
unzureichend. 

3. wird vorausgesetzt, dass die Polfiguren repro- 
duzierbar sind, d.h. dass die Belegungsdichte an den- 
selben Stellen immer die gleiche ist. Dieser Punkt ist 
jedoch noch weitgehend unklar, denn die Méglichkeit 
einer Streuung der Belegungsdichte ist unseres Wissens 
bisher weder untersucht noch iiberhaupt diskutiert 
worden. 


WASSERMANN: 


IDEAL ORIENTIERUNGEN 


EXPERIMENTELLE ERGEBNISSE 


Die Frage nach der Streuung der Textur innerhalb 
eines Bleches war Gegenstand einer Untersuchung, 
iiber die ausfiihrlich an anderer Stelle berichtet wurde. 
An hartgewalzter Aluminiumfolie von 374 Dicke und 
94.6% Walzgrad wurden Texturbestimmungen vor- 
wiegend fiir die (111)-Flaichen durchgefiihrt. Zum 
Zwecke genauer Vergleichbarkeit und Zuordnung der 
Polfigur zu jeweils einer bestimmten Stelle des Ma- 
terials wurden dem Vergleich nur die fiusseren Zonen 
der Polfigur, wie sie nach Decker, Asp und Harker?® mit 
dem Durchstrahlverfahren aufgenommen werden kén- 
nen, zugrunde gelegt. 

Es zeigte sich, dass Proben, die an verschiedenen 
Stellen, (jedoch immer in der Mitte der Folienbreite) 
der Folie entnommen worden waren, zwar in grossen 
Ziigen, nicht aber in den Details der Textur miteinander 
iibereinstimmten. Die kleinen Differenzen in den Pol- 
figuren waren auch dann vorhanden, wenn die unter- 
suchten Stellen in der Folienrolle nur 6 mm voneinander 
entfernt waren, und sie vergrésserten sich andererseits 
nicht oder nur sehr wenig, wenn die Proben aus ver- 
schiedenen Rollen (hergestellt aus verschiedenen Strang- 
gussabschnitten) stammten. 

Bei Texturen, die mit dem Geiger-Miiller-Zahlrohr 
bestimmt wurden, ist bereits bekannt,* dass die Pol- 
figuren nicht véllig symmetrisch sind, d.h., die Bele- 
gungsdichte in den vier Quadranten ist nicht iiber- 
einstimmend, die Ebenen Blechnormale-Walzrichtung 
Blechnormale-Querrichtung sind keine Spiegel- 
der untersuchten Alu- 


und 
ebenen. Dies wurde auch an 
miniumfolie festgestellt. 

Zu einer Ubersicht iiber die in der Folie vorherr- 
schende Textur gelangt besten, wenn man 
jede Polfigur iiber die vier Quadranten mittelt und 
iiberdies eine Mittelung iiber simtliche, an verschiede- 


nen Proben aufgenommenen Polfiguren vornimmt. 


man am 


Die Untersuchung war fiir die iusseren Zonen? der 
Polfigur (Durchstrahlung) an 17 verschiedenen Proben, 
fiir die inneren Zonen‘ (Riickstrahlung) an 3 Proben 
Die aus den Polfiguren aller 
Proben durch Mittelung und Vervierfachung 
gewonnene Polfigur fiir die (111)-Flaichen 
Abb. 1. Die Abb. 2 gibt eine von einer Einzelbestim- 


vorgenommen worden. 


dieser 


zeigt die 


mung herriihrende, durch Spiegelung vervierfachte 


Polfigur der (200)-Flaichen wieder (Cu-Strahlung). 


Eine weitere Auswertung der Ergebnisse dieser 


Untersuchung sei hier beziiglich der Frage vorgenom- 
men, wie sich Streuungen auf die Lage der Bele- 
gungsmaxima auswirken und welche Schliisse aus der 
Lage dieser Maxima auf die idealen Orientierungen der 
Walztextur des Aluminiums gezogen werden kénnen. 
Eine Durchsicht der Polfiguren der Einzelbestim- 
mungen zeigte, dass in den einzelnen Polfiguren die 
Maxima keineswegs immer an denselben Stellen liegen, 
auch ihre Lage ist vielmehr Streuungen unterworfen. 


Dies gilt bereits fiir die einzelne Polfigur in sich, denn 
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Ass. 1. Polfigur der (111)-Flachen einer um 94,6% gewalzten 
Aluminiumfolie, gemittelt und vervierfacht. 


bei Vervierfachung der Lagen einer Polfigur durch 
Spiegelung kommen die Stellen héchster Intensitat 
nicht alle zur Deckung. So ist es nicht verwunderlich, 
das auch die Maxima, die von verschiedenen Proben 
stammen, nicht 
Natiirlich sind beziiglich der Lage der Maxima ganz 


miteinander zur Deckung kommen. 


bestimmte Gebiete bevorzugt. Wenn man aber alle in 


den 17 Polfiguren der dusseren Zonen und in 3 Bestim- 
mungen fiir die Mitte der Polfiguren gefundenen 
Maxima in einem Quadranten zusammenfasst, wie dies 
fiir die (111)-Polfigur in Abb. 3 geschehen ist, so erkennt 
man, dass die Streuung doch bemerkenswert gross ist. 


DIE IDEALEN ORIENTIERUNGEN 


Zur Entscheidung der Frage, ob trotz der Streuung 


bestimmte Lagen als bevorzugt bezeichnet werden 


Ass. 2. Polfigur der (200)-Flachen einer um 94,6% gewalzten 
Aluminiumfolie, Einzelbestimmung, vervierfacht. 


VOL. 3, 1955 
kénnen, sei zunichst erértert, welche idealen Orien- 
tierungen fiir Aluminium von friiheren Beobachtern 
angegeben worden sind. 

Man kann feststellen, dass die Resultate der zahl- 
reichen Untersuchungen der Walztextur kubisch- 
flichenzentrierter Metalle in grossen Ziigen recht gut 
iibereinstimmen, obwohl zu den meisten dieser Bestim- 
mungen das photographische Verfahren benutzt wurde. 
Im einzelnen sind aber doch Unterschiede vorhanden, 
die dazu fiihrten, dass die den 
Beobachtern Angaben iiber die idealen 
Orientierungen nicht oder nicht immer iibereinstimmten 
und im Laufe der Zeit Verbesserungsvorschligen unter- 
lagen. Dabei ist zunehmend die Tendenz erkennbar, 
anstelle der in friiheren Jahren angegebenen, einfach 
indizierten Flichen und Richtungen kompliziertere, 
hdéher indizierte Orientierungen als ideale Lagen 
anzunehmen. 

Dies gilt auch fiir die Walztextur des Aluminiums, 


von verschiedenen 


gemachten 


das gerade in letzter Zeit mehrfach erneut untersucht 
wurde, ohne dass sich eine einheitliche Auffassung 


W4R 


ve 


3. Punkte maximaler Belegung der (111)-Flaichen auf 
Grund von siebzehn Einzelbestimmungen in den diusseren Zonen 
und drei Bestimmungen in der Mitte. 


iiber die auftretenden idealen Orientierungen heraus- 
bildete. 

In der Tabelle I sind die von verschiedenen Forschern 
fiir gewalztes Aluminium angegebenen idealen Orien- 
tierungen zusammengestellt. Abb. 4 zeigt fiir die An- 
gaben der Tabelle I die Flachenpole. 

In einer ganzen Reihe von Bestimmungen aus den 
Jahren 1923/33 war festgestellt 
Walztextur des Aluminiums in der Hauptsache durch 
die Orientierung (011) [211] beschrieben werden 
kann.*:® dass eine bessere 


worden, dass die 


Forscher fanden, 
Beschreibung der Textur dadurch méglich sei, dass 
man daneben noch eine zweite ideale Lage, namlich 
(112) [111] angab’'*; v. Géler und Sachs* wiesen dann 
darauf hin, dass diese doppelte Lage auch durch eine 
einzige Orientierung, namlich (135) [533] beschrieben 
werden kénne. Auch diese ideale Lage wurde mehrfach 


Andere 


bestatigt.® 
Einen von der (135) [533 |-Lage etwas abweichenden 
Vorschlag machten weiterhin Barrett und Steadman,’ 


\CTA MET 
4 
| AR EN 
\ 
= 
\ 
“5 
ve \ 
© 
R 
W'R 
\ R 
FE 


GREWEN 


AND 


TABELLE I 


Walzebene 


(O11) 
011) 
(135 
(135 [ ] 
mittlerer Walzgrad 
(O11 [211] 
hoher Walzgrad 
112 [111] 
96% Walzgrad 
O11 [211 
99.99% Walzgrad 
(112 [111] 
479 [947 ] 


7 12 22 (845) 


/ 


die eine (135) [211 ]-Orientierung als ideale Lage 
angaben. 

Auf Grund von neueren Untersuchungen nach dem 
photographischen Verfahren gaben Wallbaum'’ und 
Liicke" an, dass im gewalzten Aluminiumblech neben 
den bekannten Lagen (011) [211] und (112) [111 
noch die Wiirfellage (100) [001] vertreten sei. 
sehr hohem Walzgrad trat die (011) [211 |-Lage zuriick 
und die Wiirfellage verschwand véllig. (112) [111 
jetzt am starksten vertreten. Es soll daneben die Lage 
(100) [011 


Von den hoher indizierten idealen Lagen ist zuniichst 


Bei 


| neu gebildet werden. 


die sogenannte Z-Orientierung (Z=Zwischen) zu nen- 
nen, die Custers’ an einer 47% Eisen-Nickel- 
legierung gefunden hat, die aber auch fiir Aluminium 
diskutiert 
(479) [ 947 ]-Orientierung. 


igen 


worden ist.’ !! Diese Lage entspricht einer 


Eine weitere hochindizierte Lage, die als ideale 


Orientierung nach (7 12 22) | 845 | 
fanden Hsun Hu, Sperry und Beck. 
Triigt man diese im Laufe von drei Jahrzehnten 


angegeben wird, 


vorgeschlagenen idealen Orientierungen gemeinsam in 


WAR 


Vv 


A 
Dp BA 


Ie 

> 

Ass. 4. Ideale Orientierungen nach Vorschlag 
verschiedener Beobachter. 


WASSERMANN 


war 


IDEAL ORIEN RI 


Ideale Orientierungen der Walztextur des Alum 


Spiegelung 
Abb. 4 gescheher 


zwar bis zu einem gey 


eine Polfigur ein, wie dies (mit 


Symmetrieebenen des Bleches) in 


so erkennt man, dass sie 


Grade voneinander abweichen, dass aber ihre Flic! 
anz bestimmten, verhalt 


pole doc h in g engen 
P 


hismasslg 
Gebieten der olfigur ausstechen und das dies dieselben 
Gebiete sind, die auch von den experimentell gefundenen 


Abb. 3 


eingenommen werden. Man kann sagen, dass keine « 


Ze\gt, 


Maxima der Belegungsdichte, wie sie 
er 
andererseits 
befriediget d 


idealen Lagen dem Befund widerspricht, 


aber auch, dass keine als nocl 


vezeichnet werden kann. 


vielmehr etwa den 


reprisentativ fiir die Polfigur 
Die 
Streuungsbereich der Maxima 

Eine 


Polfiguren zeigt ferner, dass stets ei! 


idealen Lagen iiberdecken 


Durchsicht experimentell gefundenen 


\la Ima 


uberein 


unserer 
oder zw 
mit den Flachenpolen einer idealen Lage gut 


stimmen, dass aber weitere Flachenpole der ideale! 


Orientierung nicht mit einem Maximum der Belegungs 
Deckung 


vollstandige Ubereinstimmung der 


dichte zur vebra ht 


einzelnen Polfigur mit allen Polen einer 


jedenfalls in der vorliegenden 


gefunden werden. Dies kommt z.] 
Hsun Hu, 
Polfiguren deutlich zum Ausdruck. Es stimmt die von 
Autoren angenommene leale Orient 
845] in Fig. 1 ihrer Verdéffent] 


\laximum nahe 


von Sperry und Be k W iedergegebe nel 


diesen 


] 
StarkKen 


Die 


Orientierung weichen 


mit dem 


cut iberein. anderen Flichen 


dagegen von 
maler Belegung deutlich ab. 

Dieses Ergebnis fiihrt zu dem 
Versuch 
Annahme einer bestimmten 


alzebene 


parallel zur 


Beschreibung einer 
Kristall fla 


immten 


der 


und einer best 
Walzrichtung dem ta 
aufgegeben werden 


Angabe hoch In 


dem 


nicht 
kommt 


und 


der Textur entspri nt 


Dazu noch, dass die 


sollte. 


dizierter Flichen Richtungen Bestreben, 


1. Lage ». Lage 3. Lage 
Walzrichtg Walzebene Walzrichtg Walzebene te ‘ e Be 
H. Mark u. K. Weissenberg (1923 
112 (111 F. Wever (1923 
Frhr \ Gok Sa 1927 
C. S. Barrett u. F. W. Steadman (1942 
112 {111 ] 100 001 
H. J. Wallbaur 1951 
100 (O11 
112 111 100 O01 
K. Liicke (1954 
100 [O11 O11 11 
F. W. Custers (1941 in 47% Fe-N 
PS Hu Hsun, P. R. Sperry, u. P. A. Beck (1952 
Ssen 
955 
der Maxima einer 
A A (4 } 
de! 1deaiel 
de ST el TY LX] 
] 
Schluss, dass det 
cne pata ur 
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durch solche idealen Orientierungen eine anschauliche 
Beschreibung der Textur zu geben, wenig gerecht wird, 
und dass solche hochindizierten Flichen so schwach mit 
Atomen besetzt sind, dass auch ihr Wert fiir die Deu- 
tung der Textur in Frage gestellt ist. 


VERSUCH EINER BESCHREIBUNG MIT HILFE 
VON FASERTEXTUREN 


Die Tatsache, dass einzelne Richtungen der idealen 
Lagen immer wieder mit Stellen besonders dichter 
Belegung zur Deckung kommen, lasst vermuten, dass 
es nur bestimmte Kristallrichtungen sind, die sich in 
bestimmte des Bleches einstellen. Es 
wurde daher versucht, eine Beschreibung der Walz- 
textur mit Hilfe von Fasertexturen zu geben und zwar 
derart, dass eine Uberlagerung mehrerer Fasertex- 
turen angenommen wird. Solche Fasertexturen brauchen 
allerdings nicht wie bei Drihten vollstindig zu sein, 
d.h. es braucht nicht eine Rotation der méglichen 
Kristallorientierungen um um 360 
stattzufinden, sondern es kénnte eine unvollstandige 


Richtungen 


die Faserachse 
Fasertextur, bei der eine Rotation jeweils nur um be- 
stimmte Winkelbereiche stattfindet, vorliegen.* Es 
erhebt sich natiirlich die Schwierigkeit, dass an sich 
jede Kristallrichtung als Faserachse fungieren kénnte 
und damit die Zahl der Méglichkeiten uniibersehbar 
wirde. Da ja Drahten im all- 
gemeinen einfach indizierte Richtungen als Faserachse 
schien es naheliegend, zu versuchen, ob 


W'R 


sein aber bei 


gross 


auftreten, 


\sB. 5. Erste [111]-Faserachse zur Beschreibung der Walz- 
textur des Aluminiums mit Flachenpolen fiir die (111 (100)-, 
und (110)-Flaichen. Rotation der Faserachse um+30°. (F. A. 
= Faserachse. 

*Es sei darauf hingewiesen, dass von Glocker™ schon vor 
langer Zeit ein Auswertungsverfahren fiir Texturaufnahmen 
angegeben wurde, das auf der Annahme beruhte, das in gewalzten 
Blechen Fasertexturen auftreten. Allerdings ging auch 
Verfahren von der alten Vorstellung aus, dass die ausgezeichnete 
Richtung (Faserachse) parallel zur Walzrichtung liegen muss. 
Die Streuung wurde als teilweise Rotation um die Walzrichtung 
(Faserachse) gedeutet. 


dieses 


VOL. 


Abs. 6. Zweite [111 ]-Faserachse zur Beschreibung der Walztextur 
des Aluminiums. Rotation der Faserachse um+30°. 


nicht auch bei Blechen eine Deutung der Textur mit 
Hilfe niedrig indizierter Faserachsen méglich ist, 
zumal in den Polfiguren der (111)- und (100)-Flachen 
ja ausgeprigte Maxima auftreten. So wurden fiir den 
Versuch einer solchen Beschreibung Faserachsen nach 
[111] und [100] gewahlt. Betrachtet man die Abb. 1, 
so sieht man (und dies kommt auch in den Polfiguren 
von Hsun Hu, Sperry und Beck zum Ausdruck), dass 
am stirksten ausgeprigt und am wenigsten streuend 
die beiden Gebiete maximaler Belegung nahe der 
Walzrichtung und nahe der Normalrichtung sind. Das 
Maximum wie unsere 
Untersuchungen ergaben, haufig nur sehr schwach 
ausgebildet und zudem viel stirker streuend. Auch in 
der Polfigur der Wiirfelflachen (vergl. Abb. 2) ist ein 
ausgeprigtes Maximum zu bemerken. Es wurde in- 


nahe der Querrichtung ist, 


W'R 


Ass. 7. [100]-Faserachse zur Beschreibung der Walztextur des 
Aluminiums. Rotation der Faserachse um+15°. 
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Abs. 8. Auf Grund der Annahme von drei Faserachsen konstruiert¢ 
Polfigur der (111)-Flichen. (@= Faserachsen. 


folgedessen versucht, unter den folgenden Annahmen 
Polfiguren zu konstruieren: 

1. eine Faserachse nach [ 111 ] liegt in der Blechebene, 
15° gegen die Walzrichtung gedreht. (a=0°, B=15 
Die Abb. 5 zeigt diese Faserachse und die Flaichenpole 
fiir (111), (100) und (110). 

2. Eine zweite Faserachse [111] liegt in der Ebene 
Blechnormale-Walzrichtung um 25 
richtung geneigt. Diese Lage ist in Abb. 6 dargestellt 
, B=0"). 

3. Eine dritte Faserachse ist nach [ 100] orientiert. 


gegen die Normal- 
(a= 65 


Ihre Lage und die zugehérigen Flaichenpole fiir die 
(111), (100) und (110)-Eben ist aus Abb. 7 ersichtlich 
(a= 20°, B= 48°.) 

Diese drei ausgezeichneten Richtungen stellen nun 
aber insofern keine vollstindigen Faserachsen dar, 
als eine Rotation um 360° nicht zulissig ist. Es handelt 


Ass. 9. Auf Grund der Annahme von drei Faserachsen konstruierte 
Polfigur der (100)-Flichen. (@= Faserachse 


WASSERMANN: 


IDEAL ORIENTIERUNGEN 


sich vielmehr um unvollstiindige Fasertexturen. Bei 


den beiden [111 |-Faserachsen erfolgt um die in Abb. 5 


und 6 gezeigten Lagen eine Rotation (Streuung) um 
Bei der Dreizihligkeit dieser 
180 


+ 30°, d.h. also um 60 
bestric hen, 


Liicken 


um 


Achsen ist also ein Bereich von 3X 60 


befinden sich nicht belegte von 


100 


dazwischen 
je 60 
Abb. 7 


angenommen. 


Bei der -Faserachse wurde die in 


gezeichnete Lage eine Rotation von +15 


Die 


dann belegte Bereiche 


Vierzihligkeit dieser Achse ergibt 

tx 30= 120 

liegen vier Liicken der Belegung von je 60 
Auf 


iiber den 


von Dazwischen 


Grund der vorstehend gemachten Annahmen 
Aufbau Fasertexturen 
wurden nun die Polfiguren fiir die Flachen (100), (111 
und (110) konstruiert. Das Ergebnis ist in den Abb. 8, 9 
und 10 wiedergegeben. Durch Vergleich der Abb. 8 mit 


Abb. 1 erkennt (111 


der Walztextur aus 


man, dass fiir die -Polfigur die 


W'R 


(’bereinstimmung zwischen der konstruierten Polfigur 
und der experimentell gefundenen iiberraschend gut 
Wiirfelflachen bei 


Abb. 


ist. Dasselbe ergibt sich fiir die 
Vergleich der Abb. 9 mit Abb. 2 oder mit der 
der Arbeit von Hsun Hu, Sperry und Beck. 

(110)-Flaichen liegt in der Literatur eine Polfigur von 
Abb. 
Abb. 
11 gibt die bei der vorliegenden Untersuchung aufge- 
nommenen Polfigur der (110)- Flaichen wieder (Mo 
Strahlung). Abb. 10 
und 11, dass auch fiir die Dodekaederflichen eine sehr 


v. Géler und Sachs* aus dem Jahre 1925 vor. Die 
10 zeigt mit ihr befriedigende Ubereinstimmung. 


Man erkennt beim Vergleich von 


gute Ubereinstimmung zwischen der konstruierten und 

der experimentell bestimmten Polfigur vorhanden ist. 
Natiirlich 

rungen vorhanden sein, die durch die in den Abb. 8, 9 


werden nicht nur genau die Orientie- 


und 10 gezeichneten Kreisbégen gekennzeichnet sind. 
Man 


rechnen, die folgendermassen zustande kommen: Es 


muss vielmehr noch zusitzlich mit Streulagen 
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ACTA METALLURGICA, 


Flachen einer um 94,6% gewalzten 
vervierfacht. 


App. 11. 
Aluminiumfolie, 


Polfigur der (110 
Einzelbestimmung, 


wird eine Abweichung der ausgezeichneten Richtungen 
der einzelnen Kristalle von der Faserachse vorhanden 
sein, wie sie auch bei den Texturen von Driihten mehr 
oder weniger festzustellen ist. Damit erweitern sich 
die Striche der Abb. 8, 9 und 10 zu Bandern. Aus 
Griinden der Deutlichkeit wurde hier auf eine solche 
Darstellung verzichtet. Man kann sich jedoch vor- 
stellen, dass auf diese Weise Polfiguren mit verschiede- 
ner Belegungsdichte erhalten werden kénnen. 
Entsprechend der Schwankung der Belegungsmaxima 
natiirlich auch die 


innerhalb desselben Bleches wird 


Orientierung der Faserachsen selbst gewissen 
Grenzen schwanken. Ebenso wird die Streuung, die 
durch unvollstindige Rotation um die Faserachsen 
entsteht, Schwankungen unterworfen 


Sehr erheblich werden diese Streuungen allerdings nicht 


gewissen sein. 
werden, da die in grossen Ziigen festgestellte Gleichheit 
der Polfiguren ein- und desselben Materials oder auch 
Metalle gleicher Struktur sonst nicht 
vorhanden sein kénnte. 

Die hier vorgenommene Schilderung des Aufbaues 
einer Walztextur mit Hilfe unvollstindiger Faser- 
texturen ist nicht anschaulicher als die 
Angabe von idealen Lagen der bisherigen Art, zwei- 
fellos ist sie aber viel leistungsfihiger. Die bisher 
gebrauchlichen idealen Orientierungen gingen von der 
Voraussetzung aus, dass simtliche Maxima der Pol- 


verschiedener 


vielleicht 


figur mit Flachenpolen der idealen Orientierungen in 
Ubereinstimmung waren. Die vorliegende Untersuchung 
hat gezeigt, dass schon diese Annahme, wenn nicht in 
allen, so doch in vielen Fallen nicht erfiillt ist. Uberdies 
ist zu bedenken, dass schon das Operieren mit den bis- 
herigen idealen Orientierungen eine Vereinfachung und 
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Idealisierung der Polfigur bedeutet, die der Wirklich- 
keit nur annahernd entspricht, denn ein wesentlicher 
Teil der Flaichenpole sticht in der Polfigur an Orten 
aus, die von den Maxima mehr oder weniger weit 
entfernt sind. 

Dem gegeniiber haben die neuen idealen Orientie- 
rungen den Vorzug, dass simtliche rechnerisch fest- 
gestellten Maxima der Belegungsdichte, wie sie durch 
die zugrunde liegende Annahme von _ Faserachsen 
zustande kommen, tatsichlich mit den experimentell 
gefundenen Orten maximaler Belegungsdichte iiber- 
einstimmen. Dariiberhinaus aber fiihrt die neue Dar- 
stellung auch zu einer weitgehend vollstindigen Uber- 
einstimmung an all den Stellen der Polfigur, die von 
Orten maximaler Belegung entfernt sind. Ein weiterer 
Vorteil ist, dass nach Festlegung der Faserachsen die 
Polfigur jeder beliebigen Flachenart konstruiert werden 
kann. Damit ergibt sich auch die Méglichkeit, zu kon- 
trollieren, ob die Polfiguren verschiedener Flaichenarten 
tatsichlich einander entsprechen. 

Ob das hier gegebene Bild des Aufbaues einer Walz- 
textur mit Hilfe von mehr ist, als eine 
blosse Beschreibung, ob also dieser Aufbau ursiichlich 


Faserachsen 


zusammenhingt mit der Entstehung der Textur und ob 
sich auf diese Weise ein neuer Weg zum Verstindnis der 
Texturbildung eréffnen wird, kann heute noch nicht 
gesagt werden. Es sei jedoch darauf hingewiesen, dass 
die Beschreibung der (110)-Walzlage des Eisens durch 
eine bevorzugte Streuung in Form einer Rotation um 
die Walzrichtung schon friiher angenommen wurde.® 
Auch die Walztexturen von Magnesium und anderen 
hexagonalen Metallen lassen sich als vollstindige, die 
des Zinks als unvollstindige Fasertextur nach [0001 ] 
beschreiben.® Vor allem wird es zuniichst notwendig 
sein, weitere experimentelle Ergebnisse zu gewinnen. 
Der Deutschen Forschungsgemeinschaft sei fiir die 
Unterstiitzung dieser Arbeit bestens gedankt. 
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A GROWTH MECHANISM FOR MERCURY WHISKERS* 


G. W. SEARS 


Very fine whiskers of solid mercury can be grown by condensation of mercury 


vapor ol! 


It is demonstrated that the whiskers have a single imperfection, an axial screw dislocatiot 


for their morphology 
present the end of a screw dislocation 


UN MECANISME DE CROISSANCE 


De trés petites barbes de mercure solide peuvent croitre 
de verre. I] est montré que ces barbes n’ont comme seule imperfection 


explique leur morphologie. Ces barbes ont pour germe de petites régions c1 


ou se trouve |’extrémité d’une dislocation vis 


The whiskers are nucleated on tiny crystalline regions in 


DES BARBES DU MERCURI 


par condensation de la vapeur 
qu’une aisiocatior 


islaline 


EIN WACHSTUMSMECHANISMUS FUR QUECKSILBER IN HARCHENARTIGER 


\UFWACHSUNG 


Eine sehr feine hairchenartige Aufwachsung 


WHISKERS 


whiskers) von festem Our CKSLD 


von Quecksilberdampf auf einer Glassscheibe geziichtet werden. Es wir« 


W hiskers 


nur eine einzige Unregelmdssigkeit haben, ein« 


axiale 


stehung erklart. Die Harchen entstehen durch Keimwirkung auf 
oberflache, die das Ende einer Schraubenversetzung darstellen 


In 1921 Volmer and Estermann! reported the forma- 
tion of tiny platelets of mercury by the condensation of 
mercury vapor upon a blown glass surface at —63.5°C. 
The platelets of mercury grew to a length of about 0.3 
mm and were so thin that they underwent ceaseless 
Brownian motion. The mercury vapor pressure in the 
closed evacuated chamber was controlled by regulating 
the temperature of mercury in a reservoir. Platelets 
were observed to grow in about two minutes when the 
reservoir was held at —10°C. This pressure of mercury 
vapor was 1600 times the vapor pressure at —63.5°C. 

The growth rate of platelets in their large dimension 
was a thousandfold greater than could be accounted 
for by direct impingement and condensation of mercury 
atoms upon the advancing plane from the vapor phase. 
Volmer and Estermann concluded that the impinging 
mercury atoms were adsorbed on the solid surface and 
the adsorbed atoms migrated over the surface until 
they either evaporated or were incorporated into the 
solid lattice. 

Langmuir®~* has concluded from studies of interaction 
of gases with solid surfaces that gas molecules striking 
a solid surface are temporarily adsorbed before they 
are re-evaporated. Impingement, temporary adsorption 
and re-evaporation is the general mechanism for reflec- 
tion of gas molecules at a solid surface. 

Since detailed theories of the growth of perfect 


crystals®:’:5 and of imperfect crystals’ have since been 
developed, it seemed desirable to repeat the experiments 
of Volmer and Estermann and examine the phenomena 
has described some new 


in more detail. The author! 


results briefly in which very fine whiskers of solid 


mercury have been grown 0.01 micron in radius and 1 
* Received December 9, 1954 
+ General Electric Research Laboratory, Schenectady, N. Y. 
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to 2 mm in length. The present paper presents a de- 
these whiskers. 


tailed growth mechanism for 


EXPERIMENTAL 


experiments were carried out using the 
vessel illustrated in Fig. 1. The liquid mercury which 
supplied the vapor for crystal growth was contained in 
reservoir, R. The crystals were grown on the condensa 


LS filled Wl 


liters of liquid mercury and sealed onto a vacuum system 


(——» 


SEAL OF F 


tion finger, I, The reservoir w 


| 
| | 
+ 
| R 7 Hg (T, ) 
NS 
Fic. 1. Or ginal Crystal Growe 
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Flichen einer um 94,6% gewalzten 
vervierfacht 


® Ass. 11. Polfigur der (110 
Aluminiumfolie, Einzelbestimmung, 


wird eine Abweichung der ausgezeichneten Richtungen 
der einzelnen Kristalle von der Faserachse vorhanden 
in, wie sie auch bei den Texturen von Driihten mehr 
oder weniger festzustellen ist. Damit erweitern sich 
die Striche der Abb. 8, 9 und 10 zu Biandern. Aus 
Griinden der Deutlichkeit wurde hier auf eine solche 
Darstellung verzichtet. Man kann sich jedoch vor- 
stellen, dass auf diese Weise Polfiguren mit verschiede- 
ner Belegungsdichte erhalten werden kénnen. 
Entsprechend der Schwankung der Belegungsmaxima 
natiirlich auch die 


sein, 


innerhalb desselben Bleches wird 


Faserachsen selbst in  gewissen 
Ebenso wird die Streuung, die 


Faserachsen 


Orientierung der 


Grenzen schwanken. 


unvollstandige Rotation um die 
entste Schwankungen unterworfen 
Sehr erheblich werden diese Streuungen allerdings nicht 


durch 
s+ht, gewissen sein. 
werden, da die in grossen Ziigen festgestellte Gleichheit 
der Polfiguren ein- und desselben Materials oder auch 
Metalle gleicher Struktur sonst nicht 
vorhanden sein kénnte. 

Die hier vorgenommene Schilderung des Aufbaues 
Walztextur mit Hilfe unvollstindiger Faser- 
texturen ist vielleicht nicht anschaulicher als die 
Angabe von idealen Lagen der bisherigen Art, zwei- 
fellos ist Die bisher 
gebrauchlichen idealen Orientierungen gingen von der 
Voraussetzung aus, dass simtliche Maxima der Pol- 
figur mit Flachenpolen der idealen Orientierungen in 


vers¢ hiedener 


einer 


sie aber viel leistungsfihiger. 


Ubereinstimmung waren. Die vorliegende Untersuchung 
hat gezeigt, dass schon diese Annahme, wenn nicht in 
allen, so doch in vielen Fallen nicht erfiillt ist. Uberdies 
ist zu bedenken, dass schon das Operieren mit den bis- 
herigen idealen Orientierungen eine Vereinfachung und 
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Idealisierung der Polfigur bedeutet, die der Wirklich- 
keit nur annahernd entspricht, denn ein wesentlicher 
Teil der Flachenpole sticht in der Polfigur an Orten 
aus, die von den Maxima mehr oder weniger weit 
entfernt sind. 

Dem gegeniiber haben die neuen idealen Orientie- 
rungen den Vorzug, dass simtliche rechnerisch fest- 
gestellten Maxima der Belegungsdichte, wie sie durch 
die zugrunde Annahme von Faserachsen 
zustande kommen, tatsichlich mit den experimentell 
gefundenen Orten maximaler Belegungsdichte iiber- 


liegende 


einstimmen. Dariiberhinaus aber fiihrt die neue Dar- 
stellung auch zu einer weitgehend vollstindigen Uber- 
einstimmung an all den Stellen der Polfigur, die von 
Orten maximaler Belegung entfernt sind. Ein weiterer 
Vorteil ist, dass nach Festlegung der Faserachsen die 
Polfigur jeder beliebigen Flachenart konstruiert werden 
kann. Damit ergibt sich auch die Méglichkeit, zu kon- 
trollieren, ob die Polfiguren verschiedener Flichenarten 
tatsichlich einander entsprechen. 

Ob das hier gegebene Bild des Aufbaues einer Walz- 
textur mit Hilfe von mehr ist, 
blosse Beschreibung, ob also dieser Aufbau ursiichlich 


Faserachsen als eine 
zusammenhingt mit der Entstehung der Textur und ob 
sich auf diese Weise ein neuer Weg zum Verstindnis der 
Texturbildung eréffnen wird, kann heute noch nicht 
gesagt werden. Es sei jedoch darauf hingewiesen, dass 
die Beschreibung der (110)-Walzlage des Eisens durch 
eine bevorzugte Streuung in Form einer Rotation um 
die Walzrichtung schon friiher angenommen wurde.® 
Auch die Walztexturen von Magnesium und anderen 
hexagonalen Metallen lassen sich als vollstindige, die 
des Zinks als unvollstindige Fasertextur nach [0001 ] 
beschreiben.® Vor allem wird es zunichst notwendig 
sein, weitere experimentelle Ergebnisse zu gewinnen. 
Der Deutschen Forschungsgemeinschaft sei fiir die 
Unterstiitzung dieser Arbeit bestens gedankt. 
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A GROWTH MECHANISM FOR MERCURY WHISKERS* 


G. W. SEARS 


Very fine whiskers of solid mercury can be grown by condensation of m 
It is demonstrated that the whiskers have a single imperfection, an axi: 
for their morphology. The whiskers are nucleated on tiny crystalline 
present the end of a screw dislocation 


) 


UN MECANISME DE CROISSANCE DES BARBES DU MERCUR 


De trés petites barbes de mercure solide peuvent croitre par condensation de la vapeur 


de verre. Il est montré que ces barbes n’ont comme seule in perfection qu’une dislocatior 
petites regions cristallines a la su 


explique leur morphologie. Ces barbes ont pour germe d¢ 
ou se trouve l’extrémité d’une dislocation vis 


EIN WACHSTUMSMECHANISMUS FUR QUECKSILBER IN HARCHENARTIGER 
AUFWACHSUNG (WHISKERS 
Eine sehr feine harchenartige Aufwachsung (whiskers) von festem Quecksilber 
Es wird gezeigt, dass die eit 


von Quecksilberdampf auf einer Glassscheibe geziichtet werden 
nur eine einzige Unregelmdssigkeit haben, eine axiale Schraubenversetzung 
Ct 


whiskers 
stehung erklirt. Die Harchen entstehen durch Keimwirkung auf kleinen kristallines 
oberflache, die das Ende einer Schraubenversetzung darstellen 


In 1921 Volmer and Estermann! reported the forma- to 2 mm in length. The present paper presents a de- 
tion of tiny platelets of mercury by the condensation of — tailed growth mechanism for these whiskers. 


mercury vapor upon a blown glass surface at —63.5°C. 
The platelets of mercury grew to a length of about 0.3 EXPERIMENTAL 
mm and were so thin that they underwent ceaseless The initial experiments were carried out using the 
Brownian motion. The mercury vapor pressure in the vessel jllustrated in Fig. 1. The liquid mercury which 
th was contained in 


the temperature of mercury 1n a reservolr. Platelet reservoir, R. The « rystals were grown on the condensa- 


closed evacuated chamber was controlled by regulating supplied the vapor for crystal grow 


were observed to grow in about two minutes when the tion finger. F. The reservoir was filled with a few milli- 
reservoir was held at —10°C. This pressure of mercury _ jiters of liquid mercury and sealed onto a vacuum system 
vapor was 1600 times the vapor pressure at —63.5°C ; ; 

The growth rate of platelets in their large dimension 

was a thousandfold greater than could be accounted 
for by direct impingement and condensation of mercury 
atoms upon the advancing plane from the vapor phase. 
Volmer and Estermann concluded that the impinging 
mercury atoms were adsorbed on the solid surface and 
the adsorbed atoms migrated over the surface until 
they either evaporated or were incorporated into the 
solid lattice. 

Langmuir? has concluded from studies of interaction 
of gases with solid surfaces that gas molecules striking 
a solid surface are temporarily adsorbed before they 
are re-evaporated. Impingement, temporary adsorption 
and re-evaporation is the general mechanism for reflec- 
tion of gas molecules at a solid surface. 

Since detailed theories of the growth of perfect 
crystals®:7:§ and of imperfect crystals’ have since been 
developed, it seemed desirable to repeat the experiments 
of Volmer and Estermann and examine the phenomena 
in more detail. The author’ has described some new 
results briefly in which very fine whiskers of solid 
mercury have been grown 0.01 micron in radius and 1 

* Received December 9, 1954 

+ General Electric Research Laboratory, Schenectady, N. Y. 
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via a seal-off constriction. The vacuum line consisted 
of a two-stage diffusion pump backed by a mechanical 


pump. Since there was mercury vapor throughout the 


system, no liquid air trap was used. The pressure was 
measured with a McLeod gauge. 

The vessel was evacuated 24 hours before sealing off. 
It and the mercury were torched for about an hour in 
the early stages of evacuation. The McLeod gauge indi- 
mm at 


6 


cated a permanent gas pressure of about 10 
seal-off. This pressure insured that molecular flow was 
operative between the mercury reservoir and the finger. 
After the vessel was sealed off, it was ready for use in 
an indefinite number of experiments. 

In later experiments the vessel shown in Fig. 2 was 
used. The vessel had the additional feature that not 
only the pressure of mercury vapor over the finger was 
controlled, but also the vapor temperature was con- 
trolled. In addition to the reservoir, R, and a finger, F, 
there was a built-in dewar, A, to control the temperature 
of condensing mercury vapor. The reservoir was filled 
with mercury. The crystal grower was evacuated, baked 
and sealed-off according to the same schedule as the 
vessel of Fig. 1. In crystal growth experiments in the 
final vessel, three temperatures were controlled. The 
condensation temperature, T established at 
—63.5°C by a bath of partially frozen chloroform in the 


was 


condensation finger. The temperature of the mercury 
vapor, 7, was controlled by an acetone bath in the 
built-in dewar, A. The reservoir temperature, Tz, was 
controlled by immersion in an acetone bath contained 
in a separate dewar flask. The temperatures of the 
acetone baths was controlled manually. Dry ice frag- 


SEAL-OFF 


— CHCI, SOLID & LIQUID 


—— ACETONE (T,) 
BATH 


Fic. 2. Final Crystal Grower. 
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ments were added to lower the temperature and copper 
strips were introduced to raise the temperature. The 
mercury crystals were observed with a 5X magnifier 
through a port, P. To measure whisker lengths a low 
power telescope, which superimposed a scale on the 
image, was used. 

For crystal growth, temperatures Tp, Ty, and T, 
were adjusted in that order. The reservoir temperature, 
Tr, was then slowly allowed to rise until crystal forma- 
tion was observed. 7, was always held at —63.5°C. 


RESULTS 
A. Crystal Form 


When the vapor temperature, Ty, was 25°C, all 
crystals were thin platelets in agreement with Volmer 
and Estermann.! The platelets ranged up to 0.3 mm in 
length and their thickness has been estimated at 
~0.03u.! 

It has been found for the first time that for Ty= 
— 50°C, all crystals were whiskers. The whiskers ranged 
up to 1 to 2 mm in length and were ~0.01y in radius. 

For —50°C<Ty<25°C a mixture of whiskers and 
platelets was observed to form simultaneously. The 
fraction of each was apparently a smoothly varying 
function of Ty. 


B. Supersaturation Ratios 


If po is the vapor pressure of solid mercury at the 
whisker temperature and # is the actual pressure of 
mercury vapor, the supersaturation ratio, a, is defined 
by the equation 

a=—. (1) 


For Ty=—50°C, the first whiskers appeared at a 
supersaturation ratio of about a hundred. If Ty=25°C, 
the first platelets appeared at a supersaturation ratio of 
about 1600. This latter observation agreed well with 
that of Volmer and Estermann.! When the supersatura- 
tion ratio was increased over the appearance value, the 
crystal population increased. 


C. Appearance Kinetics 


When the reservoir temperature, 7, was such as to 
furnish a mercury vapor pressure less than a critical 
pressure to nucleate and grow crystals, no crystals would 
appear in a very long time. If Tr was allowed to rise 
until the critical supersaturation was reached, crystals 
began to appear in a few minutes.. If Tr was held 
constant, the number of crystals per unit area of finger 
surface stayed sensibly fixed over a long period. A 
further temperature increase gave rise to an increase 
in crystal population in 10 or 20 minutes. A new fixed 
temperature was accompanied by a cessation in the 
appearance of new crystals. The free-energy change 
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driving nucleation and growth is controlled by the 
supersaturation of mercury vapor over the cold finger. 

The appearance kinetics for both platelets and 
whiskers were alike, although they appeared under 
differing Ty and T. The concentration of crystals was 
dependent on 7, and not on time for a fixed Ty. The 
crystal population on the condensation finger was static 
for a given mercury pressure independent of the time 
allowed for growth. It was estimated roughly for 
T= —63.5°C and Ty=25°C, that the crystal popula- 
tion was a thousand times larger for a vapor pressure 
of 4.210~° mm than for 1.9 mm Hg. 


D. Growth Characteristics 


In a typical experiment the whiskers were first ob- 
served as tiny dots on the condenser finger. As the 
whiskers grew longer they began to bend in Brownian 
motion. Each whisker reached some length in about 
thirty minutes which is designated as its terminal 
length. The terminal lengths for the most part ranged 
from .25 to 1.25 mm with a very few whiskers attaining 
lengths of 2.5 mm. The longest whiskers made their 
appearance at the highest supersaturations. The whisker 
remained at constant radius throughout the axial growth 
to terminal length. At the attainment terminal 
length, the axial growth rate abruptly diminished to an 
immeasurable rate. Just as abruptly, the radial growth 
started. The radial growth was indicated by a cessation 
of Brownian motion followed by the cyclic appearance 
of interference colors, blue through red. The rate of 


of 


change of interference colors offers a precise technique 
for measuring radial growth rate. It has been impossible 
to make more than a rough measurement of axial 
growth rate. 

A selected crystal is visible under an arbitrary illu- 
mination if viewed through a small solid angle. If the 
observation and illumination directions are fixed, a 
given whisker appears and disappears occasionally. 

The whiskers in Brownian motion were observed to 
deflect at the thin ends by about 0.1 mm in 1.0 mm 
length. The platelets moved so that the normal to the 
platelet remained in one plane. It was observed that 
certain prominent whiskers appeared at the same loca- 
tion in successive experiments on a given condensation 
surface. These whiskers were either unusually long or 
unusually bright. 


DISCUSSION 


It is known from electron microscopic evidence™ that 
a glass surface is for the most part smooth like a liquid 
surface, but that tiny crystalline regions are scattered 
here and there in the vitreous whole. It is proposed that 
solid mercury nucleates on crystalline regions which 
present exposed screw dislocation ends. The screw dislo- 
cation in the crystallite is transposed to a screw disloca- 
tion in mercury and the mercury crystal grows out from 
the glass in the form of a whisker. The whisker will be 
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bounded parallel to the axis by low index or closed- 
packed planes since these have the lowest surface energy 
and will give it the minimum free energy. 

This discussion will present the syntheses of the pre- 


ceding mechanism from experimental! evidence and the 
consequences of this mechanism. The arguments pro- 
ceed from calculations of whisker radius and growth 


rate. These are presented below. 


A. Whisker Radius 


The bending, which a whisker undergoes in Brownian 
ol 
whisker. If the average deflection of the end of a whisker 


motion, can be used to estimate the radius the 


is 6, its average kinetic energy # is given by 
(2 


where K is the Hooke’s law constant for deflection of 
the whisker and & is approximated for 6°. The principle 
for equipartition of energy states that the average 
thermal energy per particle per degree of freedom for a 
harmonic oscillator is RT where & is the molecular gas 
constant. We write 


since only one degree of freedom is observed. 7 is the 
absolute temperature of the whisker. 

K, 
elastic theory. A circular cross section is assumed al- 
that the 
whisker has a polygonal cross section. If r is the whisker 


The Hooke’s law constant, can be evaluated from 


though it will be shown in a later section 


radius, / is the whisker length and £& is Young’s modulus 
for solid mercury, it can be written that 


combined, it 


If Eqs. 
written that 


may 


Equation (5) is solved for r: 


kT 


| 


0.1 


for mercury." The 


It will be recalled /=1 and 6 


modulus is 10" dynes 


mm mm. 


radius is found to be about 0.01 microns. 


B. Growth Rate 


When a whisker is formed at a reservoir temperature 
of —30°C, the time lapse until appearence of a full size 
whisker is about 20 minutes. The time between the first 
sign of a whisker and its attainment of a length of 1 
mm is about 10 minutes. The average growth rate is, 


K 
3) and (4) are 
l 3a _ 
0 5 
24 | 
: 
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therefore, about 1.5X10~* cm/sec. The mass rate of 
impingement, W, of mercury atoms on the whisker end 
is given by 


where r is the whisker radius, p is the pressure of 


mercury over the whisker, m is the mass of a mercury 
atom, & is the molecular gas constant, and 7 is the 
absolute temperature of the vapor phase. If it is as- 
sumed that every atom which strikes the whisker end 
is incorporated into the mercury lattice and if the 
whisker radius is constant, it can be written that 


rrpl= W. (8) 


where / is the rate of length increase and p is the density 
of solid mercury. By combining Eqs. (7) and (8) and 
solving for / it is found that 


m 


2rkT 


p 


The vapor pressure of mercury at —30°C is about 
7X10~-* mm Hg. The growth rate calculated from Eq. 


(4) is given by 


cm/sec (10) 


The actual growth rate is 5000 times the calculated 
growth rate. If the assumption of a constant whisker 
radius had not been made, the calculated growth rate 
the 


measured growth rates would 


would have been even smaller and discrepancy 


between calculated and 
have been larger. 

The calculated growth 
that only mercury atoms striking the advancing whisker 


rate is based on the hypothesis 
end contribute to axial growth. The discrepancy be- 
tween measured and calculated growth rates demon- 
strates that mercury atoms striking elsewhere on the 
mercury and/or glass surface are contributing to axial 
growth. 

C. Surface Nucleation 


Consider now the nucleation of a new mercury layer 


on the surface of a low index plane. The nucleation rate, 


N, 


in nuclei/cm?/sec for surface nucleation is given by 
kT (11) 


where A /* is the free energy of formation of a critical- 
sized surface nucleus and 10”>8>10!* It can 
be shown that 
Af* ‘ (12) 
pRT \|na 


where oa is the surface free energy of solid mercury, M 
is the gram atomic weight of mercury, R is the molar 
gas constant, a is the interlayer spacing for mercury, 
and @ is the supersaturation ratio. 


> 
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The surface nucleation rate necessary to account for 
an axial growth rate of 1.510~* cm/sec can be calcu- 
lated, if it is assumed that each new layer grows to 
full size instantaneously. 

A layer of mercury is about 3X10~-° cm thick. It is 
necessary to nucleate 5000 layers per second. Since the 
whiskers are 0.01 micron in radius, their end area is 
3X 10-" cm? and the nucleation rate needed to allow a 
growth rate of 1.510 is 


cm/sec 


N=2X 10" nuclei/cm?/sec. (13) 


Equation (8) is combined with the logarithmic form 
of Eq. (7) and solved for In a. 


In a 
B 
pkRT? |n — 
N 


Equation (10) is solved for o with the constants 


B=10" sec 
saturation necessary to cause a growth rate of 1.510 


o=500 ergs/cm*. The value of super- 


cm, set is 


(15) 


a= p/ po= 10" 


It might be argued that for such a large nucleation rate, 
significant error might be involved in the use of Eq. 
(15). However, the magnitude of the discrepancy be- 
tween the calculated supersaturation ratio of 10** and 
the measured ratio of 10° to 10° for the growth rate in 
question leaves no doubt that the axial growth mech- 
anism does not involve nucleation of new layers. Even 
to nucleate a single surface nucleus per cm? per se 
would require a supersaturation ratio of 4X 10°. 


D. Axial Growth Mechanism 


Since it has been established that the axial growth 
rate cannot be accounted for by homogeneous two- 
dimensional nucleation, it must be postulated that a 
permanent growth step is exposed in the advancing face. 
This is equivalent to the statement that the whisker 
contains an axial screw dislocation. 

The phenomenal growth rate still must be rational- 
ized. It has already been postulated on thermodynamic 
grounds that a whisker is bounded by low index faces 
parallel to its axis. Since two-dimensional nucleation 
cannot occur on these faces, a mechanism is provided 
for rapid axial growth. Mercury atoms impinge on the 
sides of the whisker, are adsorbed, and migrate to the 
advancing end, where they are incorporated into the 
crystal lattice. If it is assumed that all atoms within a 
distance, A,, of the end contribute to the axial growth, 
then it can be written that 


5000rr. (16) 


Ignoring the second term of the left side of equation 
(16) and solving for \, 


A= 2500r. (17) 


m 
W ). (7) 
(14) 
= 
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It has been calculated that r=0.01 micron, so that 
A,=0.025 mm. The quantitative expression for the 
axial growth rate is then given by 


Arps m 
(18) 
r p\2xrkT 


Burton, Cabrera and Frank® have shown theoretically 
that an atom adsorbed on a solid surface has a finite life 
time, 7,, before evaporation. It is presumed that the 
ad-atom does not in the meanwhile encounter a growth 
site where it is incorporated into the solid lattice. The 
average distance an ad-atom moves between adsorption 
and evaporation is called the mean displacement of 
adsorbed molecules. This distance is just A, which was 
introduced in Eq. (16). 

In any condensation process the net condensation 
rate is the difference between the impingement rate and 
the evaporation rate. In the preceding calculations, it 
has been assumed that the evaporation rate can be 
neglected. This approximation is justifiable for the high 
supersaturation ratios used, from 70 upwards, since the 
supersaturation ratio is equal to the ratio of impinge- 
ment rate to evaporation rate. 

Since a mercury whisker must have a higher evapora- 


tion rate than bulk mercury at the same temperature, 
it must be proved that the vapor pressure, p 


whisker does not exceed the vapor pressure of bulk 


ol a 


mercury by a large factor. If po is the vapor pressure of 
bulk mercury at temperature, 7, 

27M 


In 


prR1 


19) 


where y is the surface free energy of solid mercury, M is 
the atomic weight, p is the density, r is the fiber radius 
and R is the gas constant. Assuming y=500 ergs/cm* 
as a reasonable value, it is calculated that p,./ poS¥2 for 
r=0.01p. 

The minimum ratio of p/p 


pressure of mercury in the vapor phase, and the neglect 


is 50, where p is the 


of evaporation is justified. The increase of vapor pres- 
sure associated with the presence of an axial screw 
dislocation is only 1 per cent of the bulk vapor pressure, 

so this contribution is entirely negligible. 


E. Nucleation 


The final mercury whisker appears to be a perfect 
crystal except for an axial screw dislocation. The result 
could have arisen by two possible mechanisms. The 
original nucleus contained a screw dislocation, or the 
original nucleus was a perfect crystal and a screw dislo- 
cation introduced later. The available evidence 
supports the former mechanism. 

It has already been shown that mercury cannot 
surface-nucleate on mercury at an appreciable rate for 
the experimental supersaturations used. It follows that 


was 


jt would be even more difficult to nucleate on a perfect 
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foreign crystal, and most difficult on a vitreous surface. 
Beyersdorf™ has published electron photomicrographs of 
fractured glass showing crystallites ranging from 0.002 
to 0.024 in diameter. The crystallites with emergent 
screw dislocations would offer sites where solid mercury 
could nucleate. The mercury nuclei would have built-in 
h. | he 


be 


screw dislocations necessary for rapid growt 


crystallites without a screw dislocation would 
ineffective. 

Mercury nuclei might also form at the steps bounding 
terraces; however, no repeatable step would form and 
growth would cease under the supersaturation used 
experimentally. 

It should be pointed out that the postulated mech- 
anism predic ts the repetitive formation of whiskers at 
a given site under like conditions. Experimentally it has 
that 
repeatedly at a given site on the finger. These whiskers 


been observed certain distinctive whiskers form 


are distinguished by their length, direction of growth, 


or bright ness. 


F. Radial Growth 


It is now ne essary to rationalize the cessation of 
rapid axial growth at constant radius and the initiation 


of a normal radial growth rate when a terminal length 


is reached. Since homogeneous surface nucleation 
excluded, it must be assumed that new layers can 


nucleated at the substrate-mercury corner at the base 


of each whisker. 
Since the end of a whisker is a sink for adsorbed mer 


| 


cury atoms, the surface concentration of ad-atoms will 


vary over the surface and will be a minimum at the 


whisker end. Conversely, if a whisker was evaporating, 


the 


surface concentration would be a maximum at the 


emergent screw dislocation. 


If 


atom, and o* is the surface concentration in equilibrium 


is the mean lifetime of an adsorbed mercury 


with mercury vapor of pressure, /, 


hat, if 


It can be shown 1 
concentration al coordinate 


taken at the free whisker end, 


ad-atom concentratio1 
\t 


W hisker end, 
end, 


21 be 


Here op is the 
with the whisker. the 
Away from the may 


As a whisker 


at its base. The original mercury crystal grew radially 
to the whisker radius at a critical pressure P; but not 
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at a pressure below p. Hence the whisker should again 
begin to grow radially by the intermediation of the 
substrate whisker corner when the surface concentration 
approaches o*, if the whisker radius is less than the 
radius of the crystallite upon which it grew. Such 
whiskers should grow only a few multiples of A, long. 
Experimentally, many whiskers are observed fulfilling 
this length requirement. The other extreme is the situa- 
tion where the whisker and crystallite radii are nearly 
equal. Radial growth over the vitreous glass requires a 
higher surface concentration than o*. Such whiskers are 
probably represented by those which are observed with 
lengths up to 1 to 2 mm. When the mercury pressure 
in the system is raised by increasing the reservoir tem- 
perature, these whiskers may also thicken radially. 
Intermediate cases would involve radial growth partly 
over crystallite and partly over vitreous glass. These 
would grow to intermediate length. 


G. Surface Diffusion 


In a previous section a value of 0.025 mm has been 
calculated for the mean free path of a mercury atom 
adsorbed on a mercury surface. This value is estimated 
for the planes parallel to the whisker axis. It is reason- 
able that these planes are rhombohedral (100) planes. 
The (100) planes present the closest packing, a 3.00 A 
interatomic spacing, and should have the lowest surface 
free energy. This habit should give the thermody- 
namically most stable crystal. An adsorbed atom on the 
rhombohedral (100) plane would be expected to be 
bonded to four atoms in the adsorbent plane, but at 
3.47 A separation instead of 3.00 A, since the inter- 
atomic distance of atoms in adjacent (100) planes is 
the former. 

Burton, Cabrera and Frank® have derived equations 
by which the mean surface displacement can be esti- 
mated. They demonstrated that 

W,—U 
A,=a-exp (24) 

2kT 
where U, is the activation energy for transfer of an 
adsorbed molecule between neighboring adsorption sites, 
W,’ is the energy of evaporation from adsorbed layer 
to the vapor, a is the interatomic spacing, and & is the 
molecular gas constant. Mackenzie!® has calculated that 
U, is only about 10 per cent of W,,’ using Lennard-Jones 
forces. Equation (25) is modified accordingly. 

0.91,’ 

A,=a-exp (25) 

2kT 

If ¢; is the bond energy of 3.47 A interatomic separa- 
tion and ¢» is the bond energy for 3.00 A separation, the 
value of W,’ may be written 


W =4¢, (26) 


and the heat of evaporation may be written 


AH = 3¢2. 
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There is no information available on the energy ratios 
$:/¢2 other than ¢:/¢2=p>1. Combining Eqs. (25), 
(26), and (27), it may be written that 


3.6p AH 
\,=d-exp (28) 


6(p+1) RT 


Introducing the values \,=2.5X10- cm, a=3.00 A, 
AH = 15,000 cal/mole into Eq. (28) and solving for 9, it 
is found that 

p=¢1/¢2= 1.13. (29) 


H. Mechanical Strength 


It has been theoretically predicted that perfect crys- 
tals should deform elastically to much higher strains 
than have been observed for real crystals.!’7 The weak- 
ness of actual crystals is interpreted as evidence for the 
presence of edge dislocations which move under small 
stress and cause plastic rather than elastic deformation. 

Since the sole imperfection of a mercury whisker is 
an axial screw dislocation, it is expected that the 
whisker should exhibit theoretical strength. No attempt 
has been made to investigate this property. However, 
whiskers of iron" and zinc sulfide!® have been grown 
presumably by the same mechanism. The strength of 
both iron and zinc sulfide whiskers is approximately 
the predicted theoretical strength for perfect crystals. 


I. Mercury Platelets 


The mechanism for the growth of mercury platelets 
has not been elucidated. There is some indication that 
mercury may nucleate on certain heterogeneities as 
supercooled liquid. At some critical size the droplet 
freezes, catalyzed by the same heterogeneity upon which 
it formed. The solid nucleus then is presumed to have 
two fast-growing directions so that a platelet is formed. 
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A MECHANISM OF WHISKER GROWTH* 
G. W. SEARS} 


Fine whiskers of zinc, cadmium, silver, and cadmium sulfide have been grown on pyrex and quartz glass 
substrates by vapor deposition. The maximum supersaturation ratio at which whiskers can be grown is in 
good correspondence with the calculated supersaturation at which two-dimensional nucleation occurs. This 
correspondence offers support for the generality of the growth mechanism first proposed for mercury 
whiskers. 


SUR UN MECANISME DE LA CROISSANCE DES BARBES 
Des barbes fines de zinc, de cadmium, d’argent et de sulfure de cadmium ont été formées sur un support 
en pyrex ou en quartz par condensation de vapeur. Le maximum du rapport de sursaturation auquel ces 
barbes peuvent grandir est en bon accord avec la sursaturation calculée pour une germination 4 deux dimen 
sions. Cet accord montre la généralité du mécanisme de croissance proposé pour les barbes du mercure 
EIN WACHSTUMSMECHANISMUS FUR HARCHENARTIGE AUFWACHSUNGEN 
(WHISKERS 


Feine harchenartige Aufwachsungen (whiskers) aus Zink, Kadmium, Silber und Kadmiumsulfid wurder 
durch Abscheidung aus der Dampfphase auf Pyrex Das 
sattigungsverhaltnis, bei dem die Harchen (whiskers) geziichtet werden kénnen, steht in guter Ubereinstim 
mung mit der berechneten Ubersdttigung, bei der zweidimensionale Keimbildung auftritt. Diese Uber 
der zundchst 


und Quarzglas hergestellt maximale Uber 


einstimmung ist eine Stiitze fiir die Allgemeingiiltigkeit des Wachstumsmechanismus’, fiir 


harchenartige Quecksilberaufwachsungen (whiskers) vorgeschlagen wurde 
ge 


growth vessel and the remaining distillation chambers 
mm Hg, 


It has been reported! that solid mercury may be con- 
densed from the vapor phase in the form of very thin 
whiskers. A detailed mechanism has been proposed? 
which rationalizes the growth behavior. 

The postulates, however, are not restricted to the 
growth of mercury crystals. They should be valid for 
the growth of crystalline substances in general. This 


were heavily torched. When a pressure of 10 
as measured by ion gauge, was reached with the system 
hot the torching was stopped. After the system had 
cooled off, a furnace was placed around the first chamber 
and the bulk of the crystals were distilled to the second 
chamber. The residue was sealed off. 


paper reports attempts to grow whiskers of a number 
of other materials by application of the proposed con- 
cepts of crystal growth. Whiskers have been grown for 
all substances investigated—azinc, cadmium, silver and 
cadmium sulfide—by condensation from the super- 
saturated vapor phase. 


EXPERIMENTAL 


The crystal growth experiments were carried out in 
the apparatus shown in Fig. 1. The crystal growth 
vessel, G, was an evacuated tube containing the ma- 
terial under investigation. The vessel was provided 
with an eyelet at one end so that it could be suspended 
in the furnaces. The vessels were constructed of pyrex 
for zinc and cadmium. Quartz glass vessels were used 
for cadmium sulfide and silver. 

The growth vessel and its crystalline charge were 
thoroughly outgassed prior to sealing off. The vessel was 
attached at one end to a vacuum system via a seal-off 
constriction. The other end was attached by a second 
constriction to a distillation train. This train consisted 
of three chambers in series joined by constrictions. 

The material under investigation was introduced into 
the first chamber. The system was evacuated and the 

* Received December 9, 1954. 

+ General Electric Research Laboratory, Schenectady, New 
York. 
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This procedure was followed for each distillation until 
finally the growth vessel was sealed off from the vacuum 
line. An eyelet was sealed onto one end and the growth 
vessel was ready for use. 

The furnaces, and FP, 
windings. Furnace F2 was open at both ends and F; was 


were tubular with nichrome 


open at one end. The furnace temperatures, 7; and 7%, 
were controlled by chromel-alumel thermocouples con- 


THERMOCOUPLE 
2 


SUPPORT 
WIRE 


| 


2! FURNACE) 


— CRYSTALS 


F, (FURNACE ) 


NSUL ATION 
THERMOCOUPLE 
~ 
{ 
| T,°C 
} 
| 
‘ 
Fic. 1 


368 ACTA METALLURGICA, 


nected to a pair of Brown-Honeywell temperature con- 
trollers. Their hot junctions were located at the upper 
and lower ends of the vessel, G. 

Before starting an experiment, the temperatures were 
adjusted so that 7,>7 . A temperature difference of 
about 250°C was used to insure complete distillation of 
the crystals to the bottom of G. 

The vessel was then removed from the furnaces and 
the temperatures were adjusted for growth, i.e., 71>T7>. 
The vessel was reinserted and in about 30 minutes 
was removed for examination under a_ stereoscopic 
microscope. 

RESULTS 

Whiskers have been grown of cadmium, zinc, silver 
and cadmium sulfide. The critical condition in each case 
was that the supersaturation ratio be maintained below 
a value characteristic of the material. For slightly 
higher supersaturation ratios, almost no whiskers were 
produced. For much higher supersaturation ratios, only 
massive crystals were produced. 

Cadmium whiskers were formed in profusion by 
This corre- 
sponded to an initial supersaturation ratio of about 20.* 


operating at 7,=330°C and T,:=250°C. 


The pressure of cadmium in the vessel was about 200. 
The whiskers ranged up to 1 mm in length and were 
quite thin in cross section. They appeared in a few in- 
stances to be in barely perceptible Brownian motion, 
when observed at 60 magnification. Zinc whiskers were 
grown by operating with 7;=375°C and T,=350°C. 
This gave a supersaturation of about three and corre- 
sponds to a vapor pressure of about 20u.* The whiskers 
were practically indistinguishable from the cadmium 
whiskers in their appearance. 

The silver whiskers were grown by operating between 
T,;=940°C and 7:=850°C. The vapor pressure level 
was ly and the supersaturation about 
ten.’ These crystals were much shorter than those of 


ratio was 
zinc and cadmium. The largest whiskers were only 0.1 
mm in length. However, as they were grown at a much 
lower vapor pressure for about the same length of time, 
their shorter length is not surprising. 

Cadmium sulfide was grown with 7,;=810°C and 
T,=800°C. While no vapor pressure data appear to 
have been published, it can be estimated from its dis- 
tillation rate that the vapor ranges from 
10-100u. Its supersaturation ratio is probably less 


pressure 


than two. 

Other types of crystals were grown in each experiment 
in which whiskers were grown, for example ribbons of 
CdS, thin hexagons of Cd, and thin triangular platelets 
of Zn, Cd and Ag, which were attached to the vessel 
at one vertex. Since the purpose of the experiment was 
to demonstrate if whiskers could be grown under pre- 
dictable conditions, these observations are not presently 
considered. 

It was very frequently observed for all materials that 
there was a minute bright spot at the base end of the 
many whiskers. 
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DISCUSSION 


It has been proposed? that mercury whiskers nucleate 
on tiny crystalline regions on a glass surface which 
present an emergent screw dislocation. The nucleation 
occurs with the assistance of the step at supersatura- 
tions far less than necessary for two-dimensional nu- 
cleation of even mercury on mercury. It is postulated 
that the nucleus with a built-in screw may grow axially 
at low supersaturations by the action of the dislocation. 
However, radial growth cannot occur because the super- 
saturation is below the critical value for two-dimen- 
sional nucleation. When a whisker grows long enough 
thickening occurs. It is proposed that under these con- 
ditions the screw step no longer depletes the concen- 
tration of adsorbed atoms at the base of the whisker. 
Thickening is then presumed to occur by intermediation 
of the crysta]lite-mercury corner in two-dimensional 
nucleation. Mercury whiskers have also been observed 
on quartz glass.t The same considerations are presumed 
to be valid. 

In the present discussion, consideration will be given 
only to early stages of whisker growth, since all that is 
observed is the presence or absence of whiskers in the 
distillate. If the growth concepts are correct, the critical 
condition for whisker growth is the absence of two- 
dimensional nucleation, or at least a low surface nuclea- 
tion rate. 

The relation between supersaturation ratio, a, and 
surface nucleation rate, N, is given by 


lIna= 1) 
pkT?R |\nB/N 


1 


where B=10*° sec™!, is the interlayer spacing, p is 
the density, o is the surface free energy, M is the 
molecular weight, & is Boltzmann’s constant, R is the 
molar gas constant, and 7 is the absolute temperature. 
Only the surface free energy, a, is subject to uncertainty. 
In the absence of better information the value for the 
surface tension of the liquid metal was used for the 
surface free energy of the solid. The critical supersatura- 
tion was calculated for the formation of one surface 
nucleus/cm?/sec. In Table I are listed the calculated 
critical supersaturations for two-dimensional nucleation, 
Qeale’, and the experimentally estimated upper limit, 
Qmeas*, for the growth of whiskers. 

It should be pointed out that the critical supersatura- 
tion, Qeaic*, IS very sensitive to changes in the growth 


TABLE I. 


Sub :) 
stance ale* eas” 2 cm 


ergs a X105 
cm+- cm 
2.807 
2.47? 
2.047 


6305 
7505 


1140*° 


8.65 
7.14 
10.50 
4.82 


Cd 24 
Zn 7 
Ag 4 
CdS small 


* Surface tension of solid Ag. 


~20 250 

~3 350 

~10 850 

<2 800 


SEARS: 


temperature, 72, Since the surface free energy should be 
relatively constant with temperature, the critical super- 
saturation, deaic*, Should increase rapidly with decreas- 
ing temperature of growth. 

It will be noticed that the experimentally estimated 
supersaturation for the growth of whiskers is less than 
or approximately equal to the calculated supersatura- 
tion for growth by two-dimensional nucleation. Above 
these experimental supersaturations the growth of 
massive crystals, which presumably involves surface 
nucleation, occurs experimentally and whiskers do 
not grow. 

It is expected that CdS has a lower surface free energy 
than silver. Since the growth occurs at about the same 


temperature, the value of Ina will be smaller for CdS. 


On this basis, it is expected that the critical supersatura- 
tion ratio for surface nucleation of CdS is less than four. 
This is in agreement with the small estimated experi- 
mental supersaturation. 

With few possible exceptions Brownian motion was 
not observed at room longest 
whiskers (~1 mm) under 60 magnification. It has 
whisker which 


temperature for the 


been shown? that the radius, r, of a 


undergoes Brownian motion can be calculated by 
SPRT 
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where / is the whisker length, & is the molecular gas 
constant, 7 is the absolute temperature, E is Young’s 
modulus and 6 is the average deflection of the whisker 
cm, /=10 
This calculation demonstrates that 


end. In the present instance 6< 
E=~ 10" dynes/cm’. 


cm, 


r>0.1y. Direct observation at 60 magnification places 
an upper limit (r<2y) on the radii. 


CONCLUSIONS 


It appears that the growth mechanism proposed for 
mercury whiskers may be applied to describe the growth 
of other crystalline whiskers. The critical condition for 
growth of whiskers seems to be that the supersaturation 
ratio must be maintained below some critical value 
In the proposed growth 


mechanism it is assumed that this supersaturation is the 


characteristic of the material. 


critical value for homogeneous surface nucleation. 
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RELATION ENTRE LES STRUCTURES ET LES PROPRIETES DES ALLIAGES 
ALUMINIUM-ARGENT PENDANT LE DURCISSEMENT STRUCTURAL* 


B. BELBEOCH et A. GUINIER{ 


Les variations de dureté pendant le durcissement structural de Al-Ag sont mises en corrélation avec la 
variation de la structure étudiée par diffusion des rayons X aux petits angles. 

La transition entre durcissement a froid et durcissement 4 chaud correspond 4 |’apparition sur les dia- 
grammes de nombreuses trainées longues et floues caractéristiques de la présence de trés petits précipités 
de AlAg». 

Pendant le durcissement 4 chaud la dureté augmente quand les grains de précipité se développent, les 
trainées devenant courtes et intenses, puis diminue quand les précipités sont devenus gros et parfaits,.la 


diffusion tendant a disparaitre. 

Pendant le durcissement a froid les diagrammes présentent des anneaux: l’alliage contient des “zones G.P.” 
’évolution des zones révélée par les rayons X n’est pas 4 premiére vue en corrélation directe 
a dureté. Le diamétre des anneaux de diffusion diminue constamment quand le revenu se 


Cependant 
avec celle de | 
poursuit, alors que les variations de la dureté sont réversibles au cours de certains traitements thermiques 
en particulier phénoménes de réversion). 
On peut admettre que le durcissement est lié aux zones de petites dimensions. Celles-ci sont masquées 
sur le diagramme par les zones volumineuses. Cette hypothése est vérifiée par des mesures d’intensités de 


diffusion en valeur absolue. 


RELATION BETWEEN STRUCTURES AND PROPERTIES DURING AGE 
HARDENING IN AlAg ALLOYS 


The variations of hardness during the age hardening of an Al-Ag alloy are correlated with the structure 
variations studied with small-angle X-ray scattering. 

The transition between cold-hardening and warm-hardening corresponds to the appearance on the X-ray 
patterns of many long and blurred streaks which are characteristic of very small AlAg» precipitates. 

During warm-hardening the hardness increases with the growth of the precipitates and the streaks become 
short and intense. When the precipitates have become large and perfect, the scattering vanishes 

During cold-hardening, the patterns have rings, the alloy containing ‘‘G.P. zones.” 

However, the evolution of the zones as revealed by X-rays is not directly correlated with the variation of 
hardness. The diameter of the rings on the patterns decreases steadily as the annealing progresses, while 
the hardness variations are reversible with some thermal treatments (particularly reversion). 

It might be concluded that the hardening is determined by zones of very small size. These are masked on 
the patterns by larger zones. The conclusion is verified by measurements of absolute diffuse intensity. 


ZUSAMMENHANG ZWISCHEN STRUKTUR UND EIGENSCHAFTEN VON 
ALUMINIUM-SILBER-LEGIERUNGEN BEI DER AUSHARTUNG 

Der Harteverlauf und die durch Kleinwinkelstreuung beobachteten strukturellen Verinderungen wihrend 
der Aushartung werden miteinander verglichen. 

3eim Ubergang von der Kalt- zur Warmaushirtung treten auf den R6ntgenaufnahmen zahlreiche lange 
Streifen mit geringer Intensitat auf, die fiir das Vorhandensein von sehr kleinen Ausscheidungen von AlAg» 
charakteristisch sind. 

Die Harte steigt bei der Warmaushirtung wenn sich die Ausscheidungen entwickeln, die Streifen werden 
kurz und nehmen an Intensitét zu; sie gehr, wenn die ausgeschiedene Phase Gestalt annimmt, wieder 
zuriick, die Streuung verschwindet 

Wiahrend der Kaltaushiartung zeigen die Réntgenaufnahmen Ringe: Die Legierung enthialt ““G.P.-Zonen.’ 

Das Auftreten der Zonen, das aus dem Rontgenbild ersichtlich wird, steht auf den ersten Blick in keiner 
direkten Beziehung zu den Hirteeffekten. Bei fortschreitender Riickbildung geht der Durchmesser der 
ringférmigen Beugungserscheinungen kontinuierlich zuriick bis auch die Hirte im Verlaufe von bestimmten 
Warmebehandlungen (insbes. Riickbildung) riickbildbar wird. 

Man méchte annehmen, dass die Hartesteigerung an Zonen mit sehr kleinen Abmessungen gebunden ist. 
Sie sind auf den R6ntgenaufnahmen durch voluminése Zonen iiberdeckt. Diese Hypothese wird durch 


absolute Intensitatsmessungen belegt. 


La structure cristallographique des alliages AlAg Sans donner ici la description détaillée des phénoménes 
pendant le durcissement est maintenant assez bien observés, rappelons que la conclusion la plus importante 
connue grace a de nombreuses études aux rayons X. de cette étude est l’existence de deux types de dia- 

Nous nous référerons particuliérement au travail grammes correspondant A deux types de structure bien 
récent de Walker et Guinier’ (dénoté ici W. G.) quia _ distincts: 
été restreint 4 l’étude de la diffusion aux faibles angles. Le ‘“‘diagramme 4 anneau” (Fig. la) est caracté- 
ristique de la présence dans la solution solide de ‘‘zones.”’ 


* Received November 29, 1954. 
Dans le cas de Al-Ag les zones sont formées par des 


t Conservatoire des Arts et Métiers, Paris, France. 
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BELBEOCH anp 
rassemblements d’atomes d’argent en noyaux quasi- 
sphériques, les atomes ne quittant pas sensiblement les 
noeuds du réseau de la matrice. Le noyau riche en 
argent est entouré d’une auréole appauvrie en argent. 

Le “diagramme 4 trainées” (Fig. 1b). Les trainées 
issues du centre prouvent |’existence de petites pla- 
quettes trés minces paralléles aux plans (111) de la 
solution solide. Ces plaquettes ont la structure du 
précipité AlAgs cristallisant dans le systéme hexagonal 
avec plus ou moins de défauts d’empilement. 

D’un autre cété les propriétés mécaniques et phy- 
siques de ces alliages aluminium-argent ont été étudiées 
en détail par Késter et ses collaborateurs.? Leur conclu- 
sion générale est qu’il existe deux processus d’évolution, 
l’un se produisant aux basses températures de revenu, 
autre aux températures plus élevées. Cette dualité est 
particuliérement nette dans |’évolution de la dureté: 


b 


Fic. 1(a). Diagramme a anneau: alliage recuit 1/2 h 
a 160°C (agrandi 4 fois). 

Fic. 1(b). Diagramme 4 trainées: alliage recuit 16h 
a 156°C (agrandi 4 fois). 
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froid”’ 
“durcissement 4 chaud”’ (Warm- 


dénominations de ‘durcissement Aa 
(Kaltaushartung) et 


aushirtung). 


d’ou les 


[l est trés tentant en rapprochant les études de la 
structure et des propriétés physiques de faire l’hypothése 
que le phénoméne de durcissement a froid est provoqué par 
les zones el que le durcissement & chaud est di a la présence 
de précipités. 

Cette idée s’appuie sur le fait que les domaines corre- 
spondant aux durées et températures de revenu des 
deux stades pour la variation de dureté semblent a 
premiére vue en bonne concordance avec ceux fournis 
par la diffusion des rayons X. Cependant comme nous 
le verrons plus tard des difficultés apparaissent si on 
essaie de confronter de plus pres ’évolution des dia- 
grammes. 

I] nous a paru important d’établir de fagon indiscu- 
table une relation entre structure et propriétés méca- 
niques dont l’importance théorique est évidente. On 
des difficultés de |’inter- 
prétation provenait de ce que les études aux rayons X 
de W. G!! 


poids d’argent, alors que la majeure partie des résultats 


pouvait penser qu’une partie 


avaient été faites sur des alliages 4 20°7 en 


du laboratoire Késter portaient sur des alliages 4 38° 
en poids d’argent (13% atomique 

Nous avons donc repris |’étude de W. et G. sur 
alliage méme dont s’était servi Késter* et nous nous 
sommes efforcés de reproduire les cycles des traitements 
thermiques décrits dans les articles de Késter et de ses 
Collaborateurs de facon a disposer d’éléments de com- 
paraison indiscutables. 

Nous donnerons ici seulement les résultats de nos 
expériences de rayons X sans décrire les techniques qui 


sont identiques a celles de W. G. 


COMPARAISON DES TRANSITIONS ENTRE LES DEUX 
TYPES DE STRUCTURE ET LES DEUX 
TYPES DE DURCISSEMENT 


Le premier point a établir est la coincidence des 


transitions entre les deux types de structure et les deux 


processus d’évolution des propriétés. \ cet effet nous 


avons choisi la d ireté a cause de la nettete pheé 


noménes. Késter représente |’ensemble de ses mesures 
par un réseau de courbes ‘‘isochrones’’.* Chacune des 
courbes (Fig. 2) correspond a la variation de dureté en 
fonction de la température de revenu pour 


Dh. 1h. 3h. 6h. etc. 


une durée 


donnée de revenu (1 


On voit, principalement pour les courtes durées, que 


chaque courbe comprend deux maximums. La dureté de 
alliage augmente d’abord avec la température puis 
décroit et pour les températures plus élevées subit une 
deuxiéme augmentation bien plus forte que la premiere. 
Ce sont respectivement les durcissements @ froid et d 
chaud et nous définirons les points de transition par les 


temps et température de revenu correspondant aux 


Profe sseu 


* Nous 


d’avoir bien voulu nous envoyer des & 


remercions trés vivement le 
} 


hantillons d’all 


parés dans son laboratoire 


= 


METALLI 


Fic. 2. Variation de la dureté en fonction de la température de 
i tes durées de revenu. Les fléches indiquent 


Koster et F 


revenu pour ifféret 
apparition des trainées. (D’aprés le travail de W 


Braumann, Z. Metallk. 43, 194 (1952 


minimums des courbe isochrones.* Nous avons reproduit 
dans la Fig. 2 quelques unes des courbes de Késter. 
Par diagrammes de rayons X, nous avons suivi |’évo- 
lution isotherme des alliages en prenant des séries de 
diagrammes aprés des recuits de durée croissante 4 une 
température donnée. On trouve d’abord un diagramme 
a anneau. 
diamétre de |’anneau diminue, en méme temps que son 


Quand le temps de revenu augmente le 
intensité augmente. 

Au bout d’un certain temps apparait le second type 
de diagramme avec des trainées issues du centre du 
diagramme. Le tableau suivant donne le temps au bout 
duquel apparaissent ces trainées c’est-a-dire le début de 
la seconde structure. 


Si on rapproche ces résultats des courbes de Késter 


on constate qu'il y a une coincidence satisfaisante des 
transitions entre les deux stades de durcissement constatés 
aux rayons X, et fournis par les mesures de dureté. 

I] serait illusoire de chercher une trop grande précision 
dans ces déterminations car l’on sait* que la cinétique 
du durcissement peut étre influencée par |’état du métal 
et qu'il y a dans tout échantillon des portions a réseau 
perturbé dont le vieillissement peut étre plus ou moins 
métal. Ainsi sur certains 
trainées 


en avance sur le reste du 


diagrammes l’anneau et des sont visibles 
simultanément. Pour certains clichés on ne voit pas de 
trainées bien qu’on soit dans la région de durcissement a 


chaud: nous avons obtenu des diagrammes sans trainées 


TABLEAU 


RGICA, 


VERE... F859 
pour des échantillons recuits pendant 1 heure a 200 
Il faut remarquer (W. G.) que les trainées apparaissent 
sur le diagramme quand un des cristaux irradiés a un 
axe [111] 4 peu prés normal aux rayons incidents. II 
peut se faire quand les cristaux sont assez gros que cette 
condition ne soit réalisée pour aucun des cristaux de 
l’échantillon. 

On peut donc considérer comme nettement établi /a 
présence de zones pendant le durcissement a froid, et de 
précipilés pendant le durcissement a chaud. 


RELATION ENTRE LA STRUCTURE ET LA DURETE 


Nous allons maintenant mettre en corrélation les 
variations d’aspect du diagramme et les variations de 
la dureté dans chacun des deux stades en commengant 


par le cas du durcissement a chaud, qui est le plus net. 


1. Cas du Durcissement 4 Chaud 


Considérons une série de revenus isochrones, 


exemple d’une durée de 72 h a diverses températures au 


par 
dessus de 130°, début du deuxiéme stade. 

Voici l’aspect des diagrammes obtenus en faisant 
varier la température, ainsi que les duretés correspon- 
dantes lues sur les courbes de Késter. 


raBLeAv II. Isochrone 72 h 


Dureté 


Aspect Kg /I 


Anneau intense et 1 
trainées 
longues et floues Plaquettes minces 
\nneau presque com 188 de précipité se 
développant 


breus¢ Ss 


plétement disparu 
Nombreuses 


courtes trés 


trainées 
intenses 
et trés nettes 
170 Pratiquement plus de dif- 172 
fusion 


Gros précij ités 
plus parfaits 


On constate qu’au début du durcissement 4 chaud 
c’est-a-dire sur la branche ascendante de la courbe de 
dureté les trainées sont longues et floues correspondant 
a des précipités trés petits.° Elles s’intensifient pro- 
gressivement et deviennent plus courtes et nettes quand 
on atteint le maximum de dureté, les précipités sont 
alors plus nombreux et plus gros. Sur la branche 
descendante de la courbe elles disparaissent: les pré- 
cipités sont alors trop volumineux pour donner naissance 
a une diffusion centrale perceptible. 

Ainsi dans le second stade, la dureté augmente quand 
les précipités sont encore petits et décroit quand ils ont 
atteint une certaine taille et une certaine perfection. La 
méme corrélation existe pour d’autres durées de revenu. 

I] faut aussi rapprocher ces données de celles fournies 
par les diagrammes de diffraction aux grands angles, 
comme par exemple ceux qui ont été établis par Glocker® 
sur monocristaux. 

Ces diagrammes révélent des régions de diffusion 
linéaires disposées le long des axes [111] du réseau 
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TABLEAU III 


rme 150 Résultats par diagrammes d 
Goniométre Schiebold-Sauter 


Durée de revenu Aspect des 


apres recuit a 545° et trempe 
aprés revenu de 1h 
aprés revenu de 10h 


pas de trainées 
naissance des trainées 
trainées intenses 


taches du réseau hexagonal sur 
les trainées 


apres revenu de 2 jours 


augmentation de l’intensité des 
taches 

augmentation de l’intensité des 
taches et forte diminution de 
intensité des trainées 


aprés revenu de 6 jours 


apres revenu de 36 jours 


réciproque du cristal de solution solide qui produisent 
sur le cliché des trainées dirigées suivant ces axes. 
Glocker a suivi l’évolution des diagrammes le long 
d’isothermes et non d’isochrones. 

Nous confrontons dans le tableau III les résultats 
de Glocker et nos résultats obtenus par diffusion cen- 
trale 4 des températures trés voisines. 

Les trainées observées par Glocker sont évidemment 
en corrélation avec les précipités c’est-a-dire avec le 
processus de durcissement 4 chaud. On a montré’ 
qu’elles sont dues aux défauts d’empilement des plans 
(111) qui passent progressivement de |’arrangement 
cubique de la solution solide a |’arrangement hexagonal 
du précipité AlAgs. Ces imperfections sont importantes 
surtout au début de l’apparition des précipités quand 
ceux-cl sont trés petits. Ces régions perturbées forment 
alors de nombreux obstacles 4 la propagation des dislo- 
cations et provoquent l’augmentation considérable de 
la dureté. 

Quand les précipités deviennent plus gros ils de- 
viennent d’une part plus rares, et d’autre part plus 
parfaits puisque, dans les clichés de Glocker, les diffu- 
sions anormales disparaissent. Il y a alors moins 
d’obstacles 4 la propagation des dislocations et la 
résistance mécanique diminue. C’est ce que montrent 
a la fois examen des Tableaux II et III concernant les 
résultats de diffusion centrale, et l’examen des résultats 
de Glocker du Tableau III. 

I] est un point sur lequel il est nécessaire d’insister 
afin d’éliminer une source de confusions regrettables. 
Glocker a conclu, 4 juste titre, de ses expériences 
résumées dans le Tableau III et aussi d’expériences sur 
la réversion des alliages AlAg que les diffusions qu’il 
observe en forme de trainées n’ont rien a voir avec le 


durcissement a4 froid. De cela il conclut, et la est la 


confusion, “‘les trainées de Guinier-Preston n’ont rien a 


voir avec le durcissement a froid.”’ 

Or comme nous |’avons vu précédemment les trainées 
observées par Glocker, de méme que celles vues en 
diffusion centrale sont caractéristiques du durcissement 
a chaud. Par contre les ‘‘zones G. P.”’ qui sont sphériques 
dans le cas de |’AlAg se traduisent non pas par des 


np 
nu h 


nude 


16h 


nu 


rieure 


trainées mais par des anneaux, elles sont bien cara 
téristiques du durcissement 4 froid. 
La confusion est provoquée par un rapprochement 


AICu. 


Dans alliage AlCu il se trouve que les ‘‘zones G. P. 


injustifié entre les alliages AlAg et 
caractéristiques du durcissement a froid ont une forme 
\lAg. Ce 


zones plates. Ces zones provoquent sur les diagrammes 


bien différente de celles de l’alliage sont des 
des trainées de diffusion anormale dirigées suivant les 


axes | 100 |. Ces trainées pour AlCu sont en corrélation 


avec le durcissement a froid. Elles correspondent aux 
anneaux des diagrammes AIAg, la différence d’aspect du 
diagramme traduisant les différences de forme des zones 
dans les deux cas. On ne doit pas assimiler ces ‘‘trainées 
Guinier-Preston”’ données par les alliages AlCu ave 
les trainées qu’ont observées Glocker, et d’autres au 
teurs aussi, sur les monocristaux d’AlAg; ce 


es-cl sont 


dues aux imperfections de structure des précipités se 
développant pendant le durcissement a chaud. Une 


étude détaillée de l’ensemble des diagrammes mont 


d’ailleurs que les trainées dies aux imperfections du 


réseau n’ont qu’une ressemblance superficielle avec les 
trainées traduisant le forme extérieure des zones. 


Nous 


observations sur la structure des alliages Al-Ag pendant 


pouvons donc conclure que V’ensemble des 


le deuxiéme stade du durcissement forme un tout co- 


hérent, et en donne une image qui fournit une explica 


tion satisfaisante de |’évolution de la dureté. 


2. Cas du Durcissement a Froid 


Par contre les phénoménes sont moins 


lites se 


clairs dans le premier stade et de sérieuses diffi 
présentent. 
Si l’on fait subir aux échantillons des traitements de 


revenus isochrones (pendant 1/2 heure, par exemple) a 


température croissante, la courbe de dureté (Fig. 3 
montre que celle-ci croit, passe par un maximum pour 


une température de 130° et 


décroit ensuite pour re 


trouver sa valeur initiale 4 185°, température a laquelle 


Koster a 


la dureté on 


débute le second stade de durcissement. 


montré que du point de vue de retrou 
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vait cette isochrone en faisant subir @ un méme 
échantillon un cycle de chauffages successifs de 1/2 heure 
4 températures croissantes.* Aprés un recuit 4 545° qui 
homogénéise |’alliage on trempe |’échantillon dans l’eau 
4 18°. Puis on le porte successivement pour 1/2 heure a 
80°C, 100°C, 130°C, 160°C, 175°C, 185°C, avec inter- 
ruption par trempe a4 l’eau 4 18°C aprés chacun des 
revenus de 1/2 heure. C’est ce traitement thermique que 
nous avons adopté car il permet en effet de faire les 
diagrammes de rayons X sur le méme échantillon ce 


qui diminue les chances d’erreurs. Les différents clichés 


sont pris dans les mémes conditions de fonctionnement 
du tube a rayons X et avec le méme temps de pose. 
Les résultats des diagrammes ne suivent pas a premiére 
vue ceux concernant la dureté: On constate que jusqu’a 
185°, température 4 laquelle apparaissent les trainées, 
tous les diagrammes comportent un anneau, de diameétre 
continuellement décrotssant. 

Nous mesurons les diamétres des anneaux par en- 
registrement au micro-densitométre. Quand on trempe 
l’échantillon aprés l’avoir homogénéisé 4 545°, l’état de 
alliage est assez mal défini car le diamétre de |’anneau 
varie d’une maniére importante avec la rapidité de la 
trempe. (Les variations du diamétre peuvent atteindre 
20%), 


fluent pas de facon systématique sur les diagrammes 


mais ces variations du diagramme initial n’in- 


suivants. 


Pour deux séries nous avons obtenu les résultats 
suivants: 


TABLEAU IV. 


aprés trempe, a partir de 
545 
80 
1 100 
1 130 
160 
175 


185 apparition des trainées 


DO 


W W W 


g: grandissement de 


9.8 10 
Venregistrement 


L’évolution des diagrammes est donc différente de 
celle de la dureté. Aprés revenu a 100° et 160° la dureté 
est la méme: or la structure révélée par les rayons X 
n’est pas la méme puisque le diamétre de l’anneau a 
diminué nettement. L’opposition est encore plus nette 
si on compare |’échantillon aprés trempe aprés homo- 
généisation a 545°C et aprés revenu a 185°C. 

De l’identité des duretés, Késter avait conclu que 
l’alliage retrouvait la structure initale. Ce n’est certaine- 
ment pas rigoureusement exact puisque les diagrammes 
de rayons X aux petits angles sont différents: d’une 
part un anneau de grand diamétre et d’intensité faible 
et de l’autre un anneau intense et de trés faible diamétre, 
avec des trainées. Du point de vue structural l’alliage 
contient donc dans le premier cas des zones de faible 
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RETE EN Kg mm* 


TEMPERATURE DE REVENU EN 


Fic. 3. Variation de la dureté en fonction de la température 
de revenu pour l’isochrone 1/2 heure 


dimension, et dans le second cas des zones plus volu- 
mineuses et quelques précipités. 

Examinons la courbe de Ia Fig. 3, l’isochrone 1/2 h. 
Sur la branche descendante de la courbe de dureté, 
Késter a trouvé que l’alliage se comportait comme s'il 
existait un état d’équilibre réversible. Par exemple, si 
partant d’un état représenté par le point M (tempéra- 
ture Ty dureté Ay) on chauffe l’alliage pendant 
1/2 heure une température correspondant a 
état représenté par le point M’ la dureté diminue de 
Aw—Aw:. Si l’on reporte l’alliage pour 1/2 heure a la 
température 7 la dureté reprendra la valeur Ay. Par 
contre les diagrammes ne sont réversibles. Le 
diamétre de |’anneau diminue quand on porte l’alliage 
de Ty, a Ty Valliage étant maintenu 1/2 heure a Ty, 
et diminue encore, légérement il est vrai quand on 


pas 


reporte l’alliage a la température 7 pendant 1/2 heure. 

De deux traitements produisant donc une augmenta- 
tion apparente du diamétre des zones, |’un provoque une 
augmentation et l’autre une diminution de la dureté. 

Ces phénoménes sont une manifestation des pro- 
priétés de réversion que l’alliage AlAg présente dans le 
stade du durcissement 4 froid. 

Un alliage durci par revenu a 130 
aprés un trés court recuit 4 200° et retrouve sa dureté 
apres un nouveau recuit a 130°. L’opération peut 
étre répétée plusieurs fois de suite.* Cette réversibilité 
n’apparait pas sur les diagrammes de diffusion aux 
faibles angles. L’anneau caractéristique du premier 
chauffage 4 130° décroit trés faiblement de diamétre au 


redevient mou 


cours du recuit 4 200° et décroit encore par nouveau 
chauffage a 130°. 

On a donné pour d’autres alliages durcissants une 
explication simple de la réversion: les zones qui pro- 
voquent le durcissement a froid ne sont pas stables a 
une température de l’ordre de 200°. Elles se redissolvent 
donc 4 200° et se reforment 4 nouveau si on réchauffe 


* Communication personnelle de Mr. le Professeur W. Késter. 
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alliage 4 une température plus basse, provoquant le 
second durcissement aprés réversion. 

Cette théorie est directement confirmée par les dia- 
grammes de rayons X, dans le cas de l’alliage AlCu: 
les trainées caractéristiques des zones G.P. disparais- 
sent par réversion et réapparaissent lors du second 
durcissement.!° 

Or l’aspect des clichés de diffusion aux petits angles 
pour l’aluminium-argent ne semble pas, 4 premiére vue 
confirmer cette théorie. 

Doit-on alors admettre que zones et durcissement a 
froid ne sont pas cause et effet? Pour tenter de lever 
ces difficultés nous déterminer la 
structure de l’alliage guantilativement sans nous con- 
tenter de la description qualitative de la nature des 
zones qui avait été donnée par W. G. 


avons cherché a 


ETUDE QUANTITATIVE DE LA STRUCTURE DES 
ALLIAGES CONTENANT DES ZONES 


Nous mesurons en valeur absolue |’intensité diffusée 
aux faibles angles en comparant celle-ci 4 l’intensité du 
faisceau direct. En admettant un modéle de structure 
pour la zone compatible avec la répartition de |’intensité 
diffusée en fonction de l’angle, on arrive 4 déduire la 
proportion d’atomes d’argent ségrégés au cours des 
différents traitements thermiques et cette donnée sup- 
plémentaire nous permettra de proposer une explication 
concernant |’évolution de l’alliage. 

Dans la série des expériences quantitatives, un seul 
échantillon a été utilisé. Nous lui faisons subir le cycle 
de chauffages successifs décrit précédemment et nous 
l’examinons aprés l’avoir trempé de la température de 
revenu (successivement 80°, 100°, 130°, 160°, 175 
185°) a la température de l’eau a 18°. 

L’échantillon est irradié 4 la méme place et les condi- 
tions de fonctionnement du tube sont maintenues con- 
stantes. Le faisceau direct dont la section au niveau du 
film est un étroit rectangle de 1 mm sur 0.2 mm était 
affaibli par une lame de cuivre de 0.265 mm d’épaisseur 
de facon 4 ramener le noircissement dd au faisceau 
direct au méme ordre de grandeur que celui de |’anneau 
de diffusion. 

Les densités photographiques étant inférieures a 
’unité nous admettons qu’elles sont proportionnelles 
aux intensités de rayons X recus, les intensités étant 
relevées par enregistrement des clichés au micro- 
densitométre. 

Nous mesurons pour chaque cliché le rapport Gy,/J; 
Ty étant lintensité diffusée au maximum de |’anneau 
4 l’angle de diffusion €, aprés avoir soustrait la diffu- 
sion a vide; J est l’intensité du faisceau direct. 

Nous prenons pour mesure de |’intensité du faisceau 
direct 7, la moitié de l’intensité maximum enregistrée 
sur la trace du faisceau direct. En effet celle-ci ayant 
un profil approximativement triangulaire, tout se passe 
comme si l’intensité était uniforme et égale a / sur une 
trace de méme largeur que la trace enregistrée. 


GUINIER: DURCISSEMENT 


STRUCTURAL 
TABLEAU V 


lempératures 
radian 


Homogénéisation 545 ().017 
130 0.0163 
160 0.014 
175 3.35 0.0118 


Pour une série de mesures nous avons obtenu les 


résultats suivants en faisant subir a |’échantillon le 


cycle décrit précédemment. 


Solent: 

I, Vintensité incidente sur l’échantillon (c’est-a- 
dire l’énergie tombant sur 1 cm? d’échantillon 
placé perpendiculairement au faisceau de 

rayons X). 
So surface irradiée sur |’échantillon. 
S, surface irradiée sur le piége. 
Kaiag facteur d’absorption de |’échantillon. 
Ko, facteur d’absorption du cuivre. 
h épaisseur de |’échantillon. 


r distance échantillon-film. 


Du rapport 74// nous pouvons déduire le pouvoir 


diffusant de lalliage i(e) c’est-a-dire le 
Vintensité diffusé 


diffusée par un électron libre J 


rapport de 


par de l’alliage a |’intensité 


. La formule de Thomson 
électron une 


relative a l’intensité diffusée 


distance r de l’échantillon est, pour les faibles ar 


par un 


7.9X10-*- To 


L’intensité diffusée par l’alliage est alors, Soh étant 


le volume de l’échantillon 


Soh-ilew):Ka 10 6. 
Tu 1) 
r2 


Pour le faisceau direct, écrivons la conservation de 


énergie sur toute section du faisceau par exemple 


immédiatement aprés l’échantillon et 
le piége. 
On a alors: 


— TSK. 1 


Des relations (1) et (2) on tire 7(€,;) en fonction de 
Tw 
Ky 
IT S\h7.9X10-* 
avec r=10 cm 


Ky }- 


0.005 cm 


soit numériquement 


10~° 


0.002 cm 


0.5 1027 


1(€ v) 


= 
| 
OL. 
3 
3) 
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DES ZONES \ 
Fic. 4. Schéma d’une zone. Répartition de la densité 


électronique en fonction du rayon des zones 


Nous allons maintenant évaluer 7(€,,) théoriquement 
d’aprés un modeéle de structure déterminé. 


Evaluation de i(é€x 


Nous prendrons comme modéle de structure pour la 
donnée par W. G. Le (Fig. 4) 
consiste en un noyau de densité électronique p; riche en 


zone celle schéma 


argent, entouré d’une coquille de densité électronique 


p2 inférieure a la densité électronique moyenne pp. On 
étant le volume de la zone. 


p v=f pdV 


(pi— p2) R= (po— p2) 


doit avoir, V 


c’est-a-dire: 
3 bis) 


conside- 


rent qu’elle peut étre évaluée par la diffusion de 2 


Dans le calcul de l’intensité diffusée, W. G. 
spheres: 


une sphére Re de densité électronique — (po—pz2). 


une sphére R; de densité électronique (pi1—pz2) 


nombre de 


V le 


diffusée est alors® 


Soit zones par cm 


A (€)= exp|. 
102 
— (4/3)rR* (po— ps2) exp{ — € (4) 


's, les concentrations atomiques en argent 


Soient Co, Cy, ¢ 


des trois régions considérées. Soient: 


l’amplitude 


3, 31955 
Zai:=nombre atomique de l’aluminium Z,);=13 
Zsg=nombre atomique de |’argent 
a: paramétre de la maille, a=4 A. Il y a 4 atomes 
par maille. 


La densité électronique est liée 4 la concentration par 
la formule suivante: 


4Z41(1—C) 4Z4,.C 
a” 


En faisant successivement C=C», C,;, Ce on obtient 
les densités électroniques des trois régions, noyau, 
auréole, milieu homogéne. 

De la relation (3 bis) on tire: 


“(4 


On voit que, étant faible,  représente approxi- 
mativement le nombre d’atomes d’argent rassemblés 
dans le noyau. 

L’expression (4) devient alors 


A(€)=N'n(Za,—Zai) 


XLexp( | 


10d 
Et l’intensité diffusée i(€) qui est telle que 7(€)= A*(e) 


devient 


Vn?(Zae—Zai)” 


i(€) 
(8) 


A langle de diffusion l’intensité diffusée maximum 
est alors i(€,;) et son expression doit étre égale a la 
valeur expérimentale: 

=0.5X Vn?(Zag—Zai)” 


x [ exp! — ke — ke F. 


Si nous déterminons R; et R: nous pouvons alors 
étudier les variations de .Vz? au cours des traitements 


thermiques. 


Détermination des rayons R, et R» 


Le choix des rayons doit étre fait de facon a faire 
coincider le mieux possible les courbes d’intensité 
observées et théoriques. Nous comparerons plutét les 
amplitudes pour simplifier les calculs. 

Nous utiliserons deux relations. 


4 
a 
4 
4rr- 
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1. la valeur de l’angle de diffusion pour le modéle En éliminant R; entre (13 
considéré doit coincider avec l’angle du maximum 
observé, qui est donné mathématiquement par: 8u"(1-u) Lu 


di(e) dA (e) 


0 soit \u 1) exp 


de de 


De chacune des courbes représentant la variation 
Posons R,/ Ro=u. La relation (9) fournit 

de l’amplitude en fonction de l’angle de diffusion nous 
exp| key? Re?) | évaluons la largeur /, et par conséquent ,/l)*, Nous 
tragons f(#) en faisant varier w de 0 a 1 et nous dé 

key? duisons graphiquement la valeur de correspondant a 
ul chaque valeur de w(€,//)*. De chaque valeur de # nous 

calculons la valeur de R, par la relation (14 

La mesure de / est assez délicate. I] faut déterminer la 


2. La deuxiéme relation exprime simplement l’allure Valeur de € pour laquelle |’amplitude atteint pratique- 


de la courbe de l’amplitude en fonction de l’anglede ™ent la valeur zéro. D’autre part pour e tres voisin d 


if 


diffusion. Nous caractérisons la forme de la courbe © il faut extrapoler la courbe A(e) car la largeur du 
par sa largeur /, rapport de son aire 4 son ordonnée —— Ple€ge Ne permet pas d’atteindre le centre du diagramme ; 
maximum on arrive prés du centre a e=0.005 radian. 


Les résultats numériques sont les suivants: 
Ade 
TABLEAU \ 
12) 


A 


€) est la valeur pour laquelle l’amplitude reprend 
pratiquement la valeur 0. 


La largeur est alors fournie trés simplement, a la fois 
expérimentalement et par le calcul. De (7) (11) et (12), 
on tire: 

13) 


fo irnies par ie calcul lorsq % I trempe l’é nantiion 
I | I 
1) 


dans ce tableau 


ayant subi l’homogénéisation 4 545°. Néanmoins nous 

La relation (10) s’écrit: rappelons que cet état est mal 
wlan Des relations (6) et | 1ous tirons les valeurs du 
produit .Vz, nombre par cm* d’atomes d’argent ségrégeés 


Rey" (’—1) ‘t de \V, nombre de zones par cm 


exp - R 


0.5 107! 


34 et a 


La proportion d’argent ségrégée, c’est-a-dire le rap- volume avant traitement thermique 
port entre l’argent rassemblé dans les noyaux des zones 
par unité de volume, 4 celui existant dans le méme 


STR UCTURAI 377 
et (14), on obtient: 
15) 
~) l 
( 
l 
130 1.51 0.46 30 65 
ey 1600 1.59 0.49 37 75 
7) 2 175 1.57 0.48 92 
Nous avons indiqué les valeurs 
Vn 16 
\ 
lor 
3a 
avec 
— 4. 
esl: 
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TABLEAU VI. 


Températures 


de revenu 


trempé 


22 500 


Les résultats concernant .Vn, n, .V et p sont réunis 


dans le tableau suivant: 
I] faut signaler que les chiffres du Tableau VI ne 


peuvent étre considérés comme des ordres de 


grandeur étant donné le caractére schématique du 


que 


modeéle adopté et le amnque de précision des mesures 
effectuées. 

Pour obtenir les valeurs numériques du nombre de 
zones, il faut choisir les valeurs des concentrations C, 
et Cy. On peut admettre que |’auréole est trés pauvre en 
argent c’est-a-dire C) voisin de 0. Quant aux noyaux 
enrichis il est logique de penser qu’ils contiennent encore 
de l’aluminium puisque méme dans le précipité d’équi- 
libre il y a deux atomes d’argent pour un d’aluminium. 
Si nous adoptons C,;=0.5 on voit qu’au maximum, i/ y 
aurait 40% des atomes d’argent ségrégés. Dés le début de 
des une proportion considérable 
d’atomes d’argent est ségrégée. C’est résultat im- 
portant qui avait déja obtenu sur l’alliage aluminium- 


la formation zones 


un 


cuivre. 

Mais sans préciser la valeur de C;—C2, et simplement 
en admettant qu’elle varie peu pendant le durcissement, 
le tableau VI montre que le nombre de zones croit 
d’abord avec la température puis décroit. Il en est de 
méme pour le nombre d’atomes d’argent ségrégés. Donc 
quand le revenu se poursuit 4 des températures su- 
périeures a 130°C, il y a disparition de nombreuses petites 
seul un nombre relativement faible est 
développer. Il y a donc comme phé- 
noméne essentiel 4 partir de 130° et quand le revenu se 
poursuit jusqu’a 185°, dissolution des petites zones. Or ces 
petites zones sont beaucoup plus efficaces quant a la 
dureté de l’alliage que les quelques zones volumineuses 
subsistantes. D’ou la décroissance de la dureté au cours 


zones d’argent et 


susceptible de se 


du durcissement a froid aprés qu’on ait dépassé le stade 
ou les petites zones sont développées au maximum qui 
se place aux environs de 130°. 

Les atomes d’argent libérés 4 185°C par dissolution 
des zones sont disponibles pour se déposer autour des 
germes de précipité si la température croit: c’est le 


processus de durcissement a chaud. Si au contraire on 


0.09 


porte 4 nouveau l’alliage 4 une température inférieure 
(130°, par exemple) les atomes d’argent pourront re- 
former des petites zones et un nouveau durcissement a 
froid se produire. Pendant ce temps les quelques zones 
volumineuses qui subsistaient 4 185° resteront in- 
changées ou se développeront encore légérement. 

doit rendre pour justifier cette 
explication de la réversion, du fait que les nouvelles 


Mais on compte, 
petites zones reformées aprés réversion ne sont jamais 
visibles sur les diagrammes. La raison en est que le 
pouvoir diffusant des zones croit trés rapidement avec 
leur diamétre si bien que dans un mélange de zones de 
différents diamétres les petites zones ne produisent pas 
d’effet visible auprés de la diffusion des grosses zones. 
Un calcul simple permet de préciser ce point: soit une 
zone de rayons R,, Ry et une zone de rayon moitié 
R,/2 et R2/2; lVintensité diffusée par la premiére a 
angle de diffusion maximum, est 


ty 
x — ke uw exp! ke 
l’intensité diffusée par la deuxiéme est: 


1 y = 
key”? 


x 


exp— 


et =2e€ on a donc finalement 


=0.012. 
64 


Si donc il se forme un nombre égal de zones (Rj, Re) 
et de zones (Ri/2, R2/2) lintensité diffusée par les 
petites n’est que 1.5% de l’intensité diffusée par les 
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BELBEOCH anp GUINIER: DI 
plus grosses. I] est pratiquement impossible d’espérer 
déceler le large anneau de la petite zone & cété du petit 


anneau de la grosse zone. 


CONCLUSION 


Ainsi une étude détaillée des diagrammes de rayons 
X nous a ramenés a une explication du durcissement a 
froid proche de celle adoptée pour l’alliage AlCu, et 
voisine également des idées émises par Késter. Le 
durcissement a froid serait di 4 la présence de petites 
zones qui ne sont pas stables 4 haute température et se 
redissolvent pour la plupart. Certaines seulement subis- 
sent aprés avoir grossi suffisamment. 
difficultés de la corrélation 
physiques avec les diagrammes de rayons X viennent 


Les des propriétés 
de ce que les rayons X sont beaucoup plus sensibles aux 
zones volumineuses, alors que les propriétés physiques 
dépendent principalement des zones plus petites. Aussi 
la structure déduite directement des diagrammes n’est 
pas susceptible d’expliquer |’évolution des propriétés 
mécaniques. I] faut, en se basant sur les modéles de 
par X, 


admettre des structures qui ne sont pas en contradiction 


rassemblement d’atomes révélés les rayons 
avec les observations mais ne sont pas directement 
prouvées. 

Il se trouve que cette difficulté ne se rencontre pas 
avec l’alliage aluminium-cuivre. En effet dans ce cas a 
cause de la forme des zones (plaquettes) et aussi de leur 
structure (le réseau de la matrice est distordu a cause 
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de la différence des diamétres atomiques entre |’alu- 
minium et le cuivre), les zones méme trés petites sont 
peuvent pas augmenter de dimensions sans changer de 


Ainsi 


directement |’évolution des zones qui sont responsables 


décelables aux rayons D’autre part les zones ne 


structure. les rayons permettent de suivre 
du durcissement a froid. II n’en est pas de méme pour 
l’aluminium-argent mais nous pensons qu’il s’agit d’une 
simple modification des conditions de |’expériences et 
différence 


ségrégation des atomes. 


non d’une fondamentale du processus de 
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CONSTANTES ELASTIQUES ET FROTTEMENT INTERIEUR DE L’ALUMINIUM POLYGONISE* 


J. FRIEDEL, C. BOULANGER et C. CRUSSARD}{ 


L’aluminium polygonisé a gros grains présente, 4 haute température, une forte baisse du module d’Young 
accompagnée d’un frottement intérieur élevé. La baisse du module est attribuée a la mise en mouvement des 
parois de polygonisation. Son étalement sur une large intervalle de température ainsi que la chaleur d’activa 
tion complexe qui la régit semblent indiquer la superposition de plusieurs phénoménes de relaxation: sans 
doute microfluage et diffusion des dislocations hors de leurs plans de glissement (‘‘climb”’). Cette interpréta 
tion suppose que dans l’aluminium |’énergie de formation des crans (“‘jogs”’) est de l’ordre de 0.7 a 1 eV. 


ELASTIC MODULUS AND INTERNAL FRICTION OF POLYGONIZED ALUMINIUM 


In polygonised coarse-grained aluminium, one can observe at elevated temperature a strong drop of 
Young’s modulus, while the internal friction reaches high values. The drop of modulus is attributed to dis 
placements of the dislocation walls of the polygonised structure. The fact that it spreads over a large tem 
perature interval, as well as the complex activation energy of the phenomenon, seems to prove that it is due 
to the joint contribution of several relaxation mechanisms: probably microcreep and climb of dislocations 
\ccording to this explanation, the energy of jog formation on dislocations should be about 0.7 to 1 ev, in 


aluminium 


ELASTIZITATSKONSTANTEN UND INNERE REIBUNG BEI 
POLYGONISIERTEM ALUMINIUM 


1 grosse Kérner polygonisiertes Aluminium zeigt bei hohen Temperaturen einen sehr starken Abfall des 

ing Moduls, der von einer Erhéhung der inneren Reibung begleitet wird. Der Abfall des Moduls wird 
Beginn der Bewegung der Grenzflachen der Polygone zugeschrieben. Seine Auswirkung iiber einen 
grossen Temperaturintervall, sowie die zusammengesetzte Aktivierungswarme, die die Bewegung lenkt, 
scheinen zu zeigen, dass eine Uberlagerung von mehreren Erscheinungen der Relaxation vorliegt: Es sind 
dies ohne Zweifel das Mikrofliessen und die Diffusion der Versetzungen aus ihren Gleitebenen heraus 
“climb’”’). Diese Deutung setzt voraus, dass beim Aluminium die Bildungsenergie der Fehlstellen (‘‘jogs” 


in der Gréssenordnung von 0.7 bis 1.0 eV liegt 


1. INTRODUCTION un chauffage d’une heure a 50°C au-dessous de la 

On sait que des parois de polygonisation se déplacent lu premier re¢ le poly — 
Des diagrammes Laue effectués par transmission 

(Fig. la) montrent un astérisme important, ce qui 

prouve que le métal n’a pas recristallisé. Des dia- 


par glissement sous des contraintes suffisantes; ce type 
de mouvement, prédit par Bragg! puis par Shockley, a 
été clairement mis en évidence par Parker et Washburn.” “ ge 
Les récentes expériences de Betteridge* peuvent s’in- grammes en retour 4 grande distance mettent en évi- 
terpréter dans ce sens, en admettant que les dislocations dence la fragmentation de cet astérisme (Fig. 1b) due 
présentes, arrangées en parois, subissent sous des con- 4 la polygonisation; celle-ci subsiste sans changement 
traintes trés faibles un certain microfluage. Les expéri lors de traitements ultérieurs 4 température méme 
ences décrites dans cet article fournissent l’occasion de lege eanete Supenecure a celle ou elle a été obtenue. ; 
L’examen aux rayons X montre que, dans un grain, 


préciser les conditions dans lesquelles s’opére ce 
la désorientation entre blocs voisins est de l’ordre de 10’. 


microfluage. 
La distance X entre dislocations sur les parois de 


2. RESULTATS EXPERIMENTAUX polygonisation est donnée par 6/¥=10'=3.10~* rad 


2-1. Traitement de Polygonisation TABLEAU I. Composition des alliages d’aluminium utilisés. 


Les expériences ont porté sur des fils de 0.4 mm de 
diamétre d’aluminium ou d’alliages a base d’aluminium ssignation Si % Fe ‘ 


dont la composition est reportée dans le Tableau I.* A1 99.995 0.0022 0.0015 0.001 
Ces fils sont d’abord recuits 4 une température voisine \1 99.96 0.012 0.018 0.010 
AI-Si 0.15 0.15 

du diamétre du fil; puis ils sont écrouis en les enroulant ALCu 0.4 0.005 0.01 0.41 

sur un cylindre de 4 mm de diamétre, déformation faible \l-Cu I 0.01 0.01 1.04 

Al-Cu 3 0.005 0.01 3.12 

\l-Mg 4 0.020 0.009 

Al-Ca 0.7 0.04 0.02 

Al-Ca 2.4 0.04 0.02 


du solidus de facon 4 obtenir un gros grain, de l’ordre 


qui ne dépasse pas |’écrouissage critique; de cette facon 

* Received November 17, 1954 

t Institut de Recherches de la Sidérurgie, Saint-Germain-en 
Laye, France. 
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Caminoniticn 
0.4" 
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(6~3.10-*= une distance interatomique); Y est don 
de ordre de 10~° cm. Ceci permet de calculer directe- 
ment la taille / des blocs de polygonisation, s’ils sont 
équiaxes: une coupe par un plan perpendiculaire a |’axe 
d’enroulement (Fig. 2), montre que le bobinage sur le 
cylindre de diamétre d, suivi de recuit, a laissé par cm? 
1/1 X=2/bd dislocations d’un signe en excés; d’ot 
l~bd/2X~5.10~' cm pour d=0.4 cm, en accord avec 
le nombre de sous-grains que l’on peut déduire des 
points de la figure 1b. Des valeurs du méme ordre ont 
été observées par Hedges et Mitchell* sur le bromure 
d’argent (I~10-* cm; cm). 


Fic. 1. Clichés Laue d’aluminium polygonisé 


(a) par transmission; (b) en retour, a 12 cm 


La dimension des ‘ains observée dan 
épro ivettes est voisine de celle 
saique”’ des métaux recristallisé 
aréte § de § bloc s sont constituées par lé 
structure mosaig niliale du fal avan 
Nous noterons que Cahn® a observé sur 
] 


cristaux d’aluminium trés pur et aprés 


qul coalescent a 
beau oup plus gros que les 1 
de millimétre d’épaisseur. La Fis compare 
matiquement des blocs polygonisés de ces deux 
et un bloc de la structure mosaique | 
concourent probablement a cette « 
a) les cristaux de Cahn étaient 
Sage ( ritique. La finesse des 
et les faibles li 
ire mosaique 
Nos cristaux proviennent au contraire de fil 
écrouis dont la recristallisation doit laisser sul 
grand nombre de dislocations, formant 
mosaique plus fine et complexe. Cette 
ignée par |’étude de Lacombe 
insulaires. 


b) les cristaux de Cahn déformés ave 


extréme; leur orientation est choisie de facon 
seul systéme de glissement entre en jeu. Les bou 
dislo ations créées sont probablemer grandes el 
réarrangent assez facilement en grand iS } 

formées de dislocations-coil Ss, qui correspond 


configuration |: is stable. Dans nos expérien 


contraire, les cristaux étant orientés au 
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Fic, 3. Schémas de blocs mosaiques et polygonisés. (a) structure 
mosaique; (b) polygonisation observée ici; (c) polygonisation de 


Cahn. 4 cm; cm; L~107! cm; L’~ 107 cm; 
cm. 


déformation a mis en jeu plusieurs systémes de glisse- 
ment, comme le prouve le fait que |’astérisme produit 
un étalement non seulement dans la direction de flexion, 
mais aussi dans une direction perpendiculaire (ce qui 


O 100 


200 300 400 500 600 !700 
Température°C 


Fic. 4. Variation du module d’Young de |’aluminium 99.96 
polygonisé. 1: 1 cycle en 48 min; 2: 1 cycle en 15 sec. Trait 
pointillé: extrapolation E de la variation de basse température; 
AE: anomalie du module. 
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peut étre dé aussi 4 des torsions parasites) ; les parois de 
polygonisation qui en résultent aprés recuit peuvent 
donc étre composées de plusieurs sortes de dislocations ; 
elles peuvent avoir des orientations plus quelconques 
et coalescent mal. 

Les fils polygonisés ont été comparés 4 des fils 
“recristallisés,” c’est-a-dire enroulés a l’€état écroui, puis 
recuits dans les mémes conditions que les premiers, ce 
qui produit une structure recristallisée 4 gros grains. 


2-2. Module d’Young 


Les fils, enroulés en ressorts 4 boudin, ont été essayés 
dans l’appareil déja décrit par l’un de nous,’ légérement 
modifié pour pouvoir décrire des cycles trés lents. 
Rappelons que le fil est déformé par des flexions alternés 
faibles (déformation maxima™10~*) et lentes (1 cycle 


Température’ C 


300 400 500 


e-O 


Fic. 5. Anomalie relative —AE/E du module et frottement 
intérieur 6 pour l’aluminium 99.96% polygonisé. Traits pleins: 
—AE/E; traits pointillés: 6. 1: 1 cycle par 48 min; 2: 1 cycle 
par 15 sec. 


en 4 sec; en 15 sec; en 48 min). Le module d’Young et le 
frottement intérieur ont été mesurés a des températures 
T allant de l’ambiante a la température de fusion 77. 

La figure 4, pour l’aluminium 99.96%, montre que le 
module d’Young s’écarte au-dessus de 200—300°C, de 
sa variation lente et linéaire des basses températures, 
et baisse assez brusquement jusqu’a environ le 1/10@me 
de la valeur extrapolée a partir des basses températures. 
On obtient les mémes valeurs du module au chauffage 
et au refroidissement, tant que la température de 
640°C n’est pas dépassée (Fig. 7). 

La variation du module dépend de la fréquence. Mais 
les courbes donnant —AE/E (E valeur extrapolée des 
basses températures, AE anomalie) en fonction de 1/T 
ne correspondent pas a une chaleur d’activation unique: 
elles se resserrent aux hautes températures (Fig. 5) 
comme si l’anomalie comprenait deux parties régies par 
des chaleurs d’activation différentes, de l’ordre de 35 a 
40 Kcal/mole a basse température (vers 300° 4 350°C 
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Fic. 6. Frottement intérieur de |’aluminium 99.995 partielle- 
ment polygonisé pour 1 cycle en 4 sec et 2 amplitudes. (a) trait 
plein: amplitude nulle (extrapolation); (b) trait pointillé: ampli 
tude de la déformation 10~*. On a reporté aussi la variation du 
module E/ £29. 


pour 1 cycle par 15 sec) et de 55 4 60 Kcal/ mole a plus 
haute température (vers 500° 4 550°C pour 1 cycle 
par 15 sec). 

Les autres alliages d’aluminium utilisés donnent des 
résultats analogues avec de petites différences dans 
l’état de polygonisation, la température de début de 
l’anomalie et la chaleur d’activation. 

On n’a pu décider expérimentalement si ces différences 
proviennent d’une action des différentes impuretés sur 
’état de polygonisation ou sur la mobilité des parois 
une fois formées. Chaque élément a toutefois son action 
propre. Les résultats obtenus avec les alliages Al-Cu 
sont trés voisins de ceux obtenus avec |’aluminium 
99.96%. Le silicium et le magnésium semblent géner la 
polygonisation, et les différences entre les courbes dans 
les états recristallisés et polygonisés sont faibles. Dans 
les alliages Al-Ca, les grains sont plus fins, la polygonisa- 
tion moins nette et |l’amortissement toujours fort; 
l’anomalie du module commence environ 100 degrés 
plus bas et la chaleur d’activation est plus faible; 
enfin l’anomalie subsiste en grande partie dans |’état 
“recristallisé.”’ 

Enfin dans |’aluminium 99.997% et pour les cycles 
les plus lents, le module semble pratiquement s’annuler 
aux hautes températures: des contraintes infimes 
suffisent 4 produire une déformation plastique. Ceci est 
di sans doute 4 une migration des joints de grains, qui a 
été effectivement observée dans ce cas par les traces 
qu’elle laisse sur la surface du fil. 
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2-3. Frottement Intérieur 


Le frottement intérieur 6 prend de fortes valeurs et 
devient critique (6~1) ou méme parfois hypercritique 
a hautes températures. La figure 5, pour |’aluminium 
99.96, montre qu’il prend en fait des valeurs voisines 
de —AE/E et un peu supérieures a celles-ci, surtout 


pour les cycles rapides. I] faut cependant remarquer que 


la mesure de frottements hypercritiques est peu précise, 
et celle du module correspondant difficile 4 interpréter. 
La figure 6 montre que, pour les cycles rapides, 6 aug- 
mente un peu avec |’amplitude des déformations, sur 
tout aux hautes températures. 


2-4. Aluminium Recristallisé 


Des mesures ont été faites sur de l|’aluminium 99.96 
recristallisé 4 gros grain (de facon a éviter le glissement 
visqueux de Ké aux joints de grains). Les Figs. 7 et 8 
montrent que, pour 1 cycle en 15 secondes, |’on observe 
400°C 
intérieur 6 croissant 


audessus de 300° a une anomalie de module 
—AE et un frottement 
température et plus faibles que pour |’aluminium 
polygonisé : 6 et —AE/E sont de |’ordre de quelques 


dixiémes seulement au voisinage du point de fusion. 


avec la 


Une polygonisation incompléte, qui n’affecte que 
certains grains, donne des résultats intermédiaires entre 
ceux des métaux recuits et polygonisés (Figs. 7 et 8). 
La Fig. 8 souligne le parallélisme entre la chute du 
module et l’augmentation du frottement intérieur. 


E 


100 200 300 400 500 600 '700 
Température? Cc Va 


Variation du module d’Young de l’aluminium 99.96. 1 


Fic. 7. 
polygonisé; 2: polygonisation imparfaite; 3: recristallisé 
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Fic. 8. Frottement interieur 6 et anomalie relative 
module dans l’aluminium 99.96. 1: 


recristallisé. Trait plein 


polygonisé; 2: 
grains polygonisés et recuits; 3: 


Trait pointillé 6 


Une description plus compléte des résultats expéri- 
mentaux sera publiée prochainement.’ 


3. INTERPRETATION DES RESULTATS. BAISSE DU 
MODULE D’YOUNG A HAUTE TEMPERATURE 


Comme la taille des grains est de l|’ordre du diamétre 
du fil, 
Ké,!" et la forte baisse du module d’Young observée a 
haute température ne peut pas étre attribuée a un 


on est dans les conditions de ‘‘monocristal’’ de 


glissement visqueux aux joints de grains, sauf, partielle- 
ment, dans les alliages Al-Ca a grains fins, ot l’anomalie 
de viscosité intergranulaire subsiste effectivement dans 
les fils recuits. 

La baisse du module s’explique en fait de fagon 
satisfaisante si l|’on admet que les dislocations des parois 
de polygonisation se déplacent facilement a haute tem- 
pérature par glissement et diffusion sous l’action des 
contraintes appliquées. 

Ces déplacement sont élastigues si les arétes et les 
sommets des blocs de polygonisation sont bloqués. 
Nous justifions ce point aprés avoir calculé l’anomalie 
prévue (par. 3) 

Un blocage progressif des parois quand la température 
décroit peut expliquer la disparition de l’anomalie de 
module aux basses températures; il donne lieu a une 
hystérésis qui s’accompagne de frottement intérieur. 
Nous interprétons ce blocage en termes de microfluage 
et de diffusion des dislocations (par. 4). 


3-1. Baisse du Module 


La présence dans le cristal d’un systéme d’arcs de 
dislocations fixés 4 leurs extrémités et mobiles dans un 


plan sous l’action d’une force ob due aux contraintes 


appliquées produit un cisaillement supplémentaire 


1955 


VOL. 3 
(Fig. 9, 
Ae=.V Ab= VP b/12p= NP o/ 6pa(X), (1) 


si A est l’aire décrite par l’arc PQ de longueur /, p son 
rayon de courbure, uw le module de cisaillement et qu’il 
ya_N tels arcs par unité de volume. Enfin, a(X¥)~(27r)"! 
< Ln(2X/b) est un facteur voisin de l’unité, dans le cas 
présent ow les dislocations sont distantes de Y~10~° cm 
sur les parois. 

Les déformations Ae sont élastiques, car elles sont 
réversibles et proportionnelles aux contraintes a. Le 
déplacement des arcs de dislocation produit done un 
abaissement des modules élastiques. Le calcul de cette 
l’on connaisse les relations 


anomalie demande 


exactes de o et Ae avec les contraintes appliquées et la 


que 


déformation macroscopique du cristal. Ces relations 
dépendent d’un certain nombre de facteurs: nature des 
contraintes appliquées (flexion, torsion) ; répartition des 
systémes de glissement des arcs de dislocation; nature 
de leur déplacement (glissement, diffusion). Si l’on se 
limite 4 une contrainte de flexion ¢, et si l’on suppose 
des systémes de glissement répartis au hasard dans le 
cristal,* un calcul simple de moyenne donne pour les 
déformations du cristal Aeg, Aed produites respective- 
ment par le glissement des arcs de dislocation et 
leur diffusion perpendiculairement a4 leurs plans de 
glissement: 
VPo, 
2 Acd= (2) 
48a u 


Aeg 


On peut se rendre compte qualitativement des raisons 
pour lesquelles les coefficients de proportionnalité de 
Aeg et Aed avec oc, sont inférieurs au rapport entre Ae 
et o (formule 1); il est en effet évident que Aeg et Aed 
sont inférieurs 4 Ae, et o plus petit que o,. En outre, 
Aed est supérieur 4 Aeg du fait que les moyennes opérées 
sur o dans les deux cas sont différentes: en effet, si = est 
le tenseur des contraintes appliquées et n le vecteur 
normal au plan ow se déplace l’arc de dislocations, on 
a’ ob= (nb); le vecteur de Burgers b est normal a n 
pour le glissement, tandis que dans la diffusion, l’angle 
entre les deux vecteurs varie de 0 a 7/2. 

Si donc seuls les glissements sont permis (d’aprés 
l’équation (2), l’anomalie AEg du module d’Young sera 
donnée par 


ou ¢ et E sont la déformation et le module du cristal 
parfait ; E+A£g est le module mesuré négatif). 


* Tl faut remarquer que, si tous les plans de glissement étaient 
inclinés 4 45° sur l’axe du fil, Aeg serait double de la valeur donnée 
par l’équation (2). Le cas réel doit se situer entre ces deux extrémes, 
car la polygonisation a été obtenue par une flexion qui a introduit 
des glissements inclinés sur |’axe d’un angle pas trés éloigné de 45 
(sans compter ceux produits par les torsions parasites). Mais la 
valeur exacte du coefficient de l’équation (2) n’a pas de répercus 
sion important dans la suite. 
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Fic. 9. Arc PQ de dislocation sous l’action d’une contrainte ¢ 


Aux températures assez hautes pour que les arcs 
puissent diffuser, le déplacement des arcs de dislocation 
peut s’analyser en un glissement et une diffusion nor- 
malement au plan de glissement; les déformations 
correspondantes Aeg et Aed s’ajoutent car elles sont dues, 
pour chaque arc, 4 des composantes différentes du 
tenseur des déformations. D’ot pour |’anomalie AE du 
module d’Young: 


Aeg+Aed AE NP 


™ 


€ E+AE 


Pour des blocs de polygonisation de taille / (Fig. 3b) 
dont les arétes sont 


les parois; donc 


fixes mais les parois mobiles, 


si les dislocations sont distantes de Y sur 


Comme X</, les déformations dues au déplacement 
des dislocations sont beaucoup plus fortes que celles du 
cristal parfait, et les modules élastiques deviennent trés 
petits. Les valeurs de / et XY mesurées au paragraphe 2-1 
donnent /~50X, donc (E+AE)/E~1/8 si les disloca- 
tions peuvent diffuser: le module du cristal polygonisé 
n’est plus qu’environ le dixiéme du module du cristal 
parfait, en bon accord avec |’expérience. 

L’équation (3) donne, pour la méme valeur de //X, 
(E+AEg)/E™1/4: la majeure partie de l’anomalie peut 
s’obtenir par simple glissement des dislocations. 

I] est intéressant de noter pour finir que l’anomalie de 
module n’est pas liée a la taille des arcs de dislocation, 
mais seulement a leur arrangement géométrique. Elle 
serait en particulier beaucoup plus forte pour une 
polygonisation en lamelles du type observé par Cahn pour 
laquelle on aurait, si les arétes des blocs sont fixes et les 
parois mobiles, VL'~L’/L’Y, pour des lamelles de 
tailles L, d’épaisseur L’ et des dislocations distantes de 
Y sur les parois (Fig. 3c). Avec des valeurs raisonnables 
cm, L’~10- cm et Y~10~ cm, on aurait ainsi 
(E+AE)/E~10~. 

Inversement, pour la structure mosaique d’un métal 
recristallisé (Fig. 3a) l’anomalie doit étre faible: VP~1 
et si les dislocations peuvent diffuser, —AE/E~™1/7. 
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On observe effectivement une anomalie de cet ordre 
a haute température dans divers métaux (Mg, Al, Cu, 
Ag, cf.? 


obtenue pour l’aluminium 99,96, | 


La Fig. 8 donne |’anomalie que nous avons 
1e anomalie de méme 
ordre, quoique plus faible a été observée dés la tempéra- 
argent recristallisés 


ture ordinaire dans le cuivre et 
imparfaitement recuits ou les nuages d’impuretés 
n’ont probablement pas eu le temps de se former, du 
fait de leur diffusion assez lente dans ces métaux. 
Comme dans ce cas seuls les glissements sont possibles, 
on devrait s’attendre a ce que |’anomalie soit déterminée 


, et atteigne ainsi 5°: en fait 


par l’équation (3 l’ano- 
malie observé n’atteint que 1 4 2%. Une bonne partie 
des dislocations de la structure mosaique semble donc 
bloquée, soit par les atomes d’impuretés qui ont eu le 
temps de diffuser, soit parce que ce sont des “‘barriéres 
de Cottrell’”’ qui sont spécialement stables 

métaux. 

Enfin quand l’éprouvette est partiellement polygonisée, 
la Fig. 7 montre que, comme on doit s’y attendre, 
l’anomalie de module est intermédiaire entre celles des 
métaux recristallisés et polygonisés. C’est probablement 
aussi ce qui s’est produit dans les monocristaux ‘‘anor- 
Baker, Slifkin et 


état initial était probablement polygonisé et 


maux”’ de germanium étudiés par 


Marx? 


les recuits successifs ont amené une recristallisation 
progressive qui a réduit l’anomalie. Si cette interpréta- 
‘ayons X de la taille 


des blocs polygonisés permettrait, a l’aide des con- 


tion est exacte, une mesure aux 


sidérations du paragraphe 4-2, de déduire de la tem- 
pérature de baisse du module |’énergie de liaison des 


impuretés aux dislocations dans le germanium. 


3-2. Stabilité de la Structure Polygonisée 


Pour que les dépla ements que nous venons d’analyser 


puissent se produire de fagon réversible, il faut que la 


structure poly gonisée soit stable. 


\ température suffisante pour que les précipités soient 


dissous, que les nuages d’impuretés soient mobiles et 


que les crans diffusent sous l’action des contraintes 


appliquées, les seuls points d’an rage possibles pour 1es 
arcs de dislocation sont les points triples qu’ils torment 
tre assez stables si, comme 


entre eux. Ceux-ci doivent é 


semble |’indiquer la taille des blocs polygonisés, leurs 
arétes sont constituées par les dislocations de la struc 


ture mosaique initiale avant écrouissage (cf. par. 2-1 
Celle-ci, ayant résisté 4 une longue histoire de traite 
ments thermiques, doit étre particuli¢rement stable: ses 
points triples sont en équilibre sous la tension de ligne 


et un certain nombre des arcs sont probablements des 


barriéres de Lomer Cottrell.’ Les points triples les plus 


instables, c’est-a-dire ceux qui se déplacent i€ plus 
(par glissement ou diffusion) sous l’action des 


contraintes appliquées, disparaissent sans doute lors des 


facilement 


premiéres oscillations; leur nombre doit étre faible, car 
ic 


la structure polygonisée ne présente aucun grossisse- 


ment apparent lors de ces oscillations. 
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On peut d’ailleurs noter qu’aux températures assez 
basses pour que les dislocations ne puissent diffuser, les 
sommets des blocs polygonisés sont fixés, en majeure 
partie, du fait que les plans de glissement des arétes et 
des dislocations de parois qui les entourent n’ont le plus 
aucune direction commune. Un sommet de 
bloc peut en effet glisser si quatre systémes de disloca- 
tions (les trois arétes et les dislocations des parois) ont 
au moins une direction commune de glissement. Un 
calcul simple montre que, dans le systéme cubique a 
faces centrées, la probabilité d’une telle configuration 
est 33-~3 si les systémes de dislocation ont des plans de 


souvent 


glissement répartis au hasard. Les considérations pré- 
cédentes réduisent cette proportion. 


4. FROTTEMENT INTERIEUR ET BAISSE DE MODULE 
AUX TEMPERATURES INTERMEDIAIRES 


4-1. Relaxation 


L’anomalie de module disparait progressivement a 
basse température (Fig. 4 et 5) par suite sans doute 
d’un blocage des parois. Le frottement intérieur 6 
indépendant de |’amplitude qui accompagne cette baisse 
d’anomalie est sans doute lié & un phénoméne de 
relaxation. 

Les variations de 6 et de —AE/E mesurées (Figs. 4 
et 5) ne peuvent cependant pas correspondre a un 
mécanisme de relaxation unique. Des calculs classiques'® 
montrent que dans ce cas la chute de module (entre 1% 
et 99° de relaxation) se ferait dans un intervalle de 
température AJ beaucoup plus réduit: AT~(k7T/U) 
log 100, soit environ 100° pour les températures 7 et 
les chaleurs d’activation U’ observées; le frottement 
intérieur présenterait un pic trés fort, de méme largeur, 
centré 4 la température ot le module est relaxé de 
moitié, et dont le maximum serait d’environ: 


Or 
soit 


4(10) 
pour (£+AE)/E~1/10. 
L’étalement de la baisse de module sur un plus grand 

intervalle de température semble indiquer que plusieurs 

mécanismes de relaxation entrent en jeu, dotés de 
chaleurs d’activation différentes. C’est ce que semble 
indiquer aussi la variation de AE/E avec la fréquence 

(Fig. 5). La baisse de module s’étale évidemment dans 

l’échelle des fréquences en méme temps que dans celle 

des températures; il lui correspond un pic de frottement 
intérieur affaibli et élargi. 

Nous proposons de relier la relaxation aux “‘basses”’ 
températures (300° 4 500°) au glissement des disloca- 
tions par microfluage, les nuages d’impuretés bloquant 
toutes les parois 4 température assez basse. La relaxa- 
tion a “‘haute”’ température (500° 4 600°) est attribuée 
a la diffusion des dislocations hors de leurs plans de 


3, 2955 

glissement. Nous allons montrer que ces deux types de 
mécanismes ont des chaleurs d’activation raisonnables 
et que leur relaxation doit s’étager dans la zone des 
températures observées. Le frottement intérieur total, 
trop complexe, ne sera pas étudié. Nous montrerons 
ailleurs’ que le pic de frottement interne 6 est déplacé 
vers les hautes températures quand plusieurs méca- 
nismes de relaxation de chaleurs différentes et voisines 
agissent simultanément. Ceci pourrait expliquer la 
croissance continue observée pour 6 avec la température.* 


4-2. Microfluage 
Diffusion des impurelés 


Appliquant les considérations de Cottrell’ sur le 
microfluage de Chalmers,'’? nous supposerons que les 
dislocations entourées de nuages d’impuretés 
qu’elles doivent entrainer dans leur déplacement. 

Cette interprétation semble raisonnable pour les 
raisons suivantes: 1°—L’anomalie dépend peu de la 
nature et de la concentration des impuretés et est 
indépendante des conditions de chauffe; elle varie par 
contre avec la vitesse des déformations. Ceci exclut la 
possibilité d’expliquer l’anomalie en invoquant une 
libération progressive 4 haute température, par dissolu- 


sont 


tion de précipités. 
2°—Le long recuit de polygonisation 4 600°C a 


permis la formation de nuages appréciables autour de 
chaque arc de dislocation: méme dans |’aluminium 
99.997, pour la densité de dislocation réalisée ici, on 


dispose d’une centaine d’atomes d’impuretés par lon- 
gueur atomique 6 de dislocation. 


? 


3°—Les contraintes o sont faibles (5-10° dynes/cm? 
au maximum a basse température, 5-10° dynes/cm? a 
haute température) et les déformations lentes: pour 1 
cycle en 15 secondes, la vitesse moyenne de déplacement 
des dislocations est r~4/iv—-~3 -10~* cm/sec, car la fléche 
prise par les arcs de dislocation (Fig. 9) est h~P/8p 
~Poa/ub10-° cm. Ces valeurs sont inférieures aux con- 
ditions limites établies par Cottrell pour le microfluage: 


c= 28ART 


c est ici la concentration des impuretés, D leur coefficient 
de diffusion et 3\=const. 7~! la distance maximum de 
trainage du nuage derriére la ligne de dislocation (dis- 
tance au-dela de laquelle la dislocation est arrachée au 
nuage). L’impureté prépondérante ici est vraisemblable- 
ment le fer; A\~15d est une valeur raisonnable dans ce 
cas.4 Avec D~10~'° cm? sec! et c10~, pour l’alu- 
minium le plus pur, ceci donne ¢,~10' dynes/cm* et 


?.<~10- cm/sec. 


* Sur la Fig. 6, la coissance de 6 avec la température se fait en 
deux étapes: il semble que dans ce cas, on ait effectivement séparé 
les mécanismes de “‘basse”’ et de ‘“‘haute” température (microfluage 
et diffusion). Les raisons de ce comportement seront discutées 
dans un autre article.® 
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Température de relaxation 


Le frottement di au trainage du nuage est propor- 
tionnel a la vitesse.’ L’élément situé au centre de |’arc 
de dislocation, de coordonnées (h,0) sur la Fig. 9, se 
déplace donc en suivant une équation du type: 

Ox 


oy" 


(6) 


ou ab est la force appliquée dans le plan de glissement ; 
QO= ub 'a est la tension de ligne, et P le coefficient de 
frottement de la Le terme d’inertie est 
négligeable dans ces mouvements lents.'* D’aprés 
’équation (1), pour de petits déplacements, 0?x/ dy" 
= 1/p=8h/P=12Ac/ l’équation (6) se met donc 
aisément sous la forme 


dislocation. 


3 P 


c= Ae+ 
2 dt 
car le cisaillement dans le plan de glissement da au 
déplacement d’une dislocation est Ae/.V = 3/bx. 
Introduisant la contrainte de flexion o, et la déforma- 
tion moyenne Aeg due au glissement des parois, le calcul 
de moyennes du paragraphe 3-1 permet d’écrire 


18k 12P dAeg 
— — 
NB Ni? at 
Aeg représente la fraction de la déformation totale qui 
est déphasée par rapport a a, d’un angle ¢, déterminé 
d’aprés (8) par 


To 


lgg=2mrvx = 
3E PR 


en appelant 7, le temps de relaxation 4 o=Cte. Or on 
sait'® qu’en introduisant le 
déformation constante 


temps de relaxation a 


E+AEg 


ToT? 


E 


on doit trouver le maximum du frottement intérieur a 
une température 7, pour laquelle 


(10 


En portant dans cette équation les valeurs trouvées ci- 
dessus pour 7, et r,, et en tenant compte de ce que d’aprés 
Cottrell,?’ avec D= Dy exp(—UV/kT), 
on trouve: 

U; 
NPy 


1+ 
18 


(11) 
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Dans le cas de nos essais sur |’aluminium, si 7; est de 


l’ordre de 650°K, cette équation peut s’écrire 
14Pcv), 12 


ou Z,;= (1+ 
du 


* varie entre 1 et 2 quand on passe 


métal recristallisé aux métaux polygonisés, ou 


rouis. 

Les valeurs U’y~~35 Kcal/mole et Do™1 pour la diffu 
5-10-* cm et ¢=10™~ 
T \—~~320 et 450°C pour v=1 cycle en 48 minutes et 15 


sion du fer donnent, avec / 


secondes, respectivement. Ces valeurs de 7; et de U; 
sont en accord satisfaisant avec l’expérience pour |’ano- 


malie de module aux basses températures (par. 2-2). Les 
formules (11) et (12 


que les impuretés jouent probablement plus sur 7) par 


, ou / intervient au carré, montrent 


leur action sur la taille de la polygonisation que directe- 
ment par leur concentration. Enfin une certaine dis- 


persion est a prévoir sur la taille / des blocs polygonisés. 


Celle-ci doit contribuer 4 |’étalement de la baisse de 


module et du frottement intérieur, mais ne peut |’ex- 


pliquer entiérement: une dispersion raisonnable de /, 


dans le rapport de 1 4 10 par exemple, étale 7, sur 120 


seulement. 
Les Figs. 7 et 8 montrent que la température de 


blocage des parois est sensiblement la méme que 
l’éprouvette soll polygonisée ou recristallisée. Ceci doit 
étre di a ce que la taille / des blocs polygonisés est la 
méme que celle de la structure mosaique du métal 


recristallisé. 


4-3. Diffusion 


Le frottement intérieur de haute température 
a une baisse de module pourvue d’une forte 


d’activation. Nous proposons de |’attribuer a 


sion des dislocations des parois hors de leurs plans de 


glissement. Nous montrons que cette diffusion donne 


lieu a une relaxation dans une zone de températures et 


avec une chaleur d’activation convenables, et q 


création d’atomes inter- 


ie d’au- 


tres mécanismes, tels que la 


stitiels, peuvent étre négligés 


Chaleur d’ activation 


Comme nous |’avons signalé au paragraphe 3-1, 


peut étudier séparément les déformations dues 


clissement et a la diff ision des dislo ations perpendi 
lairement a leurs plans de glissement. Sous |’action de 


la force ob= due au tenseur > des contraintes 


appliquées, un arc de dislocation prend par diffusion 
une certain courbure p dans le plan n perpendiculaire a 
son plan de glissement. 

Si l 


» est énergie d’ac tivation et a un coemcient de 


fréquence pour la diffusion d’une longueur 6 de disloca 
atomique, la vitesse de diffusion 


tion sur une distance 


d’un arc de dislocation peut évidemment s’écrire, aux 


faibles contraintes o et aux températures élevées con- 


hale lI 

I 

To 
VP 
1+ 
18 
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sidérées ici: 


Ox 1 
= exp(— U2/kT) |{ ob— 
al 2 p 


b’/kT, (13) 


vo est la fréquence des vibrations atomiques et ub’a/ 2p la 
force due a la tension de ligne. Cette équation peut se 
mettre sous la forme (7) avec P=kT/avob* exp(U2/kT) 
et donne donc lieu 4 un phénoméne de relaxation avec 
une chaleur d’activation U». Il reste a préciser les 
valeurs de cette chaleur U’s et du coefficient a. 

Nous montrons 4 la fin de ce paragraphe que les 
contraintes sont assez faibles et les températures assez 
élevées pour que les concentrations de crans et de lacunes 
soient celles de l’équilibre thermique. Mott'® a remarqué 
que dans ce cas ls est la somme de trois termes: 
l’énergie U’,. de formation des crans; celles Uy; et Uai 
de formation et de déplacement d’une lacune. 

La diffusion des dislocations se fait en effet par ab- 
sorption ou émission de lacunes par les crans. A la fin 
d’une émission ou au début d’une absorption, le cran 
doit étre décroché de la lacune pour étre dans un état 
stable. Le cran ne peut ici se décrocher par glissement 
de la lacune qui |’a émise”® car il serait rappelé a sa 
position initiale par la tension de ligne et ne serait donc 
pas dans un état stable. C’est donc, comme |’a proposé 
Mott, la lacune qui doit se décrocher du cran en sautant 
dans une des 11 positions réticulaires voisines. La fré- 
quence d’émission d’une lacune par un cran soumis a 


une force 7b* sera donc 


Livy exp(—F Fart 70°)/RT, 


si Fy; et F 


déplacement d’une lacune; la fréquence d’absorption en 


, sont les énergies Jibres de formation et de 


sens inverse sera 
Livo exp(—F Fai— 70°) / RT. 


Si F,;, est énergie libre de formation des crans, leur 
concentration sera exp(—F,,/kT). La vitesse de diffu- 
sion d’un élément de dislocation sous contrainte 7 faible, 


s’écrit don 


Les remarques suivantes permettent de passer des 
énergies libres F correspon- 
dantes. Fs, est da presque uniquement a des distorsions 
élastiques, dans un métal comme |’aluminium ow les 


aux énergies internes U 


dislocations sont peu décomposées.”° I] est donc propor- 
tionnel aux modules élastiques wu, E (qui décroissent de 
fagon a peu prés linéaire quand la température croit) et 


au volume atomique (qui croit comme 1+3a7’,, si a est 


* La force s’exercant sur la dislocation a l’endroit du cran, rb, 
est la différence entre la force due a l’action de la contrainte 
extérieure, soit ob, et celle due a la tension de ligne. Nous en avons 
tenu compte dans |’équation (13). 
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le coefficient d’expansion linéaire du métal). On a donc 
F p-=Us-+T OF [1+ (dE/ —3a)T 


si Ey est la valeur du module extrapolée 4 0°K. 

En appliquant le méme raisonnement 4 la fraction ¢ 
d’origine élastique de |’énergie F |’équation (14) 
se met sous la forme (13) avec 


Us 


et 


a= 22 exp[ 
(dE/ Endt—3a) k |. 


Ua; doit étre un peu inférieure a |’énergie de déplace- 
ment d’une lacune dans un métal parfait, done U y;+- U a 
un peu inférieure 4 |’énergie LU’, de self-diffusion. Dans 
Valuminium, Up est probablement voisin de 40 kcal 
mole, en accord avec les chaleurs d’activation mesurées 
dans le fluage et la rupture.*’ Des valeurs U;, assez 
faibles, de l’ordre de 15 4 20 kcal/mole, rendent donc 
compte des chaleurs LU’. observées. On en déduit des 
énergies libres de formation de cran F ;, un peu inférieures: 
environ 15 kcal/mole a température ordinaire, car 
3a=0.7-10~,8 et dE/ =4.7-10~ d’aprés Sutton,” 
en accord avec les résultats de la figure 4 (cf. aussi**). 
Cette valeur est en bon accord avec celle calculée par 
Seeger a l’aide d’un modéle de Peierls-Nabarro.”° 

Par analogie avec ce qui se passe pour la self diffusion 
(cf.**.?7) il est raisonnable de supposer qu’une fraction / 
assez forte de |’énergie Fs:+F a: est d’origine élastique. 
Ceci conduit a des coefficients de fréquence a assez élevés:* 
les valeurs raisonnables ‘=0.6, U';.=20 kcal/mole et 
U Ua=35 kcal/mole donnent, avec |l’équation (15), 
a~2-10°, valeur que nous utiliserons dans ce qui suit. 


Température de relaxation 


On déduit facilement de |’équation (13), mise sous la 
forme (7), |’équation reliant la contrainte extérieure ¢, 
a la déformation due a la diffusion Aed. On trouve ainsi: 

12E 8P 


-Acd+ 
NE Ot 


OAed 


Aux températures envisagées, les nuages de Cottrell 
n’opposent pas de résistance au déplacement des dislo- 
cations; nous pouvons raisonner comme au paragraphe 
4-2, a condition de considérer qu’a la déformation en 
phase avec a,, ici e+Aeg, se superpose une déformation 
Aed dont le déphasage ¢ est déterminé par |’équation 
précendente. Il se trouve que ¢ et 7, ont la méme valeur 
que dans |’équation (9). Mais 7, est donné ici par 

E+AEg+AEd 1+ .VP/18 
Te= Ts =T 


E+AEg 


* Le coefficient de fréquence a est lié a l’entropie d’activation 
AS=kin(a). 


(15) 
_ 
Ox 
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En raisonnant comme dans le cas du microfluage, on 
trouve que le pic de frottement intérieur se produit a 
une température 


T2= Us/kin 
4rvT./? 


1+NP/7 


1+VP/18 
soit, pour l’aluminium, avec a=2-10° et 7, de l’ordre 
de 800°K, 

> kin{_ 6.1022 vi? | (17) 
ou 
la structure mosaique et 4 1.5 pour les métaux écrouis 


est égal a 1 pour 


ou polygonisés. 

La valeur U's~55 kcal/mole donne pour 7» des va- 
leurs en bon accord avec l’expérience: 7,=475°C pour 
1 cycle en 48 minutes et 600°C pour 1 cycle en 15 


Se¢ ondes. 


Equilibre des lacunes et des crans 


L’équation (13) suppose que les crans et les lacunes 
gardent leurs concentrations d’équilibre lors de la 
déformation. Ceci se justifie du fait que la déformation 
est lente, la température élevée et |’énergie de formation 
de crans assez faibles. 

1°—Lors de la diffusion, les crans se déplacent le long 
des lignes de dislocation et s’annihilent assez rapide- 
ment par rencontre avec des crans de signe contraire. 

Mais de nouveaux crans se reforment assez facilement 
pour maintenir une concentration voisine de |’équilibre. 

La fréquence vy, d’annulation des crans sera en 
effet au plus égale a leur vitesse, avoblexp(—l 
—U \ob*/kT, divisée par leur distance moyenne 
l’=bexp(U;./kT). Un couple de crans se crée d’autre 
part si une lacune se trouve sur la ligne de dislocation 
et se décompose en deux crans. La fréquence y, d’un 
tel événement par arc /’ de dislocation sera de |’ordre de 
(1'/b) vol exp(— U ;.)/RT grad(inc), pour une 
concentration c=6//’ de crans et si les lacunes sont en 
équilibre thermique. Les fréquences v, et v, sont égales 
si la distance entre crans différe de leur distance d’équi- 
libre /’ d’une quantité 6/’ telle que 

l'dc 
exp(U 


cox RT 


pour a~20, kcal/mole, et ob’<kT, ce 
rapport est bien inférieur a l’unité, donc la concentration 
des crans voisine de |’équilibre. 

2°—Les lacunes sont elles aussi en équilibre ther- 
mique, parce que les crans sont assez rapprochés pour 
se fournir mutuellement toutes les lacunes nécessaires a 
leur diffusion. Le temps 7 mis par une lacune pour 
passer d’un cran qui |’émet a un cran voisin qui V’absorbe 
est en effet r= f' dx/v, sil’ est la distance entre crans 
et v= vob" (grad (/nc)/exp(— 
cunes 4 la concentration c. Si c; et c2 sont les concentra- 


la vitesse des la- 
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tions des lacunes au voisinage des deux crans, on a, pour 
un régime permanent ow le flux de lacune est indé 
pendant de la position, 

Vo CXp Z kT. 
La fréquence de formation d’une cran, 
vol Exp — kT \(ob*® / kT), » Vordre de 


T ] 
7 | 


ab 
exp 2l 

k7 
déviations relatives de 
faibles, car et 


Ces 


lutres mécanismes possibles 


La diffusion des dislocations peut a Issl se 
émission et absorption d’atomes interstitiels. 
mécanisme est négligeable aux températures 
sidérées i 1, car les atomes interstitiels ont une é 
de création beau oup plus forte que les lacunes 


D’autre part une paroi de dislocations purement vis 


ne peut glisser que si les crans qu’ell 


Fig. 10a). Une telle paroi ne 


e contient absorbent 


ou émettent des lacunes 
commence donc 4 glisser qu’a haute température, avec 


une chaleur d’activation égale a l définie au 
du paragraphe 4-3 
Mais ces parois sont en nombre négligeable. Sur t 
les parois qui ne sont pas purement vis, e! 
crans se déplacent aisément par glissement, et ne génent 
donc pas le glissement des arcs de dislocation (Fig. 10b 


peu modifiée: elle 


Leur concentration est seulement 
devient plus forte prés de A que pres de B quand l’ar 
en rés une 


\lais esi 


hermodynamique est 


de la figure b se dépla e vers | oite. I] 
des parols. 


force qui s’oppose au 


facile de montrer que cette 


A 


arc 


le dislocation n« 
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| 
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| 
| 
/ 
/ 
/ 
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/ JS | 
| -2- -b- | 
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négligeable dans les petits déplacements étudiés ici 
quand le vecteur de Burgers 6 fait avec la ligne AB un 
angle supérieur au degré. La proportion de parois dont 


le glissement est bloqué est donc de |’ordre de 10~*. 


Frottement interne dans l’aluminium écroui 


Notons pour finir que les températures de relaxations 
T, et Ts relatives au microfluage et a la diffusion 
croissent toutes les deux avec la longueur “‘libre”’ / des 
arcs de dislocation. 

La baisse de module et les pics de frottement interne 
doivent donc s’observer 4 plus basse température dans 
un métal écroui, ot les longueurs / sont certainement 
plus courtes. Ké’ observe effectivement un pic de 
frottement intérieur a 250°C dans un aluminium 99.99 
fortement écroui et pour y=1 sec. Si ce pic est di au 
glissement des dislocations par microfluage, l’équation 
(12) donne pour longueur des arcs “libres” de disloca- 
tion la valeur raisonnable /~2-10~* cm. A plus haute 
température, la diffusion des dislocations entraine sans 
par “‘revenu”’ de toute la 
frottement interne non re- 


réarrangement 
et un 


doute un 
structure écrouie 


pre »ductible. 


5. RESUME ET CONCLUSION 


L’utilisation d’un hystérésimétre d’un nouveau genre 
décrit ailleurs,’ nous a permis de suivre jusqu’au point 
de fusion les variations du module d’Young et du frotte- 
ment intérieur de fils d’aluminium, “‘pur’’ ou légérement 


allié. 

Ces mesures ont mis en évidence a haute température 
une baisse anormale du module d’Young accompagnée 
d’hystérésis élastique. Pour les éprouvettes a gros grains 
bien relative de module et 
l’élévation corrélative de frottement intérieur apparais- 
sent au-dessus de 300 4 400°C et croissent lentement 
jusqu’a des valeurs voisines de 0.2 prés du point de 


recristallisés, la baisse 


fusion. Pour des éprouvettes a grains de méme grosseur 
mais polygonisés, le module décroit rapidement a partir 
400°C et atteint vers 600°C environ un 
dixieéme de la valeur observée pour les grains bien 
recristallisés ; le frottement intérieur croit parallélement 


de 300° a 


jusqu’a des valeurs voisines de |’unité. 

Pour expliquer ce comportement 4 haute tempéra- 
ture, nous supposons que les parois des sous-grains pro- 
duits par la polygonisation sont composées de bouts de 
dislocations paralléles, ancrés a leurs extrémités; sous 
l’action d’une contrainte, l’ensemble de ces dislocations 
se déplace (par glissement et diffusion) comme si elles 
constituaient une membrane élastique fixée sur son 
pourtour; ces déplacements produisent une petite dé- 
formation supplémentaire qui explique la chute du 
module. 

Quand la température décroit, les parois sont sans 
doute progressivement bloquées, ce qui réduit |’ano- 
malie de module et produit une certaine hystérésis. 
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L’étalement du frottement intérieur et de la baisse de 
module sur un assez grand intervalle de température 
ainsi que les chaleurs d’activation complexes observées 
semblent indiquer que le blocage se fait en plusieurs 
temps. Dans cette hypothése, quand la température 
décroit, les arcs de dislocation commencent par ne plus 
pouvoir diffuser hors de leurs plans de glissement; puis 
leur glissement méme est empéché par la faible mobilité 
des nuages d’impuretés qui les entourent. Si cette inter- 
prétation est exacte, la chaleur d’activation de 35 
kcal/mole observée 4 basse température est celle de 
diffusion des impuretés; celle de haute température, 
voisine de 55 4 60 kcal/mole, est la somme de |’énergie de 
self diffusion Up et de l’énergie de formation des 
crans 

Avec U p=40 kcal/mole, on aurait ainsi U ;,=15—20 
kcal/mole, en accord avec les prévisions théoriques. 

Les diagrammes de rayons X permettent d’évaluer 
la dimension des sous grains des parois de polygonisa- 
tion et des bouts de dislocations qui les constituent. On 
peut ainsi calculer la valeur maxima de la baisse du 
module ainsi que les températures de relaxation des 
deux mécanismes de blocage. On trouve un bon accord 
avec l’expérience. 

Ces recherches jettent donc des lueurs nouvelles sur 
le mouvement des dislocations dans les réseaux aux 
températures moyennes ou élevées; elles permettent de 
distinguer les mouvements par glissement et par diffu- 
sion, et d’atteindre ainsi |’énergie de formation des 
crans; elles confirment le réle de frein que jouent les 
nuages d’impuretés. Elles permettent ainsi de préciser 
les notions de “‘mobilités”’ et de ‘‘flexibilité’”’ des disloca- 
tions qui jouent un réle essentiel dans le fluage des 
métaux aux températures élevées. 

En passant, on obtient des données quantitatives sur 
les dimensions des sous-grains, qui donnent des apercus 
intéressants sur la polygonisation (par. 2-1); celle-ci ne 
se produit pas du tout de la méme facgon dans un grain 
d’un métal polycristallin, plus ou moins parfait et 
écroui par des glissements multiples, que dans un mono- 
cristal déformé avec précaution. 
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ELECTRON TRANSPORT IN COPPER AND DILUTE ALLOYS AT LOW TEMPERATURES. I* 
D. K. C. MACDONALD AND W. B. PEARSON} 


rhe electrical resistance of copper is noteworthy in showing a minimum at very low temperatures 

~10°K). This phenomenon has been traced to the presence of very small quantities of certain specific 
metallic solutes, and a corresponding remarkable variation of thermoelectric power has been observed in 
these dilute alloys. Detailed experimental studies of a wide range of alloys are presented in this and a com 
panion paper, and the problems involved in preparing such very dilute alloys and interpreting the findings 


are discussed. 
MOUVEMENT DES ELECTRONS DANS LE CUIVRE ET SES ALLIAGES 
DILUES A BASSE TEMPERATURE. I 
~10°K 


Ce phénoméne a été relié 4 la présence de trés faibles quantités de certains éléments dissous de caractére 


La résistance électrique du cuivre présente un minimum remarquable a trés basse température 


métallique et une variation également remarquable du pouvoir thermo-électrique a été observée dans ces 
alliages. L’étude expérimentale est présentée dans ce mémoire et le suivant et les difficultés dans la prépara 
tion de ces alliages trés dilués et dans l’interprétation des résultats sont exposées. 


ELEKTRONENWANDERUNG IN KUPFER UND VERDUNNTEN LEGIERUNGEN 
BEI TIEFEN TEMPERATUREN. I 


Der elektrische Widerstand von Kupfer ist insofern beachtenswert, als er bei sehr tiefen Temperaturen 
~10°K) einen Minimalwert zeigt 
geléster Teilchen mit spezifisch metallischer Natur zuriickgefiihrt. Weiterhin wurde in diesen verdiinnten 
Legierungen eine entsprechend bemerkenswerte Verainderung der Thermokraft festgestellt. Ins einzelene 


Diese Erscheinung wurde auf die Gegenwart von sehr kleinen Mengen 


gehende experimentelle Untersuchungen fiir eine grosse Anzahl von Legierungen werden in dieser und einer 
gleichzeitig erscheinenden Veroffentlichung mitgeteilt. Ferner werden die Schwierigkeiten bei der Herstellung 


solcher sehr verdiinnten Legierungen und die Auslegung der Ergebnisse diskutiert. 


1. INTRODUCTION and silver do not give rise to a resistance minimum in 


copper and do not greatly influence the thermoelectric 
Our choice of copper as a subject for study in this - = . : 2 
? ; force when present in very dilute solid solution. (Al- 


field stems from the previous discovery of a minimum aay (eae 
‘ though it is of interest that copper in gold® does produce 


in its electrical resistance at low temperatures.'* In 
earlier work spectrographic examinationf failed to re- 


““pure’’ speci- 


a resistive minimum.§) This is in marked contrast to the 
effects produced by small amounts of a heterovalent 
impurity such as tin (as also gallium, indium, silicon, 
mens of copper which did, and did not, exhibit the : : ge 

germanium, lead and bismuth). Nickel as solute plays 
an intermediate role, although it probably does not give 


rise to a minimum as large as .2 per cent of the residual 


resistive minimum. Later, very sensitive spectrographic 


measurements, for which we are indebted to Dr. A. E. 


Douglas of these laboratories, showed faint traces of ‘ 
lead and tin as impurities which were considered as es : ; : 
= The results of electrical resistance and thermoelectric 
significantly different in content between the specimens. 
. force measurements reported in this paper are in general 
As, in our opinion, no satisfactory theory was then : ; . 
pas xe ee. agreement with the earlier work of Borelius, Keesom, 
available to guide the research, although several had 


was felt that the only reasonable 


'! on thermoelectric power, and 
and Mendoza and Thomas" on 


Johannson and Linde! 

with that of Linde?” 

electrical resistance. 
The use of very low temperatures (used generally to 


been published, it 
experimental approach was to start a systematic exami- 
nation of dilute alloys of copper, in particular investi- 


gating effects of valency and atomic size of solute and ; ‘ 
beginning with the elements lead and tin. In the present denote the capETe NS Mae extending down from 
paper, after discussing sources of materials used and liquid hydrogen (20°K)) is partic ularly advantageous 
certain experimental difficulties in preparation of the when investigating electron scattering in solids since at 
alloys, we report in detail measurements of electrical these temperatures the thermal vibrations of the lattice 
resistivity and thermoelectric force at low temperatures 


for dilute alloys of copper with silver, gold, nickel and 


are almost entirely damped out, and we may then 
readily detect small effects which would certainly be 
Furthermore, by 


tin. These results have been referred to briefly in earlier 
publications by us.*~* The monovalent impurities gold 

* Received November 2, 1954. 

t Division of Physics, National 
Canada. 

t By courtesy of Atomic Energy Research 
Harwell, and Dr. F. M. Brewer of Oxford. 
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Research Council, Ottawa, 


Establishment, 


1955 


swamped at higher temperatures. 


dealing with very dilute alloys containing perhaps only 


§In view of this now rather surprising result, these earlier 
experiments? are being repeated by us. 

| Many of the alloys dealt with in the present work would be 
regarded as “high conductivity” copper if investigated at room 
temperature only. 
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10'* specific impurity atoms per cc, it is possible to 
investigate scattering effects which may be quite dif- 
ferent from those produced by higher impurity con- 
centrations, say ~1 at.% (i.e., ~10" impurity atoms 
cc), which have been commonly used in the past. On 
the other hand, the considerable difficulties of our in- 
vestigation in working at these very low concentrations 
have revealed many experimental problems in obtaining 
and handling copper of sufficient basic purity and in 
producing alloys of known and uniform solute content. 
These are discussed further below. 

One further aspect which appears of possible impor- 
tance in investigations of electron scattering at low 
temperatures, where the sensitivity is relatively great, 
is the scattering to be expected by ‘“‘frozen-in”’ lattice 
imperfections. Under these conditions scattering con- 
tributions due to lattice vacancies, grain boundaries, 
and dislocations may be appreciable and variable from 
specimen to specimen, and in very dilute alloys we 
might well expect significant effects due to the segrega- 
tion of solute atoms about these imperfections to relieve 
lattice strain since the more dilute the alloy the greater 
will become the fraction of solute atoms which may 
ultimately be “trapped” in this way. In general, of 
course, such effects would be expected to be most pro- 
nounced when the effective radii of solute and solvent 
atoms are somewhat different.’ 

In addition to the experimental problems, it may be 
pointed out that the theoretical interpretation of the 
behavior of copper at low temperatures presents con- 
siderable difficulties. We have suggested elsewhere (e.g., 
ref. 6) that while the modern electron transport theory 
as developed by such workers as Bloch, Frohlich, Wilson 
and Mott, appears to be reasonably adequate for the 
interpretation of isothermal electrical resistance meas- 
urements, yet this is not the case when we try to in- 
terpret experiments under a thermal gradient, i.e. 
measurements of thermoelectric force and thermal con- 
ductivity. However, if we accept the broad predictions 
of the conventional theory for thermoelectric force, then 
(cf. ref. 5) it appears inescapable that the conduction 
electrons in metallic be regarded as far 
from ideally free since in particular the thermoelectric 


copper must 


power of pure copper rises positively from the lowest 
temperatures.! On the other hand, from the evidence of 
magnetic susceptibility and electrical conductivity in 
this metal, it appears certain that the d-band is to be 
regarded as full and that consequently conduction is 
due simply to the s-electrons. Furthermore, our thermo- 
electric experiments show that, in terms of current 
theory, remarkable scattering effects may be exhibited 
by very small amounts of impurity (in particular, an 
apparent dependence on electron energy at least some 
50 to 100 times greater than, for example, unscreened 
ionic scattering could account for). The minimum in the 
electrical resistivity of copper at 10 to 20°K is similarly 
dependent on surprisingly low concentrations of specific 
impurities and we present here the detailed experi- 
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mental data on this phenomenon with tin as solute. 
From the theoretical point of view, the influence of such 
small solute contents contrasts strongly with the usually 
accepted model of a well-behaved meta! and in fact this 
behavior is more reminiscent of the effects of impurity 
on the properties of a semiconduc tor. 

It should also be noted that Mendoza and Thomas 
that the 
showed no minimum 


rapidly below 0.25°K. 


‘pure’ copper (which 


10°K 


Thus the resistivity of 


found resistance of 


around started t 
“pure” 
copper at very low temperatures also awaits satisfactory 


interpretation. 
2. SOURCE OF MATERIALS 


In this work we have used samples of pure higl 
conductivity copper from various sources. In particular, 
we have used: (1) an old supply of Hilger spectrographi 
cally-pure copper (Laboratory No. 1184), specimens of 
which were found to have a residual resistance Ry ox 


2.5X10 for the 


alloys in small 1 


K— Ry ok annealed 
This was used to make the earlier 
melts. Microscopical examination of this copper sug 
gested that the rods had been prepared by powder 
metallurgical methods and that while the metal was 
probably free from other metallic elements as im 


purities, it was generally concluded that appreciable 
quantities of oxygen were present (we may note that 
IS variously quoted as 
0.007 wt.% at 


( 


the solubility limit of oxygen 
0.001 to 0.002 wt.% at 500 Zs 
1050°C 

2) Spectrographically-pure 
Ma 


above 


and 


copper Irom 


Messrs 


somewnal l 


Johnson, Matthey and ory of gher 


residual resistance than (1 
(3) A copper bar (referred to here as JTH copper) of 
unknown primary origin which on the basis of residual 


resistance measurements the copper of highest 


0.016 

spectros 
0.0005°,* 
Ag, As, Bi, Mg 


aul 


yplc analysis sI 


Pb, S banc I ( ta trac ( 


ference 99.98 3¢ or ext ding o oe QQ 


1) Hilger Copper N 11184 
\nalysis given by Adam H 
J Mat re il Ma { 
3) JTH Copper (2 
(ner a ina SIS showe 0.002 | 
inalysis show the | 
Al and Meg 
+) American Smelting and Ret Co. ( 
Sample analyses f thi 
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overall purity, showing R4.2K/ 
<10-%. Another similar bar gave a resistance ratio of 
~2.8X 10 

Results of spectrographic examination of these three 
copper samples carried out partly by us are given in 
Table I. 

(4) High purity electrolytic copper was also obtained 
from the American Smelting and Refining Company, 
and was examined both before and after its final vacuum 
melting in graphite. (For details of preparation see 
Smart and Smith.)'® 

Of the solute metals used, tin, nickel and silver were 
of Johnson Matthey “‘spec-pure’’ quality, and gold of 
99.99% purity was obtained from the Royal Canadian 
Mint. The graphite used was of special spectroscopic 
purity from the National Carbon Company and con- 
tained variously traces of calcium, magnesium and 
silicon. 

3. ALLOY PREPARATION 


In the earliest experiments, because of the relatively 
small quantities of Hilger copper available, alloys were 
prepared in 1 gm melts under vacuum in small alumina 
crucibles, while some melts were made in graphite 
crucibles of the highest purity. The solute to be melted 
was placed in a small hole drilled in the copper rod. 
However, the larger quantity of JTH copper available 
permitted melts of ~50 gm to be made in alumina 
crucibles in vacuo or under hydrogen which was then 
pumped off while the alloy was still molten. 

In the small melts the crucible was heated while 
suspended in a tungsten coil heater in a pyrex tube to 
act as a vacuum enclosure, while the large melts were 
made in a ‘“‘mullite’”’ tube resistance furnace of standard 
design,'? evacuated when cold to 10~-* mm Hg. The large 
melts were stirred by an alumina rod operating through 
an O-ring seal. In all cases the alloys were solidified and 
cooled in the crucible. The ingots were then removed, 
cleaned of alumina, generally cold-worked to some de- 
gree to accelerate homogenization, and given an ho- 
mogenizing anneal of at least several hours, slightly 
below the solidus temperature. Samples were then rolled 
in carefully cleaned rollers with about 90% reduction in 
area to 0.1 mm thickness, and cut into strips some 2 mm 
in width. These strips were annealed variously in helium 
or in vacuo to recrystallize them. In later work this was 
usually for about 14 hours at ~530°C, although in the 
earlier work with the 1 gm melts the temperatures were 
higher and annealing times shorter. The alloy strips 


prepared in this way were used for determination of 
electrical resistivity at 4.2°K (liquid helium boiling 
under atmospheric pressure) and at 273.2°K (the ice 
point) or continuously between these temperatures, 


and for measurement of thermoelectric force in the 
range 4.2°K to ~60°K. Measurements were made by 
methods standard in this laboratory (see, for example, 
references 5 and 18). 

A very slight amount of iron contamination would 
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have a profound effect on the low temperature thermo- 
electric force (cf. Borelius e¢ al;!"' confirmed by the 
present investigations), as well as increasing the residual 
resistance significantly and causing a resistance mini- 
mum ; consequently particular care was taken to remove 
any possible traces of iron picked up in cutting or rolling, 
before annealing the specimens. This was done by 
“picking” the strips immediately before sealing up for 
the anneal; this treatment also diminished the surface 
oxide layer that the specimens acquired while awaiting 
treatment. 


4. THE EXPERIMENTAL PROBLEM 


As a result of our initial series of experiments of 
which short notes were published,*:* we realized that it 
was necessary to distinguish clearly between vacuum- 
melted alloys and those melted under hydrogen or in 
graphite. In the first case, owing to the presence of 
oxygen in Hilger and JTH copper, solute was removed 
from solid solution as oxide; and in the second case 
insoluble oxide impurities were reduced and entered 
the copper in solid solution. 

In the following sections an attempt is made to assess 
the effects of these and other factors on the electrical 
properties of the very dilute alloys so that modification 
of the electrical properties of copper due to small specific 
solute atom additions can be properly specified and 
understood. 


Effective Solute Concentration 


A knowledge of the effective solute concentration is 
necessary to assess the experimental data. In the case of 
“oxygen-containing” alloys (vacuum-melted alloys of 
copper containing oxygen), the use of nominal composi- 
tions is not possible and leads to inconsistent results 
primarily due to partial solute removal as an insoluble 
oxide phase. Spectrographic analysis of the alloys is 
also unsuitable as it determines both the solute present 
in solid solution and that removed as an insoluble oxide 
phase. The only satisfactory method of determining the 
effective solute concentration appears to be the meas- 
urement of residual impurity resistivity at low tem- 
perature. We have used this method generally in ex- 
amining the variation with solute concentration of the 
size of the resistance minimum and the thermoelectric 
power. It is clearly not possible to use “‘oxygen-contain- 
ing” alloys to determine the variation of resistivity 
with concentration at very great dilution, although at 
larger solute concentrations (cf. Linde,”!? ~0.5 or 1 
at.% solute), the ratio of solute removed as oxide to 
solute present in solid solution becomes negligibly small 
because of the small oxygen content of the copper. 

In the case of reduced alloys, spectrochemical anal- 
ysis can be used effectively (e.g., Figs. 11, 12 and 13) 
as all the solute is now present in solid solution and, 
excluding the effects of indigenous impurities, the varia- 
tion of resistivity with concentration for specific solute 


e 
~ 


MacDONALD PEARSON: ELECTRON 


AND 


TABLE II. Residual resistivity Rs.2°/(Re73°— 


Annealed in 
Annealed in vacuo by passage 
tube furnace of an electri 
Sealed in pyrex current. Sur 
capsule in 
vacuum 


10 
26.4 
55.6X 10 


Annealed in 

tube furnace. 
Sealed in pyrex 
capsule in 4/5 
atmos. helium 


10 
28.2X 10™ 
56.8X 10 


rounded by tube 
with cool walls 


99X10 


14.5 10 
11.5X10 


Vominal 
com position 


0022 at. % tin 
008 at. % tin 
.027 at. % tin 


additions can thus be determined. However, it must be 
noted that the relative accuracy of the spectroscopic 
analyses is not high and it has been found necessary to 
develop special techniques to obtain reproducible re- 
sults from the very small samples available when the 
solute concentration is also very small. Differences be- 
tween nominal and analysed composition are appar- 
ently the result of solute volatilization during alloy 
preparation and processing (vide infra). 


Solute Loss by Evaporation 


In general, the tendency is to observe a low resistivity 
in relation to nominal solute composition. This is due to 
two causes: solute loss by evaporation and solute re- 
moval from solid solution as an insoluble oxide phase. 
Loss by evaporation was particularly serious if alloys 
were annealed in vacuo by passage of an electric current 
while enclosed in a pyrex tube having relatively cool 
walls, as this condition favored continuous evaporation 
and condensation of the solutes. 

The residual resistance values shown in Table II 
illustrates clearly the loss by evaporation during 
annealing under these conditions, compared to anneal- 
ing in a sealed tube heated in a resistance furnace. In 
this case the walls of the sealed capsule are at approxi- 
mately the same temperature as the specimen and con- 
tinuous evaporation and condensation of solute does 
not take place. This method of annealing has been used 
for alloys reported in the present work. Table II shows 
that, as expected, there was slightly more tin loss when 
the specimen was enclosed in an evacuated tube than 
when enclosed with 4/5th of an atmosphere pressure of 
helium at the annealing temperature. 

In more concentrated alloys the loss of solute during 
annealing may be expected to be a much smaller relative 
percentage than in the case of dilute alloys. 


Influence of Oxygen 


Oxygen was undoubtedly present up to or beyond the 
solubility limit in the Hilger and JTH copper. The 
extent to which an oxide phase containing solute can 


exist in equilibrium in the solid state will depend on the 
form of the isothermal section of the ternary equilibrium 
diagram for the system Cu-M-O at any given tem- 
perature. In particular the position of the point X in the 
schematic isothermal section for the copper-rich corner 
of such a system shown in Fig. 1 will determine the 
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maximum extent to which the solute, M, can be re- 
moved from solid solution as oxide. In general, when the 
free energy of formation of the MO oxide phase is con- 
siderably larger than that of Cu,0, it is to be expected 
that XY will be located very close to the Cu-O edge of 
the ternary sec tion, 

The presence of oxygen, per se, in our Hilger and JTH 
copper does not appear to cause any significant scatter- 
ing in samples annealed at 530°C. Thus polycrystalline 
samples from these sources give residual resistances 
which are lower by a factor of about 3 than that of 
American 


oxygen-free pure copper obtained from the 
Smelting and Refining Company. 


Homogeneity and Metal Texture, etc. 


Tests of alloy homogeneity have been made by taking 


two different parts of the original ingot, homogenizing, 
rolling and annealing them separately and then measur- 


ing resistivity and thermoelectric force. Good agree 


ment between individual experiments has been ob 
tained, indicating that the heat treatments given were 
adequate. 

The effects of 
to coring during 


micro-inhomogeneities in the 
mens due solidification have been 
studied by omitting the original homogenization treat 
ment. This had little effect on the conductivity measure 
ments as might well be expected from the type of 
average involved in making such an experiment, but led 
to very variable results for thermoelectricity which may 
readily be ascribed to the sensitive character of the 
parameter measured and to the local Peltier effects 
which will arise from such micro-inhomogeneities. 

The alloy strips whose electrical properties were 
measured show a preferred orientation or texture (cf. 
Burgers and Sandee)'® developed in the final annealing 
treatment following the rolling of the specimen. In order 
to see whether this texture had any significant influence 
on the resistivity and/or thermoelectric force, a number 
of pieces were cut in pairs taken from copper-tin and 


copper-silver alloys parallel to, and perpendicular to, 
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rolling direction. It was found after annealing that the 
resistivity of each specimen was essentially the same 
although it was notable that the resistivity of all speci- 
mens cut parallel was slightly greafer than those cut 
perpendicular to the rolling direction. The small dif- 
ference amounted to an absolute value of the residual 
resistance ~5X 

The resistivity of a few specimens was then measured 
soon after 90 to 95°7 reduction of cross-sectional area 
by cold-rolling. While on the one hand the over-all 
residual resistivity increased very markedly from that 
of the annealed specimens, there was no observable 
difference between specimens cut parallel to, and per- 
pendicular to, the rolling direction. 

In view of the great difference in effective dimension 
of the grain boundaries in the two directions,” we con- 
fidently conclude that grain boundaries in themselves 
can generally have no appreciable influence on the scat- 
tering in the range of temperatures and electron mean 
free paths investigated by us. Furthermore, the electron 
mean free path in samples of JTH or Hilger copper is 
~10-? mm at 4.2°K so that in none of the specimens 
investigated 2 
mm) can the specimen size appreciably affect the elec- 


(having a cross-section of some 0.1 X 


tron scattering. Some experiments on single crystals are 

being carried out to confirm in greater detail this and 

other observations. (See, e.g., Pearson.”) 

Graphite-Melted Alloys and Alloys Melted 
under Hydrogen 


Some melts of copper and alloys have been made in 
graphite or under hydrogen (subsequently pumped off 
before the melt solidifies) in order to remove the oxygen 
content of the copper. However, it is found in the case 
of melts in “‘spectrographically pure”’ graphite crucibles 


or in alumina crucibles with added graphite, that the 
of pure copper is increased by 


residual resistivity 
~7X10-*. The same behavior is found for graphite- 
melted copper obtained from the American Smelting 
and Refining Company. It seems unlikely that this is 
due to scattering by the very small amount of carbon 
retained in solid solution since pure copper melted under 
hydrogen showed a similar increase of resistivity. It is 
more probable that the changes of resistivity and 
thermoelectric force found after melting in graphite 
are due to reduction of the oxides of traces of metallic 
impurities so that the meéals enter solid solution. This 
problem is discussed in detail in §4(a). 


4. EXPERIMENTAL RESULTS AND DISCUSSION 
a) Copper-Silver Alloys 


The variation of residual resistivity with concentra- 
tion is shown in Fig. 2. .Vo trace of resistance minimum 
is found for measurements down to 4.2°K and corre- 
sponding thermoelectric force measurements (Fig. 3) 
show a slightly negative power at low temperatures, 
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Fic. 2. Variation of residual resistivity with nominal solute 
concentration for dilute alloys of silver, gold and nickel in copper 
In calculating p4.2°x we have taken the resistivity of copper as 
1.724 ohm cm at 293°K. The alloys were not prepared under 
reducing conditions. 7, is the temperature at which the resistance 
minimum occurs. 


becoming positive above ~14°K, although of course 
the precise transition point will depend on solute con- 
centration corresponding, essentially, to the onset of 
significant thermal scattering (e.g., cf.°). 


(b) Copper-Gold Alloys 


The results of residual resistivity and thermoelectric 
force measurements (Figs. 2 and 3) are very similar to 
those of copper-silver alloys. While copper as solute in 
gold produces a resistive minimum (cf. Templeton and 
MacDonald’), no trace of a minimum is found for gold 
as a solute in copper. The rather slight change of 
thermoelectric force compared, for example, to that 
found in copper-tin is to be readily expected for the 
case of a homovalent solute and we may consequently 
infer that silver and gold are both essentially homova- 
lent with copper at low temperatures. 
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Fic. 3. Absolute thermoelectric force of dilute copper-silver and 
copper-gold alloys as a function of temperature. Cu-Ag Alloys: 

Cu+0.0064 at.% Ag. + Cu+0.072 at.% Ag. A Cu+0.44 at.% 
Ag. Cu-Au Alloys: Cu+0.0065 at.% Au. + Cu+0.046 at.% 
Au. A Cu+0.46 at.% Au. The compositions quoted are “nominal”’ 
solute additions. The alloys were not prepared under reducing 
conditions. 
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(c) Copper-Nickel Alloys 


Figure 2 shows also the variation of resistivity with 
concentration for nickel as solute. Nickel appears to give 
rise to little or no resistive minimum in 
~10°K. The thermoelectric force becomes progressively 


copper al 


more negative with increasing nickel content, Fig. 4, 
and indeed by the time we have reached 0.4 at.% 
the thermoelectric power, at even so high a temperature 
as 70°K, is no longer approximately the same as that of 
pure copper, and it is possible that some significant 
change in the lattice characteristic temperature, @, has 
occurred. Good agreement is found with the results of 
Borelius, Keesom, Johansson and Linde" for alloys of 
high nickel concentration. For comparison with other 
alloys, we also show variations of S15°« (vide infra) with 
Ryes in. Fig. 5. 

The increase of residual resistivity per atomic per 
cent solute calculated for nickel and gold as solute is 
not greatly different from that found by Linde!* from 
measurements down to 83°K on alloys having higher 
solute concentrations, but the value for silver as solute 
is only about half of that found by Linde. Apart from 
the diagrams given, we have not quoted detailed values 
for the increase of residual resistivity found for these 
solutes as our investigations of very dilute alloys, relying 
on nominal composition only, are not expected to give 
results as accurately as measurements on more con- 
centrated alloys where the solute concentration can be 
determined analytically with precision. 


(d) Copper-Tin Alloys 


For copper-tin alloys, and others to be discussed in 
a later paper, which all show a characteristic and re- 
markable variation with concentration of the absolute 
thermoelectric power, S, and size of the resistance 
minimum, we adopt the following method for compari- 


son of these properties. We discuss S$ at 15°K (sub- 
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Fic. 4. Absolute thermoelectric force of ¢ opper nickel alloys 
a function of temperature. + Copper; \7 Cu+0.0044 at.% 
Cu+0.01 at.% Ni; A Cu+0.44 at.% Ni; ; 
at.% Ni (from Borelius ef al The compositions quoted are 
“nominal” solute additions. The alloys were not prepared under 
reducing conditions. 
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prepared under reducin 


sequently referred to as ‘‘S;5°x’’) where, on the one 


sufficiently 
large to be readily measurable* and, on the other, the 


hand, the thermoelectric power has grown 
temperature is still low enough so that thermal! scatter- 
ing is generally much smaller than residual scattering 
nearly 


In the 


case of the resistance minimum we take, as a measure of 


Furthermore, in this region, E is found to be 


linear with temperature for the 


alloys studied 
its size, (Ry o°x—Rr, 
as 


the size of the minimum,® although we have since found 


Rrm (subsequently referred to 


. This follows our earlier method of assessing 


that there 7s some appreciable variation in the tempera 
ture at which the minimum occurs. We have, however, 
that the “cusp-like” variation of R 

Figs. 6 and 14) is not due simply to 
the temperature at which the minimum 
size of the 
Rr,,)/ RT, 


linear in 


verified with 
concentration 

variation of 
to the relative 


R 6 


the approximately 


occurs, but is indeed due 
minimum. We have also plotte 


dR/dT)/Rr,, (for 


crease of R just below 7 


and 


against solute concentration 


with very similar results to those shown 


and 14. 
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pper 
Copper 


containing oxygen 
TH (1 
2 reduced 
JTH (2 
reduced 
Electrolytic, from 
nitrate bath 
American Smelting 


Refining Company After melting and 


casting in graphite 


The remarkable and unexpected variation of thermo- 
electric force and size of resistance minimum of copper- 
tin alloys with solute concentration, together with the 
experimental difficulties already discussed, have pre- 
viously prevented a satisfactory interpretation of the 
results of the investigations. The oxygen contained in 
JTH and Hilger copper leads to a partial removal of 
tin added as solute when the alloys are melted and 
isothermally annealed. The difficulty arising from the 
presence of oxygen can be overcome by melting the 
alloys in reducing conditions in graphite or under 
hydrogen (see, for instance, Alkins and Hallowes”), 
but it has the great disadvantage that other traces of 
impurity which were present in the copper as oxides 
and so did not contribute to electron scattering, are now 
also reduced, enter solid solution, and thus contribute 
to scattering. This leads to an increase of R,., for the 


JTH or Hilger copper (isothermally annealed at 530°C) 
by a factor of ~4, while at the same time a resistance 


minimum appears together with a large negative ab- 
solute thermoelectric power at 15°K, Table III. 

These effects appear to be due to the presence of 
traces of iron entering into solid solution, particularly as 
it is known that conduction- 
electrons strongly (Linde) and that only ~.003 at.% 
Fe in solid solution can change the absolute thermoelec- 
tric power of copper at 15°K from ~0 to ~—11 pV per 
degree."' We find, for instance, that ~.054 wt.% iron 
gives a value of Sy5°k= —15.5 wv/°C and of Rnin=121 
< 10~-*. We have detected the presence of iron spectro- 
scopically, and chemical analyses show the presence of 
~.002% in JTH copper and ~.004% in Hilger copper. 
Further confirmation of this analysis comes from re- 
sidual resistivity measurements of hydrogen-reduced 
alloys made with JTH copper and containing .0023 and 
.054 wt.% of added iron. R,.s is then found to extrapolate 
back to ~11X10~* for hydrogen reduced JTH copper 
containing no added iron in agreement with actual 
measurements of 9.8, 11.15, and 10.9X10-* for three 
samples of copper in this state. Taking 2.5X10~* for 
R,-s of the pure JTH copper (obtained for this copper 
containing oxygen) and using the variation of added 
we then deduce ~.002 


this element scatters 


iron concentration with 
wt.% iron as the intrinsic iron content of hydrogen 
reduced JTH copper. 

If reduced copper or alloys are annealed at tempera- 
tures higher than ~530°C, Ries is found to increase 
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Rres = Rrm/ (R273.2° —Rrm) Rmin = (R4.2° —Rrm)/Rrm 


~2.5X 1073 0 


9.5X10% 1073 


31.8X 10™ 


9.8X10™ 5.3X 10 

still further, indicating the presence now in solid solu- 
tion of traces of other impurities such as lead or bismuth 
which have negligible solubility* at 530°C. As, however, 
all alloys discussed in this paper were annealed at 
~530°C after rolling, the presence of traces of these 
impurities is not important. 


(e) Copper-Tin Alloys Containing 
a Little Oxygen 


Equilibrium diagram considerations show that it may 
indeed be possible for the presence of oxygen to remove 
tin from solid solution in such a manner that an essen- 
tially linear rise of R,.. with increasing nominal tin con- 
tent, will still be evinced. It appears that the apparently 
low scattering found by us due to tin in solid solution 
in copper must be attributed to this cause and also 
perhaps to evaporation of tin during the preparation 
and annealing treatments given to those alloys. As 
already noted, the only effective means of determining 
the amount of tin actually present in solid solution in 
dilute alloys containing oxygen is by measurement of 
residual resistivity. Accordingly, in Figs. 6 and 7 we 
show the variation of Rin and S15°k with Ryes for poly- 
crystalline copper-tin alloys, and these curves may be 
accepted as the ¢rue behavior of copper-tin alloys in the 
absence of other metallic impurities in solid solution. The 
curves previously published® were prepared from a 
combination of data obtained on “‘oxygen-containing” 
and reduced alloys. 


S AT.15°K 


Rren * Rrm/(R273.2°—Rrm)x 1073 


Fic. 7. The absolute thermoelectric power at 15°K of dilute 
solid solutions of tin in copper as a function of the residual 
resistivity of the alloys. The alloys were not prepared under 
reducing conditions. 
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THERMOELECTRIC power 


ABSOLUTE 


Fic. 8. Absolute thermoelectric power of dilute solid solutions 
of tin in copper as a function of the temperature. The alloys were 
not melted under reducing conditions. The figures refer to the 
nominal tin content of the alloys in atomic per cent 


The remarkable feature of Figs. 6 and 7 is the rapid 
increase of size of Ry,in and Sj5°x up to an effective con- 
centration of ~.004 at.% tin (Ryes=10~*) followed by 
a subsequent decrease with increasing tin content. 
Correspondingly, the absolute thermoelectric force, E, 
attains its largest negative value (at ~—50°K) for 
alloys having a solute concentration ~0.004 at.%. 
Figure 8 shows that the absolute thermoelectric power, 
S, of these dilute alloys (although differing greatly from 
that of pure copper at low temperatures), approaches 
the same value as pure copper at higher temperatures, 
~70°K.* Consequently measurements made at room 
temperature (or indeed down to liquid nitrogen tem- 
peratures) will reveal none of the interesting behavior 
of very dilute copper-tin alloys. 

Some theoretical implications of these findings have 
been discussed by us elsewhere and will be summarised 
in the following paper. Here we wish only to draw 
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Fic. 9. Variation of “softening temperature” (see footnote to 
text) with tin content of dilute solid solutions of tin in copper 
After Smart and Smith.** Insert: Rate of increase of softening 
temperature as a function of tin content for the same alloys 


* Hence the usefulness of such alloys against pure copper as 
low temperature 
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attention specifically to the similarity in the change of 
electrical properties of these very dilute solid solutions 
with that found by Smart and Smith”* for the variation 


of “softening temperature”’t with concentration for 
very dilute solid solutions of tin in oxygen-free pure 
copper (Fig. 9). The rapid initial increase and subse- 
quent saturation of the increase in softening tempera- 
ture suggests a location of tin atoms about particular 
sites such as lattice defects and grain boundaries in 
copper, rather than an entirely random distribution 
throughout the bulk of the metal.f If, on first adding tin 
to copper, the tin atoms locate themselves at the grain 
boundaries or near lattice defects until these special sites 
become “saturated” and if thereafter the tin atoms 
distribute themselves randomly throughout the grains, 
we may have an explanation of the variation of soften- 
ing temperature with concentration shown in Fig. 9. 
The correlation of mechanical and electrical proper- 
ties suggests a possible common origin for the remark- 
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able variation of R»jn and S15°x with concentration 
is made more probable when it is noticed that in 


specimens used for electrical measurements, the critica 


to about an 


tin concentration corresponds very crudely, 
order of magnitude, with that required for an unimolec- 


ular layer along the grain boundaries of the specimen 
A consideration of all of the factors involved does not 
at present, however, necessarily lead to the conclusion 


that the fundamental origin of the resistance minimum 


to 


itself is to be found in a segregation of solute at 
grain boundaries or lattice defects, but rather that this 
may be contributory to the unexpected variation of 
R and with } 
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Fic. 11. Dilute solid solutions of tin in copper. A: Variation of 
residual resistivity with nominal solute concentration (right-hand 
scale). B: Variation of residual resistivity with spectroscopically 
analysed composition (left-hand scale 


copper alloys. Experiments are being made on single 
crystals to test this suggestion. The origin of the re- 
sistance minimum is still not adequately understood, 
although we have found it to depend specifically on the 
presence of certain heterovalent solute atoms. 

The segregation of solute atoms about lattice im- 


perfections suggests that the relative radii of solvent and 


solute might be of some importance in impurity scat- 
tering in very dilute alloys. We have accordingly meas- 
ured the absolute thermoelectric force of the homova- 
lent alloys, copper in silver and gold in silver, each 
containing ~0.0065 at.% solute. The differences of 
radii of solvent and solute are approximately 11% for 
silver-copper and zero for silver-gold. The absolute 
given by each alloy is, however, 
Fig. 10). 


thermoelectric force 
practically the same 


f) ‘Reduced’? Copper-Tin Alloys 


Hydrogen-reduced alloys were originally prepared so 
that all the added tin would be present in solid solution 
and spectroscopic analysis could be reliably used to 
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Fic. 12. The relative size of the resistance minimum of dilute 
solid solutions of tin in copper as a function of the analysed tin 
content for allovs melted under reducing conditions. 
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give the effective solute concentration. However, as 
already noted, this treatment reduced other impurities 
originally present as oxides, and the alloys actually 
investigated (after cold-rolling to strips and annealing 
at ~530°C), appear to be ternary solid solutions of 
added tin solute and ~.0025 at.% iron impurity. Al- 
though we cannot at present offer a complete interpreta- 
tion of the behavior of these alloys, the electrical 
properties appear to be of some considerable interest. 
In Fig. 11 we show variation of R,.. with nominal and 
analysed composition. As the solute concentration has 
been determined analytically, we can calculate the in- 
crease of residual resistivity per atomic per cent tin 
and find 2.9010-* ohm cm in good agreement with 
2.85X10-* ohm cm obtained by Linde.” The electron 
scattering cross section of tin in these dilute alloys is 
~5X10~'* cm*. Figures 12 and 13 give the variation of 
Rin and S15°x with analysed tin content, and Figs. 14 
and 15 the variation of Rmin and Sj5°x with Rys. 
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Fic. 13. The absolute thermoelectric 15°K of dilute 
solid solutions of tin in copper as a function of the analysed tin 
content for alloys melted under reducing conditions. 


power at 


It can be seen from Fig. 11 that the tin which was 
added and iron which was already present in the copper 
appear to scatter independently, although there is a 
small anomalous rise of R,-s with tin additions of .001 to 
005 at.% tin, which might perhaps be the result of 
some long range electron-interaction of solute atoms. 
These findings are also generally confirmed in reduced 
alloys with gallium, indium, silicon and germanium as 
solutes.” In view of this additivity of scattering, the de- 
cline of Ruin and S15°x with added tin content up to 
~.007 at.% tin is puzzling. (At higher tin contents 
the curves suitably transposed in R,s follow closely 
those of Figs. 6 and 7.) 

The variation of and Sis°x with in these 
ternary alloys can not be explained. The curves shown 
in Figs. 14 and 15 normalised to the same residual 
resistivity as the oxygen-containing alloys (i.e., allowing 
for scattering due to reduced impurities) fit rather ex- 
actly the variation of and with of pure 
copper-tin alloys, Figs. 6 and 7. On the other hand, 
detailed variation of Rin with Ris, say, shown as a 
function of added tin content in Fig. 16 (together with 
the behavior shown in Figs. 12 and 13) suggests strongly 
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Fic. 14. The relative size of the resistance minimum of dilute 
solid solutions of tin in copper as a function of the residual 
resistivity of the alloys. The alloys were melted under reducin 
conditions. \7 Alloys made with Hilger copper and melted in 
graphite. A. Alloys made with JTH copper (1 
hydrogen. Alloys made with JTH copper (2) and 
under hydrogen. a, @ JTH copper (1) and (2) melted 
hydrogen. 
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Fic. 15. The absolute thermoelectric 
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solid solutions of tin in copper as a function of tl 
sistivity of the alloys. The alloys were melted under hydrogen 


5°K of dilute 
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1e residual re 


A Alloys made with JTH copper (1 
copper (2). a, @ JTH copper (1) and (2 


\lloys made with JTH 


the removal of iron from solid solution on addition of 
tin, either as iron or as an iron-tin compound. If iron 
separated from solid solution as the element, coherent 
precipitation of iron*’ on annealing at 530°C might ex- 
plain the anomalous rise of R,., at concentrations less 
than ~0.007 at.% tin. However, further experiments 
have shown that this is not the case. We have prepared 
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Fic. 16. Dilute solid solutions of tin in copper made in reducing 
conditions under hydrogen. Variation of the relative size of th 
resistance minimum with residual resistivity considered in relation 
to increasing tin content of the alloys. The figures give the spectro 
scopically analysed tin content of the alloys in atomic per cent 
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dilute ternary alloys with tin and iron additions and the 
presence of a small amount of tin does not 

markedly reduced iron solubility due to precipitation of 
metallic iron nor, when the iron and tin additions are 
roughly equivalent, to the precipitation of an iron-tin 
compound. We seem therefore at present to be left only 
with the possibility of some long-range interaction be 
tween the iron and tin atoms,* which is particularly 
puzzling in view of the apparently independent scatter 
ing of the added tin atoms and impurities in the de 
oxidized copper matrix. 


SUMMARY 
We 


scattering in very dilute copper alloys with 


wished to investigate the effects of electron- 


Specuic so 
lutes at low temperatures where the thermal scattering 
becomes negligible. However, the sensitivity of the 
method was found to be such that numerous problems 


arose in the handling of the alloys and in obtaining 
“pure” copper, as it was found that 


~10" 


impurity contents 


as low as atoms/cc could greatly modify its 


properties, and lead to results which at first sight are 
apparently random. We believe, however, t! have 
now provided a satisfactory explanation for most of the 


lat we 


effects encountered so that the results reported here for 
copper-silver, copper-gold, ( opper nic kel and ( oOpper tin 
alloys and in the following paper for copper-gallium, 
copper-indium, copper-silicon, copper-germanium, 
per-lead and copper-bismuth alloys may be re 


accepted and used for theoretical interpretation 


electron-scattering processes in very 


alloys. 
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ELECTRON TRANSPORT IN COPPER AND DILUTE ALLOYS AT LOW TEMPERATURES. II* 
D. K. C. MACDONALD AND W. B. PEARSON} 


Following an earlier paper in this journal, detailed low temperature measurements are presented on the 
anomalous resistive minimum and thermoelectric power of very dilute copper alloys with B group metal 
solutes. 

The problems of theoretical interpretation which should be of considerable importance in the general 
electron theory of metals are summarised. 


MOUVEMENT DES ELECTRONS DANS LE CUIVRE ET SES ALLIAGES 
DILUES A BASSE TEMPERATURE. II 


Comme suite au précédent mémoire, la résistance électrique et le pouvoir thermo-électrique a trés bass 
température ont été mesurés pour des solutions trés diluées de métaux du groupe B dans le cuivre 
Les difficultés de l’interprétation théorique qui doit étre de grande importance pour la théorie électronique 


des métaux sont résumées. 


ELEKTRONENWANDERUNG IN KUPFER UND VERDUNNTEN LEGIERUNGEN 
BEI TIEFEN TEMPERATUREN. I 


Im Anschluss an eine friihere Veréffentlichung in dieser Zeitschrift wird iiber genauere Tief-Temperatur 
Messungen des anomalen Widerstandsminimums und der Thermokraft von sehr stark verdiinnten Kupfer 
Legierungen (Kupfer mit Metallen der Gruppe B) berichtet 

Die Probleme der theoretischen Deutung, welche eigentlich von beachtlicher Bedeutung fiir die allgemeine 


Elektronentheorie der Metalle sein sollten, werden zusammengefasst 


INTRODUCTION EXPERIMENTAL OBSERVATIONS 


In a previous paper' dealing with dilute alloys of silver, Figures 1 to 4 show the variation of R,,, with nominal! 


gold, nickel and tin in copper, we have discussed fully concentration of gallium, indium, silicon and germanium 
the materials and methods used and the experimental as solutes, for alloys melted under reducing conditions. 
difficulties encountered, particularly in relation to the 
presence in the parent copper of small quantities of 


iron and oxygen. 

In the present paper we report the influence of small 
quantities of a series of B-group metal solutes on the 
residual resistance ratio (R»s), size of the resistance 
minimum (R,,in,) and absolute thermoelectric force at 
15°K (S15°x) (for discussion of these quantities see the 

| 
previous paper'), in order to examine specifically the 
0.01 0.02 0.03 0.04 0.05 006 0.07 
effects of heterovalent solutes of increasing valency NOMINAL AT % GALLIUG 


difference. As discussed in (1) we use R,.g aS a Measure Ay Area 
Fic. 1. The residual resistivity of dilute solid solutior 


of solute concentration while for alloys reduced IN in copper as a function of nominal gallium content of th 
hydrogen we have also examined the variation of Rys The alloys were melted under hydrogen. In calculatin; 

> resistivit of copper as 724 ohm cm 
with nominal solute concentrations. have taken the resistivity of copper as 1./24 ok 


SOURCE OF MATERIAL 


Of the metals used as solutes, gallium and indium of 
99.9% purity and bismuth and lead of 99.99% purity 
were obtained from Messrs. Johnson, Matthey and 
Company. Germanium, of 99.999% purity, was ob- 
tained through the kindness of the General Electric 
Research Laboratories, Schenectady, while silicon, of 
99.9% purity, was obtained from the British Thomson- 

OMINAL T% INDIUM 
Houston Company. 


CM 


Fic. 2. The residual resistivity of dilute solid solutions o 
* Received November 2, 1954. in copper as a function of nominal indium content of the 

Tt Division of Physics, National Research Council, Ottawa, 
Canada. 
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The alloys were melted under hydrogen. In calculating p4 2° 
have taken the resistivity of copper as 1.724 ohm cm at 293°K 
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Fic. 3. The residual resistivity of dilute solid solutions of silicon 
in copper as a function of nominal silicon content of the alloys. 
under hydrogen. In calculating p4.2°xk 


The alloys were melted 
we have taken the resistivity of copper as 1.724 ohm cm at 293°K 
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NOMINAL AT% GERMANIUM 


Fic. 4. The residual resistivity of dilute solid solutions of 


germanium in copper as a function of nominal germanium content 


of the alloys. The alloys were melted under hydrogen. In calculat 


2°k we have taken the resistivity of copper as 1.724 ohm 


293°K 


We have not been able to carry out satisfactory quanti- 
tative spectrochemical analyses of the solutes gallium, 
indium and germanium, although, in the case of alloys 
made under reducing conditions, we have determined 
the relative ratios of solutes present in the actual re- 
sistance specimens and found in general good agree- 
ment with the ratios of nominal solute concentration. 
The actual presence of the specific added solute has been 
verified by spectrochemical analysis in all specimens 
examined. 

As we have only been able to use nominal values of 
solute concentrations in these very dilute alloys, we 
shall not quote precise scattering cross sections (or the 
equivalent increase of resistivity caused by the addition 
of 1 at.% solute) except to say that our findings are in 
general agreement with those of Linde? obtained from 
alloys of higher solute concentration. 

We show the variation of Ryin and Sis°x with Rres 
in Figs. 5 to 12 for alloys with gallium, indium, germa- 
nium and bismuth as solutes. The behavior of copper- 
lead alloys is similar to that of copper-bismuth alloys. 
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However, as the variation of Si5°k and Rin with Ryes 
for the lead alloys is rather less self-consistent than was 
found for copper-bismuth, we have not thought it worth 
while to reproduce the results of these observations. 
Gallium, indium and germanium as solutes behave 
qualitatively in a similar fashion to tin as solute.' That 
is to say, Rmin and S15°«x show “‘cusp-like” variation at 
a critical solute concentration, at which the size of the 
resistance minimum saturates, while the thermoelectric 
force, E, in very dilute alloys decreases to a minimum 
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Rmin* 1073 
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Fic. 5. The relative size of the resistance minimum of dilute 
solid solutions of gallium in copper as a function of the residual! 
resistivity of the alloys. \lloys melted under hydrogen. 

Alloys not melted under reducing conditions. The figures refer 
to the nominal gallium content of the alloys which were melted 


under reducing conditions 
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Fic. 6. Absolute thermoelectric power at 15°K of dilute solid 
solutions of gallium in copper as a function of the residual re- 
sistivity of the alloys \lloys melted under hydrogen. 0) Alloys 
not melted under reducing conditions. The figures refer to the 
nominal germanium content of the alloys which were melted 
under reducing conditions 


Fic. 7. The relative size of the resistance minimum of dilute 
solid solutions of indium in copper as a function of the residual 
resistivity of the alloys. Alloys melted under hydrogen. 
© Alloys not melted under reducing conditions. The figures refer 
to the nominal indium content of the alloys which were melted 
under reducing conditions. 
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Fic. 8. Absolute thermoelectric power at 15°K of dilute solid 
solutions of indium in copper as a function of the residual re 
sistivity of the alloys. O Alloys melted under hydrogen \lloys 
not melted under reducing conditions. The figures refer to the 
nominal indium content of the alloys which were melted under 
reducing conditions. 


30 40 «50 60 70 
Rres.* Rtm /( R273. 


Rimin® (R4.2°— Ry) 


Fic. 9. The relative size of the resistance minimum of dilute 
solid solutions of germanium in copper as a function of the residual 
resistivity of the alloys \lloys melted under hydrogen 

\lloys not melted under reducing conditions. The figures refer 
to the nominal germanium content of the alloys which were 
melted under reducing conditions 
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Fic. 10. Absolute thermoelectric 15°K of dilute solic 
solutions of germanium in copper as a function of the residual 
resistivity of the alloys. O Alloys melted under hydrogen \lloys 
not melted under reducing conditions. The figures refer to the 


power al 


nominal gallium content of the alloys which were melted under 
reducing conditions. 


value in the region of 50°K, and then rises again so that 
the absolute thermoelectric power, S, at ~70° is not 
very different from that of pure copper. From the few 
copper-silicon alloys that we have examined, it appears 
that silicon as solute also behaves similarly to gallium, 
indium, germanium and tin. Lead and bismuth, how- 
ever, as solutes behave rather differently. The equilib- 
rium concentration in solid solution in copper at 
~550°C is effectively zero as observed from the residual 
resistivity and the absolute thermoelectric force (Fig. 
13) in alloys quenched from that temperature. At higher 
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Fic. 13. Absolute thermoelectric force of dilute solid solutions 
of bismuth in copper as a function of temperature. An alloy 
containing approximately 0.015 at.% bismuth has been quenched 


from the following temperatures (+5°C K 


v 860°C. 1000°C. + Pure copper sample. 


The similarity of gallium, indium, silicon, germanium 
and tin on the one hand, and lead and bismuth on the 
other hand, when they are present as solutes in very 
dilute solid solution in copper is further demonstrated 
in Figs. 14-16, where we plot the actual size of the resis- 
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Fic. 14. Variation of (R4.2°— Rrm)/(Re73.2°— Rrm) with residual 
resistivity for dilute alloys of copper. The alloys were noi melted 
under reducing conditions. A. Cu-Ga alloys. © Cu-In alloys. 
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Fic. 15. Variation of (R4.2°— Rrm)/(Re73.2°— Rrm) with residual 
resistivity for solid solutions of lead in copper. The alloys have 
been quenched from various temperatures. A, Alloys contain- 
ing approximately 0.015 at.% lead melted respectively under 
hydrogen and in vacuo. & Alloys made from Hilger copper. 
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Fic. 16. Variation of (R4.2°— Rrm)/(Re73.2°— Rrm) with residual 
resistivity for solid solutions of bismuth in copper. The alloys 
have been quenched from various temperatures. © Alloys con 
taining approximately 0.002 at.%% bismuth. A Alloys containing 

Bismuth. 


approximately 0.015 at.% 
tance minimum as (Rez3.2°— X 
against residual resistivity. With gallium, indium, ger- 
manium or tin as solutes, the size of the minimum in- 
creases rapidly with increase of residual resistivity and 
then appears to sa/urate in size around Ry.s™~15X 10 

This is generally true for the “reduced” as well as the 
alloys, although in Fig. 14 we 
“oxygen-containing”’ 


“oxygen-containing”’ 
have plotted measurements of 
alloys only so that they refer to the specific added 
solute without the added complication of other metallic 
solutes in solid solution. In the copper-lead and copper- 
bismuth alloys the size of the minimum increases at a 
similar rate to that found with the other solutes up to 
Rres™~15X10-*, but then continues to increase at an 
even greater rate as R,.. increases. Indeed, no evidence 
of saturation was found up to a residual resistance as 


high as Rres= 85 X 10 


DISCUSSION OF ELECTRICAL PROPERTIES OF 
DILUTE COPPER ALLOYS 


As first proposed by us,* later examined in more de- 
tail and further evinced in the present paper, it seems 
inescapable, from the evidence shown in Figs. 17 to 23 
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Fic. 17. Variation of the absolute thermoelectric power at 15°K 
as a function of the relative size of the resistance minimum for 
dilute solid solutions of gallium in copper. 
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Fic. 21. Variation of the absolute thermoelectric power al 
Rmin = (Ro 2° * as a function of the relative size of the resistance minimun 
dilute solid solutions of tin in copper 
Fic. 18. Variation of the absolute thermoelectric power at 15°K 
as a function of the relative size of the resistance minimum for 
dilute solid solutions of indium in copper. 
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Fic. 19. Variation of the absolute thermoelectric power at 15°K 


as a function of the relative size of the resistance minimum for 
dilute solid solutions of silicon in copper. 
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Fic. 20. Variation of the absolute thermoelectric power at 15°K and S15°x with R,.;. The present figure is plotted 
as a function of the relative size of the resistance minimum for — urements of Rmja and S;5°x each made on the same : 


dilute solid solutions of germanium in copper. and is to be preferred to the earlier data 
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thermoelectric power in a range of dilute copper alloys 
must be regarded as having a common physical origin. 
If, then, we try to interpret the thermoelectric data in 
terms of the current theory of metals as developed by 
Bloch, Sommerfeld, Fréhlich, Mott and others, we are 
forced to assume that the electron-scattering due to 
these solutes must be intensely energy-dependent, for 
which as yet no fundamental explanation is forthcoming. 
such highly energy-dependent scattering 
it could indeed also furnish a possible 


However, if 
were present, 
source for a resistive minimum and the theoretical sug- 
gestions of Korringa and Gerritsen® might also be con- 
sidered in this light. On the other hand, we may well 
suspect that the current electron-theory is inadequate 
in one or more respects and rather recently there has 
been interest’—”* in the effect first suggested by Gure- 
vich, namely, a possible “‘dragging”’ of the conduction- 
electrons by the phonons responsible for lattice heat 
conduction under a thermal gradient. This would then, 
in general, give rise to a thermoelectric power which 
would only become important at low temperatures (e.g., 
references 9, 10) and thus accord qualitatively with the 
observations. It is very difficult, however, to see why 
this effect should depend so very markedly on very dilute 
impurity concentrations and, more specifically, why it 
should not also be present in the pure metal depending, 
as it does, on lattice-electron scattering. If, however, 
these difficulties were resolved we should then hope to 
see rather directly that a corresponding lack of thermal 
equilibrium in the inverse electron-lattice scattering of 
the possible importance 


a conductivity measurement 


grateful to Messrs. Herring, Klemens and Blatt for 


s before publication 
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of which was first realised by Peierls—would give rise 
to the corresponding anomalous resistive-minimum.f 
The theoretical situation is still far from clear and 
we cannot at all be sure that the true source of these 
remarkable phenomena has yet even been indicated; a 
rather difficult feature appears to be the specifically 
selective nature of the solutes responsible. It seems 
most probable, however, that the solution, when ob- 
tained, will be of great interest in many respects in the 
field of metallurgy and the electron theory of metals. 
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LETTERS TO 


Some Observations of Dislocation Sites in 
Polygonized Silicon-Iron Crystals* 


The character of polygonized boundaries in bent and 
annealed single crystals has been summarized by 
Cottrell' and recently by Forty? in terms of the Burgers- 
Bragg model of a low-angle boundary’ consisting of edge 
dislocations arranged in rows perpendicular to the slip 
plane and slip direction. Observations of etching effects 
which can be interpreted as locating the site of in- 
dividual edge dislocations in such a boundary have also 
been summarized by Forty.” Perhaps the most striking 
are the photomicrographs of Vogel, Pfann, Corey and 
Thomas‘ and the more recent ones of Oberly® and 
Gilman as reported by Fisher. Dunn and Daniels’ 
also noted etching effects on polygonized silicon-iron 
crystals which had been bent about a (112 
observed on a {112} plane. This note describes further 


axis and 


observations of Dunn and Daniels’ crystals examined 
after the same (and in some cases the original) metal- 
lographic preparation at higher magnification. 

Figure 1 illustrates the (112 
served in the {112} plane of a body-centered-cubi 
structure having a Burgers vector of 1/2 a (111) or in 
the case of > silicon-iron, 2.47X10~* cm. Figure 2 
shows the {112} surface of a crystal 0.025 inch thick 
bent around a radius of 0.635 cm and annealed 24 hours 


edge dislocation ob- 


21¢ 
OF 


at 950°C. The polygonized boundaries are generally 
parallel to {111} planes, i.e., part 
symmetrical, but they are often branching or discon- 
A scattering of individual etch pits aligned 


are for the most 


tinuous. 
nearly perpendicular to the main boundaries suggests 
the location of the active slip planes which from ob 


servations of slip lines are {110}.’ Etch pit counts indi- 


cate an average dislocation density of 310* which 
2.5 minutes.t The average 
3.4&X 10 


urements correspond to a calculated bend radius of 


corresponds to an angle of 


measured polygon width is ‘cm. These meas- 


° 
= 


— 


° 


DIRECTION 


DIRECTION 
{il2} PLANE OF BODY CENTERED CUBIC STRUCTURE SHOWING 
EDGE DISLOCATION 


X-LAYER ABOVE, O-LAYER BELOW 


Fic. 1. {112} plane of body-centered-cubic structure 
showing edge dislocation. 
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} the 


0.65 cm, which checks quite well with 0.635 


cm 
used. 

Figure 3 illustrates a branching boundary in speci 
after bending around a 
1300°C 


men P-2 of Dunn and Daniels’ 
1.7 cm radius and a four-hour anneal at From 
the dislocation density the symmetrical boundary sup 
ports angles of 2.6 minutes and 1.65 minutes before and 
after the branch, respectively. The branch is an asym 
metrical boundary at an angle of approximately 55 de 
grees. The treatment of asymmetrical boundaries by 


suggests 


Read 


D 


assuming that the bi:9 type dislocation with a Burgers 
vector av2 in magnitude can form from vacancy segre 
this basis with D measured 


gation in the (110) plane. On 


as 8.210 


cm, 6 for the branch becomes 0.955 minute, 


A ff 


vecimen to Fig 
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Fic. 4. Same as Fig. 3; different area. 2000 


which corresponds to 2.60-1.65=0.95 minute required 
by a strain-free junction. 

On the basis of this and other analyses, it will be 
assumed that the etch pits shown locate individual edge 
dislocations which, from the geometry of the specimen 
and the deformation, are perpendicular to the plane of 
observation. 

Figure 4 shows one end of a polygonized boundary 
from the same specimen which consists entirely of a 
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Fic. 5. Variation in angle along sub-boundary in Fig. 4. 


Fic. 6. Same as Fig. 3; different area. 1500 
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Fic. 7. Variation in angle along sub-boundary in Fig. 6. 


resolvable sequence of pits, with both ends terminating 
within the crystal. The dislocation density and the 
calculated angle between sub-grains are not uniform 
along the boundary, as shown in Fig. 5. A similar hetero- 
6 and analyzed in 


geneous boundary is shown in Fig. 
Fig. 7. This variable dislocation array implying a vari- 
able angle between polygons requires additional elastic 
strain and a resulting unstable transition configuration. 
This configuration can be stabilized by the migration of 
the dislocations to adjacent boundaries or by their 
migration along the boundary to form a uniform spacing 
which traverses the crystal. This transition boundary 
provides an open end for dislocation migration which is 
responsible in part for the increase in polygon or lamellar 


width thatyhas been observed to occur on annealing at 


high temperatures.’ 

In one corner of this specimen sub-boundaries (~1°) 
were initially present in the unbent crystal and reacted 
during annealing with the polygonization boundaries as 


Fic. 8. Same as Fig. 3; different area. 
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shown in Fig. 8. As the polygonized boundary ap- 
proaches the higher angle sub-boundary, the dislocation 
density of the former decreases and the latter changes 
direction near the junction in a manner that shortens 
the lower angle boundary and lengthens the higher 
angle boundary. If the edge dislocations and the polygon 
boundaries remain perpendicular to the plane of ob- 
servation, it is postulated that the dislocations are 
migrating down the polygon boundary into the higher 
angle sub-boundary which might eventually remove the 
polygon boundary and result in the growth of polygon 
width. 

Additional work is planned and in progress to further 
explore the role of sub-boundaries and polygonization 
in recovery and recrystallization. 

C. G. DuNN 
General Electric Company 
Pittsfield, Massachusetts 

W. R. HrBBarp, Jr. 
General Electric Company 
The Knolls 
Schenectady, New York 
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Comments on ‘Formation Energies of Vacancies 
in Copper and Gold” by C. J. Meechan 
and R. R. Eggleston* 


In a recent paper, Meechan and Eggleston' have 
given data on the temperature variation of the resist- 
ance of samples of pure copper and gold. From these 
data they have inferred the existence of vacancies in 
both metals at high temperatures and have given values 
for the activation energies of formation of these. It 
will be shown below that the validity of the argument 
used is in doubt and that the figures quoted should be 
treated with reserve. 

The basic assumption made in! is that, for a pure 
metal, the resistance due to thermal vibration is a quad- 
ratic function of temperature and that any 
resistance at high temperatures can be ascribed to 
vacancies. However, the justification for using such a 
quadratic function is based on an equation given by 
Mott and Jones? as an approximation valid for temper- 


excess 
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atures that are not too high. The basic equation given by 
Mott and Jones is 


1) 


where R is the resistance at absolute temperature 7, a 
is the volume expansion coefficient and y is Gruneisen’s 


) 


constant. Assuming 2ay to be independent of tempera- 


ture, (1) can be integrated to give 

and the last approximation is used in reference 1. How- 
ever,” X 10 


viz. 


‘so that for the highest temperature 
considered, 1200°K. 
valid to within about 3 per cent and at least two extra 


this approximation is only 


terms must be taken in the expansion of the exponential 
to attain an accuracy of 1 in 10* which seems to be the 
order claimed in reference 1. Even at 500°C, at least one 
extra term is necessary. Furthermore, though few data 
are available for the variation of y with temperature, a 
certainly increases with 7. For copper, a increases from 
at 100°C to SISXW at Seu 
(cf. Borelius,*® who uses a to denote the linear expansion 
coefficient). Therefore, R should be represented by at 
least and possibly a quartic, function of 7 
We have fitted cubic the R—T values for 
both copper and gold and find that it is possible to fit 


a cubic, 
curves to 


the results reasonably well over the whole temperature 
range. The ranges of deviations are from —38 to +21 
for copper and from —43 to +38 for gold, while tl 

r-m-s. deviations are 18 for copper and 19 for gold (all 
figures in units of 10~° ohm). These errors seem to be 
of the same order of magnitude as those quoted in 
reference 1 as being within experimental error, but in 
each case the coefficient of 7° is found to be negative so 
that a theoretical interpretation is not straightforward. 
Use of a quartic approximation should reduce t! 


the sign of the 7 


1e dev la- 
tions and could easily 

A better approach 
In(R T) as a function of 7, 
figure. In both for T>200°C the 


smooth with a slowly increasing gradient, but 


reverse term 


would seem to 


to plot 


as has been done in the 
curves are 


Cases, 


temperature points appear to be anomalous 
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| 
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the gradients are always slightly less than the cor- 


responding value of 2ay (see Table I) but approach this 


value at the higher temperatures. This smaller gradient 
and possibly the anomalous points at low temperature 
may be accounted for qualitatively if we assume that 
Reas includes a residual resistance Rp not due to thermal 


motion. Then 


In(Rmeas/ 7) =In(R+Ro)/T 


=In(R/T)+ln(1+R 


R), (3) 


where R is the resistance due to thermal motion [as in 
Eqs. (1) and (2) |. We may take Rox<R for T>300°K 
so that the second term is approximately Ro/ R. There- 
fore, since R is dominated by a term proportional to 7, 
could reduce the gradient of the In(R,, 


below the value of 2ay and cause the deviations at low 


includes a term proportional to 1/7 which 
T) vs T curve 


temperatures. Alternatively, a better evaluation of 4 
as a function of T might remove the discrepancy. 

It can be seen therefore that there are at least two 
methods of expressing the results given in reference 1 
without introducing a vacancy contribution to the re- 
sistivity. Thus, while it is not the intention of this letter 
to deny the existence of vacancies, we do wish to point 
out that, at least until the variation of 2ay with T is 
known accurately, the figures quoted in reference 1 for 
the activation energy of formation of vacancies and for 
their probable concentration at the melting point should 
be treated with caution. 

NICHOLAS 

Division of Tribophysi« S 
Commonwealth Scientific & Industrial 

Research Organization 
Melbourne, Australia 
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Some Observations on the Relationship Between 
Vacancies, Recovery and Precipitation 
in Al-Mg Alloys* 


Recent work!? on the plastic deformation of high 
purity aluminium-magnesium alloys at relatively high 
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VOL. 
temperatures (200°C) has indicated that the presence 
of magnesium in solid solution retards the climb of dis- 
locations out of their slip planes. At first sight these 
results seem to contradict the observations that we 
have made on the effect of magnesium on the recovery 
of cold-worked aluminium. In this case we find that the 
time for complete recovery of hardness or of X-ray 
line breadth, prior to the beginning of recrystallization, 
is decreased considerably by 0.1% % magnesium and that 
further additions of magnesium up to 2.9% have little 
additional effect. Besides this the activation energy for 
these recovery processes is decreased by magnesium 
which agrees with the earlier findings of Varley.* We 
also find that for a given amount of cold work (20% 
cold reduction) the fractional increase in electrical re- 
sistivity increases linearly with magnesium content from 
about 0.3% for super-purity aluminium to 1.4% for an 
aluminium —2.9°% magnesium alloy. Furthermore, the 
fraction of the increase in electrical resistivity brought 
about by cold-working which is annealed out during 
recovery increases from about 30°; for super-purity 


Aluminium — 3.6% magnesium annealed and then 
reheated at 100°C for 2000 hours. 250 


Fic. 1 


Aluminium —3.6% magnesium cold-worked 20%, 
reheated at 100°C for 2000 hours. 250 
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aluminium to almost 100% for the 2.9°%, magnesium 
alloy. Following Seitz,‘ these results can be explained if 
it is assumed that the large magnesium atoms are acting 
as traps for the vacancies produced by cold-working. 
Support for these conclusions was obtained by the fact 
that the density increased by 0.02% after annealing the 
cold-worked 2.9% magnesium alloy. The vacancies so 
formed will thus aid the climb of dislocations out of 
their slip plane during a recovery anneal and thus de- 
crease the time for complete recovery. With high tem- 
perature deformation, however, the excess vacancies 
will be annealed out as fast as they form and so the 
recovery process will be controlled by dislocations alone 
and in this case the recovery process will be hindered 
by the magnesium atoms, as found by McLean and 
Farmer! and Rachinger.? 

Many workers®:*7:5 have shown that when alumin- 
ium-magnesium alloys containing more than 3% 
nesium are cold-worked by quite small amounts, the 
rate of precipitation at the grain boundaries is markedly 


mag- 


increased (see Figs. 1 and 2) ; precipitation on slip planes 
is only observed after quite high amounts of cold work, 
i.e., 40% cold reduction. From the evidence discussed 
above magnesium-vacancy pairs are produced after 
cold-working and it is likely that these will diffuse faster 
than magnesium atoms alone. When a magnesium- 
vacancy pair reaches a high-angle grain boundary the 
vacancy will be annihilated, thus leaving the extra 
magnesium atom at the grain boundary. In this way 
the rate of precipitation at high-angle boundaries will 
be increased by cold work. 

It is hoped to publish a full account of these results 
later. 

W. PERRYMAN 

Aluminium Laboratories Limited 
Kingston, Canada 

(Present Address) 
Deep River, Ontario, Canada 


References 
D. McLean and M. H. Farmer, J. Inst. Metals 83, 1 (1954), 
W. A. Rachinger, J. Inst. Metals 81, 718 (1952). 
P. C. Varley, J. Inst. Metals 75, 1037 (1948-49). 
F. Seitz, Advances in Physics 1, 43 (1952 
E. C. W. Perryman and S. E. Hadden, J. Inst 
(1950). 
P. Brenner and W. Roth, J. Inst. Metals 74, 159 (1948 
E. H. Dix, Jr., Trans. A.I.M.M.E. 137 (1940). 
P. Brenner and G. J. Metcalfe, J. Inst. Metals 81, 261 (1953 


Metals 77, 207 


* Received February 15, 1955. 


Approximate Steady-State Configuration of 
a Dislocation Mill* 


Frank and Read! have shown how a segment of dis- 
location lying in a slip plane and pinned at both ends 
can generate an indefinite number of dislocation loops 
when a critical shear stress is exceeded. A loop-source 
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of this type is known as a Frank-Read source. A simpler 


configuration, in which the dislocation segment is 


pinned only at one end, the other extending to infinity 
or to the surface of the crystal, also was described by 
Frank and Read. Orowan has termed it a dislocation 
mill. Upon application of a shear stress, the dislocation 
segment of a dislocation mill will rotate about its fixed 
end, winding itself up into a spiral. Neglecting all dis 
sipative effects, the approximate shape of the steady 
state spiral can be determined. 

The assumptions to be made are as follows: (a) there 
is no dissipation of energy, (b) the energy of a moving 


2(1 


independent of the character of the dislocation (edge or 


dislocation is equal to Gb? per unit length, 


screw) and of its acceleration,” and (c) interaction of 


different turns of the spiral is neglected. 

Consider a circle of radius r with center at the origin 
of the spiral. Let the acute angle between the spiral and 
the circle at their point of intersection be oO. Consider 
the energy that leaves the circle when the spiral makes 
a complete revolution. It is 


E,=[Gb?/2(1—1 


*COSO, 
where v is the velocity of the dislocation segment normal! 


| 


to itself. The energy supplied within the circle in the 


same length of time is 
Equating, and making use of the fact that sing Ww? 


where w is the (constant) angular velocity of the spiral, 


the velocity of the dislocation at a radial distance r is 


(Gb 
If this expression is valid for all 7, it must be valid in 


particular for r;=Gb/r, for which 


In other words, the angular vel 


=cr/Gb. Putting this value of w in the expression for 
( 


(¢ rb 'T 


Thinking of the spiral as being stationary for 
moment, the increment of radius dr corresponding 1 
rd§=tan@=Gb/rr and 


Gb T 


increment in angle d@ is dr 
equation of the spiral in polar coordinates is 7 
The spiral is, then, an Archimedes spiral with a spacing 
of turns Ar=22(Gb/r), which is 4m times the critical 
radius of curvature at the center of the spiral 

The time required for one rotation of the spiral is 
At= 22/w=2nrGb/cr and the relative velocity of the 
2rG. 


separation of successive turns of 


the 


portions of the ¢ rystal is V=)/A cr 
The 


probably is a fair approximation to 


the spiral 
spacing of dis 
location loops dynamically generated from a Frank 
Hart, Pry,’ in 


dynamic loop generation, asume this spacing to be 27 


Read source. Fisher, and discussing 


times the critical radius of curvature, rather than 4r 


0 ] () 
| | 1 

| 
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times it. Moreover, as pointed out by Leibfried,‘ they 
underestimated the back-stress at the center of a dis- 
location loop by a factor of x. These two factors, one of 
2 for the loop spacing and one of z for the back-stress, 
act in opposite senses. Together they reduce the esti- 
mated number of dislocation loops that are generated 
in a single dynamic burst from about 300 to about 40. 
This change is not important to the discussion of dy- 
namic loop generation, and the possibility still remains 
Frank-Read 
sources in bursts of a hundred loops or so at a time. 

J. C. FISHER 
Metallurgy and Ceramics Research Department 
General Electric Company 
Schenectady, New York 


that dislocations may be generated at 


References 
*. C. Frank and W. T. Read, Phys. Rev. 79, 722 (1950). 
. F. C. Frank, Proc. Phys. Soc. A62, 307 (1949). 
. J. C. Fisher, E. W. Hart, and R. H. Pry, Phys. Rev. 87, 958 
52 


x. Leibfried. Private communication 


Receiver “e ) ar 25, 
* Received February 25, 1955 


Tensile Tests on Silicon Whiskers* 


Since the study of metal whisker growth by Compton, 
Mendizza and Arnold,' several workers have performed 
mechanical tests on whiskers which revealed their ex- 
ceptionally high strength.?** These tests were some- 
what qualitative, since, although the strains were meas- 
ured rather accurately, the stresses could not be. All 
mechanical tests on whiskers reported in the literature 
so far and of which the author is aware, have been bend- 
ing tests, in which the stress withstood by whiskers 
before kinking was calculated from the strain (radius 
of curvature) and the elastic modulus. Now, theoreti- 
cally, when elastic strains become large, deviations from 
the linearity of Hooke’s law are expected. Hence, a 
computation of stress based on Hooke’s law cannot be 
accurate here and a tensile test is clearly indicated. 

Difficulties in manipulating whiskers of the order of 
1 micron or less in diameter have been overcome by 
gripping the ends of the whisker in beads of diphenyl 
carbazide on loops of 13-mil wire. By passing a current 
through the loop, a little diphenyl carbazide is melted 
(m.p.=173°C) to form a minute bead which encloses 
the wire. A whisker to be tested is brought up to this 
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MICROMANIPULATOR 


WHISKER 


PENDULUM 
i BOB 


DAMPING 
FLUID 


bead and is sucked in when the bead is molten. A view of 
a whisker under tension is sketched in Fig. 1 and an 
over-all sketch of the apparatus is shown in Fig. 2. The 
forces needed are of the order of hundredths of a gram, 
and are conveniently obtained by displacing a long, 
light pendulum from its equilibrium position using a 
micromanipulator. A whisker is first connected to the 
bead mounted on the micromanipulator and its other 
end is then connected to a similar bead mounted on the 
pendulum bob. The pendulum bob is provided with fins 
which dip into a conducting damping fluid (saturated 
salt water, thickened with cellulose gum). This com- 
pletes the electrical circuit for melting the diphenyl 
carbazide and also provides damping against transient 
drafts and vibrations. The bob weighs 33 gm when 
dipped in the fluid, and the pendulum length is 330 cm, 
which gives .01 gm tensile force on the whisker per 
millimeter displacement of the bob. The accuracy of 
the force measurement is better than 1/2% for dis- 
placements greater than 4 mm (which includes most 
whiskers tested). 

After whiskers are fractured, the stubs are mounted 
for electron-microscopic determination of their diam- 
eters. The diameter can be easily determined to better 
than 1/2% at any point, but it varies slightly along the 
length of the whisker and one can not be certain that 
the measured diameter is the smallest present. The 
fracture stress is thus known to about 2 per cent, and if 
errors are inherent in the measurement of the diameter, 
the true fracture stress will be still higher than the 
calculated result. Several whiskers of length greater 
than 1 mm were tested a second time by reconnecting 
the longer stub after fracture. The fracture stress in the 
second test was usually somewhat larger than in the 
first, though in one case it was very nearly the same. 
This would result from nonuniformity of cross section 
along the length of the whisker, the thinnest section 
fracturing first. If the pendulum oscillated excessively 
during loading (as would happen occasionally if the 
whisker were not aligned with the center of gravity of 
the bob) the whisker would have to bend rather ab- 
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ruptly at the beads and would fracture there at some- 
what lower stresses than those needed to break the 
whisker near its center. 

The maximum fracture stress found so far for silicon 
was 390 kg/mm, which is 2.03% of the Young’s 
Modulus for the (111) direction® (19.22 10* kg/mm?).T°® 
This result is based on the assumption of a circular cross 
section. If the whiskers are not nearly round, far more 
variation in apparent diameter would be expected along 
the observed length. At any rate, the cross section 
would almost certainly be smaller than that calculated 
assuming a circle, and our derived fracture stress would 
still be conservative. 

No necking down of a whisker has ever been observed. 
Although no accurate measurements of tensile strain 
have so far been made (due to the relatively short 
lengths of the whiskers tested so far), it could easily be 
seen that the maximum strains obtained were not over 
3 per cent. 

R. L. EISNER 
Metallurgy Department 
Westinghouse Research Laboratories 
East Pittsburgh, Pennsylvania 
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Variation of the Yield Point with 
Temperature in AuCu,* 


Polycrystalline wires of AuCus;, 0.010 in. in diameter, 
were first annealed at 900°C for three hours to assure 
uniform grain size, and then annealed for 15-24 hours 
at various temperatures ranging from 200° to 900°C. 
After quenching, stress-strain curves were determined 
in a simple continuous loading machine. The yield point 
was taken as the stress corresponding to the bend in the 
stress-strain curve. Figure 1 represents the plot of the 
yield points so obtained as a function of heating tem- 
perature T. Discontinuities at 395°, 590° and 850°C are 
easily discernible. The first discontinuity corresponds to 
the order-disorder transformation ; the second and third 
are linked to the transformations in the disordered state 
recently reported.' Also, the so-called rate of strain- 
hardening of these alloys, defined as do/de, where a is 
stress and « is strain, has been determined. Its depend- 
ence on the temperature of annealing is represented in 
Fig. 2. As in the case of the yield points, discontinuities 
were detected at the temperatures previously cited. A 
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full discussion of these phenomena will be published 
later. 
This work was supported by Naval 


the Office of 
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The Influence of Grain Boundaries on the 
Nucleation of Secondary Phases 
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The first and third equations which appear below 


should read as follows: 
(K*/4)} 
(K?/4)} 
In each case the term A/\/8 was mistakenly printed 


as K/\/8 K. 
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SELF-DIFFUSION IN DILUTE BINARY SOLID SOLUTIONS* 
R. E. HOFFMAN, D. TURNBULL and E. W. HART} 


The coefficient of self-diffusion of silver. Day, has been measur 
the substitutional solutes Pb, Cu, Al or Ge. In general 
form Dag= Dag exp(bX), where 6 is a temperature de 
relation Dag= Dag®(1+bX) is somewhat more satisfac tory 
cient of self-diffusion of lead in infinite ly dilute solution of Pb i 
RT) cm*sec™, and at 1000°K, Dpyp~13D,, 
The self-diffusion coefficients of the solvent and solute (D; and Daz, re spectively 
interrelated and a formal theory for this interrelationship is developed on 
mechanism. It is supposed that the solvent atoms diffuse at a different rate 
mediately surrounding solute atoms, than outside them. If D.>D 
that the movement of the regions is the primary mechanisn 
D,= (1—aX)D,°+aX D2, where a is the number of effecti 
during the period in which its center moves one lattice spacing perimental results or 
consistent with this theory with a~11. D» values are not le for ther solutes 
Overhauser and Lazarus have developed different theories relating the rates of diffusion 
within the disturbed regions to the interatomic forces th theories predict efiects 


observed, except that Overhauser’s is in fair agreement with the results for Cu and Pb: 


AUTODIFFUSION DANS LES SOLUTIONS SOLIDES BINAIRES DILI 


Le coefficient d’: i 10n de | arge 


us 
des atomes en substitution Pb, Cu, Al, ou Ge 


sion de la forme Dag= D4," exp(bX) ot 5 est 

relation linéaire 

Le coefficient d’autodifiusion du plomb Dp; dans 
0.22 exp(—38,100/RT) cm? ‘t ainsi a 1,000°K 
solvant et du soluté (D; et D respectivement 


la diffusion par les lacun 


moins, ul 


lie dans ’hypothése de 
itesse différente dans | 
théorie que le mouvement de ce 
du solvant au région perturbées et D 
lacunes-atomes du métal de base per 
naille. Les résultats expérimentaux 
Il n’y a pas de valeur de D» connue 
Overhauser 
vitesses de diffusion 
plus faibles que ceux ob 


pour des additions de Cu et 


DIE SELBSTDIFFUSION IN VERDUNNTEN BINAREN MISCHKRISTALLEN 


Der Selbstdiffusionskoeffizient von Silber, D, urde al inktion « atomal nteils X 
tionsmis¢ hkristalle von Pb ‘u, | 4 gemessen 
Gleichung der Form Ag veschrieb 
D* 4, h ‘twas befriedigende tdiffusior efizient von Ble 
diinnter Lésung von Pb in Ag wurde gefunden zt 2 xD 38.100/R7 ! 1 ir 1000°K 
Dp ~13D 
Die Selbstdiffusionskoeffizienten des lésenden, un | gelostel tofi D 
gewissen Grad in Beziehung zu einander 
Grundlage eines Leerstellenmechanismus’ entwickelt 
innerhalb der gestérten Bezirke, die die gelésten 
diffundieren als ausserhalb davon. Wenn Ds>D 
ung der Bezirke den primiren Mechansimus dat 
Weiterhin ist D,; = (1—aX)D)°+aX Do, dabei ist a di 


Atome und die Leerstellen innerhalb der Regione 

Gitterplatz weiterbewegt. 
Die experimentellen E ‘bnisse bei Blei sind mit 

a~11. D.-Werte fiir die anderen gelésten Stoffe sind 
Overhauser und Lazarus haben verschiedene Theorieen ent 

von lésenden Atomen innerhalb der gestérten Bereiche 


orieen sagen weit kleinere Effekte als beobachtet voraus, au 
guter Ubereinstimmung mit den Ergebnissen fiir Cu 
* Received January 17, 1955. 
+ Metallurgy Research Department, General Electric Company, Schenectady, 
* This work was supported by the United States Atomic Energy Commission 
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INTRODUCTION 


A previous note! described the results of measure- 
ments of the self-diffusion coefficient of silver, D,,, in 
silver-lead alloys in the range 0-1.3 atom per cent lead 
and in the temperature range 700-825°C. It was found 
that: 

1. At 


energy, Q, defined by the relation 


a given lead concentration, the activation 


exp(—Q/RT (1) 


was the same, within experimental error, as the activa- 
tion energy for self-diffusion in pure silver, and 
2. At a the concentration 


pendence of Dp. 


given temperature, de- 


was given approximately by the 
relation 
Dag=Da,"(1+6X), 
where D,,° is the self-diffusion coefficient in pure silver,” 
X is the atom fraction of lead, and 6 is a temperature- 


dependent parameter, given by the relation 
b= 10.5 exp(5000, RT). 


It was pointed out that these results could not be ac- 


counted for simply on the basis of an increase in the 
equilibrium number of free lattice vacancies; rather, it 
was hypothesized that the lead atoms took part directly 
in the transport of silver, perhaps by some sort of inter- 


change mechanism catalyzed by lattice vacancies. If 


this hypothesis is correct, than the parameter 0) of Eq. 


2) should be related to the self-diffusion of lead in these 


alloys. 
The purposes of tl 


| le present investigation were 


1. to measure the effects of other solute additions on 
Ds 


to measure the rate of self-diffusion of lead in 


silver-lead alloys to determine whether there is a 


rapid lead-silver interchange. 


EXPERIMENTAL 


Binary silver alloys containing lead, copper, germa- 


nium and aluminum in various concentrations were 


vacuum melted and cast into 1/2 in. ingots. The ingots 
were subsequently swaged to 3/8 in. diameter, solution 
treated, quenched and cut into 1/4 in. long samples, 
the end samples being used for chemical analysis. Each 


sample was ground on 4/0 paper until 


the two fac es 
} 


to clean 


were flat and parallel and then etched lightly 
the surfaces. 
Radioactive silver, Ag"®, of high specific activity was 
obtained from the United States Atomic Energy Com- 
Pb? RaD 


Energy Commission, Ltd. 


mission; radioactive lead, was obtained 
from the Canadian Atomic 
Thin layers (<1) of the appropriate isotope were 
electroplated on one face of the samples from conven- 


tional plating baths. For the most part, the diffusion 
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specimens consisted of single 1/4 in. samples with the 
plated faces exposed. However, for all measurements of 
Dp», and for measurements of Dx, in the high-aluminum 
samples, “‘sandwich-type”’ specimens were prepared by 


sintering together two identical samples with the 


isotope at the interface. 
The diffusion anneals were carried out in furnaces in 
within 


which the temperature was held constant to 


+2°C, with the samples enclosed in evacuated quartz 


tubes. Subsequent to diffusion, the samples were care- 
fully mounted in a lathe, reduced in diameter to remove 
surface diffusion effects, and then sectioned in the con- 


ventional manner. The activity of the sections was 


measured with a thin (30 mg/cm?) glass window 


Geiger-Miiller tube in conjunction with a 
Autoscaler. Diffusion coefficients were calculated from 
the slopes of the straight lines obtained by plotting the 


Tracerlab 


logarithm of the specific activity versus the square of 
the penetration depth. 
daughters of Pb*", a 


Because of the radioactive 


special] procedure had to be adopted for measuring the 
activity of the lead isotope. The 
was suggested to us in a private communication by 
Dr. N. H. Nachtrieb of the Institute for the Study of 
Metals, The University of Chicago. Pb?!’ decays to Bi*! 


by the emission of very weak beta and gamma radiation 


following procedure 


with a half-life of 22 years. Bi?!’ in turn decays to Po?!” 
by emitting a 1.17 MEV beta particle with a 5.0-day 
half-life and Po? ® by the emission 
of a 5.3 MEV alpha-particle and weak gamma radiation 
with a half-life of 140 days. Since gamma radiation is 


decays to stable Pb’ 


counted in a Geiger-Miiller tube with much less effi- 
mg/cm? 


ciency than beta radiation and since the 30 
and the 


window absorbs the alpha radiation of Po*** 
beta radiation from Pb?"’, only the Bi?’ beta radiation 
will be measured from a mixture of the three isotopes. 
Immediately after sectioning, the total amount of 
bismuth in a given section is made up partly of bismuth 
which diffused into that section and partly of bismuth 
which was formed there by decay of Pb?!’. However, 
after a period of 25-30 days after sectioning, essentially 
all the bismuth which arrived in the section by diffusion 
will have decayed and the bismuth activity will then 
that 


lead 


be directly proportional to the amount of Pb?" 


diffused into the section. Therefore, in all the 
diffusion experiments, the counting was delayed until 


30 days after sectioning. 


RESULTS 


Measurements of Dy, have been made on Ag-Cu 
alloys containing up to 6.7 atomic per cent Cu, on 
Ag-Ge alloys containing up to 5.4 atomic per cent Ge, 
and on Ag-Al alloys containing up to 14.1 atomic per 
cent Al. For each composition, the measurements ex- 
tended over a temperature 150°C. 
Graphs of logD 4, versus reciprocal absolute temperature 


range of about 


are shown in Figs. 1-3. For each composition, the data 
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Fic. 1, The temperature dependence of Dag in 
of various compositions 


PYavea dec idedly bett 

also may be used to describe, l 

the data for Ag-Pb and Ag-Cu, although 
the linear relation is SOmeCW 
at 1000°K versus X for the various solutes 
Fig. 4. The values of 6, as determined by fit 
either to or Eq. are given 


2. The temperature deper 


severa 
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In 


hat better. Graphs « 


} 


are 


700°-825 


Fic. 3. The temperature dependence of Da 


of various ompositi ns 


were fitted to an equation of the form 


logDp,, both at 1000°K, 


D=D, exp(—Q/ RT) 


concentration. 
by the method of least squares. Values of Do and (Q for From the deviations of t 
each composition, including the previously published squares line, it i 
lata for the Ag-Pb alloys' and for diffusion in pure 
silver,” are given in Table I. 
The linear dependence of D4, on solute concentration, 
Ag-Pb 
alloys! was also found to give a satisfactory description 
of the data for Ag-Cu. However, for both the Ag-Ge 
and Ag-Al alloys, a relation of the form 


exp(bX) (4) 


Y, that was used to describe the data for the 


1000 


| Crror, 


cases 
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error in the magnitude of the diffusion coefficients is 
less than 10 


probably accurate to within +2 kcal/gm-atom. 


per cent. The activation energies are 


THEORY 


In order to interpret our results, it 


develop the theory for the interrelation of the motion 


is necessary to 


p. cm*® sec" 


04 06 10 
ATOMIC PERCENT LEAD 


. 6. The concentration dependence of Dp 
in Ag-Pb alloys at 1000°K. 
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of the solute and solvent atoms. Overhauser* and 
Lazarus‘ have already put forth theories relating the 
exchange frequency of solvent atoms with vacancies in 
the vicinity of the solute atom to the interatomic forces, 
but neither has grappled with the problem of formally 
relating the fundamental exchange frequiencies (e.g., 
solute-vacancy, solvent-vacancy in or not in the vici- 
nity of the solute) to the observable diffusion coeffici- 
ent (either of solute or solvent). We shall develop some 
conclusions about the proper solution of this problem. 

A detailed treatment assuming the lattice vacancy 


mechanism for diffusion will be given, then we shall 


point out in general how the treatment should be 


modified for other mechanisms of diffusion. 
The Diffusion Coefficient D. of Solute Atoms 
in Infinitely Dilute Solution 
Let: 
Dd; and D be 


and solute atoms respectively ; 


the self-diffusion coefficients of solvent 

=the frequency of exchange of a lattice vacancy 
with a solvent atom remote from a solute atom; 

=the exchange frequency of a lattice vacancy and 
solvent atom in the immediate vicinity of a solute 
atom ; 

= the exchange frequency of a solute atom and latt ice 
vacant y; 

= the fraction of vacant lattice sites in solid solution 
elements remote from any solute atoms; 

= the fraction of vacant lattice sites in the immediate 
vicinity of the solute atoms. 


We must define more precisely the meaning of ‘‘im- 
mediate vicinity of the solute atom.”’ Surrounding each 
solute atom there will be a disturbed region, m coordina- 
and | x,’—.x,° 


tion shells in radius, in which | »;’— 7, 


are appreciably greater than zero. We suppose that 


vy;/—v,"| and |x,’—~x,°| are greatest for m=1 but do 
not know over how many shells the disturbance extends. 
To simplify our treatment we shall assume arbitrarily 
that the disturbed region is only one coordination shell 
in radius; hence v,’ and x,’ are single-valued correspond- 
ing to m=1. 

A lattice vacancy in the first coordination shell of a 
solute atom has for its nearest neighbors one solute 
atom, four solvent atoms that are, and seven solvent 
atoms that are not, nearest neighbors to the solute. 
Diffusion of the solute atom is a two step process: first, 
exchange of a solute atom with the vacancy, and second, 
exchange of the vacancy with a neighboring solvent 
atom. Thus irrespective of the magnitude of the solute- 
vacancy exchange frequency a solvent atom must jump 
into the vacancy after its exchange with the solute be- 
fore a solute diffusion jump is completed. The frequency 
fz of these solute atom diffusion jumps will then be the 
product of the solute-vacancy exchange frequency, 
vacancy concentration, and the probability p; that the 
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vacancy in the solute atom coordination shell will e 
change with a solvent atom. 

Evidently, 


4y,/+ 


pi: 


/ 0 


Therefore,* 


\ 


4y,’4 


The self-diffusion coefficient D». of the solute atom i 


(401) +771") vo 


(1 fo= (1 0) 


T Ve) 


If v2>v;/>v," the rate of solute diffusion is governed 
by the rate of exchange of vacancies with solvent atoms 
in the first solute coordination shell and Eq. (7) re- 
duces to 

Do= (2/3) (7a 


Similarly, if ve>v;">>v;’, the rate of solute diffusion is 
governed by the rate of exchange of vacancies with 
solvent atoms outside the solute coordination shell, and 
then 


(7b 


(7/6) 


On the other hand, if (4v,;/+7v,")>>vo, the rate of 


solute diffusion is controlled by the solute-vacancy 


exchange frequency, and 


Do= (1/6) vrA2x,’. 


Self-Diffusion Coefficient of the Solvent 


The distortion of the lattice by solute atoms will also 
produce an effect on the rate of solvent self-diffusion so 
long as either v;’~v,° or x,’¥x,°. A rigorous formal 
description of this effect is very complicated, but we 
may gain some insight into the problem by considering 
some simple limiting cases. 

First, we investigate the situation where the solute 
atoms are assumed to be stationary. We again suppose 
that the disturbed region surrounding each solute atom 
includes only the first coordination shell in which the 
solvent self-diffusion coefficient is D,’. The self-diffusion 
coefficient of the solvent in all other regions is taken to 
The total 
, IS given by: 


be that of the pure solvent, D,°. volume 


fraction of the disturbed solvent, V 


where g is the number of solvent atoms in each disturbed 
region and X is the atom fraction of the solute. 
Now 


solvent, D,, is the resultant coefficient of a duplex 


the observed self-diffusion coefficient of the 


* Equation (6) is based on the arbitrary assumption that the 
time required for one interchange between the vacancy and 
solvent atom corresponds to the time net essary to randomize the 
position of the vacancy about the solute atom. 
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system consisting of (assumed) stationary spherical 


regions of diffusivity D,’ embedded in a matrix of dif 
fusivity D,°. The corresponding problems for the dif 
fusion of heat and electricity have been solve by 
Maxwell’ and Lord Rayleigh® and these solutions have 
recently been reviewed and extended by Landauer.’ 
Applied to our material transport problem, Landauer’s 


result is 


D 


third term is chosen so that D, is 


special case where D,’>D 


reduces to: 


sign of the 
always positive. For the 


and V-0, Eq. (9 


D,=D, +3V). 9a 


If solute atoms move, the Landauer equation is no 
longer strictly applicable and there is an additional 
on D 


contribution of the 


“"moy ing-solute effec \\ e shall now invest lga 


the ‘““moving-solute effect”? by as- 


suming that the “stationary-solute effect”’ is negligible. 


Let the time required to complete one solute diffusion 


jump be r 1 where is defined by Eq 6). The 


total number of solvent-vacancy exchanges, ;’, within 


he first solute coordination shell during the time ro is 


10 


However, there is some upper limit, &, to the number of 


these exchanges that effective diffusion 


k is of the 


constitute 


jumps, where order of the number of atoms 


in tl distribution 


1e distorted region. When 7,’ 
of solvent atoms in the disturbed regions will have been 
completely randomized 


before the solute diffusion jump 


is completed. iable to derive 


an expression for tl 


exp 


| number of effecti 
1€, IN a Specime! 

aX \ 
It follows thi the observed Se f 


the solvent 


usion coetncient 


aX )D 


k Y D 


We have considered only the 


other of the 


4 
or the two eects 


can be ignored. From Ea. 
the condition under which the 1 


be negligible is that D.=D,°. Th 


e fixed solute 


5) 
| 
= ( 
1D 3] 1)D,'+(2—3V)8 
t {| (3V—1)D,'+ (2— ° | 9 
Lie tV 
| 
vacancy exchanges in the disturbed region, in the time 
To, (Nat at tually contribute to solvent diffusio1 a rela 
tion that we can ustify only on the basis that it gives 
the proper limits is 
a= em (— 4) R) |. 11 
ng .V atoms, is 
t+ V Xa 12 
is 
D | — aX Dao. 13 
—— 
For the case 4y,'a >fok, Eq. (13) becomes 
(fixed-solute or moving 
ving solute ele \ 
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be negligible when the number, ,, of external solvent 


atoms that enter the disturbed region in time 72 1s 


appreciably smaller than a. Since 
(14) 


the required condition for a negligible fixed solute effect 
is that 


a. (15) 


At the present time, we are unable to propose how to 
combine the contributions from the two effects in inter- 
mediate cases. 
Equation 9), derived by considering only the solute 
atoms as stationary, predicts a linear dependence of 
D, on X for X small and D,’>D,’. 
D,'>D,°, D, increases at a rate greater than given by a 


straight line 


For larger Y and 


relation. 


Equation (13), derived by considering only the 


moving-solute effect, demands that D, vary linearly 


with Y. However, (13) is strictly valid only for solutions 
so dilute that the probability that disturbed regions will 
impinge on each other is negligible. In solution elements 
where the regions have impinged, the solvent-vacancy 
exchange frequency is probably accentuated. Hence, D; 
in more concentrated solutions will be greater than is 


predic ted by Eq. (13 


Other Diffusion Mechanisms 


Irrespective of the diffusion mechanism, it is always 
prin iple that t 
ated 


possible in he solvent self-diffusion will 


be facilit in disturbed regions surrounding solute 
will be an effect, analogous to t! 


mech 


atoms. There 


at alrea ly 


he 


proposed for the vacancy anism, on the solvent 


diffusion due to the motion of these regions. 


N ow 


atoms (by any mechanism) is unaffected at any point 


assume that the direct interchange of solvent 


by solute atoms. Then, if the solute diffuses by an 
interstitial mechanism, its motion, however rapid, will 


rate of solvent self-diffusion. However, if 


} 


not iffect tne 
the solute diffuses by a mechanism of direct interchange 
ith solvent atoms the solvent self-diffusion coeffi- 


cient ll be described by Eq. 13) with a unity. 


Theories of Overhauser’ and Lazarus‘ 


Overhauser has developed a theory for the effect of 
solute atoms on solvent self-diffusion based on the as- 
the potential energy barrier opposing 


elasti 


sumption that 


solvent diffusion is changed. by local strains 


from the size disparity of solute and solvent 
atoms. The energy barrier shift was assumed to be due 
to changes in the ion-ion repulsive interaction effected 
by the introduction of local strain. This interaction was 
represented by the Born-Mayer expression : 


U=H exp(—1r/p (16) 


distance and 


where r is the interatomik the constants 
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H and p are chosen to describe the measured elastic 
constants of the pure solvent. 

Assuming as an approximation that all solvent atom 
sites are equivalent (i.e., the traverse of a diffusing atom 
is completely random irrespective of the position of the 
Overhauser obtains, by performing a 


solute atoms), 


space average over solute atom positions: 
(17) 


D,=D,° exp(bX), 


where 
1287 


45 


(17b) 


17c) 


exp[ — (17d) 
g is a measure of the size disparity between solute and 
solvent atoms that Overhauser deduced from the dif- 
ference in lattice parameters of the atoms in their pure 
crystals, a is the lattice parameter of the pure solvent, 
uw is Poisson’s ratio, and ro is the cutoff distance, usually 
set equal to a, introduced to prevent the strain from 
going to infinity at the center of an impurity atom. 
Overhauser’s assumption of the equivalence of sites may 
be a fair approximation for relatively concentrated solu- 
tions but is certainly inadmissible in the limit of dilute 
solutions. 

Lazarus‘ has also developed a theory relating v;’ to 
Is single- 


the interatomic forces. He assumes that pr,’ 


valued and different from vy, only in the first coordina- 
tion shell of the solute atom. It is supposed that the 
activated state for diffusion is produced by a half-unit 
shear of the cell containing the diffusing atom and 
lattice vacancy. v;’ is then calculated from the micro- 
scopic shear modulus evaluated according to the method 
of Fuchs.* In addition, the theory gives the vacancy 
concentration, «,’, in the solute coordination shell. 
Also assuming parallel addition of the solution ele- 
ments, Lazarus obtains for very dilute solutions: 
D,= exp(AE/kT (18) 
where AE= E; and 


quired to move a solvent atom into a vacancy when it 


are the energies re- 


is remote from, and in the first coordination shell of, 
the solute atom, respectively. EZ, and £;’ are directly 
proportional to the corresponding mit roscopi shear 
moduli. Formally, Eq. (18) is equivalent to our Eq. (13) 


when it is assumed that 4y)'x,'’< fok. 


= 
a 
| kT rol 
3297 
p 2 p 
|| 
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COMPARISON BETWEEN THEORY AND EXPERIENCE Comparison of Experimental Results with the 


Comparison with Our Formal Theory Theories of Overhauser and Lazarus 


Since a complete comparison of the present theory in order to 
with experience requires a knowledge of the diffusion ‘?V@TM@USET, We have calculated 
l7a and compare: these 
Table III). In making 
chosen 0.37.9 


pall, 0.166 A. 


eter g trom the lattice istants of the pure elements, 


coefficients of both solvent and solute, this discussion 
will be restricted largely to the results from the silver- 
lead alloys. 

As already noted, the dependence of Dy, on Xp, is 
best fitted by a linear relation, with a slope b=129 at 
1000°K. Also, at 7=1000°K and at infinite dilution of 
lead, Dp), / Da,13.* By comparing Eqs. (2) and (13 


we see that 
dD. 
/ —] 
dD, 


Hence the des« ription of the observed effect of lead on 


n derived by Eshelby 


introduc I 


Dx, solely in terms of the moving solute effect would 
require that a&11. On the other hand, since D./D 


= fo/y;°x,°, it follows that 1.<a so long as x,’ is not 


appret lably larger than x,°. It therefore appears that 


the fixed-solute effect may be negligible in the Ag-Pb 
alloys. 

If the major contribution to the enhancement of D4 
by lead does arise from moving-solute effect, and if the 
the first coordination shell of the lead atoms, then in 1000°K 
order that a&11, it is also necessary that 4y;'>/fo/ Uvernauser 
(see Eq. 11). Furthermore, it may be seen from Eq. (7 . | po 1000°K 
that if then also 4y;/>>v2, which implies 
that the rate of self-diffusion of lead in Ag-Pb solutions 
is mainly controlled by the frequency of the exchange 
of lead atoms with vacancies (i.e., D2 is given by Eq. 7¢ 

In any event, there is not the one-to-one correspond- 
ence, suggested in our first note,! between the number of 
lead diffusion jumps and the number of silver diffusion 
jumps facilitated by lead atoms. Rather, it seems clear 
that a single lead atom facilitates the diffusion jumps of 
several silver atoms in its vicinity. 

Since we have no data on the rate of diffusion of 
Cu, Ge, and Al in the corresponding silver alloys, we 
cannot calculate a but we can examine the dependence 
of Dy, on X for these alloys. For X <0.03, a 
relation between Da, and X does describe satisfactorily 
the data for all solutes. In the Ag-Ge and Ag-Al alloys, 
this dependence is not linear over the entire concentra 
tion range, but can be described by an exponential 
relation. This exponential dependence is, of course, not 
of D, with X can be qualitatively accounted for on the 
assumption that the solvent-vacancy exchange fre 


unique. As already noted, a greater than linear increase] 1000 


quency is larger in volume elements where the disturbed 
regions around the solute atoms overlap than 
isolated disturbed regions. 


* The ratio Dp varies between 10 and 
range 700°—800°C. 


Ss with the theory ol 
vaiues OI O [rol 
he experimental values 
< liatlons LV¢ 
YOO(10 ergs ‘101 
we calculate it from the equati: 
sAaqa 
l6r(1+y)2X, 
relating g to the nge in la parameter of silvel 
Aa, effected by the HBion of atom fra ) Y ol 
von Polaczek-Wittek” for Ag-Pb, Owe d Rogers 
Rowlands! for Ag-Ge, we obtain the follo Cs: 
+8.1(10)~°, g 3.92 (10 
) 7 ‘ 
1) 
 @ >. 
( 005 
\ 0.05 1] () 38 
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ory, may accompany solution and have an important 


effect on the rate of diffusion of solvent atoms. 


Table V compares the experimental values, 8.x», of 
Dx.°)—1] at 1000°K with the 


the parameter B=[ (D4 
values 8, calculated on the basis of Lazarus’ theory. 
The effects predicted by his theory are, in the case of 
Al, Ge and Pb, less than observed by a factor of 3 to 5. 
Also the observed influence of « opper on Ds is opposite 
in direction to that predic ted by Lazarus’ theory. How- 
ever, Lazarus’ theory is one order of magnitude closer 
to agreement with experience on aluminum and germa- 
nium additions than is Overhauser’s. 

In summary, no theory has yet been developed that 
adequately relates for all alloys the effect of solute 
atoms on the self-diffusion coefficient of the solvent to 
the interatomic forces. 
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BiMn “SPIRE” GROWTHS INDUCED BY A MAGNETIC FIELD* 


B. W. ROBERTSt+ 


BiMn “spires” or columns of highly oriented ferromagneti: 
out of a mixture of molten Bi and particles of Mn metal. Th 
field and has occurred both perpendicular to and against the 
formation postulates the enhancement of the nucleation probabil 
netic field present. The second mechanism requires th 
out the molten Bi volume. These particles are then pulled 


subsequently grow by size preference 
CROISSANCE EN SPIRALE DE Bi-Mn PRODUITE PAR UN CHAMP MAGNI rIOUI 


Une texture basaltique de cristaux ferro-magnétiques Bi-Mn fort 
d’un mélange de Bi fondu et de particules de Mn. La direction « 
nétique appliqué et peut se produire aussi bien perpendicu 
pesanteur. Un premier mécanisme explique cette formatior 
mité d’une spire par le champ magnétique appliqué, tan: 
ticules Bi-Mn ferromagnétiques dans le volume fondu 


la spire ot elles seraient alignées et ot elles pourraient 


DURCH EINWIRKUNG EINES MAGNETISCHEN FELDES HERVORGERI 
NADELWACHSTUM BEI BiMn (“SPIRE” GROWTH 


Aus einer Mischung von geschmolzenem Bi und Teilchen aus Mn-Meta icl 
Spires’) oder Siiulen aus sehr gut orientierten ferromagnetischen BiMn-Krista 
+» 4 h 


SOWO! S¢ 


richtung liegt in Richtung des angelegten magnetischer l und tra 
gegen das Gravitationsfeld auf. Ein erster Bildungsmechani 


an der Spitze der Nadeln voraus, hervorgerufen durch da 


verlangt die Bildung von ferromagnetischen BiMn-Teilcl 


werden dann an die Spitze der Nadel gezogen, wo sie an 


INTRODUCTION shorter single spires had grown out along the lines of the 
. . imposed magnetic field and at the same time per- 
An interesting magnetic growth phenomenon has been 
pendicular 
observed in two cases during the low-temperature diffu- 


sion formation of BiMn alloy. BiMn “spires” or columns : 


I 


of highly oriented crystallites have grown out of a _ 
central mass of elements both against and perpendicular 
to the gravitational field, but in both cases along an PO'€S 0! . een 
imposed magnetic field. The diffusion temperature lies ‘4° 5/74" 5° sa 


vidual spires had sharp projections 


between the melting point of Bi(271°C) and the: 
modified Curie temperature of BiMn (360°C 7 and 
340°C | ). The magnetic moments in BiMn are found to length. The projections ; aE 50 CAVES POUaay 
be parallel to the co axis above 84°K up to the Curie 


another. 
\n X-ray rotation picture wa 
which appeared in all respect 


temperature. 
group in Fig. 1. Thi 
First Case: Growth Perpendicular to Gravity salina 
cryStal-type pattern wit 
A pressed rod, 3/8 inch in diameter and 1 inch long, degrees. All of the elongated 
composed of Bi and Mn powders was sealed into an _ tions observed index on the 
the « axis to lie along 
X-ray lines are found to be 
the NiAs structure, and Bi 


Che spires are coated with Bi 


evacuated pyrex tube and supported horizontally inside 
a small resistance furnace which in turn was suspended 
in a 1500+300 oersted permanent magnet field. The 
furnace was held at 315°+10°C for 25 hours. After the _ ture. 
pyrex tube was broken open and the annealed powder _ since finely divided BiMn is pyrophori 
rod removed, several columns of BiMn particles, here- grains absorb moisture readily. 
after called spires, were noticed on the end of the pressed Since the spires align themselves along 
force and have been shown by X-ray 


rod. One spire about 0.5 cm in length and eight or ten _ net 
- BiMn with the co axis pointing alon; 


is little doubt that highly oriented BiMn alloy has been 


+ Metallurgy Research Department, General Electric Research 
formed by the influence of an imposed magnetic field, 


Laboratory, Schenectady, New York. 
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Mr crysta tes ave eel to ro 
th direction is along an appli igneti 
gravitational fie \ f e( 
ty at the tip of a spire the gl i 
the spire t here the ‘ 
rt ( ent eut se 
e CI ce ira 
e sec I Lilt apne a 
lies etant ¢ Ss te al rees ( te ae 
sel BiM Nadeln”’ 
Die Wachstums 
erhdhte Ke g hkeit 
~ 
er OF rougniv U.d mn 
p of spires is shown in Fig. 1 at a 
x iter DeIng pos yned bet een the 
rmanent 1one Che dept] t held 
regions are not in focus. The ind 
| 
y al one 
Vas take ol a Ss it Spire 
Ss like those ymposing the 
picture showed a single 
spots elo! cated 
and discontinuous refle: 
pattern, ind 1dicate 
uous 
hedral struc 
iS 1S lortunate 
id larger-size 
hes Of mag 
means to be 
r the lenot} there 


It is also unusual in that a large mass of material has 


been transported by diffusion away from a central mass. 


Second Case: Growth Against Gravity 


Stock Bi and electrolytic [In powders which passed 
| 


100-mesh screen were sealed into a 


inch in diameter after mixing. This tube 


through a pyrex 
tube about 1 
was wrapped with Nichrome tape and asbestos in order 
j ‘ for about 26 


hours in the gap of a large permanent magnet.* Figure 2 


to maintain a temperature of 315°+10°¢ 


the magnet and the position 


shows the arrangement in 
of the spires which were situated in a nearly homo- 
geneous magnetic field of 8700+200 oersteds and grew 


from two globules of Bi metal which did not react 
completely with the Mn present in the end of the tube. 
The spires reached the enclosing pyrex wall in several 
instances after growing vertically about 1 cm. The outer 
surfaces were not as irregular as those found in the first 
case, shown in Fig. 1, but did show parallel striations 
1 the spire. No record was made of the 


I 


around 
nce, but the metallographs shown in 


cross sections of a Bi globule, showing 


illustrate 


the arrangement of BiMn crystallites in the spires. 


LARGE PERMANENT 
ALNICO MAGNET 


TAPE COVER 


JUNCTION 


POSITION 


NICROME TAPE 
(DOUBLY WOUND) 


rangement 


t gravity 


William Whittamore of Brook 
73 (1951 


* Through the courtesy of Dr 


haven National Laboratory. See RSI 22, 


RGICA, 


VOL. 3, 


aQ 


(a) Cross section parallel to 


pires. (10K, 0.11 


Cross sec 


spires 10X 


Figure 3a shows a cross section of the spires when the 


plane of sectioning is parallel to the spire axes. Lighter- 
colored BiMn crystallites are situated in an array of 
perpendicular to the s] 


platelets re axes and these are 


Bi globule out through 


the top. The spire in the background center extended 


seen to pass from the base of the 


about 1 cm until it touched the pyrex tube wall. It has 
been broken off by handling. In the section shown it is 
seen that the Bi matrix exists along the center of several 
of the spires. In Fig. 3b this is more clearly shown to be 
the genera! case since each spire is seen to be made of 


crystallites which are roughly circular in cross section 


1e Bi matrix (light area in this metallograph) 


nave t 


and which do not come into contact at the center, but 
} 


forming channels between. 


Close examination shows that in many cases the 


roughly circular particles have straight edges which 
at about 120 degrees. This reflects the 


intersect 
agonal crystal structure of BiMn since the section is 


hex- 


roughly perpendicular to the cy axis of the observed 


crystallites. Even the smallest groups of cross-sectioned 
particles seen have a wall of Bi matrix dividing the 
crystallite columns. Considering the two sections 
through the BiMn spires, it 


most particles are flattened ellipsoids of revolution 


is seen that the shape of 


which have a sharp outer edge. At the center of a spire 
some of the particle edges are ‘“‘squared-off,” as shown 
in Fig. 4. This blunt inner edge of the spheroids would 
appear to be connected with the direction of impinge- 
ment of new crystallites or the rapid depletion of Mn 
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BiMn “SPIRE” GROWTHS 


when the co axis is roughly parallel to the 

sectioning. The domains are seen to lie approximately 
along the cy and magnetic axes. There are irregularities 
as the domain approa¢ hes the top edge of the ry stallite 
which have not been explained. The domains propagate 


through crystallite boundaries. In the lower right-hand 
corner a grain is shown with parallel domain boundaries 
The Kerr effect, however, is a minimum under this 
condition so that the relative reflected light 
are small and it is thus difficult to see 

lhe domain patterns bear out the observed direction 
of the magneti axis and the X ray evidence for the 


orientation Of the Cp axis, 


POSSIBLE EXPLANATIONS OF THE BiMn SPIRES 


We have described two independent 
which Biand Mn atoms have moved over n 
distances while guided by a magnetic 
same time lave been affected by 
the earth’s gravitationa 

\ first thought might 
have condensed frors 


geneous magnetic held, 


Fic. 4. Area of Fig. 5a photographed at 100X to show detail 


of spire growth. Figure reduced to one 


from the solution in the inner channel. The sample 


hic h 


matrix was made up of many large Bi grains w 
appeared to be randomly oriented. 

When BiMn grains have been smoothly polished, 
either dry or with alcohol as a lubricant to help prevent 
water reacting with the surface, it has been found that 
the magnetic domains are clearly visible! when observed 
through a microscope with the Nicol prisms nearly 


crossed. The domains appear as black and white stripes, 


or, in certain orientations, as light grey to dark grey 
stripes of varying intensities. This effect was first ob- 
served grossly with polarized light by Kerr*® on large 
surfaces of polycrystalline iron. 
The pattern of the domains gives direct evidence as ms // jd 


to the orientation of the BiMn crystallite at the surface 
section. Figure 5a shows several patterns observed on i \\ ~ re 
the same grain when the polarized light entered the : é 


surface and was scattered back nearly parallel in bot! 
( i\ 


cases to the cy axis. This surface is the same as shown in si\y, = 
Fig. 3b. Three pattern types are visible. The lower left “og ivy LAA ry 
corner shows a zig-zag or “rick-rack”’ pattern which in ors (i> 
many places makes abrupt turns of about 120 degrees. . ' 
Above this region the domains have a fern-like arrange- 
ment which frequently deviates to the zig-zag design. 
On the right-hand edge the domains appear to have 
parallel edges and interlock in an extended maze. It is 
evident in all of these designs that the domain or Bloch 
walls seek an equilibrium configuration in which they 
are equally spaced. 
Figure 5b shows the polarized light pattern observed 
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perimentally by placing a smal! permanent magnet with 
a field of 3000 to 4000 oersteds between two piles of Mn 
and Bi powders all suitably held in an evacuated pyrex 
bulb. The assembly was placed in a furnace and held 
at 315°C for 48 hours. At the end of this time, no mag- 
netic formations were observed on the poles of the 
magnet. The obvious explanation of this lack of reaction 
is the very low vapor pressures present at 315°C. For 
Mn, the pressure is 107! and for Bi it is 10~® 
micron. Both values are extrapolated 
All evidence points instead to diffusion of the Mn 
into the Bi and then the formation of the spires by a 


> micron, 
from Dushman.?* 


series of steps. 

It is pictured that 
upon which the molten Bi globules rest have diffused 
into the Bi. When a certain concentration of Mn 
built up on the Bi globule, precipitation of BiMn will 
occur. The Mn concentration necessary for precipita- 


Mn atoms from the Mn powder 


is 


tion would appear to be low since Guillaud* has ob- 
served the ferromagnetic BiMn hysteresis transforma- 
tion nearly across the Bi-Mn phase diagram. Guillaud’s 
last point of measurement was on a sample which con- 
tained 2 atomic per cent Mn. This sample had been 
prepared by bringing the elements down slowly from 
900°C to 440°C. Thus, it is possible that on the order 
of only 1 atom per 100 may be required in solution for 
precipitation of BiMn alloy. 

It is probable that BiMn particles will first nucleate 
and precipitate at the lower surfaces of the Bi globules 
since the Mn will diffuse through the base and initially 
have the greatest concentration there. The first particles 
thus formed will be situated at random about the 
globule base. 

The experiments have shown that the spires have 
continued to propagate in rough columns through the 
molten Bi along the lines of an applied magnetic field. 


Now 
field wil 


a magnetic particle in a homogeneous magneti 
bjec ted to no translational 
he magnetic field. A magnetic particle 


Id, 


ie] 


| be su force. It will 


be aligned with t 
in an inhomogeneous f however, will have a force 
exerted upon it such that it will be pulled to the region 
f greatest magnetic flux. 


When a BiMn particle above the critical size* neces- 


sary to exhibit ferromagnetic properties is formed and 
oriented with the field, it will have at the poles a mag- 


netic field Hena: 


Hena= Hot 


where Ho is the applied external field, V is the shape 
demagnetization factor which varies between zero and 
he axis for the case of a long, thin 
at disc with the direction of mag- 
Tis the saturation 
the end of BiMn 
homogeneous field 


being zero along 


needle and 47 for a fl 
netization perpendicular to the disc. 


magnetization. Therefore, at any 
particle in the Bi matrix, a larger in 


is found than that originally impressed on the sample. 


* The critical size is estimated to be a particle with ten atoms 


on a side. 


I 


( 
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Two possible methods of spire formation in the matrix 
can be visualized. The first is to have volume nucleation 
of BiMn particles which are above the critical size and 
thus ferromagnetic. These particles are then pulled to 
the region of highest magnetic flux which is near the 
end of another oriented BiMn particle. Here they would 
be pulled into contact with the existing surface and 
aligned with the field present: Heng. The new particle 
would in turn become the tip of a spire which would be 
the attractive point for the next particle to enter the 
region. 

A second mode of spire formation involves the en- 
hancement of the nucleation probability at the spire 
tip. We will calculate the energy difference per unit 
volume of a particle of BiMn which is situated in the 
molten Bi far from a ferromagnetic particle and of one 
placed at the tip of a spire where the existing field 
includes both Ho and the pole field of the ferromagnetic 
BiMn particle. 

Evidence for the initial shape of a BiMn particle is 
not available. If it were an infinitely thin disc, .V would 
equal 4r and the additional field would be zero. The 
initial form is probably close to a sphere where .V would 
be 47/3, so that Heng= Ho+ (8 

The magnetic domain patterns (Fig. 5) show an 
alternating arrangement of domain orientation at the 


3)al 


surface of a particle which did not exist at the time of 
formation. The crystallites were single-domain initially, 
and then the domains rearranged when H» was removed 
or after the lateral growth was large enough to cause 
shape energies to require more than one domain to be 
present. 

Now consider the energy per unit volume of a single 
domain BiMn particle in the matrix: 


Epi=— Hol, 


and the same particle at the end of a spire with V=0, 
Eena= — Hol 


The difference of these energies is: 


AE=-—4rl 2 (B,=4rl,), 


and since the ferric induction (B,) for BiMn is about 
8000 gauss,’ the last equation yields about —5X10® 
ergs/cc=—Q0O.1 gm-cal./cc, depending upon the initial 
value of .V and the stage of spire growth. The longer a 
spire becomes, the more it approximates a long, thin 
rod, so that the magnetic energy (—B,?/4r) will be 
approached as the spires grow. Thus, the BiMn particle 
would prefer to exist in the ferromagnetic phase at the 
tip of a spire rather than as the elements in solid solu- 
tion or a BiMn particle below the critical size for ferro- 
magnetism. This energy would aid nucleation of the 
two elements or the enlargement of BiMn particles 


Be 


3i Mn 


which were floating in solution with sizes smaller than 
the critical size. 

We may schematically show the proposed interaction 
of the magnetic energy in these equations: 


Al 


Bi+Mn—BiMn, 


AF+AE 
Bi+ Mn >BiMn, 
where AF is the free energy of formation. The additional 
increment of magnetic energy will drive the alloying 
reaction to completion only if the system of Mn, Bi, 
and BiMn alloy is near equilibrium and within the 
energy limit given by AE. There is very little thermo- 
dynamic information available on this reaction. It is 
known that the product once formed is stable (in the 
absence of oxygen or water) up to 445°C, and that the 
alloy forms with only 2 atomic per cent Mn present in 
the Bi solution.’ If the amount of Mn necessary was 
very much less—say, on the order of a fraction of 1 
per cent—then near-equilibrium conditions may have 
existed under the experimental arrangement. A source 
of Mn was present and the temperature was low. 

It has been observed experimentally that molten Bi 
wets particles of BiMn. In addition, all of the spires 
appear to have channels of Bi matrix running along 
their length. This suggests capillary action for the 
method of transport of material along the spires away 
from the central mass. From the following equation we 
may compute the approximate height to which Bi 
would be pulled in a capillary: 


oly Jarra 
mgh=2rry, 


where y is the surface tension. Since m=ar/hd, this 


yields h?=2y/rdg, where h is the height to which the Bi 
is pulled, r is the radius of the capillary, d is the density 
of molten Bi, and g is the acceleration due to gravity. 
Using for the Bi surface tension, y=388 dynes/cm 
(Handbook of Chemistry and Physics, 1953), r=0.005 
cm, d=9.8 gm/cm*, and g= 980 cm/sec’, /: is found to 
be about 5.7 cm. This height is nearly six times as great 
as the height observed in the spire growths. 

The crystallites are found to grow, after formation 
and alignment at a spire tip, to a size on the order of 
mils. The photomicrograph of Fig. 4 also shows that 
the edges of particles facing the channels are blunt, 
while those growing out into the matrix are pointed. 
We may explain the initial growth as that of preferen- 
tial size; in other words, very small particles would be 
absorbed onto the surface of larger particles due to 
surface energy differences. The blunt edges on the inner 
BiMn particles may be simply due to the lesser quan- 
tity of Mn or BiMn diffusing up the thin Bi channels as 
compared to the large amount diffusing out of the vol- 
ume from which the outer pointed particles may absorb 
new material. The preferred crystallographic direction 
of growth is in the basal plane. 


and 


GROWTHS 


CONCLUSION 


Two cases of growth of columns of BiMn alloy along 
an imposed magnetic field have been observed during 
low-temperature diffusion experiments. These spires are 
found to be made up of highly oriented BiMn crystal- 
lites with their crystal and magnetic axes aligned closely 

field. The 


separated by thin walls of Bi which are held in place 


an applied magneti columns are 
by surface tension. 

In order to explain the growth of these spires away 
from the central mass of material through which their 
component materials have traveled, consideration of 
the influence of the imposed magnetic field seems im- 
perative. One mechanism for formation is schematically 
shown in Fig. 6a. It is postulated that the large ani- 
sotropic magnetic field existing at the end of a spire 
contributes an energy on the order of 0.1 gm-cal/ce in 
excess of the free energy of formation. This additional 
energy would enhance the probability of nucleation of a 
iMn particle at 


; the spire tip. It is also possible that 
iMn particles which are 


B 
B 


below the critical size to 
exhibit ferromagnetism would be caused to grow above 
this limit in the spire tip vicinity. For this mechanism 
to operate one would need only the imposed field and a 


Mn 
to propagate the growth. New materia 


atoms or subcritical BiMn particles 


would be SUp- 


source of new 


plied by diffusion through the molten Bi. This mech- 
anism would require conditions near equilibrium for the 


reaction and for this no definite data are available. 


Equilibrium here implies uniformity of Mn concentra- 


tion in the molten Bi. 


\ second possible mechanism would require the for- 
mation throughout the Bi volume of small 


of BiMn alloy 


ferromagnetic. 


cry Stailites 
he critical size and thus 
These particles would 
} 


} are above 
be pulled by the 


force created by he inhomogeneous field a¢ ting on the 
magneti poles to tne point 

ich exist s at the spire end 
shown in Fig. 6b. 


Che latter mechanism requires t ‘rromagnetl 
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particles would not immediately coalesce to larger-size 
particles with less surface energy since greater difficulty 
would be had in traversing the Bi channels to the tip 
of a spire where they would be attracted, aligned, and 
subsequently grow in size. 


nucleation mechanism would 


The magnetic 
appear to be the better explanation of these BiMn spire 


energy 


growths; however, since it is necessary that conditions 
near equilibrium prevail during formation, the existence 
of equilibrium should be demonstrated. Insufficient data 
exist to establish clearly the state of the system during 
the spire growth formation. 

Growth of the spires from the base as has been demon- 
strated® for tin “‘whiskers’’ was not considered here 
because of the much larger diameter and consequent 


greater mass. 
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A METHOD FOR THE MEASUREMENT OF ELASTIC RELAXATION, AND ITS USE FOR 
DETERMINATION OF THE SOLUBILITY OF CARBON IN a-IRON 


E. LINDSTRAND 


\ new method is developed for measurin; 


] 


are twisted through a certain angle and th 


thus the magnitude of the elastic 
solubility of carbon in a-iron. 

directly by weighing, which is a considerab 
content and after-effect was determined. Sur 
peratures, and thus the solubility limit was ob 
earlier investigations using the torsional pend 


by calorimetric methods. The latter need correct 


of FesC at lower temperatures. The « 


Une nouvelle méthode est développé« pour | 
en spirales sont 
graphiquement, ¢ 
la détermination de la solubilité 
termination du carbone 
méthode. Premiérement 
tillons sursaturés firent ensuite refroidis brusque 
limite de la solubilité a été obtenue entre 400 et 700°C 
obtenus en ull 
Celles-ci doivent 


basses, trouvés 


sind splirailormig 


wurde photographisch reg 
Die Methode ist auf di 


sind so gross, dass del 


Vorteil dieser Methode ist 


bestimn t. L be rsa tigte Prober 

die Léslichkeitsgrenze zwisch 
Untersuchungen, mit der Torsionspet 
auf kalorimetrischem Wege erhalte 
deckten Ausscheidung von FeoC 


und Kohlenstoff in Lésung wird auch 


1. INTRODUCTION 


. . remove 
Earlier determinations of the 
‘loped by 


a-iron by calorimetric methods! and _ by 
methods? have given results which differ appreciably. In 
the present work the solubility has been determined from 


the elastic relaxation, measured by a new method pro 


wosed by Professor Borelius. The samples are in the . 
of spirals which are twisted a certain 
: ELASTIC RELAXATION 

angle. They are then released, and the extension due to 
the elastic after-effect, which in simple cases diminishes he wires for the sam] vere made 
exponentially, is measured as a function of time. The pure iron from San rks AB 
course of creep is registered photographically, and the Small Impurit [Si, Mn, P,S, N, and C 
spirals are held at a temperature where the time con . 
stant has a convenient value. Thus for C ina-Fe, —5°C 
gives 33 seconds. Compared with earlier measurements 
where the damping of torsional oscillations has been 
observed, this method has some advantages. The sam- 

} } 


ples can be made so large that the carbon content may ample 1s mount 


be determined by weighing, and the relaxation is ob- which an extensi 
* Received November 24, 1954 
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uid seal trap 


rator.D. Mirror. E 


certain angle, which can be read on a protractor. It is 


held in this position for a sufficiently long time and then 
released. The first oscillations are rapidly damped by 
the oil, and after that the course of relaxation is regis- 
tered photographically using an apparatus developed 
at this laboratory by Johansson and Larris.*® An illumi- 
nated slit with a rotating sector shutter placed in front 
of it gives a flash each second. The slit is projected on a 
strip of film (Fig. 2) by the mirror and a lens. In order 
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to facilitate counting the spots, the slit is moved up 
and down periodically. 

3. HEAT TREATMENT 

The furnace for heat treatment was of the resistance 
type with three separate windings. By regulating the 
current in the different sections, the temperature could 
be held within +0.5°C over a distance of 20 cm. The 
voltage was kept constant with two a-c voltage stabil- 
izers in series. The specimens were put into a vertical 
Pythagoras tube 40X 1000 mm, which could be evacu- 
ated and filled with hydrogen or argon. The temperature 
was measured by a thermocouple in a quartz tube, 
which was inserted in the furnace tube through its upper 
end. 

A typical heat treatment could consist of the follow- 
ing procedures. The sample was purified from carbon 
and nitrogen in an atmosphere of moist hydrogen for 
about 24 hours, at a temperature of 720°C. The spiral 
was then brought down into the lower, cool part of the 
furnace tube, taken out and weighed. As a check the 
elastic after-effect was sometimes measured, and it was 
found to be about 2 per cent of that at maximum carbon 
content. This background is corrected for in the calcu- 
lation of the after-effect. Carburization took place in an 
atmosphere of dry hydrogen, which had been passed 


over toluene. By variation of the velocity and duration 


of the gas stream, the carbon content could be given 


any desired value. The time of carburization varied 
between 5 and 20 hours. The sample was then once 
more allowed to cool down in the furnace and was 
weighed. In a third heat treatment the spiral was heated 
to 710°C and kept there for a half to one hour, after 
which it was quenched in a 10 per cent NaOH-solution. 

This relatively complex heat treatment is necessary 
in order to avoid any oxidation which would, if it oc- 
curred, make the results of weighing meaningless. The 
heat treatment described above was performed when 
the relation between carbon content and after-effect 
was to be calculated. For the later determination of the 
solubility where no weighing was involved, a simpler 


heat treatment could be employed. 
4. INTRODUCTORY INVESTIGATIONS 
Before any attempts were made to determine the 
solubility curve, some measurements were carried out 
to test the workability of the method. 


rip, which shows the course of relaxation of a spiral, containing 0.0065 wt % carbon. The light-spot enters 


from the left, and in the right end, the exposure has been interrupted for about five minutes. 


43? ACTA 
2 
Fic. 1. A spiral withmmeeeeees, removed from the refrigerator 
nrough bottom ot rerige Damping equipment 
i 
| & 
Fic, 2. A fi) 


LINDSTRAND: SOLI 


t=0 time 


Fic. 3. The angle of torsion as a function of time. 


If the lower, free end of the spiral is twisted to an 
angle ¢«,; and released, the residual deflection ¢€ as a 
function of time in uncomplicated cases, such as shown 
in Fig. 3, can be expressed by the formula 


€= €9€ 


the relaxa- 
tion time constant for strain when stress is kept con- 


where e€ denotes the initial after-effect, 7 


stant, and ¢ the time from the moment of release. In 
Fig. 4 the logarithm of the quotient ¢€/e, is plotted 
against time. The figure refers to an ordinary sample 
after carburization. The later part of the curve is a 
straight line, in conformity with Eq. (1), and it has a 
time constant of 33 seconds. If the line is extended to the 
time zero, that is, to the moment the spiral is released, 
this gives an initial value €/¢€,;. This value is taken asa 
measure of the strength of the after-effect. 

The first part of the experimental curve, however, 
deviates from the straight line. If one takes the differ- 
ence between values of €/¢, from the curve and those 
from the dashed extension of the straight line and plots 
them in a new logarithmic diagram, another straight 
line is found with a time constant of 6 seconds. This is 
the relaxation time for nitrogen at the same tempera- 
ture. The sample must have been charged with nitrogen, 
and this must have occurred in some process after the 
decarburization, as no significant elastic relaxation was 
observed at that stage. 

In the earlier measurements of after-effects? the 
wires were put under a torsional strain, while in the 
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Fic. 4. The logarithm of the elastic relaxation as a function o 
time. Total angle of torsion 88°. Measuring temperature —4.5°C, 
Quenched from 660°C, 


BILITY OF C 


ARBON IN a-Fe 


present experiments they are bent. Though in the 


latter case the strain is not constant over the 


CTOSS 
after-effect. 


on which 


section, this should not alter the elastic 


This was also verified experimentally. A spiral, 


measurements had been made, was drawn to such 


dimensions that it could be used as a torsion wire in 


the same apparatus. The relaxati was found to be 


the same irrespective of whether sample was a 
spiral or a torsion wire. 

the influence of the measuring temperature, 
between 10 and +20°C. As 


expected, the relaxation time varied exponentially 


To test 


this has been varied 


with 
the inverted value of the absolute temperature but the 


total after-effect was the same at all temperatures. 


These measurements give an activation energy of about 
va 


79006 Ws/mol (19 000 cal/ mol). Wert® has found the 


value 19 800 cal 


Investigations were also made on the int 


mol. 
luence of the 
oil damping, total angle of torsion, time of carburiza- 


tion and texture, and they all gave results which agree 


with the general theory of relaxation and similar ex- 


periments made earlier. 


5. RELATIONSHIP BETWEEN CARBON CONTENT 
AND AFTER-EFFECT 


The initial after-strain ¢€:/€,; was determined for a 


number of spirals which as described above had been 


charged at 705°C with varving amounts of carbon 
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below the solubility limit, and quenched in NaOH- 
solution. The carburization time varied between 5 and 
20 hours. The results are given in Table I, and plotted 
in Fig. 5. Within the limits of error there appears to be 
proportionality between elastic after-effect and carbon 
content. The proportionality constant K = (€2/€1)/Le] is 


found to be 118, if [.c] is expressed in weight parts. 


6. DETERMINATIONS OF SOLUBILITY 


For the determining of the solubility limit some of 
the charged samples were kept for about half-an-hour 
at suitable temperatures in order to attain equilibrium 
between solution and carbide, and were then quenched 
in NaOH-solution and measured. One difficulty that 
arises in these experiments as well as in those under 
section 5 is the influence of the small, undesired amount 
of nitrogen in solution, already discussed in section 4. 
This influence fixes the lower limit of accurate measure- 


ments to 0.002 wt ©% carbon. The results are found in 


Table II. 
II. 


1000 
( € 


0.0197 
0.0130 
0.0092 
0.0068 
0.0050 
0.0036 
0.0027 
0.0022 


713 3 0.0232 
660 ] 0.0154 
606 1.13 0.0109 
568 0.0080 
534 0.0059 
499 0.0042 
$68 0.0032 
444 0.0026 


7. DISCUSSION OF RESULTS FROM THIS 
INVESTIGATION 
shown 11 


The results are best a logarithmic equi- 


librium diagram, that is a diagram where the logarithm 
of concentration is given as a function of the reciprocal 
of the absolute temperature. As a measure of the con- 

Fe. The values 


centration we 
for the solubility taken from Table II are then found to 


the atomic ratio z=C 


use 
form a straight line marked Fe;C in Fig. 6. This line is 


described by the empirical formula 


1 
— 6080—— 1.3. 
From thermodynamic considerations, e.g. Ref. (1), the 
following equation is derived for the equilibrium of 
solution 
AS 


where L denotes the heat of solution, and AS is explained 
below. 

The total increase of entropy involved in the solution 
of 1 mol carbide consists of two parts; one that is due 
to disordered distribution in the solution, and can be 
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described by Gibbs’ formula, and another that is due to 
ferromagnetic effects and denoted by AS in Eq. (3). 

Identification of the two equations, (2) and (3), 
gives L=50 500 Ws, mol and AS= — 1.3 R. Both values 
are in good agreement with the experimental results 
from the calorimetric investigation (1) (1=52 400 
Ws/ mol, AS= —1.3 R). 

The samples have been quenched from temperatures 
between 400 and 700°C 


equilibrium with carbon in solution. It is, however, also 


where cementite (Fes:C) is in 


of interest to study the phase diagram at lower tem- 
peratures. 230°C the phase that appears in 
equilibrium with carbon in solution is, 


Below 
as recently 
found, not cementite but Fe.C. Data relating to this 
carbide can be derived from experiments made in this 
laboratory by O. Krisement.’ He measured the evolu- 
tion of heat during precipitation of FesC at tempera- 
tures about 200°C. 
possible to calculate the solubility limit, if one can 


From his data and Eq. (3) it is 


estimate the value of AS, when 1 mol Fe2C precipitates. 
From thermodynamic considerations (1) it is probable 
that AS is zero if none of the components has a Curie 
point above the equilibrium temperature. At 200°C 
this is true for Fe;C (Curie point 190°C), and we make 
too. Then AS 
is used to 


the assumption that it is true for FesC 
only depends on the amount of a-Fe that 
form carbide. This amount of a-Fe depends of course on 
whether 1 mol Fe;C or FesC is formed. The calculation 
of ASveoc involves so many uncertain factors, however, 
that we can only estimate ASrexc and ASresc to be of 
the same order of magnitude, and we put them equal. 
Anyhow, some small difference in the AS-values does not 
have any appreciable influence on the final results. 
Figure 6 shows the phase diagram, derived from this 
work and Krisement’s measurements on FesC. The heat 
of solution, LZ’, for FesC is found to be 37 000 Ws/ mol. 
An independent determination of this figure, derived 
from measurements of the heat of formation of FesC 
Fe;C by Browning, De Witt and Emmet con- 


firms the value given above. 


and 


Fe,C 


Fic. 6. Part of the logarithmic equilibrium diagram Fe-C, obtained 
from this investigation and Krisement’s measurements. 
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8. DISCUSSION OF THE DEVIATION FROM 
EARLIER MEASUREMENTS 


Dijkstra? and Wert*® used the damping of torsional 
oscillations to determine the solubility of carbon in 
a-iron. Dijkstra obtained the proportionality constant 
K between after-effect and carbon content in an indirect 
way, via resistance measurements. His results on poly- 
crystalline material show a wide scattering, and KA 
varies between 140 and 350. The mean value is about 
200, and this figure has been used in later investigations, 
e.g. by Wert. 
crystals, however, have given much more constant 


Dijkstra’s measurements on single 
values of A, and from these it is possible to calculate the 
A-value for a polycrystalline sample with disordered 
orientation of the crystal axis. Thus K = 172 is obtained, 
which differs considerably from the value 118 that is 
found in the present investigation. 

In spite of the considerable difference in the A-values 
the agreement between the final results, as can be seen 
from Fig. 7, is fairly good, especially at higher tempera- 
tures. It makes it 
impossible to compare directly the A-values, derived 


looks as if some unknown effect 
from the two different methods. If a similar undesired 
nitrogen absorption as mentioned under 6 has taken 
place also in these earlier determinations of C in a-Fe, 
using the torsional pendulum method, this nitrogen 
would have caused an error in the results. It is, in fact, 
difficult 
pendulum method whether an increase in the height 


to decide from the measurements with the 


of the peak in the damping-temperature diagram is 
due to carbon or nitrogen in solution. This is a probable 
explanation of the fact that the damping measurements 


have given a somewhat higher solubility at low 
temperatures. 
The calorimetric measurements made by Borelius 


and Berglund! in this laboratory have given a solu 
bility that is only about half as large as that found by 
relaxation methods. In these measurements the samples 


were quenched from different temperatures between 300 


/ 


Cc 


a 
Fic. 7. The signs denote (a) Dashed line: calorimetric 
ments by Borelius and Berglund; (b) horizontal marks 
lower limit of the experimental values from the 


corrected according to the 


present work; (c) fully drawn line and 
present investigation; (d and dashes 


by Dijkstra and Wert. 


measurements, 
circles: results fron 


line of dots measurem 


OF CARBON IN 


and 700°C, and 


then 


the evolution of heat due to precipita- 
100°C. In the 


assumed 


tion was measured at about calo 


rimetric calculations it was that the same 


carbide, cementite, equilibrium 


temperatures and measuring temperature 


Present knowledge of FesC shows that this is not the 


case. One must assume two different carbides. whic] 


affects the result in two ways. Che heat of solution Wl 


and the carbon remaining in 


have another value, 


SOLU 
tion at the measuring temperature cannot be neglected. 
For calculation of solubilities from calorimetric data 
37 000 Ws/ mol, 


used instead of the value 50 200 Ws/mol. valid for 


the heat of solution of FeoC must be 


Fe,C at the measuring temperature. Ch increase 
the solubility val 
The neglect of carbon remaining in solution at 


the measuring temperature compared with the amount 


of carbon that precipitates at I 
is but not 
The carbon in solution in equilibrium wit] 


130°C is 0.0004 


the equilibrium tempera 
ture is permissible if the 
it is FeoC 


at the measuring temperature 


precipitate 


while, for instance, at the lowest 


350°C 


at. equilibrium 


temperature used in the calorimetric measure 
ments, a solubility of only 0.0010 at. % carbon is found, 
so that the correction here is rat] 


n 7 +i 
In Fig 
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‘mean value | calorimetric 


results 1s 
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AN INTERFEROMETRIC STUDY OF GRAIN BOUNDARY GROOVES IN TIN* 


H. MYKURAT 


An interferometric study of grain-boundary groove 


ot 
t of the specimen used, 


grain-boundary sliding and migration occurred. 


Some of the boundaries so formed 


-s in thermally etched tin has shown that the mechanism 
groove formation by surface diffusion is not operative in this case. Owing to the shape and method of 
grain-boundary groove formation by a mechanism depending on simultaneous 


are considered to have 


reached the equilibrium dihedral angle in the grooves. From dihedral-angle measurements and a published 


value of the surface-free energy of tin, 
boundaries in pure tin is obtaine 


h 


angle grain 


large 


to surface contamination of t 


ETUDE INTERFEROMETRIQUE 


DE GRAINS 


Une étude interférométrique des dépressions aux 


a haute température a montré que 


par gli 


Néanmoins, ce résultat est sujet 4 une erreur systér 


Voxygene 


EINE INTERFEROMETRISCHE UNTERSUCHUNG 
DEN KORNGRENZEN 


AN 


r Furchen 


qaass 1n voruegenden 


Als Folge der 


enzen gleichzeitig du orngrenzengleiten 


rch K 


men werden, dass sie « 


-ht haben. Fiir die freie Energie vor 


ur ¢ 


la diffusion en surface n 


natique par suite de la contamination de 


a value of 160+40 erg cm™ for the grain-boundary free energy of 
1. However, the result is liable to systematic errors due 


e specimens by oxygen. 


DES DEPRESSIONS AUX JOINTS 
DANS L’ETAIN 


joints de grains dans |’étain aprés chaufiage sous vide 


‘est pas le mécanisme de la formation de ces 


la surface par 


DER FURCHENBILDUNG 
DES ZINNS 


an den Korngrenzen von thermisch geditztem Zinn 


] 


aie rcehen an aden 


und Korngrenzenwanderung. Von einigen so gebildeten 


| Gleichgewichtswinkel zwischen den beiden Seiten 


ien 


““Grosswinkelkorngrenzen” in reinem Zinn wurde aus 


den experimentell bestimmten Werten der Winkel zwischen den beiden Flachen der Furchen und einem 


reien Oberfla 


n Wert der f 
nis ist jedoc h von systema ischen Fehlern bee 


der Probe durch Sauerstoff hervorgerufen werden. 


INTRODUCTION 


The formation of grain-boundary grooves on a metal 


surface when it is heated in an inert atmosphere 


(thermal etching) has been known for some time and 
has been investigated in detail by Chalmers, King and 
Shuttleworth,! who give references to previous work 
on this topic. The cause of groove formation is the 
surface free energy of the grain boundary, the angle 
at the base of tl 
determined by the local equilibrium of the surface 
forces of boundary and the metal 
surface.'? The the equilibrium 
dihedral angle to the grain boundary and surface free 
If the 
factors depending on crystallographic orientation in 
Herring’s equations are neglected, the equilibrium 
the simple Neumann triangle as 


1e groove (the dihedral angle) being 


tension the grail 


equations relating 


energies involved have been given by Herring.® 


condition becomes 
for liquids, and the ratio of grain-boundary free energy 
to surface free energy can be evaluated from dihedral- 
Most the work on thermal 


angle measurements. of 


etching has been on copper and silver, and in those 


* Received January 26, 1955. 
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chenenergie des Zinns ein Wert von 160+40 erg. 
intrachtigt, 


cm berechnet. Das 


die durch die Oberflachenverunreiningung 


cases the mechanism of groove formation is usually 
considered to be the migration of individual atoms 
along the surface away from the boundary. 

The grain-boundary grooves produced by thermal 
etching are easily seen during microscopic examination 
and several techniques for the measurement of groove 
profiles have been developed. The original method, used 
by Smith,’ Bailey and Watkins,‘ and Greenough and 
King,’ consists of cutting a section through the specimen, 
usually normal to both surface and grain boundary. 
The section cutting techniques are laborious, and 
precautions have to be taken to prevent damage to 
the surface in cutting and polishing the sections. King® 
has developed an optical reflexion technique, which is 
essentially a microscopic angle collimator. This method 
will not give the groove profile, but only the maximum 
angle on each side of the groove. For the measurements 
of groove angles the technique is rapid and convenient 
(c.f. Buttner, Udin and Wulff®). 

The use of interferometric methods has several 

times been suggested for the study of grain-boundary 

grooves, but because of the large wedge angles which 

occur, it had not been used successfully. Developments 

in interference microscopy have now made the inter- 
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| 
dépressions. Du fait de la forme de l’échantillon et de la méthode de suspension, cette formation se produit 
Wau ssement et déplacement simultanés du joint de grain. Certaines des frontiéres ainsi formées semblent 
avoir atteint le diédre d’équilibre. A partir des mesures de ces diédres et de l’énergie de surface de |’étain, il 
a été obtenu une valeur de 160+40 erg. cm™ pour l’énergie du joint de grain pour une frontiére a grand angle. 
Eine interferometrische Untersuchung dc! 
hat gezeigt, eee Fal) dic Ausbildung der Furchen nicht durch Oberflachendiffusion 
vorsichgeht. ~Gestalt und der Art der Probenanbringung entstanden 
Kr 
Korngrenzenkann angen orm 
der Furche cree] 
L95° 
Ergeb 
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The 
several advantages over the sectioning 


ferometric method practicable.? method 

method: it is 
much less laborious, permits observations along the 
whole length of a boundary and is nondestructive. 
The particular interferometric technique used in these 
experiments has been described in detail elsewhere.?'* 
To test its performance, some preliminary experiments 
were with 
boundary grooves in copper (thermally etched in argon 


done copper. Measurements grain- 
or hydrogen atmospheres), using the orthodox section- 
ing techniques, have been reported by Bailey and 
Watkins.‘ The groove profiles measured interfero- 
ometrically appeared similar to those obtained by 
sectioning and gave a value of 159°+3° for the dihedral 
angle, while Bailey and Watkins give values of 158° and 
160 


THERMAL ETCHING OF TIN 


The material used was ‘“‘Chempur”’ tin, whose main 
impurities are: Sb 0.0032), P 0.0021%, Bi 0.0008%%, 
Cu 0.0006%, As 0.0005%. The flat surface for micro- 
scopic examination was produced by casting some 
molten tin onto a clean, preheated glass plate and 
prising off the globule after cooling. The globules 
were cut into specimens having a flat surface of about 
one cm?*. Each specimen was sealed into a glass ampoule 
in an (ideally) oxygen-free atmosphere for heat treat- 
ment. Two methods were used to try to obtain 
an inert atmosphere. In the first, the ampoule was 
partly filled with the 
was then evaporated by pumping with a water pump 
and gentle heating, and the ampoule sealed when all 


anhydrous alcohol; alcohol 


the alcohol had vaporised. In the second method the 
ampoule was evacuated by an oil diffusion pump and 
sealed after half an hour’s pumping. 

For heat treatment the ampoules were suspended in 
reflux condenser vapour baths of ethyl benzoate and 
methyl! salicilate, giving temperatures of 213°+1°C 
and 19°C and 9°C 
below the melting point of tin. The ethyl benzoate 


223°41°C, respectively, 1.e., 
proved quite satisfactory, and specimens were heat- 
treated at 213°C for various times up to 250 hours. 
The methyl salicilate was less stable and had to be 
replaced every 12 hours; specimens were heat-treated 
intermittently for times up to 50 hours. 

Surface free energy effects, such as groove formation, 
very small amounts of 
the 


can be greatly altered by 
impurity if preferential adsorption at 
occurs. The tin is liable to contamination during melting 


surfaces 


and casting, and also during heat treatment, if the atmos- 
phere in the ampoule is not inert. Using clean glassware 
for the melting and casting of the specimen, the only 
likely source of contamination is atmospheric oxygen. 
Microscopic examination of specimens before heat 
treatment showed very slight but definite oxide forma- 
, the surface exposed 
the 


tion on the back of specimens, i.e. 
to the atmosphere during cooling after casting; 
front surface appeared clean. All specimens, whether 


BOT 
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sealed off under vacuum or alcohol vapour, showed some 
surface oxidation after heat treatment. As the ampoules 
could not be made sufficiently oxygen-free to prevent 


the formation of oxide during heat treatment, some 


were sealed off with a higher gas pressure to see how 
the amount of oxide affected the results. 


he surface 
during Che 


oxide was in the form of specks, varying in size from 


The distribution of the oxide formed on t 


heat treatment was far from uniform. 
about 3u downwards. Some areas were almost clear of 
specks while others were completely covered. The shape 
that 


treatment took place mainly on oxide nuclei formed 


of these areas suggests oxidation during heat 


during casting. The oxide film on those specimens sealed 


off at a higher residual oxygen pressure was visible to 


the naked eye asa yellow to purplish tarnish; it formed 


during the first hour of heat treatment and then 


remained constant. Through the 


Wilman, some of the specimen surfaces were examined 


courtesy of Dr. 


by electron diffraction. The photographs showed sharp 
rings due to SnO and spots due to metallic tin, indicating 
that the surface was partly covered by crystallites 
of oxide. 


‘he globules cast to give a flat specimen surface 


were often single crystals. To provide an adequate 


number of grain boundaries for examination, the 


globules 


were cut with wire cutters to give separate 


specimens. During heat treatment several new grains 


formed in the plastically deformed region and grew 
intil all the deformed material had recrystallised. At 
the temperatures used, the time required for recrystal- 
} th 


lisation is short compared with 
aiter 


e length of heat 
treatment. However, long recrystallisation is 
complete and an apparently stable grain structure has 
reached, further grain-boundary 


Attempts 
grain-boundary groove formation are 
\ slowly migrating bo 


usually leaves a series of scars and can be identified as 


been migration can 


occur. at the measurement of the rate 
therefore li 
to errors from this cause. indary 


such during microscopic examination 


GRAIN-BOUNDARY GROOVE MEASUREMENTS 


The specimens were removed from the heat treatment 


ampoules when cold, and examined microscopically 


first at low power to determine the general grain con 
figuration, then each boundary with a 4 mm objective. 
lected points, 1S 1ally 
grain corners) and 


Interferograms were taken at se 
at grain-boundary intersection (i.e., 
boundary ; 


at one or more p yints along eacl a drop ol 


oll plac ed on the sper imen proy ided the interferometri 


reference surface.’ (,roove prohies and dihedral! angies 


were evaluated from enlarged 


des ribed in detail elsewhere.* 
The profiles of the grain-boundary grooves in tin 


were found to be q ite different from those in copper 


or silver. In almost all cases the grooves were highly 
asvmmetrical and the grain surfaces on either side of 
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fringes crossing 
‘ed over the curved part of the surface, tot 


Surface over a distance ol 4.3u occurred. 


hree undary-intersection. For exanation of boundary movement see Fig. 3. Graii 
oundaries AB and AC,form type I grooves. Fringes on grains B and C are du 

ndary in one of the more heavily oxidised specimens. A small strip of the surface free of visible oxide crosses 


change in groove profile. (All interferograms were taken through N.A. 0.85 lens with mercury green light; 


n successive fringes=A/2n=0.18 microns 
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the boundary were on different levels, indicating that SS, ee 
grain-boundary sliding in a direction normal to the roy 
surface had occurred. Often there were also discon- 

tinuities in scratches crossing the boundary, showing 

that boundary sliding parallel to the surface had also 

taken place. Figure 1 is an example of a groove showing 

simultaneous grain-boundary migration and grain- 

boundary sliding. Unlike the copper grain boundary 

grooves, the depths of the tin grooves showed little 

correlation with the length of heat treatment. For 

instance, one groove attained a depth of six fringes 


(=1.1u) after 7 hours at 213°C, while another after 
100 hours at the same temperature was less than 
one quarter of a fringe deep. Further, in any one 
specimen the depth of grooves could vary over the whole 


observed range down to immeasurably small. Figure 
- - as type II] tne protue could not be resolved com 
Is an interferogram of grain corners in a specimen ae ; 
pletely, and the maximum wedge angle resolvable 
heat-treated 28 hours at 213°C. The two migrating % ; 
the interterence method ised was about 
heat-treated for times Ip to 25 hour 


boundaries have developed deep grooves and a scar " 
marking the locus of the junction is clearly visible. 
Irequency ot occurrence of the three ty pes Ol grooves 
while the stationary boundary can only just be seen. : ee 
‘ was about equal, but with longer heat treatment times 
Figure 3 explains the boundary movements in Fig. 2. eeaane 
type III grooves predominated. With a number of 
rhe tin grooves were classified into three groups on 

~ boundaries Lhe groove varied, in extreme 
the basis of their appearances (Fig. 5). In grooves of . 

changing trom type I to type II. Usually, 

type I, the profile on one side of the boundary was | eden cote) et , 
similar to that of normal grooves, while the other side “ih A ' 

piace In such cases. 
was quite flat and undisturbed. The wedge angle near a es ; 
‘ [here was no difference in general apy 
the boundary was usually within the limits 13°+2 

grooves between the less and more 
and there were always slight scars showing that the : ; 
. specimens. Owing to the 
boundary had migrated over the curved surface. The é‘ 
- oxide-covered patches, 
type II grooves consisted of a steep rise on one side of 2 
~ examined on clear and oxide-covered 
the boundary, usually of negligible curvature and wedge ve 
angle between 10 and 20 degrees. The rise terminated : te 
. Ty see also | ig. +). Chis w 

at a sharp edge where the surface became flat. The other 


side was quite flat in some cases, but in others the 
‘ 1 an 
surface rose and curved smoothly to become flat. 

as Type III grooves consisted of a step at the boundary ia 
that was too steep to be resolved. The height of the 
step could be determined from the order of the fringes ; 
- . llamination were take 
or (less accurately) with the fine focus adjustment of 
appearance grooves 


that at 213°C 


with temperature 1 


the microscope. Often there was no measurable surface 
curvature beside the step, but some specimens, partic 

ularly those heat treated for longer times, had profiles 
like type I and type II with a step at the boundary in 
addition. The division between type II and type III 


% 


were tneretore 


few to yield a significant average va 


Sixty boundaries in sper imens heat-treated at 213°C 


and 10 in specimens heat-treated at 223°C we 


was rather arbitrary, as the boundaries were classed 
examined, though most of the ty] grooves 
some of the type II grooves 


Dihedral angles evaluate 


were as 


[ype grooves: mez 
' boundaries gave a mean dihe 
a only three measurements 
16; 


a 
Fic. 3. Boundary migration in Fig. 2 
broken lines; final position: solid lines 


[ype II grooves: 16 measurement 
Initial posit: boundaries gave a mean dihedral angle 
nitial position of boundaries 


individual values ranging from 154 to 176 degrees 
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Type III grooves: fringes not resolved, but dihedral 


angles less than 160 degrees. 


THE METHOD OF GRAIN-BOUNDARY GROOVE 
FORMATION 


As the tin groove profiles are very different from 
those found in copper or silver, it may be assumed that 
the mechanism of formation also differs. The fact that 
the surfaces of different grains were on different levels 
when deep grooves were observed and that no grooves 
were observed when the two grains were on the same 
level, suggests that grain-boundary sliding was impor- 
tant in the formation of these grooves and that surface 
diffusion played a minor part. 

Grain-boundary sliding in tin has been studied by 

uttick and King." 


the forces causing grain-boundary sliding were presum- 


In the experiments described here 


ably due to the weight of the specimen. As each speci- 
men was supported at very few points, there must have 
been shearing stresses across some of the boundaries. 
The specimens contained very few grains, so there can 
have been little interlocking between grains to support 
these stresses. Some unsuccessful attempts were made 
to reduce the amount of grain-boundary sliding by 
shaping the ampoules to support the specimens more 
evenly and so to reduce the shear forces acting across 
the boundaries. 

The condition for local equilibrium at the intersection 
of a grain boundary with a surface is independent of 


(5) 


Fic. 6 (a) and (b) Possible mechanism of tin groove formation 
by boundary sliding and migration. Initial position: broken lines; 
intermediate position : dotted; final position: solid lines. Direction 
of applied shear stress indicated by arrows. Vertical scale exag- 


gerated. 
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the mechanism by which such equilibrium is attained. 
If changes in surface topography by surface diffusion 
can take place only very slowly, an approach towards 
equilibrium by grain-boundary migration and sliding 
may occur. A grain-boundary meeting a surface at an 
inclination tends to migrate to meet the surface more 
nearly at right angles. If at the same time there is a 
shearing stress across the boundary, the combined 
effect of surface tension and external stress, together 
with some diffusion, can produce a grain-boundary 
groove with equilibrium dihedral angle and a profile 
like that of the observed type I grooves (Fig. 6). If 
the shearing stress caused grain-boundary sliding in 
the opposite direction, boundary migration towards 
the normal would be prevented and a profile like that of 
type II grooves developed; in this an approach towards 
equilibrium dihedral angles would however necessitate 
a considerable amount of metal transfer by diffusion. 
Type III profiles would be expected to occur if grain- 
boundary sliding is the dominant factor during heat 
treatment. 

If the type I and II grooves were formed by the 
proposed mechanism, the direction and curvature of the 
boundaries immediately below the surface should be 
as shown in Fig. 6. To check this, some specimens were 
dismembered into their separate grains by the mercury 
immersion technique’ and in others normal sections 
were cut. While the boundary directions were mainly 
as expected, the grains were so distorted at the relevant 
points during dismembering or cutting that no definite 
conclusions could be drawn. 


THE GRAIN-BOUNDARY FREE ENERGY OF TIN 


The measurement of the equilibrium dihedral angle 
of a grain-boundary groove gives the ratio of grain 
boundary to surface free energies, if the variations of 
surface free energy with crystallographic orientation 
are neglected. Few experimental data are available on 
the orientation dependence of surface free energy, but 
in taking the average of a large number of readings, 
the effect is thought to cancel out.® The grain-boundary 
free energy of boundaries between grains of small 
orientatiln difference is known to increase with increas- 
ing orientation difference, while for large orientation 
differences the surface free energy is nearly constant.” 
Low-energy grain boundaries are statistically rare in a 
number of boundaries between randomly oriented 
grains, and the mean surface free energy evaluated 
from a number of randomly oriented boundaries will 
give the value for large-angle boundaries. 

The type III boundaries were obviously not in 
equilibrium and can be neglected in deriving a value of 
the grain-boundary free energy. The measured dihedral 
angle values of type II grooves had a very wide spread, 
and while there may have been some approach towards 
equilibrium, this is unlikely to have been reached by 
many boundaries, From the proposed mechanism of 


i/ 
/ 
; 
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formation the type I grooves are the most likely to 
attain equilibrium, and the very small spread of the 
measured values indicates that a close approach to 
the equilibrium groove angle has been reached. Taking 
the mean dihedral angle of type I grooves, D= 166} 

as the best equilibrium value and using the equation 
Ex/Es=2 cos(D/2), the ratio of grain boundary to 
surface free energy Ex/Es=0.235+0.035. Owing to 
the oxide contamination of the surface, Es in this case 
must be taken to refer to such contaminated surfaces, 


but £» will refer to pure tin boundaries, as there was 
A 
E= 685 erg cm~ for tin has been obtained by Greenhill 
and McDonald" using the wire-pulling technique. This 


no contamination inside the specimens. value of 


result has only been published as a short note. It is 
difficult to estimate the degree of surface cleanliness 
of the specimens used and the reliability of the result, 
but this is probably no better than the dihedral-angle 
measurements reported here. If it is assumed that the 
tin specimens in these two experiments suffered from 
similar surface contamination, the two results can be 
combined to give a value for the grain-boundary 
free energy of pure tin of 160+40 erg cm™. 
Chalmers” has derived a value for the grain-boundary 
free energy of tin by an entirely different method, 
using the variation of grain-boundary free energy with 
orientation difference of the grains. The value obtained 


B¢ 


YUNDARY GROOVES $41 


close to the val derived 


100 erg cm 


trom 


is sufficiently ie 


grain-boundary lend 


both 


groove measurements to 


credence to though each depends on a 


results, 


number of unverified assumptions. 
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SELF-DIFFUSION OF GOLD IN GOLD-NICKEL ALLOYS* 


A. D. KURTZ, B. L. AVERBACH, and MORRIS COHEN} 


self-diffusion rate of gold in gold-nickel alloys was measured as a function of composition and tem- 


ire in the region of complete solid solubility, using an autoradiographic method to trace the diffusion 


diffusion data reveal no anomalies that correlate with the miscil ity gap. However, the Dx 
* values show maximum deviations from the linear averages of the pure metal values in tl 
yrresponding to the minimum in the solidus curve. 


\UTODIFFUSION DE L’OR DANS LES ALLIAGES OR-NICKEL 


’autodiffusior l’or dans les alliages or-nickel dans le domaine de solubi 
r autoradiogr ] hie a \u'®5 en fonction de la composition et de la ten pérature 
ntes de diffusion ne montrent aucune anomalie en relation avec la lacune de miscibilité 
* Do, su* et Qau* par rapport a la variation linéaire entre les valeurs correspond: 


étaux purs, présente un maximum pour le minimum du solidus 
DIE SELBSTDIFFUSION VON GOLD IN GOLD-NICKEL LEGIERUNGEN 


r autoradiografischen Methode, die es gestattet, die Spur von Au'® bei der Diff 
iffusion von Gold in Gold-Nickel Legierun; 
peratur im Bereich vélliger Mischkristallbildung 
zeigen keine Anomalien, die mit der Mischungs 


lem Minimum in der Soliduskurve entspricht, zeiget 


Minimum in der Solidus-kurce entspricht, zeig« 
\bweichungen von den linearen Mitteln der 1 


INTRODUCTION The ingots were machined into }-inch diameter rods, 
sealed in evacuated Vycor tubes, and annealed for 
about one week at 925 to 1000°C. After this treatment, 
he grain size was approximately + mm, which was 


Relatively few measurements have been made of 
self (radioactive) diffusion coefficients in an alloy system 


t 
as a function of composition. Although such data are ° 5 ; 
sufficiently coarse to avoid undue grain-boundary 
\ I iil lS SCILL - 
diffusion. The faces of 2-inch thick disc specimens were 
nickel alloys was undertaken with broader objectives 8 
in mind. This system exhibits a miscibility gap below surface-ground on fine abrasive papers and a film of 
840°C; above this temperature, a complete series of Au about 100A. thi k — deposited by ee 
face-centered-cubic solid solutions exists. There are 0” the exposed faces of various alloy compositions. 
- -Cu SO! solut S CXISUS. < 
radinartive he determinati f [his amount of gold was too small to have a material 
utable radioactive isotopes for the determination o 
tow tothe antl effect on the chemical composition of the base alloy. 
and the thermodynamic activities been measured A disc-specimé identical 
welded to the radioactive face. Welding was accom- 
by Seigle.! Thus this system appears quite appropriate ‘ 
for an experimental test of the equation proposed plished by hot pressing in a stainless steel cylinder under 
if c i < i > i us sc 
Darken? and Le Claire,* which relates the self-diffusiv- 
the in one hour at 850°C. The diffusion anneals were of the 
N ‘ l S ( 


an argon atmosphere. Satisfactory welds were obtained 


and the the srmodyna umic driving force for interdiffusion. order : : to a days, and the temperatures were 

The first te l this sequence of experiments controled to = ( 
involved the determination of D,,* as a function of ; : 
Autoradiographic Method 


composition and temperature, and these data are 


reported here. [he penetration of the radioactive tracer was 
determined by an autoradiographic method.*’ The 

diffusion samples were sectioned at an angle of about 


Specimen Preparation 3 degrees to the original interface, the selected angle 
depending on the extent of penetration. Eastman 
Alloys were prepared from fine gold (99.96) and No-screen X-ray film was placed next to the sectioned 
vacuum-cast nickel (99.986) by induction melting in — surface and exposed for times ranging from five minutes 
alumina crucibles under an argon atmosphere, and to one hour. Microdensitometer traces were obtained 
arranging for directional solidification from the bottom. for each autoradiogram; by selecting a suitable ampli- 
fication factor on the mi rophotometer, it was possible 

* Received Decembe r 16, 1954; in revised form 1955. rt. . . . 
+ Department of Metallurgy, Massachusetts Institute of Tech- distinguish differences in density between points 
nology, Cambridge, Massachusetts. 0.04 cm apart in the radiogram, corresponding to a 
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Lie 


AND C( 


\VERBACH, 


distance of 0.002 cm in the sample for a sectioning 
angle of 3 degrees. The blackening was converted to 
relative intensity, and the self-diffusion coefficient was 
determined from the intensity versus distance curve. 
The isotope Au'* decays to Hg"* by emitting a 
8-particle (0.96 mev). There is a subsequent emission 
of a y-ray (0.41 mev), but only the 8-ray was recorded 
in the autoradiogram since the emulsion was insensitive 


to y-rays of this wavelength. 


In the self-diffusion coefficient by 


determining 


autoradiography it is advisable to make a correction 


for the intensity originating beneath the surface. At a 
surface making an angle, a, with the original interface, 
it is shown in the appendix that the observed intensity 
is given as a function of the distance, /, along the 
interface (see Fig. 1) by the equation :* 


exp(ul tana+p*D?t) 


[1—erf(z») ], 
2 


Fic. 1. Geomet of sectioned couples 


where 
distance along the original interface, 
intensity corresponding to a given value of /, 
a constant including the initial intensity at the 
interface, 
diffusion coefficient, 
‘= diffusion time, 


linear absorption coefficient, 


and 


tan*a 
+-ul tana+p*D¢ 

The quantity, / tana, is the distance from the original 
interface to various positions at the surface of the 
oblique section. It is also shown in the appendix that 
for reasonably large values of uw the slope of a plot of 
Inf (/)/Io] vs (1 tana)? is given by 


1 

1+ 
4Dt pl tana 

The absolute value of the slope is thus larger than 

1/4Dt and dependent on /, bu 


* The correction term previously published! contains an error 


t at sufficiently large 


YHEN: DIFFUSION 


values of ul tana, the correction term becomes neglibible 


and the slope be omes constant 
f log! 
2 for an alloy containing 80 atomi 


\t small values of the 


typical plot re) 
per cent 


abci Lne irve deviates 


from a straight line and exhibits a steeper slope, as 
indicated by the expression above \t larger values 
abcissa, the slope is constant and thus equal to 


of the 
—] 1D. Diffusion coetti were obtained by 


ot sucn 


utilizing the slope ort the straight tine portion 


plots. 
Because the isotope Au’ a half-life of 
only 2.7 days, a strict ti chedule had to be main 
tained in order to obtain suitable a itoradiograms 


he order 


of 10 


is necessitated the tiv1t1es of t 


millicuries per gram. 
3. RESULTS 


Ds 


ral 


self-diffusion coefficients 


The 


variou ser 


s gold-nickel alloys at 
Fig. 3. is evident that the 


composition 


nown 1n 


are § 


coemcents are 


some tendency toward a maximum at 20 


per cent nickel. No anomaly 


appears al 
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Fic. 4. Effect of temperature on self-diffusion of gold 
in gold-nickel alloys. 
per cent nickel, the composition at the top of the 
miscibility gap. 
Figure 4 shows that the diffusion data are consistent 
with the customary relationship 


Dau*=Do,au* exp(—Qau*/RT 

and the values for Do, 4.* and Q,4,,* are given in Table I. 
There are minima in Do,4,* and Q4,* in the neighbor- 
hood of 20-50 atomic per cent nickel, as plotted in 


Fig. 5. 
4. DISCUSSION OF RESULTS 

Although the self-diffusion coefficients, D,4,*, (Fig. 
3) appear to have maximum values near 20 atomic per 
cent nickel, the maximum deviation from linear average 
of the pure metal values lies at about 50 atomic per cent. 
This is approximately where the maximum lowering of 
the melting-point occurs, relative to the average 
melting-point of the pure metals. In a rough 
to correlate 


(linear 


the self-diffusion coefficients seem 


with the melting-point variations as a function of 


way, 


composition. 


TABLE I. quency factors and activation energies for 


iffusion of gold in gold-nickel alloys. 


Do, Au* (cm? sec Oau* (cal 


0.26 
0.05 
0.063T 


45,300 
40.200 
42,7007 
0.091 43 400 
0.51T 48 800T 
1.1 60,500 
65,000 
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TABLE IT. Entropies of self-diffusion of gold 
in gold-nickel alloys 


AS 

1 cal/deg. 
10-8 cm calculated fri 

at 20° D. 


4.07 
3.97 
3.90 
3.82 


5 


20 


“TUT Go Go 


The correlation of the diffusivities with the melting 
temperature is inherent in many of the recent interpre- 
tations of self-diffusion data.*:7:’ Following Zener® the 
self-diffusivity of substitutional atoms in face-centered- 
cubic metals may be written as: 


D=<a’v exp(AS/R) exp(—AH/ RT), 


where 


a=lattice parameter, 
v=frequency of vibration, 
AS= entropy of activation for self-diffusion, 
AH=enthalpy of activation for self-diffusion, 
R= gas constant, and 
7 = diffusion temperature. 


the experimental values (Table I) of Do,au* 
| and 


Thus, 
correspond to the [.a*v exp(AS/R 
valent to AH. Using the Debye frequency for v, the 
entropies of diffusion were calculated and listed in 
Table II. The v values given in Table II were computed 
by Averbach*® from experimental data on the excess 
relative entropy of mixing.' The values for the diffusion 


is equi- 


entropy calculated from Do,4.* are all positive. 

Zener® has interpreted self-diffusion data in terms of 
the fraction, A, of the free energy of activation required 
for the jumping of an atom from one site to an adjacent 


. 5. Self-diffusion of gold in gold-nickel alloys. 
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vacant site and the fraction, (1—2), required for the 


formation of the vacant site. The entropy is then 


estimated to be: 

AS=)6(AH/T m), 
where E 
Ey is Young’s modulus at 0°K, and 7, is the melting 
temperature. The coefficient 8 arises from an attempt 
the coefficient of the 


associated lattice 


is Young’s modulus, 


to estimate temperature free 


energy with the straining of the 
during the elementary diffusion jump. 

The value of 8 for gold is listed® as 0.31 and a value 
of 8=0.42 was obtained from data on Young’s modulus 
for nickel.’ A linear average of these values was used 
for the intermediate alloys. The A-quantities calculated 
from Eq. (3) are listed in Table IIT. Zener has concluded 
on empirical grounds that the best value for A in 
face-centered-cubic metals is 0.55. 

TABLE III. Fraction of activation energy for jump of § atom 
in self-diffusion in gold-nickel alloys 


K 
0.052 
0.039 
0.037 
0.035 
0.037 
0.045 
0.046 


A similar approach was used by Buffington’ except 
that the temperature-dependence of the lattice spacing 
as well as of the elastic constants is also considered. 


The diffusion equation becomes: 


K ( e— 3a) — K 
D=a’*v exp 


exp 


R 
where 
a=lattice parameter, 


1 /dE 
- Young’s modulus 
dT 
extrapolated to O°K, 


da 
lattice parameter 
ag dT 
extrapolated to O°K, 


K=constant. 


Suitable values of the parameters ¢ and a are not 
always available even for pure metals, and in the case 


of gold-nickel alloys it was necessary to use a linear 


average of the best data on the pure metals. The 
constant K for each composition can be computed from 
the measured activation energy (Q4.y*=Aoa and 


the quantity A, which has the same significance as in 
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Eq. (3), can then be evaluated from the measured 


frequen y fac tor D The q lantities K and derived 
are tabulated in Table III: Buffington 
0.051 and \=0.64 as the 


probable for face-centered-cubic metals. 


from Eq. (4 


selected the values AK most 


The assumptions entering into the formulation of 


3) and (4) are applicable to the case of self- 


Eqs. 


diffusion in a pure metal, but discrepancies may be 
ised for the case 


exper ted when these eq lations are 
of self-diffusion in an alloy. In addition, the parameters 
in Table \ 
and £&, for 
qualitative agreement can be anticipated. Nevertheless, 


listed involve estimates of the values of 
~ A 


solid solutions, and thus only 


the scatter in the resulting \ and K quantities for 
gold-nickel alloys is no worse than that obtained for 
similar calculations based on the published self-diffusiy 
ities in pure metals. 

These treatments assume that the displacements of 
jump of 


the barrier atoms involved in the elementary 
a given atom into a neighboring vacancy are the same 
for each atom, and that the elastic energy at the saddle 


point can be described in terms of a macroscopic 

elastic modulus. This simple situation does not prevail 

} +] 


when more than one kind of atom participates in the 


diffusion act. In addition, entropy changes arising from 
a modification of the vibrational spectrum when the 


When 


atom is at the saddle point are also neglected. 
is ] barrier 


the diffusing jammed bety 
} 


atoms there is a negative contribution to the entropy 


atom 1S 


arising from the reduced amplitude of vibration of the 


jumping atom and the barrier atoms. This effect is 


partially compensated by the increased amplitudes in 


the vacancy created by the diffusing atom. However, 


with atoms of greatly different sizes, in the gold- 


nickel system,’ these effects may not cé 


poorest compensation would be expected 


50 atomic per cent composition. While 


outlines of these interpretations may be useful here 


basis for discussion, considerable refinement will 


required before they can be applled with conhden¢ 


the process Ol self-diffusion in a 1OYS. 


5. SUMMARY 


The self-diffusion coefficient for gold has _ been 


determined as a function of composition and tempera- 


gold-nickel system. The diffusion data 


ture in the ; 
reveal no anomalies that correlate with the miscibility 


al 


averages of the 


1eS snow 


gap. However, the Da 


maximum deviations from the linear 


pure metal values in the composition range correspond- 


ing to the minimum in the solidus curve. The entropies 


of diffusion are positive and are qualitatively consistent 


with recent interpretations. 
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APPENDIX 


When the quantity 1/u is not negligibly small 
compared to the diffusion distance, y, it is necessary 
to take into account the intensity arising from regions 
in the sample beneath the autoradiographic surface. 
Assuming an average linear absorption coefficient, yu, 
the contribution from each infinitesimal layer to the 
intensity observed at the surface must be computed. 
the 


Introducing the parameters shown in Fig. 1, if 


at a given point in the sample is /(y), the 


intensity 


contribution of all such regions to the surface intensity, 
I (1), is: 


where 7 is a distance along the original interface, 


y is the diffusion distance, and y—/ tana is the absorp- 
tion length for radiation originating at y. 
The solution of the diffusion equation appropriate 


condition is 


to the present boundary 


A-2) 


exp 


4Di 


ie constant, D is the diffusion coefficient, 


and /¢ is the diffusion time. One obtains 


RGICA, 


1955 


3, 


T(l) exp(ul tana) 
f exp(— y?/4Di—y)dy. (A-3) 
if (4r-Dt)? 


The integration gives Eq. (1) in the text: 


exp(ul tana+y*D1) 
[1—erf(zo) ]. (A-4) 


) 


For large values of z 


T(1) 4Dt) 


exp(—F tan*a 
(41rzo)? 
Neglecting all but first powers of z 


T(1) (/ tana)? 


In 


I 


For values of (/ tana/2uD/)*<1, 
l tana 

1 
uDt 


(/ tana)? 


A-7) 


+ constant 


and the slope of a plot of In[J(/)/Jo] vs (J tana)? 


becomes the expression given in the text. 
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SUR LA PRECIPITATION D’OXYDE Fe;0; DANS LES PELLICULES D’OXYDATION 
DU FER AUX TEMPERATURES ELEVEES* ** 


J. PAIDASSI} 


L’étude de la trempe des pellicules formées par oxyda 
de la réoxydation des De Llic ules pré édentes aprés détacher 
aux conclusions suivantes 

1. Le précipité de Fe;0, qui peut s’obser 
au cours de leur refroidissement p 


2. Il est d’autant plus difficile d’empécl 


ar décor 


ter 


réoxydation est plus élevée. Quand cette tem] 


erature 


sont impuissantes 4 prévenir un début de précipitatior 
3. La teneur en OX) géne des phase s FeO riches en ox 
au cours d’un refroidissement rapide (par tremp¢ 


Quand les pe llicules pré¢ édentes sont 
protoxyde présente un certain nombre d« 


nant quelques hypothéses simples, il « 


THE PRECIPITATION OF Fe;0, IN SCALES FORMED BY OXIDATION OI 
AT ELEVATED TEMPERATURES 


The study of 
oxidation ol 


( lusions: 


1) The precipitation 


their cooling ao 


DIE AUSSCHEIDUNG DES OXYDES Fe;,0; IN DEN OXYDATIONSHAUTCHEN 
DES EISENS BEI ERHOHTEN TEMPERATUREN 


ihrer metallischer 


1. Die 
bachten kant 
phase. 

2. Es ist dariiberhinaus schwi 
tion oder der erneuten Oxydati 
bei schroffem Abschrecken ni 

3. Der Sauerstofigehalt 


durch Abschrecker mer Deschieunigter 


Wenn sie oben erwihnten Hiutchen an 
Grundmasse des Protoxydes einige Beson: 


einer einfachen Hypothe se erKlart werdel 


INTRODUCTION 


On sait'?* que des pellicules d’oxydation formées a 


la surface du fer dans |’intervalle 610°-1000°C et 


refroidies dans |’air sont constituées par la superposition 


de trois couches continues et compactes. De la face 


* Cette recherche a fait objet du contrat n° 3 l l 
le “Consejo de Investigacién Ci ntifica’”’ de té d ‘on ‘ environ, on observe 
l de FeO, une pré 
** Received January 11, 1955 
L’Université de Concepcidn, hile zaspect micrographique de 
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airecte ¢ da ‘air ¢ ant 
ent de leur support méta l¢ isa condult 
nase roto 
refroidies ins l’air it e Fe.O, « icl 
particularites ( te tel es res tats r eurs. ¢ ) 
tne uenching of scales oO! er ect 1110 iro na ( 
tn existing films aiter detac! ent It la C 
of which can be observe FeO scales iring 
very high. When this temperature is above 980°C, tl : ni ¢ ' the 
beginning of precipitatior 
Lie 
3) The concentration of oxvgen in FeO ricl XVg | ing S 
during rapid cooling, whether quenching ot ( c 
When the former scales are n alr the ] ( i | 1 S 
certain number of peculiarities which can be expla LCCO eV . 
some simple hypothesis 
Durch eine Untersuchung des Abschreckverha S Hautche O 
dation des Eisens an Luft oder durch erneute Ox : I \ ; 
Unterlage gebildet word are S Ss 
O,, die ma er aus FeO beste G H 
vaihrend der Abkii ( ] 
eriger diese Entmischu en! I Ox 
on sehr hoe st. We se |] era 980" 
iuerstotireichen FeO-Phas i 
irch A i in Lui \ Fa 
Luft abge ( reigt Aussche s Fe,;0 
erheit¢ ie a Gru é en Versucl \ 
ee externe en contact avec l’atmosphére a la face interne 
couche de Fe.0;, une couche de Fes, et une couch 
nt dec températures supérieures 
lans la yne externe dae 1 
tatlol ne d’oxyde Fe;0 
ele esi represent 
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dation sur support de fer: 950°C 


rtie externe de la coupe d’une pellicule d’oxy 
4 heures (300X et 1250 


sur les clichés 1(a@) et 1(b) qui ont été obtenus sur une 
pellicule formée par oxydation du fer pendant 4 heures 
a 950°C et refroidie dans l’air. En partant de l’interface 
Fe:0,/FeO, on observe aux différents niveaux de la 
couche de protoxyde: 


a. Une bande étroite d’oxyde FeO exempt de 
précipité. 

b. Une zone a précipité dense de Fe;0,4 uniformément 
dispersé dans les cristaux columnaires de FeO. 

c. Une zone de filaments, ot la densité de précipita- 
tion, est plus faible et ot les granules de Fe;Q, sont 


généralement disposés en alignements. 


constitue ce nous 


“couche mixte.”’ 


L’ensemble 
désormais la 
étre caractérisée, en plus de son épaisseur totale, par 


appellerons 
peut 


que 


Une telle couche 
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|’épaisseur de la bande supérieure privée de précipité 
et par la dimension maximum des particules de Fe;O, 
dans la zone a précipité. 

Une couche mixte présentant des caractéres analogues 
peut également s’observer lorsque les pellicules précé- 
dentes sont détachées de leur support métallique, 
réoxydées au dessus de 800°C environ* et laissées se 
refroidir dans 
durées trés courtes de réoxydation, la couche protoxyde 


Mais dans ce cas sauf pour les 


résiduelle se trouve envahie dans sa quasi totalité par 
le précipité l'exception d’une bande étroite longeant 
chacune des deux interfaces FeO/ Fe;O0, de l’échantillon. 
De plus les particules de Fe;O, sont plus réguliérement 
dispersées dans la matrice de FeO, que dans le cas 
antérieur. 

Bien que l’existence de cette couche mixte ait été 
signalée 4 plusieurs reprises et en particulier par 
Bénard et Coquelle,' aucune explication n’avait été 
fournie jusqu’a maintenant des causes de sa formation. 
Si les lois de la diffusion permettent en effet de justifier 
la succession des couches d’oxydes compacts Fe2Qs, 
Fe;0, et FeO dans lordre indiqué par |’expérience, 
elles ne peuvent que difficilement expliquer la formation 
d’un domaine diphasé avec dispersion d’une phase dans 
une autre. Elles semblent de plus en contradiction avec 
existence d’un étroit domaine privé de précipité, au 
immédiat de FeO, 
difficultés ne semblaient pouvoir étre levées qu’en 


voisinage l’interface Ces 
introduisant |’hypothése d’une formation du précipité 
de Fe;0, au cours du refroidissement, soit dans le 


domaine des températures supérieures & 570°C par 


suite d’une réaction de précipitation proeutectoide, 


soit aux températures inférieures 4 570°C par suite de 
la décomposition du protoxyde suivant |l’équation de 
Chaudron: 


4 FeO—Fe;0,4 Fe. 


Dans le présent travail, ou nous avons fait varier de 
facon systématique les conditions de refroidissement 
des pellicules aprés l’oxydation a haute température, 
nous nous proposons de démontrer qu’effectivement le 
précipité de Fe;0, ne se forme qu’au refroidissement 
par décomposition de la phase protoxyde. L’étude du 
mécanisme méme de cette précipitation fera l’objet 
d’une publication ultérieure. 


RESULTATS EXPERIMENTAUX 


I. Une premiére série d’expériences a été réalisée en 
refroidissant brusquement depuis la température de 
formation jusqu’a l’ambiante, des pellicules d’oxydation 
adhérant au métal. 

Les pellicules étaient obtenues en oxydant dans l’air 
des plaquettes de fer Armco, soigneusement préparées. 
Cette préparation comprenait dans |’ordre suivant: 

* Au cours d’une telle réoxydation des couches superposées de 


Fe.O; et de Fe;0;, continues et compactes, croissent aux dépens 
de la phase FeO. 
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un polissage aux papiers émeri jusqu’au (000), un lavage 
dans plusieurs bains successifs de toluéne et enfin un 
recuit de longue durée dans |’hydrogéne pur et sec a 
900°C ou 1000°C suivant les cas. Dans nos expériences 
la température d’oxydation a été de 850°, 900° et 
1000°C, la durée d’oxydation variant de quelques 
minutes a plusieurs heures. Seules les pellicules présen- 
tant tous les caractéres morphologiques d’une pellicule 
non décollée 4 la température de |’expérience étaient 
retenues, l’apparition d’une solution de continuité au 
niveau de l’interface métal/oxyde en cours d’oxydation 
modifiant en effet complétement la constitution de la 
pellicule. 

L’étude micrographique des échantillons trempés a 
montré que la couche de protoxyde des _ pellicules 
formées 4 850° et 900°C était d’apparence homogéne. 
Par contre la couche de protoxyde des pellicules formées 
a 1000°C, présentait dans sa partie externe un précipité 
trés fin de Fe;04. Nous proposons de le désigner 
‘“précipité de trempe”’ afin de le distinguer du précipité 
habituellement observé aprés refroidissement lent. 

Ces résultats permettent de conclure qu’il existe une 
température critique telle que dans toute pellicule 
formée 4 une température supérieure, il soit impossible 
d’éviter, méme en faisant appel aux trempes les plus 
énergiques, la présence d’un précipité de FesO, dans la 
zone externe de la couche de protoxyde. Cette tempéra- 
ture critique se situe entre 900° et 1000°C. 

II. Dans une seconde série d’expériences, les condi- 
précipilé de lrem pe 


sur des pellicules d’oxydes 


tions d’apparition du ont été 
déterminées plus 


adhérant encore a leur support métallique mais sur des 


non 


pellicules soumises 4 une réoxydation par l’air a des 
températures variées apres avoir été séparées de leur 
support métallique. Dans la majorité des essais on 
soumettait 4 la réoxydation une pellicule provenant 
de l’oxydation du fer pendant 4 heures a 900°C, 
l’épaisseur de la couche de protoxyde étant dans ces 
conditions de l’ordre de 500u. Des réoxydations de 
ces pellicules standard ont été opérées a six températures 
échelonnées de 850° 4 1000°C, chaque traitement se 
terminant par un brusque jusqu’a 
l’ambiante. Ces expériences ont montré que les échantil- 


refroidissement 


lons réoxydés 4 950°C et au-dessous présentaient apres 


une couche de protoxyde rigoureusement 


exempte de précipité, tandis que dans les échantillons 
protoxyde était le 


trempe 


oxydés a 980°C et au-dessus, le 
siége d’une précipitation fine de Fe;O, en dépit d’une 
trempe énergique. On retrouve donc ici sur les phases 
FeO de pellicules préparées dans des conditions dif 
férentes cette notion de température critique mise en 
évidence dans la premiére série d’expériences, avec 
l’avantage cette fois de pouvoir resserrer |’intervalle qui 
inclut la température critique 7,. Nous admettrons 
qu’en premiére approximation 7,=960-970°C 

Il est nécessaire de signaler que dans les expériences 
effectuées sur pellicules réoxydées |’observation et 
V’interprétation étaient rendues plus délicates par la 
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présence dans la région externe du protoxyde d’un 
précipité primaire de Fe;O, formé au cours du refroidis- 
sement qui mettait fin a la préparation de la pellicule 
standard de départ. 

Ce précipité primaire se redissout dans la matrice 


de FeO dans les premiers instants du traitement de 


réoxydation et ce n’est que pour des durées de réoxyda- 
tion trés bréves, au moins aux températures les plus 
élevées, qu’il en subsiste aprés la 


trempe finale. Sa 


morphologie particuliére permet toutefois de le dis 
tinguer du préc’pilé secondaire de trempe 
Ces observations nous ont permis d’autre part de 


déterminer l’ordre de grandeur de la vitesse d’homo- 


généisation de la phase protoxyde aux différentes 


températures. Cet ordre de grandeur est fourni en 
effect par la vitesse de dissolution du précipité primaire 
matrice d 


de Fe;O, dans la e protoxyde a différentes 
températures. A titre d’exemple, une pellicule standard 
refroidie lentement et présentant par conséquent une 
pourra devenir homogéne, aprés un 


800°C. de 


zone précipitée 
traitement de réoxydation de 30 minutes a 
5 minutes a 900°C et de 2 minutes seulement a 1000°C 


Au dessous de 750°C la vitesse de dissolution du 


précipité dans la matrice se ralentit considérablement 
puisqu’un séjour de 24 heures a cette température ne 
suffit pas a faire disparaitre les granules de Fe;O,. Ces 
3 


les figures 2 


observations se trouvent illustrées par les 
et 4 ci-jointes. 
La mi rographie de la hngure 2 montre aspect que 


cote 


posséde aprés trempe dans l’eau salée 4 —5°C, le 
900~C—4 he 


pellicule standard res 


réoxydée durant 3 min. 45 se 


externe d’une 


a 950°C. On note que la 
couche de FeO est micrographiquement homogéne, ce 


qui prouve: 
a 950°C 


] Que le sejour de l’échantillon 


min. 45 sec. a été suffisant pour dissoudre en 
le pré ipité initial de l’échantillon de départ 
ase protoxyde oxydée dans I’air a 


omogene micrographique 


900 
1 950°C dur 


350X 


de ter, réoxydée dans |’air 


finalement dans l’eau 


ment 

- 

j 

- 

| 

Fic. 2. Pe e Stal iT } tacnet su 0 
n. 45 sec. et trempé¢ 


ir 4 950°C durant 7 min. 30 
dans l’eau (400 


de correspondent a 


hr 


Les tac hes somopres 
} 


des arrachements 


sec. et trempée finalem 
visibles dans la couch« 
d’oxyde produits au cours du polissage 

La micrographie de la figure 3 représente de méme 
ine pellicule réoxydée pendant 7 min. 30 sec. a 950°C 

—10°C 

particules de précipité qui s’observent encore dans le 
voisinage de FeO— Fe,0, étre 
considérées comme le résidu de la dissolution du précipité 


et trempée dans |’eau salée a Les quelques 


l’interface doivent 


initial au cours de la réoxydation. 
La micrographie de la figure 4(a@) montre d’autre 
thi pendant 3 min 


part une pellicule réoxydée a 980°C 


45 sec. et trempée dans l’eau salée a —5°C. Un 
précipité apparait dans la couche de protoxyde de 
cette pellicule. Un examen sous plus fort grossissement 

ig. 4b) révéle que ce pré ipité est constitué d’une part 
par des grosses particules constituant le résidu du 


précipité initial incomplétement dissous et d’autre 


par 


part des particules extrémement fines a peine 


perceptibles méme sous les plus forts grossissements 
du précipilé de trempe. 
DISCUSSION ET CONCLUSIONS 
Les expériences précédemment décrites permettent 
d’affirmer sans aucun doute que dans les pellicules 
formées par oxydation directe ou réoxydation, a des 
températures inférieures 4 la température critique, le 


précipité qui s’observe dans la couche de protoxyde, 


(si on fait abstraction des résidus éventuels du précipité 
primaire) résulte de la décomposition de cette phase 
au cours du refroidissement. Le processus de diffusion, 
dont la couche de FeO est le siége au cours de |’oxyda- 
tion du fer ou d’échantillons d’oxyde FeO homogéne 
dans l’air, n’est donc pas compliqué par la présence 
d’une phase dispersée. 

Pour ce qui est des pellicules préparées par oxydation 
directe ou réoxydation aux températures supérieures 
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i la température critique, on pourrait se demander par 
contre si le précipilé de trempe n’est pas déja formé 
dans la matrice de FeO a la température de formation, 
puisqu’une trempe aussi vigoureuse soit-elle, ne 
permet pas de s’en affranchir. L’examen de la figure 5 
montre cependant qu’il n’en est rien. En effet on voit 
dans cette micrographie l’aspect du précipité de trempe 
dans une phase protoxyde oxydée 4a l’air a 1000°C et 
trempée de cette température. La structure est du type 
Widmanstitten, ce qui est un argument en faveur 
d’une formation quasi-instantanée de Fe;O,; au cours du 
refroidissement. 

On se trouve donc conduit 4 admettre que l’instabilité 
de la phase protoxyde, présente dans les pellicules 
réoxydées, augmente en méme temps que la température 
de réoxydation. Pour les températures de réoxydation 
supérieures 4 la température critique 7, cette instabilité 
devient telle que les trempes les plus énergiques sont 
impuissantes 4 éviter une décomposition partielle de 
la phase FeO au cours du refroidissement. 

Si l’on rapproche ceci du fait que dans tous les 
diagrammes d’équilibre fer-oxygéne proposés, la 
solubilité de l’oxygéne dans la phase protoxyde aug- 
1000°C, de fagon uniforme 


mente dans |’intervalle 570 
avec la température, on est amené a conclure que 


Fic. 4a et 4b. Pellicule réoxydée dans l’air aA 980°C durant 
3 min. 45 sec. et trempée finalement dans |’eau. Fig. 4a (150 
Fig. 4b (750X). 
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Vinstabilité des phases FeO au refroidissement varie 
dans le méme sens que leur teneur en oxygeéne. Ceci 
conduit a introduire pour les phases FeO une notion de 
teneur critique en oxygéne c,, définie comme suit: 
dés que la teneur en oxygéne de la phase FeO dépasse 
Ce, cette phase ne peut étre refroidie sans se décomposer 
partiellement et cela, méme dans le cas ow le refroidis 
sement est réalisé par trempe énergique. 

Si nous admettons que les concentrations 
interfaces d’une pellicule d’oxydation sont données par 
les concentrations d’équilibre des phases correspondantes 
en contact, la valeur de c, est donnée par Vabcisse « 


point d’intersection de l’horizontale correspondant 4 


la température critique 7, avec la courbe donnant la 
concentration de saturation en oxygéne de FeO, dans le 
diagramme d’équilibre Fe—O. En adoptant 
gramme Fe—O établi par Bénard? on trouve 

[l y a lieu de noter que la netteté avec laquelle les phases 
FeO se subdivisent en phases trempables et non trem 
pables tendrait a laisser supposer que |’inclinaison réelle 
de la courbe-limite du cété de l’oxygéne du faisceau de 
stabilité de la phase FeO dans le diagramme d’équilibre 
Fe—QO, pourrait étre plus accentuée dans |’intervalle 
900°-1000°C, que celle qui a été indiquée par la plupart 
des auteurs ayant établi cette courbe. 

Par ailleurs, de nombreuses_ particularités des 
pellicules trempées ou refroidies dans |’air, conduisent 
a admettre que pour chacun de ces deux modes de 
refroidissement, le phénoméne de décomposition des 
phases FeO présente une insensibilité relative, vis a 
vis de la vitesse de refroidissement, la teneur en oxygéne 
étant ainsi en premiére approximation le seul facteur 
dont dépend l’instabilité au refroidissement des phases 
FeO riches en oxygeéne, étudiées dans ce travail. 

Les résultats généraux qui viennent d’étre exposés 
permettent enfin d’interpréter moyennant quelques 
hypothéses simplificatrices complémentaires, certaines 
particularités présentées par les couches mixtes des 
pellicules d’oxydation refroidies dans |’air, en parti- 
culier: 


sans précipité, contre 


a. L’existence d’un liseré 
Vinterface FeO/Fe;O,, et 
indépendante de la température et de la durée d’oxyda- 


d’épaisseur sensiblement 


tion. 


TION D’OXY 


et 
L000 


fonction de la 


réoxydation de la 


b. L’ 


température d’oxydation (ou de 


augmentation progressive en 


dimension maxima des particules du précipité de Fe;0 


c. Le fait que l’épaisseur de la couche mixte d’une 


pellicule sur support de fer croit paraboliquement e 
fonction la durée dans le cas d’une oxydatio1 
isotnerme 
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MARKER MOVEMENTS IN TITANIUM-MOLYBDENUM DIFFUSION COUPLES 
AND THE ZENER THEORY OF D,* 


P. G. SHEWMON} and J. H. BECHTOLD{ 


Marker movements have been found and their rates measured in diffusion couples of pure titanium 
versus pure molybdenum. Ti-Mo alloys are body centered cubic (b.c.c.) in the temperature range studied, 
1400-1640°C. The marker movements imply a vacancy mechanism of diffusion in the b.c.c. transition 
metals which contradicts the prediction of Zener and LeClaire of a ring mechanism of diffusion. The 
anomalies which lead to the prediction of a ring mechanism are discussed, and an alternative explanation 


consistent with a vacancy mechanism is given. 


MOUVEMENTS DES REPERES DANS LA DIFFUSION DES COUPLES Ti-Mo ET LA 
THEORIE DE ZENER DE D 


En étudiant la diffusion dans les couples titane pur-molybdéne pur, les mouvements des repéres ont été 
observés et leurs vitesses mesurées. Les alliages Ti-Mo sont cubiques centrés dans l’intervalle de tem 
pérature étudié 1400-1640°. 
ce qui est en contradiction avec le mécanisme par rotation prévu par Zener et Le Claire pour les métaux 


Les mouvements des repéres sont le corollaire d’une diffusion par les lacunes, 


de transition cubiques centrés. Les anomalies qui avaient conduit 4 ce mécanisme par rotation sont dis 


cutées et il est donné une autre explication en harmonie avec le mécanisme de diffusion par les lacunes. 


UBER 


DIE MARKIERUNGSBEWEGUNG BEI DER DIFFUSION ZWISCHEN Ti 


UND Mo 


UND DIE ZENER THEORIE VON D 


In Diffusionsprobenpaaren 


reines Titan gegen reines Molybdan 


wurden Markierungsbewegungen 


festgestellt und deren Wanderungsausmass gemessen. Im untersuchten Temperaturbereich, 1400-1640", 


haben die Ti-Mo Legierungen ein kubisch-raumzentriertes Gitter. Bei den kubisch-raumzentrierten | 


gangsmetallen erfordert die 


je aot h 


spruch steht. Die Anomalien, die 


Markierungs-wanderung einen 
mit der Vorhersage von Zener und LeClaire iiber einen Ringmechanismus der Diffusion in Wider 


ber- 
Leerstellenmechanismus der Diffusion, der 


zur Vorhersage eines Ringmechanismus’ fiihren, werden diskutiert; 


weiterhin wird eine Alternativerklirung in Ubereinstimmung mit einem Leerstellenmechanismus gegeben. 


INTRODUCTION 


Zener,' and more recently LeClaire,? has proposed 
that diffusion takes place by a ring mechanism in body 
centered cubic transition metals. These predictions 
have been based on a correlation between the entropy 
of activation for self diffusion, AS, and the temperature, 


dependence of the elastic constants. If this prediction is 
true there should be no marker movements or Kirkendall 


effect in body-centered-cubic metals and compounds. 
To date the only published study or marker movements 
in a b.c.c. lattice is the work of Landergren and Mehl 
using beta-brass.* These authors found a small but 
definite marker movement. Since the predictions of a 
ring mechanism were made by correlating self diffusion 
data, it was thought that marker movements should 
be 
isomorphous system of b.c.c. metals. A study of diffusion 


also studied in a terminal solid solution or an 


in body-centered-cubic titanium-molybdenum alloys” 
was therefore undertaken and marker movements have 
been found. This again contradicts the predictions of 
Zener and LeClaire. The purpose of this paper is to 
report the marker movements and to propose an 
explanation for this shortcoming of the Zener theory. 

* Received January 12, 1955. 

7 Carnegie Institute of Technology, 
Westinghouse Research Laboratories. 

t Westinghouse Electri 
East Pittsburgh, Pennsylvania. 

* The Ti-Mo system is isomorphous b.c.c. at all temperatures 
above 885°C.‘ 
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EXPERIMENTAL PROCEDURE AND RESULTS 


Sandwich type diffusion couples were made by 
resistance butt welding a 0.58 in. diameter cylinder of 
pure molybdenum between two cylinders of pure 
titanium of the same diameter. Three thin strips of 
thorium oxide, approximately 0.001X0.010X0.60 in., 
were put in each interface to serve as markers. After 
welding, the specimens were machined cylindrical, and 
paralleled flats 0.25 in. wide were ground on each 
side of the specimens. The couples were then given a 
stress relief anneal by heating for one hour in vacuum 
at 1240°C. Following this the flats were given a metal- 
lographic polish, and the positions of the markers 
were individually measured relative to a mark outside 
zone. All measurements were 
Kodak Contour Projector, and were 
£0.0002 The specimens 
>to 10~° 
mm Hg at temperatures from 1400 to 1640°C. After 
ol 


effects of 


the diffusion distance 


made with a 


reproducible to within in. 
were next annealed in a vacuum furnace at 10 
annealing, 0.025 in. metal was removed from the 
flats to 
vapor transport, the flats were again polished, and the 


eliminate the surface diffusion and 
position of the markers individually determined. 
Measurements were made on different couples after 
diffusion anneals at one of five different temperatures. 
In each couple the markers were found to move toward 
the titanium. The movements ranged from 0.0107 in. 
to 0.0017 in. The movements are given in Table I. 
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TABLE I. Marker movements in molybdenum-titanium 
diffusion couples. 


Diffusion Marker 
time movement 
minutes) inches 


Diffusion 

Spec. no. temp. (°¢ 
Direct Measurement 

A-7* 1470 

I-7* 1515 


7X10 
7X10 


8X10 


16005 
1640 


5X10 
5X10 


1640 
1640 


[-: 1400 3228 2.6X 10 
c2 1400 3228 4.9 10 


Diffusion Curve Method 


A-7 1470 10 10 


specimens were made with arc melted duPont sponge 
titanium, 


* The A- and ( 
titanium. The J-specimens were made with ic 


In a few cases the thoria markers were large enough to 
interfere with diffusion near the markers. This inter- 
ference could easily be detected metallographically and 
the movement of these markers was not recorded. If 
the markers had not interfered with diffusion, the 
scatter between the movements of the different markers 
was always less than +20 per cent. 

The marker movement in a given couple can be 
ways. The marker 
obtained by 


measured in two independent 
movements given 
measurement. The second method has been termed the 
“diffusion curve method” by da Silva and Mehl.° It has 


been used in several investigations and is reported to 


above were direct 


give more reproducible results than direct measure- 
ment.®? The technique is based on the observation that 
the original interface with the Matano 
interface.* Thus the final distance between the thoria 
markers and the Matano interface is the distance which 


coincides 


the markers have moved during diffusion. The position 
of the markers is determined when the specimen is 
sectioned for chemical analysis. 

The marker movement was checked by the diffusion 
curve method in one specimen, A-7. The movement 
was 10 10~ in. The value obtained by direct measure- 
ment 10.710 in. This check is well within 
experimental error since the final position of the markers 
could only be determined to within a thousandth of an 
inch in the machining operation. 

In Table I it is seen that the marker movement in 
specimen C-3, after 120 minutes at 1640°C was 6.8 X 10 
in., yet the movement in /-6 after 120 minutes at 1640°C 
was only 2.5X10~* in. 
annealed at the same time so that the time and tempera- 
ture of diffusion for the two specimens are exactly the 


was 


These two specimens were 


*Tf the concentration of one component in atom per cent, ¢, 1s 
plotted against diffusion distance, the Matano interface is defined 


r=0, vdc=0. 


by the equations: 


MARKER 


MOVEMENT IN 


same. The difference between the two movements is 
therefore much too large to be experimental error 
The internal consistency of marker movement data 


can be checked®*.? by using the equation 


B(t)? exp {/R7 


where A and B are constants independent of 
temperature, 7 is the absolute temperature, 


] 


time, R is the gas constant, and x is the marker m 


ment. In Fig. 1 the data from Table I 


versus 1/T. 


A- and C-specimens fall on one straight line and 


are plot ted 


It is found that the data for 


logx 


data for the [-spec imens fall on another, 1.e., 

fall into two separate groups. The slopes of the two 
lines are approximately the same, but for a given time 
and temperature the marker movement found in the 


roughly one-third that found in the 


I-specimens is 
A- and 


these two groups of specimens is that the 


C-specimens. The only difference 


| series W 
made with iodide titanium while the A- and 
arc-melted duPont 


that the 


were made with sponge 


This indicates movements wit] 


given set of specimens are consistent but 


increase the rate of marker movement 


DISCUSSION 


If marker movement is observed in metallic diffu 
couples, it implies that diffusion must take pla 
either a vacancy or an interstitial mechanisn 
isomorphous solid solution of transition elemen 


interstitial mechanism can be ruled out because of 


large amount of energy required to form an interstitia 


observation that marker move 


atom.* Therefore the 
b.c.c.. 


diffusion 


ments occur in diffusion 


establishes that takes place primaril 


VaCancy mechanism, al ieast nis system, 


implication in all 
metals. 
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When Zener' originally made his analysis of Do for 
self-diffusion he worked with the equations 


D= 
Do= 


AH \ 
RT, m) 


where a is the interatomic distance, v is the vibrational 


frequency of the atoms, uw is an appropriate elastic 
Zener used Koster’s’ data for Young’s 
modulus), uo is u extrapolated to 0°K, 7, is the melting 
point of the metal, AS is the entropy of activation for 
diffusion, AH/ is the heat of activation for diffusion, and 
\ an experimentally determined constant. 


constant 


By plotting In(Do/a*v) versus 
AH du 
dT 


Zener found that Ac~0.55 for f.c.c. metals and Ac¥1 for 


b.c.c. metals. From this difference in for the two types 
of lattices he suggested that diffusion might take place 
by different mechanisms in the two types of metals. 
\ ring mechanism would probably have a higher AS 
than a vacancy mechanism; also, the vacancy mechan- 
ism is fairly well established for f.c.c. metals. Therefore 
he suggested that diffusion in b.c.c. metals takes place 
by a ring mechanism. 

LeClaire? has extended Zener’s theory by trying to 
correlate the different parts of AS and AH with other 
physica! properties. For a vacancy mechanism AS and 
AH can each be broken up into two parts, the first 
associated with the formation of a vacancy, (SA; and 
AH 
an atom from an equilibrium site into an adjacent 
AS» and AH»). LeClaire takes equation (3 


} 


and develops it Into: 


_ and the second associated with the migration of 


vacancy, 


Dy=a’v exp| (AH—AiL.) 


1 du 1 dp 
pdT 
W ., is the heat of sublimation, p is the density and 
k, is defined as the ratio AH;/ZL,. 

LeClaire could not find any physical property with 
which to correlate AS; but he did show that it should 
be positive and of the order of 1 mole~K. He 
further reasons that near a vacancy wand (7 ,,/uo)du/dT 
il] bulk values. If we use the bulk 
constants instead of the correct 


2 cal 
will be less than the 
values for the elastic 
values this will tend to add a spurious negative entropy 
of activation. He assumed that AS; would be equal to 
this spurious negative contribution and simplified his 


equation by setting AS,=0. Upon solving for ky, he 


found it to be positive and equal to 0.215 for all f.c.c. 
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metals for which self diffusion data are available. 
For the b.c.c. data (a Fe and some approximate data 
for W), ky is negative. Negative values of k; have no 
physical significance so he concluded that the b.c.c. 
data would not fit the vacancy mechanism equation. 
Using much the same type of reasoning he develops 


for a ring mechanism the equation 
dD, du 


+AH 
pdt 


1 dp 
R log.V,=R log 
p dT 
where .\. is the ‘‘number of distinct rings, each of r 
atoms, whose rotation can effect a migration of the atom 
in any one direction.” Solving for .\, one finds .V,<0.2 
for the f.c.c. data and .V,>2 for the b.c.c. data. Since .V, 
must be greater than one, he concludes that the b.c.c. 
data are consistent with a ring mechanism and the 
f.c.c. data are not. 

In Eqs. (2) to (5) one has a correlation which not 
only fits the more recent diffusion data quite well, but 
is selective enough to rule out older data which have 
since been proved inaccurate. Nevertheless, the 
conclusions drawn from these equations about 
metals seems to be 


the 
mechanism of diffusion in b.c.c. 
incorrect. 

Zener” has pointed out that the entropy associated 
with the formation of a vacancy, AS), should be larger 
in b.c.c. metals than in f.c.c. that this 
factor has been left out in the development and inter- 


metals, and 


pretation of the equations given above. This difference 
in AS; for the two types of lattices can be seen from 
the following considerations. AS, is given by! 


AS,;=+2ZR In 


where Z is the number of nearest neighbors, v and v* 
atoms in the bulk 
metal, and next to a vacancy, respectively. In an f.c.c. 


are the frequency of vibration of 


lattice the nearest neighbors of a vacancy are nearest 
neighbors of each other, while in a b.c.c. lattice the 
nearest neighbors of a vacancy are not nearest neighbors 
of each other. Therefore, the atoms around a vacancy 
in a b.c.c. lattice will relax, or move their equilibrium 
position toward the vacancy, more than the atoms 
around a vacancy in an f.c.c. lattice. This increased 
relaxation will give a larger value of v/v* in a b.c.c. 
lattice, thus giving a larger AS}. 

If we hypothesize that (1) diffusion occurs by a va- 
cancy mechanism in b.c.c. and f.c.c. transition metals, (2) 
AS, (f.c.c.)=0, as LeClaire did, but AS,(b.c.c.)>0, and 
(3) the relationship between AS» and the elastic 
constants is the same in b.c.c. and f.c.c. metals, then 
AS(b.c.c.) will be greater than AS(f.c.c.), (AS=AS, 
+ AS»). This explains the larger values of for b.c.c. 
metals in Zener’s work, without 
mechanism. The negative values of k; 
led LeClaire to 


assuming a ring 


Eq. 5), which 


a ring mechanism for b.c.c. 


suggest 


AS 

R 

| 
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metals can also be explained quite satisfactorily with 
these hypotheses. If A.S,>0 is inserted in Eq. (5) along 
with the data for alpha-iron (see LeClaire’s paper), 
k,=0 if AS;=1.36 cal/mol°K, and, if k;=0.215, as it 
did for the f.c.c. data with AS,(f.c.c.)=0, one obtains 
AS, (b.c.c.)=5.36 cal/mol°K. k;=0.215 is a reasonable 
value for alpha iron and gives AS,=AS—AS,=7.94 
cal/mol"K. This value of AS» is positive as Zener’s 
theory requires, and is roughly equal to AS=AS» for 
the f.c.c. metals listed by LeClaire. Finally, inspection 
of Eq. (6) shows that the only requirement for .V,>1 
is a relatively large AS, which is again consistent with 
the above hypotheses. Therefore, the hypotheses given 
above will account for each of the anomalies which led 
Zener and LeClaire to the questionable prediction of a 
ring mechanism for diffusion in b.c.c. metals, while 
these hypotheses have no effect on the general correla- 
tion between Dy and du/dT. 

Buffington and Cohen” 
Zener’s theory of Dy in a manner similar to LeClaire’s. 
These authors believe that diffusion occurs by a vacancy 
mechanism in b.c.c. 
the work reported here. One of the constants evaluated 
by these authors, A, is quite similar to the \ in Zener’s 


have recently extended 


metals, which is in agreement with 


theory. Their observation that A(b.c.c.)>A(f.c.c.) is 
the same as Zener’s and thus is consistent with the 


hypotheses given above. 
SUMMARY 


Marker movements have been observed and their 


rates measured in diffusion couples of b.c.c. Ti versus 


MARKER 


MOVE MI 


Mo. 


diffusion 


b.c.c. This implies a vacancy mechanism of 


which contradicts the predictions of Zener 


and LeClaire that diffusion occurs by a ring mechanism 
in b.c.c. transition metals. It has been hy pothesized inal 
the entropy of formation of a vacancy is greater in a 


b.c.c. lattice than in an f.c.c. lattice, and that diffusion 


It is 


then shown that these hypotheses are consistent with 


occurs by a vacancy mechanism in b.c.c. metals 


the anomalies which led Zener and LeClaire to predict a 


ring 


mechanism of diffusion in body centered cubic 


metals. 
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ACTIVITY OF ALUMINUM IN LIQUID Ag-Al, Fe-Al, Fe-Al-C, AND Fe-Al-C-Si ALLOYS* 


J. CHIPMAN} and T. P. FLORIDIS{ 


Experimental data on the distribution of aluminum between liquid iron and silver at 1600°C are pre 


sented. The effects of carbon and silicon in the iron are shown. 


Recent data of Hillert on the cell: 


Al(s) | AICI 


in NaCl(/ 


\l—Ag alloy 


are extrapolated to obtain the activity of aluminum in liquid Ag-Al solutions. This and the distribution data 


lead to values for the activity coefficient of aluminum in liquid iron. 


In the infinitely dilute solution in pure iron, y4;°=0.031 at 1600°. 


linearly with the concentration of Al, C, or Si. 


The value of log y,4) increases almost 


The solubility of graphite in iron decreases with increasing aluminum content. 


ACTIVITE DE 


L’,ALUMINIUM DANS LES ALLIAGES LIQUIDES Ag-Al, Fe-Al, Fe-Al-C, 
ET Fe 


C-Si 


Les auteurs rapportent les résultats expérimentaux sur la répartition de l’aluminium entre le fer liquide 


et l’argent a 1600 
Les résultats récents de Hillert sur la cellule: 


Al(s)/AICI 


lans NaCl(/ 


, ainsi que les effets du carbone et du silicium dans le fer 


alliage Al-Ag 


sont extrapolés pour obtenir l’activité de l’aluminium dans les solutions liquides AgAl. Ces résultats et la 


répartition ci-dessus conduisent au coefficient d 


Pour les solutions infiniment diluées dans le fer 


presque linéairement avec la concentration en Al, C, 


pur, YA 
ou Si. 


‘activité de l’aluminium dans le fer liquide. 


=0.031 4 1600°. La valeur de log ya) croit 


La solubilité du graphite dans le fer décroit avec les teneurs croissantes en aluminium. 


DIE AKTIVITAT VON ALUMINIUM IN FLUSSIGEN Ag-Al, Fe-Al, Fe-AlL-C 


UND Fe-Al-C-Si 


Uber die Verteilung von 


Aluminium in fliissigem Eisen und Silber 


LEGIERUNGEN 


bei 1600° werden experimen 


Untersuchungen mitgeteilt. Der Einfluss des Kohlenstoffs und des Siliziums werden beschrieben 


Die kiirzlich von Hillert fiir die Anordnung 
Al (fest) | AICI in NaCl 


mitgeteilten Ergebnisse werder 


fliissig 


g)| Al— Ag Legierung (fest 


1 extrapoliert, um die Aktivitaét von Aluminium in fliissigen Ag-Al Lésungen zu 


erhalten. Dies und die Verteilungsergebnisse fiihren zu den Werten der Aktivititskoeffizienten von Alumin 


ium in fliissigem Eisen. 
In r unendlich verdiinnten 
I r unenaucn veraunnten 


igt fast linear mit der Konzentration von Al, C 


Lésung im reinen Eisen ist y4,°=0.031 bei 1600 


Der Wert des log ya 


oder Si. 


Die Léslichkeit von Graphit in Eisen nimmt mit steigendem Aluminiumgehalt ab. 


INTRODUCTION 


In the application of thermodynamics to the study 
of reactions occurring in liquid metals, it frequently 


happens that the greatest uncertainty in a calculation 


attaches to the question of the activity of a minor 
component. Attempts to calculate the equilibrium 
constant for the deoxidation of liquid steel with 
aluminum have been subject to this uncertainty. The 
earliest study of the activity coefficient of aluminum 
in liquid iron was made by Chipman! who measured 
the distribution ratio of aluminum between liquid iron 
and liquid silver at 1600°C. It was assumed that the 
activity of aluminum in the liquid silver layer was 
equal to its mole fraction, an assumption which is 
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not justified and which has been shown to be a source 
of substantial error. 

An important contribution was made by Chou,” who 
showed that the activity of aluminum in liquid silver 
could be estimated by the following steps: (1) The 
activity of silver in silver-lead alloys was calculated 
from the phase diagram and the known heat of fusion 
of silver. (2) From experimental data on the distribution 
of silver between lead and aluminum’ the activity 
coefficient of silver in aluminum was determined over 
a wide range of compositions. (3) The activity coefficient 
of aluminum in these solutions was calculated by means 
of the Gibbs-Duhem equation. 

The data on distribution of aluminum between liquid 
silver and liquid iron were then used to determine its 
activity in the latter solution. These calculations were 
repeated and elaborated by J. F. Elliott,” who showed 
activity coefficient of aluminum in dilute 


solutions in liquid iron, y° 
0.04 at 1600 


that the 
41 Is in the neighborhood of 


456 


1] 


CHIPMAN 


AND 


ACTIVITY OF ALUMINUM IN LIQUID SILVER 


Recently Hillert* has determined the activity of 
aluminum in solid aluminum-silver alloys at various 
concentrations and temperatures up to 527°C by 
electromotive force measurements of the cell: 


Al(s)| AlCl; in NaCl(l)| Al—Ag alloy(s) 


These new measurements provide a more direct means 
for estimating the activity of aluminum in liquid 
silver than was found in the indirect calculations of 
Chou and Elliott. Data on alloys in the terminal solid 
solution field are given in Table I. The emf at 820°K 
and the temperature coefficient in the range 642-820°K 
provide the basis for the calculated values at 1052°K 
shown in the fourth and fifth columns of the table. This 
temperature marks a peritectic of the system in which 
the solid solution, V4;=0.175 is in equilibrium with 
the liquid, .V4;=0.212. Interpolation in the data for 
logya; in line A of Fig. 1 gives log y,4;=—1.18 and 
a4i=0.0116. In the equilibrium 
relative to solid Al, has the same value; but relative to 


liquid phase aa), 


liquid Al a correction is needed which is readily obtained 
from the heat of fusion. When this is done, it is found 
that for V4);=0.212, a,4,;=0.0134 and logy,,;=—1.20, 
all in the liquid state. 

The sixth column gives the solidus temperature of 
each alloy. The seventh shows the composition of the 
equilibrium liquid phase, assuming a straight-line 
liquidus rather than curved as in Hansen’s® diagram. 
The final column is logys: in the liquid phase at the 
liquidus temperature. 

To find values of y4; at higher temperatures, informa- 
tion on the heat of mixing would be highly desirable. 
The large values reported by Kawakami® may have 
suffered from the heat of the reaction of aluminum 
with oxygen dissolved in the silver. For this reason they 
are discarded and the correction to 1600° is based on 
the assumption that logy is inversely proportional to 
absolute temperature. Resultant activity coefficients at 
1600°C are shown in line C. The value of logya, at 
infinite dilution previously deduced from the calcula- 
tions of Chou and Elliott is shown at the point £. A 
recalculation by Floridis,’ using different methods of 
extrapolation, gave the point F. The new values of 
line C must be considered the more reliable. 


Calculations from Hillert’s data on the cell: 


Al(s) | AIC]; in NaCl(/) | Al—Ag(s). 


TABLE I. 


1E 
Li E, cak log 


820°K mv/deg 1052°K 1052°K 

105 

126 t 1093 
144 78 1138 
170 8 8 8: 1183 


0.170 
0.120 
0.070 


~1.35 
—1.53 


FLORIDIS: 


Al 


Fic. 1 


\ctivity coefficient of aluminum in silver-aluminum alloys; 
data of M. Hillert, extrapolated 


DISTRIBUTION OF ALUMINUM BETWEEN IRON 
AND SILVER 


The primary purpose of this study was to apply the 
method of distribution of aluminum between iron and 
silver to a determination of the effect of carbon and 
silicon on the activity coefficient of aluminum in liquid 
iron. As a preliminary study, it was deemed advisable 
to recheck the data previously reported. ! 

The experimental equipment was extremely simple. 
A Vycor tube, 38 mm OD, 


permitted 


was fitted with a brass 


head which introduction of argon for 


protection against oxidation and was provided with an 
opening for sampling and for temperature measurement. 
Melts were made in 25 mm OD alundum thimbles. 
The charge was heated by induction and consisted of 
and silver, and 


50 grams each of electrolytic iron 


varying amounts of aluminum, graphite, and silicon. 
In one series of runs graphite crucibles were used to 
assure carbon saturation. Temperatures were measured 
with a platinum, platinum 10 per cent rhodium thermo- 
which 


was 


couple protected by a thin silica tu 
immersed in the bath only for about 40-60 seconds for 
each measurement. Melts were held at 1600+10°C for 
45 minutes after which samples of each liquid phase 
were withdrawn by suction, using a silica tube of 3 
mm 

The experimental results are 


Table I] 


analytical data are expressed as atomic 


shown in 
where the 
per cent. Figure 2 shows the mole fraction of aluminum 
in the two layers. Line A, for carbon-free iron, shows 
good agreement between old and new data. Line B is 
4.15 atom 


per cent. Line C for carbon saturation is more strongly 


for approximately 1 per cent C, average 


curved than the others because of decreasing carbon 


solubility with increasing aluminum. 


Liquid 
Na Va 8 
0.185 
0.100 
0.053 
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TABLE II. Chemical analysis of phases in equilibrium at 
1600°C, Atom %. 


0.47 
2.41 
9 94 
24.35 
30.33 
26.90 
0 73 


14.00 


ALUMINUM. ATOM FRACTION 


Fic. 3. Activity coefficient of aluminum in iron at 1600°. 


of aluminum is given by the equation: 


logy’ = — 1.51+2.60.\ 


EFFECT OF CARBON ON ACTIVITY OF ALUMINUM 


If y4; represents the activity coefficient of aluminum 
in Fe—Al—C solution and that in a binary 
: Fe—Al solution of the same aluminum concentration, 
10.96 the effect of the carbon may be expressed in the 
10.28 


coefficient yai‘© defined by the equation: 


logy = logy ai— logy’ 41. 


ACTIVITY OF ALUMINUM IN LIQUID IRON " a 
In Fig. 4, logyai© is plotted against the atom fraction 


\t equilibrium the activity of aluminum is the same of carbon. 
he iron and silver layers, therefore: 


EFFECT OF SILICON ON ACTIVITY OF ALUMINUM 


In a similar way the effect of silicon in Fe— Al—C—Si 


alloy will be expressed in the coefficient yai‘"" defined 


‘©) from Fig. 1 and the distribution ‘ 
the activity coefficient in liquid iron. logy = logy ai— logy’ logy a1" 
1s plotted against Va Fe) for the 
Figure 5 shows the values of logya, for the four 
carbon-free and carbon-saturated solutions. Since all 
alloys which contained silicon. The similarity of the 
subsequent discussion pertains only to solutions in 
ge.” es effects of carbon and silicon are evident. The greater 
liquid iron, the superscript (Fe) will be dropped, and j pepe 
curvature at high concentrations of silicon may be 
he activity coefficient in binary Fe—Al alloys will be 3 
; ‘ : due in part to an interaction effect in the silver layer 


where the atom fraction of silicon was as high as 0.08. 


designated y’,;. In the dilute, carbon-free solution at 
) 


concentrations up to .V=0.2, the activity coefficient 


SOLUBILITY OF CARBON IN LIQUID Fe-Al ALLOYS 


From the results of the runs carried out in graphite 
crucibles, it was possible to determine the solubility 
of carbon in liquid iron-aluminum alloys at 1600°C. 
In Fig. 6, the logarithm of the atom fraction of carbon 
is plotted against the atom fraction of aluminum; a 
straight line is obtained which, when extrapolated to 
zero mole fraction of aluminum, gives the solubility of 
carbon in liquid iron at 1600°C, which is in agreement 
with the value previously reported.* The equation 


log Ve= —0.68—1.17.V 4) 


may be considered valid for the range up to 0.36 atom 
silver at 1600°. fraction of aluminum in iron. 


158 3, t955 
| CARBON - SATURATED 
Silver Layer Iron Layer | 
N \ S Fe \ S ( \g 4 
2 1.43 0.80 (0.44 
3 1.49 0.48 a | 
2.07 14.47 0.89 
6 2.99 33.30 2.33 | 
$62 39,93 3.47 
21 5.74 35.01 3.69 
29 2.53 9.54 0.89 | A | 
30 2.42 18.58 1.30 
8 6.01 1.54 4.88 18.35 0.07 
9 16.25 2.59 15.51 14.08 0.46 
11 28.15 2.80 29.69 9.28 1.93 
13 32.60 1.06 36.11 7.89 2.03 
31 2.35 0.74 1.73 19.44 0.03 
32 27.00 3.07 27.00 10.08 3.93 Ps 
34 7.31 1.33 4.90 18.80 0.16 
162.94 187 4.08 398 0.23 
18 18.56 3.63 23.75 3 1.45 
20 30.34 4 66 36.68 3 2.65 
22 1.98 1.92 2.24 5 014 
24 10.04 1.51 11.78 4 0.83 
33 
35 
36 
37 
V YA I 
FRE aR ; HIPMAN 
= 
J, 


AND FLORIDIS 


CHIPMAN 


DISCUSSION 


The effect of one solute upon the activity coefficient 
of another, in the infinitely dilute solution, is expressed 
by the interaction parameter: 


The foregoing data and plots establish the following 


values of several such parameters: 


These are of an order of magnitude not very different 
from those of other solutes in iron which have little or 
no intersolute attractive forces. Apparently the prin- 
cipal forces are those between solute and solvent atoms, 
and the positive parameters are the result of competition 
for iron atoms in the nearest-neighbor shells. 

The effect of aluminum on the activity coefficient of 
carbon is shown by its effect on the solubility of graphite. 


and 5 (belo 


activity coefficient of aluminum 


Effects of carbon <¢ 


Al IN 


Fig. 6 it is 
Va 


he wever, is 


seen 


rom 
the range 0-0.36 and 
€a)\' or +6.7. The solul 
probably increases in 


num and decreasing carbon con 
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SOME OBSERVATIONS ON THE INTERNAL FRICTION OF POLYCRYSTALLINE ALUMINIUM 
DURING THE EARLY STAGES OF CREEP* 


G. B. BROOK? and A. H. SULLY{ 


Measurements of internal friction at strain amplitudes of less than 107° have been made during the 
tensile creep at constant load of super- and commercial-purity aluminium wires at room temperature, 250°C 

350°C. On loading, an increase in internal friction occurred and this was partially recovered during 
» primary creep stage in 1 to 2 hours at 350°C, 4 to 8 hours at 250°C and about 2 to 20 hours at room 
temperature (the stresses used at room temperature were too small to cause creep). The component of 
internal friction due to deformation remained constant during the next few hours and at 350°C was 


e recovery occurres |. There was also evidence 


proportional to the applied stress. On unloading, almost complet 
; ight decrease in grain-boundary damping during creep and this has been interpreted tentat 
ig from a decrease in “grain-boundary roughness.” The internal friction due to deformation was only 
recovered without stress. At room temperature a maximum in internal friction occurred with 
g load and appeared to be a result of the rate of recovery exceeding that of the increase in internal 
friction due to deformation 

Commercial-purity aluminium behaved similar] 350°C. a much higher stress being required to produce 
the same effects. At low stresses no recovery occurred 
‘ bservations suggested that the recovery stresses was 
by some polygonisati 


The results are discussed qualitatively in terms of dislocation theory 
FROTTEMENT INTERNE DE L’ALUMINIUM POLYCRISTALLIN PENDANT 
LES PREMIERES PERIODES DU FLUAGE 
rne pour des déformations inférieures 4 107° ont été 


merciale et de haute 


restait 
a la contrainte appliquée 
presque compiete 
1ortisseme nt proposé d’ 
grain.” Le frottemer 
ce de contraintes. A la température ordinaire, il se produit 


terne avec |’augmentation de la charge qui semble dt a une restauration 


ottement formation 


n a 250 
res élevé pour 


nt dans le cadre de la théorie des dislocati 


EINIGE BEOBACHTUNGEN UBER DIE INNERE REIBUNG VON POLYKRISTALLINEM 
\LUMINIUM WAHREND DER FRUHEN STADIEN DES KRIECHENS 
lumi Aluminium in handelsiiblicher inheit wurden 
350°C Messungen 
> vorgenommen. Bei der 
Stadien des 
fahr 2 bis 20 Stu 
Spannungen waren zu gering, um 
mponente ler inner ng blieb wahrend der 
proportional der angelegten Spannung. Bei der En 
\usserdem hatte es den Anschein, als ob wi 
wiirde. Diese 
durch «¢ \bnahme der “‘Korngrenzenrauhigkeit” erklart. Ohne Spannun 
Verformung hervorgerufene innere Reibung nur teilwei Bie Raumtemperatur 


‘in Maximum der inneren Reibung auf. Dieses Maximum scheint durch denjenigen Anteil der Erholung 


rursacht zu werden, der iiber die Zunahme der auf Deformation zuriickzufiihrenden inneren Reibung 
hinausgeht 
Handelsiibliches Aluminium verhielt sic 


Effekte zu erzielen 


h bei 1; es wurde jedoch eine wesentlich hdher« 


benoti Erholung auf 
R5ntgenbeobachtungen liessen die Vermutung zu, dass bei 
sehr grossen inneren Reibung von einer geringen Polygonisation begleitet wurde 


Die Ergenbnisse werden auf Grund der Versetzungstheorie diskutiert 
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du fluage a charge constante sur des fils d’aluminium de pureté com i 77/7 pureté 4 température 
ordinaire, 4 250° et a 350 \u moment de la mise en charge, il s produit un accroissement du frottement 
interne qui disparait pendant le premier stade du fluage, 4 350° entre 1 heure et 2 heures, 4 250° entre 4 
et 8 heures, et a la température ordinaire entre 2 et 20 heures. (A la température ordinaire, les contraintes 
sont trop faibles pour entrainer un fluagé VOL. 
constante au cours des quelques heures suiva 2 
\u moment de la décharge, une restaurati ae 
pendant le fluage une faible diminution dar ~ 
ceci par une diminution de la “‘rugosité d\ 
n’est que partiellement restauré en |’absen 
un maximum dans le frottement (ne 
, L’aluminium de pureté commerciale se comporte de la méme faco effets, une 
L’examen aux rayons X indique que la restauration du frotte es tortes 
contraintes, est accompagnée de polygonisatior 
Les résultats sont discutés qualitativem cI 011s 
les 
en 
re 
ur 
ne 
S¢ 
Lie 
st 
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I. INTRODUCTION Fitted steel! plug 


In recent years the measurement of the internal 
friction of metals has been used increasingly as a means 
of following atomic movements especially in diffusion 

and deformation. Progress in this field has been de- 


——Tubes for thermocouples 


scribed in three comprehensive reviews: by Zener! on 
anelastic phenomena, and more recently by King and 
Chalmers? on grain-boundary phenomena and_ by 
Nowick* whose review is complementary to that of 
King and Chalmers. 

However, it is desirable to mention a few relevant 
papers together with more recently published work. 

Various workers*—* using copper, a-brass, and 80/20 
nickel chromium have shown that internal friction |_| 

i Silver stee! wire 

passes through a maximum with increasing strain, but 


these authors did not specify the time which elapsed 


between the deformation and the internal friction \ ae 
measurement. Since recovery of internal friction —Grameghons needles 
produced by cold work’ is known to occur rapidly even ae 


at room temperature in iron, aluminium, copper and > 


a-brass, it is desirable that internal friction measure- 
ments should be made concurrently with measurements etek Gait 
of strain. Such measurements have been made by — Sete pen 
Boulanger*® on an 80/20 nickel-chromium alloy. He 
found that if the internal friction was measured one 
minute after deformation, its variation with strain was 
similar in form to that of the stress-strain curve. After 
100 hours at 20°C and 400 hours at 100°C, appreciable 


recovery had occurred and the residual friction showed 
a maximum at a relatively low strain comparable with molybdenum wires at room temperature. The internal 
that observed in the earlier investigations. friction was determined at a frequency of about 1 
In the work to be described, measurements of internal specimen was extended at constant 
friction have been made in aluminium concurrently with ge was observed until just before 
1. The yield point, at which tin 


friction occurred (Fig. 1 This fell during yielding 


the progress of longitudinal creep at constant load. e a large increase 1n 
internal friction was measured by making the specimen 


ps. but rose again during strain-hardening at an approxi- 


a torsional pendulum with a frequency of about 1 « 


Under these conditions the decrement was not ampli- mately 
strain rate 


constant rate which was dependent on tne 


tude-sensitive over a range of strain amplitude 2X 10 


Whilst this work was in progress Maringer"’ published 
a brief account of experiments on similar lines using i) Apparatus 


. T The modified Ké apparatus for measuring 


€ *0.0008/min capacity and creep extension is show 
in Fig. 2. 


The furnace was bolted 


able feet. It consisted of a silic: 


evenly wound with Nichrome wire 


where the turns were spac ed more 


a uniform te mperature over the centr 


tne cradient over this lengt! 


a-c bridge thermostat connected to a platinum resist 


thermometer adjacent to the windings enabled 


After lood wos removed 
2 3 4 5 6 the temperature 

were drilled in the steel plug, closing LO] tne 
furnace and by opening and closing these the tempera 
} 


to be ntrolled t t i. ox noies 


Fic. 1. Variation of internal friction (expressed a > ture gradient could be controlled. Usually three 
decrement) with stress during tensile test of molybdenum 
wire (Maringer" be kept closed and this was done by inserting two 


to 


| | wire except at the ends 
closely s0 as to giv 
| in. of the tube, 
| | | | being less than 2°C. A 

% 
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thermocouples and a silica tube containing a piece of 
wire which received the same heat treatments as the 
specimen. 

The specimen wire was 15 cm long and 0.9 mm 
(0.036 in.) diameter and was attached at either end to 
80,20 nickel-chromium alloy grips to a silver steel 
rod which was rigid in comparison to the specimen. The 
upper rod was held rigidly in a steel plug fitting tightly 
into the top of the furnace. The lower rod was attached 
to an aluminium disc carrying two gramophone needles. 
The distance of one needle from a fine point secured to 
the frame was means of a travelling 
telescope to +0.001 cm, thus enabling the extension to 
be measured to +0.01%. A mirror 
attached to the steel rod focussed an image of a thin line 


measured by 


small concave 


on to a scale 3 meters away. Attached to the end of 
the rod was an inertia bar 8 cm long carrying two small 
adjustable steel weights at the end. Oscillations of the 
started by energising two electro- 


inertia bar were 


magnets placed near the inertia weights. 


The specimen was loaded by means of slotted lead 


weights. These weighed 10 g each and were machined 
from a cylinder of antimonial lead, § in. diameter. 


Alternate weights were pinned to ensure accurate 
location. The maximum stress which could be applied 
was 530 g/sq mm. (756 lb/sq in.). The frequency of 


oscillation could be varied by adjusting the position of 
the inertia weights along the bar; but, as it was virtually 
this during a test without the risk of 
this 


impossible to do 
accidentally straining the specimen, was not 


attempted. The added load also affected the moment of 


inertia of the assembly but as the load corresponding to 


DECREMENT 


LOGARITHMIC 


ADDITIONAL 


200. +4250 300 GRMS/mM’ 
STRESS 
of stress-decrement curves for super-purity 
aluminium at 350°C 


Symbol \ 


RGICA, 


VOL. 


TOTAL STRAIN 7, 
° 
x 


a stress of 350 g/ mm? was only the equivalent of moving 
the inertia weights 1 mm along the bar, no compensation 
Was necessary. 

The most satisfactory grips consisted of two small, 
flat 80/20 nickel-chromium alloy plates with U-shaped 
grooves. Pin chucks were less satisfactory. 

The two materials used were super-purity aluminium 
(> 99,907 commercial 
purity aluminium with 0. 
(>99.6°7, aluminium). Both were cold drawn to 0.09 
diameter with a final reduction in area 


and a syntheti 


2% iron and 0.15% 


aluminium 
silicon 


mm (0.036 in. 
of 98% 
ii) Experimental Procedure 


mounted with a 


This was placed in the 


A piece of cold-drawn wire was 
15 cm length between the grips. 
furnace and annealed for one hour at 450°C, which was 
the lowest temperature at which the preferred orienta- 
tion of the wire was removed on recrystallisation. The 
resulting grain size was about 0.01—0.03 cm for super- 
pure aluminium and 0.001 cm for commercially pure 
aluminium. X-ray Laue 
sharp, undistorted spots. It was not possible to carry 
out the 450°C inertia 
bar attached, without some measurable creep occurring 
and distortions of the X-ray diffraction spots. The 
inertia bar was therefore attached at room temperature 
then 


photographs consisted of 


heat treatment at with the 


subsequent to annealing and the temperature 


raised to that of the test at which the specimen was 
held until the damping capacity remained constant, a 
matter of about 15 minutes. As a matter of convenience, 
normally held at temperature 


the specimen was 
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over-night. In all cases, even at the highest temperature 
used (350°C), no measurable creep was observed under 
the weight of the inertia bar and the fixing rod. In 
making internal friction measurements, the frequency of 
oscillation was of the order of 1 cps and so the log 
arithmic decrement could be obtained by the visual 
observation of the amplitude of every mth vibration, 
where was chosen according to the decrement. The 
amplitudes were plotted on semi-logarithmic paper 
against the ordinal number of vibrations. A straight 
line plot was obtained, thus showing that, within the 


accuracy of measurement, the logarithmic decrement 


was independent of amplitude. The maximum scale 
deflection of 1 cm corresponded to a maximum surface 
strain of 10~* and the decrement was constant over the 
strain range 2X10~* to 10~°. Below a strain amplitude 
of 2X10~® the decrement could not be measured with 
sufficient accuracy. 

Measurements of damping and longitudinal extension 
were made after each increment of load and after various 
intervals of time after the maximum load had been 
applied. Experiments were terminated at various 
stages of the creep curve and X-ray Laue photographs 
of the wire taken. 


III. CHANGES IN INTERNAL FRICTION DURING 
LOADING AND DURING CREEP AT decre men 
CONSTANT LOAD within this period of time 1 


The general effect of loading was to increase 
logarithmic decrement. The measurement of bln 
increment was, however, complicated by the fact that ET 

the additional decrement was rapidly recovered at all aileeaiien cal 
ents o 
temperatures both in super-purity and in commercia REIS 
aecreasing 
purity aluminium, especially at higher stresses. A 
significant fall in decrement occurred between successive 


increments of load whether or not creep was occurring 


Consequently the load was increased at regular intervals , 
Experiments at 350°C 
with several measurements of decrement between 


increments and with strain measurements immediately I ading at 350°C 


increments of 
‘nts of strain 
nge of decrement 
correspond 
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tresses oniy 
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Fic. 5. Part of Laue photograph from specime: irity 
aluminium unloaded after 11 minutes at 258 g/mm? at 3: 5&< a short period of time usual 


CREEP 163 
» 
bis 
~ 
2} 
Fic. 6. Variat 
350 
M ( 
} 313 0.094 13 
258 ( ] ( 
204 QO ORS 7157 (77125 
10 150 0 OS6 (). 148 
* 14 258 0.101 0.437 0 100 
betore and after successive ncrements ol ad [he 
actual measurement of logarithn decrement at 250°( 
ymplished in oniv 10 se 
cn ould in general be detected 
ite 
2 € pilot of amplitude inst 
vibration number be linear. isionall' nowevel 
ad b 
resses Sui DLOLS ¢ an abi ) inge 
ese events were re L1LIVELV rare and ere not 
ecrement dur eriod \ 
ad ( S asa VS appre 
tne nrst ur. the meal ve mea ire 
Tie > Was laKkel 
decrement were approxi! ely proportio 0ad 
Ip to g/mn ind ynstal 
sient \ bove S Stress up to n mun I 
equa Su reve! 
tne fa easure ents al 
and Fi strains 
Specimens unldilill and removed from the furnace 
Immediately aiter loading ere examined D X-rays 
{ +} lot { } | iit 
Che effect of e detorma ) ) e Laue diira ons 
naturally to gra Dut the genera 
effect of the oher stresses was to 
enlarge | Spots \ aisoO snowed 
use substruct ire snort asterisms | 
diftuseness oO 
O ir DV malntall g ine 
toa onstant vaiue over 
aDOUutL one ) VO ours 


ACTA METALLI 


14 


Decrement-time and strain-time curves for experiments 
at 350°C are shown in Figs. 6 and 7. Curve 4 at 313 
g/mm?* was the only one in which the decrement fell 
than the annealed 
specimen before loading. It is doubtful 
would have been attained for this 


to an appreciably lower value 
whether a 
constant decrement 
specimen since the rate of strain was very high and led 
to early failure. The decrease in this case was not 
and again. 
wire was visible 


continuous and the decrement fell rose 
} 


After fracture, strain etching of the 
and slip bands could be seen with the naked eye. X-ray 


Fic. 8. Part of Laue photograph from specimen of high-purity 


mm? at 350°C.5&X. 


t 
aluminium after failure in 6-22 hours at 313 g 
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of high-purity 


mm? at 350°.5&X. 


Fic. 9. Part of Laue photograph from specime! 
aluminium after failure in 6-22 hours at 258 ¢g 


examination showed that the deformation had caused 
large asterisms, each of which was completely frag- 
mented into fine sharp spots with little trace of diffuse 
background (Fig. 8). This indicated that complete 
polygonisation* had occurred. 

The decrement-time curves of the two specimens 
stressed at 258 g/mm? (Specimens 6 and 14, Figs. 6 
and 7) showed less scatter than the specimen at 313 


g/mm?’ (Specimen 4) and the decrement reached a 


constant value within one to two hours. At this time, 


Fic . Part of Laue photograph from specimen of high-purity 
aluminium unloaded after 1.8 hours at 258 g/mm? at 350°C.5&X. 
* The term ‘“‘polygonisation” is used throughout in its general 
ized sense, meaning the formation within the original crystals of 
smaller undistorted crystals of closely similar orientation. 
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specimen 14 was unloaded when the decrement fell 
instantaneously to a value a little below that before 
loading. In Laue photographs of these two specimens, 
the asterisms showed some polygonisation (Figs. 9 
and 10). The individual spots in the asterisms were 
finer than in the specimen tested at 313 g/mm? (Fig. 8 
and there was more continuous background, especially 
in the specimen unloaded after two hours. 

The rise in decrement of specimen 10 at 150 g/mm? 
was also small, and fell in a rather longer period than 
the two hours required at higher stresses to the original 
value before loading. On unloading, after a slight rise, 
the initial 


it fell to a value of 0.077, which is below 


value of 0.086 by about the same amount as the decrease 
in decrement which occurred between two hours and 
the time at which the specimen was unloaded. This 
suggests that the apparent complete recovery of the 
additional decrement was the result of some change 
which occurred between two and 24 hours. The decre- 


ment before loading is due mainly to grain-boundary 


Relationship between creep stress and 


Fic. 11. 


decrement in super-purity aluminium during creep at 


effects and the decrease of the decrement to less than 
the original value after unloading suggests some change 
in grain boundary conditions. X-ray examination of this 
specimen revealed no asterisms and only a diffuse 
spreading of individual Laue diffractions. 

At all but the highest and lowest stresses the increase 
in decrement as a result of the deformation did not 
completely recover during creep after loading. As is 
shown by Fig. 11, there is a roughly linear relationship 
between the stress and the residual constant decrement. 

Several experiments were also carried out at 350°C 
on aluminium of commercial purity in which poly- 
genisation would not be expected to occur. The results 
were much the same as in the super-purity material 
with the difference that appreciably higher stresses 
were required to produce corresponding effects in the 
commercial purity material. Figure 12 shows the 
variation of strain with stress and time during loading 
and with time after loading for two tests at 476 g/mm? 
and 421 g/mm*. The former test was almost identical 
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aluminium at 476 g/mm?(X ) ar 
with the test on super-purity material at a 
204 g/mm?*. At a 


stresses the decrement at 


stress ol 


stress of 421 g/mm? and at lower 


first and 


increased slightly 
} 


recovery occurred gradually over the next 120 hours. 
There is evidence, however, that this apparent recovery 
changes in background damping. 


X-ray 


was the result of 
No signs of polygonisation were detected by 


examination. 
Experiments at 250°C 


At 250°C the changes in internal friction and in the 
appearance of Laue photographs during loading and 


during creep at constant load were similar to those 
observed at 350°C. Figure 13 shows a typical variation 
of creep and decrement in a test at 403 
250°C. A constant 


about six to eight hours. 7 


g/mm- at 
value of decrement was reached in 
his constant value of decre- 
ment was not reproducible from specimen to specimen 
and was sometimes lower than the initial value before 


inloaded at the 


rey ealed 


loading. X-ray examination of wir 
1j 


maximum damping after loading some 


asterisms with intensity maxima whilst those unloaded 


in the region of constant decrement showed some sharp 
sub-structure in the 


spots in asterisms and a sharper 


intensity maxima. 


rement cur alumi! 


t 403 ¢g/mm 
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Experiments at Room Temperature 


The experiments at 250°C and 350°C suggested that 
the fall in internal friction after loading and during 
creep might be associated with the development of 
polygonisation as revealed by X-rays. Further measure- 
room temperature in 


ments therefore made at 


the expectation that the internal friction developed by 


were 


strain would not recover or would recover much more 
fulfilled 


slowly. This expectation was not even at 
stresses below that required to prt duce ¢ reep. 

The results of measurements made during loading 
on specimens loaded at room temperature are illustrated 
by Fig. 14. The decrement increased on loading from an 
original value of 1.55 10~* and rapid recovery occurred 
between each increment of load. Two sets of loadings 
are shown in Fig. 14. The maximum damping corre- 
sponded to a decrement of 10.5X 10~*. This was attained 
at fairly low loads, and recovery then became so rapid 


that this peak value could not be reached by subsequent 


increases of stress. The recovery of decrement was 


complete. example shown in Fig. 14, 


recovery was complete 1.7 hours after 


to 204 g 


loading to 476 g/mm?*, t 


in the second case after 


loading 
he initial value of decrement was 


recovered in 22.2 hours. The plastic strain was 0.19% 


at the lower and 0.33% at the | r stress, at neither 


was creep detected. The additional decrement 
oading rapidly recovered and a further slight rise 
Was 


this 


on unloading was also recovered. The 


recovery 
complete as far as could be ascertained with 


Le hnique of measurement where apparatus losses were 
probably of the order of 10~*. It may well be that there 
is a residual decrement of about 10~° as found by other 
authors. 


A cold-drawn wire of the tested for 


comparison, had a decrement of 12.110 
li this remained constant 


same purity, 
Over the 
range of applied stress, 
+0.7X 10 


The X-ray pattern of the annealed wire after unload- 


Same 


to within 


ing showed a slight diffuseness of the Laue diffractions 


but no asterisms. 
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Fic. 15. Variation of decrement with temperature for high- and 
commercial-purity aluminium and after primary creep. 
X High-purity aluminium before deformation; High-purity 
Commercial-purity aluminium 
aluminium 


before 


aluminium after deformation; 
deformation ; Commercial-purity 
| High-purity aluminium 
Commercial-purity 
476 g/mm?. | 


after 
1.82 


betore 
extended 1.36% in 


aluminium 


leformation 
258 g/mm? extended 


44% in 2.87 hours at 


IV. THE RECOVERY OF INTERNAL FRICTION AFTER 
DEFORMATION WITHOUT LOAD 


n certain experiments, the specimens were unloadec 
In certain riments, tl imens were unloaded 


immediately after measurements of decrement and 


strain had been made during loading, and the process 


of recovery followed without the influence of stress 


+ 


(or more correctly under the 


influence of a low stress 
Fig. 16 


which the decrement decreased was at 


of 96 g/mm? due to the inertia assembly 

The rate at 
first greater than under the higher stresses. After one 
hour, the rate at which the decrement decreased became 
very small and over the next 20 hours there was a slow 
fall to below the initial value of decrement, by the 
same amount in each case. It is believed that only 
partial recovery of the internal friction introduced by 
deformation occurred and that the slow decrease over 
the next 16 to 20 hours was a decrease in grain-boundary 
internal friction. The evidence for this is given in the 
next section but further investigation is required to 
confirm it. 
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V. EFFECT OF DEFORMATION ON THE GRAIN 
BOUNDARY DAMPING PEAK 


At 250°C and 350°C, the initial decrement before 
loading was almost entirely due to grain-boundary 
effects’ and these were far greater than the changes 
introduced by the deformation. Hence, it was desirable 
to see if any changes in grain-boundary damping 
occurred which might be misinterpreted as changes due 
to deformation within the grains. In particular it was 
necessary to see if recovery of the additional internal 
friction was complete or whether a small decrement 
remained which was masked by variations in boundary 
damping. 

The grain-boundary damping peak was obtained for 
aluminium of both purities on heating to the tempera- 
ture of deformation, 350°C. The specimens were loaded 
and allowed to creep until a constant decrement was 
obtained (two hours). After unloading, the decrement 
was allowed to decrease to a constant value to avoid 
complications due to further changes with time and 
the decrement-temperature curve obtained on cooling 
(Fig. 15). The corresponding creep and decrement- 
time curves are 14 in Figs. 6 and 7 and that at 476 
g/mm? in Fig. 12. At 350°C the decrement 
unloading was somewhat less than before loading and 


after 


on cooling both curves lay below those for the annealed 
materials. Both peaks were lowered but there was no 
significant shift in the temperatures of the peaks which 
agree well with values obtained by Ké."'-” 

At lower temperatures, where the contribution of 
grain-boundary effects was low, the curve after deforma- 
tion crossed the other and there was a residual increase 
in the decrement at room temperature. This amounted 
to 0.001 to 0.002, the 


measurement at 350°C and would not be detected in 


which is about accuracy of 
the presence of the high grain-boundary decrement. 
Two significant facts emerge from this. First, there 
was a decrease in grain-boundary damping within the 
first two hours of creep both for pure and impure 
aluminium and, secondly, that complete recovery did 
not occur at 350°C, but there remained a small addi- 
tional decrement of 
measurement at 350°C. 


the order of the accuracy of 


VI. DISCUSSION 


(i) Comparison with Work of Other Authors 


The only published work with which these experi- 
mental results may be strictly compared is that of 
Maringer."” Despite the disparity in material, 
results for molybdenum at room temperature repro- 


) 


his 


duced in Fig. 1 show the same features as those for 
The constant 
internal friction at stresses below the yield of molyb- 
denum naturally annealed 
aluminium but this did 
The rapid rise at or immediately before yielding is 
comparable with the rise for annealed aluminium as 


aluminium at the same temperature. 


observed in 
cold-drawn 


was not 


occur in wire. 


INTERNAL F 


RICTION DURING CREEP 


each increment of load was added. Immediately 


Dprox] 


the yield, the stress in molybdenum remained ; 


mately constant and during this period the internal 


friction fell rapidly, as occurred at nt load in 
aluminium. The 
aluminium did not 


consti 


apparatus used in the work on 
allow the maintenance of a constant 
strain rate so that no results for aluminium comparable 
the linear stress-internal friction relati 


Che 


imposed on the linear portion of Maringer’s « 


with 


molybdenum are available. small peaks 


on 


similar to those observed at h 
aluminium at 350°C. T 
unloading the molybdenum 
observations reported here. It we 
know if the internal friction after unloading decreased 
further with sufficient time. 

Most other work on the effect of deformation on 
internal friction has been carried out at high frequencies 
and shows a strain amplitude dependence over the 

has obse rved amplit ide 


10 7 to 10 


sensitive curves in partly recrystallised aluminium—0.5% 


range 


copper alloys at 1 CDs. This corresponded to a maximum 


in the decrement at a particular amplitude, which he 


interprets as a relaxation process resulting from the 


movement of dislocations dragging impurity 


atoms by 


which they are anchored. The observance of a maximum 


in decrement on loading is consistent with tl 


e observa 


tions of Boulanger and other authors. Recovery 


appears to occur more readily in aluminium than in the 


80/20 nickel-chromium alloy 


stresses, at which the 


fric tion is lower. the high 
apparent peak. The observations in 


from those is copper, nickel-chromium, et 


maximum occurs at a lower stress 


and 
observation recovery 
complete may 

than 10 

maxima 


less 
The 
observed in al 
aluminium maintained 
12 10 


wire 


inder the same condit 
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short time after the removal of the load and (2) to 


lower the grain-boundary friction slightly, resulting 
in a lowering but not a displacement of the peak. The 
loss of some grain-boundary friction was also observed 
at low stresses. This suggests a slow decrease in bound- 
ary damping and explains why the final decrement at 
250°C was often lower than the initial value. At this 
temperature, owing to the rapid fall of decrement with 
temperature, the difference between the two curves is 
much greater than at 350°C, as can be seen from Fig. 15. 

Three reasons have been advanced for the lowering of 


a grain-boundary peak. The first possible cause is 
grain growth to a size approaching the size of the 


specimen.!'” As this would also involve a shift of the 
peak and the whole curve to a higher temperature 
this can be ruled out. Microscopical evidence also 
confirmed that the grain size did not increase materially 
during the course of the tests in the present case. 
The second is an increase in the amount of impurities, 
which is unlikely. Thirdly, it may be a consequence of 
the removeal of submicroscopic irregularities at grain 
boundaries. There is evidence? that grain-boundary 
movement is inhibited by small irregularities which then 
deform slowly to allow creep at a diminished rate and 
that grain-boundary internal friction measurements at 
high temperatures (400-450°C in aluminium) include a 
contribution resulting from the deformation of those 
irregularities. Marsh'® has recently derived an expres- 
sion for the height of the grain-boundary internal 
friction peak which includes a factor that is a measure 
of ‘‘grain-boundary roughness.” He finds that a decrease 
in roughness may be expected to decrease the height of 
the damping peak and this appears to be the most 
likely explanation of the lowering of grain-boundary 
peaks observed in the present work. The initial decre- 
ment of the annealed material at 250°C and 350°C 
consists of two components, the larger due to grain- 
boundary flow with a small component due to plastic 
deformation of grain-boundary irregularities. If this be 
accepted, the slight overall decrease in internal friction 
which occurred during the first 25 hours of creep is due 
A slight 


decrease observed overnight before loading probably 


to a decrease in grain-boundary roughness. 


occurs by the same mechanism as a result of the weight 
of the inertia bar. However, more detailed work is 
required on this point. It is clear, however, that grain- 
boundary effects cannot be expected to account for 
more than a slight decrease in internal friction during 
the first 20-24 hours of creep. 

Although the effect of deformation on internal friction 
has been known for many years, the mechanism by 
which it occurs is still a matter of conjecture and any 
attempt at explanation of the results of this work is 
somewhat speculative. 

A qualitative interpretation can be made if it be 
assumed the magnitude of the additional internal 
friction is a measure of the number of active disloca- 
tions. Maringer'® and Hasiguti and Hirai® used this 
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concept to explain their results. It the annealed metal, 
the dislocations present are lightly bound either by 
mutual interaction or by anchoring to impurity atoms 
as proposed by Cottrell in such a way that the small 
cyclic stresses involved in making decrement measure- 
ments are too small to free the dislocations. Some 
internal friction probably arise from the oscillation of 
dislocations about their mean position but this is 
probably of the order 10~° and not detectable by this 
technique. 

The increase in damping and rapid recovery at room 
temperature were associated with stresses which led 
to plastic strains of the order of 0.1—-0.3 per cent but 
which were not sufficiently high to cause continuing 
creep. Tentatively the increase in damping is ascribed 
to the movement of dislocations which become un- 
blocked under the influence of the applied stress. At 
the strains observed it may be assumed that some slip 
has occurred. It is not clear whether the observed 
increase in damping is due to frictional losses resulting 
from the movement of dislocations in the slip plane 
freed during the deformation or whether movement of 
these is blocked and the frictional loss is due to the 
freeing of additional dislocations which are almost 
but not quite freed from locking impurities by the 
applied stress. The former explanation is more likely 
since the latter would imply an amplitude-sensitive 
decrement and this was rarely observed. 

The rapid recovery of the additional decrement 
implies a rapid decrease in the number of mobile 
dislocations and the re-establishment of a stable array 
which could not be disturbed by the cyclic stress. The 
dislocation density could be reduced by passage of 
dislocations out of the material, by mutual annihilation 
of dislocations of equal and opposite Burgers vectors, 
by trapping by impurity atoms or by stabilization by 
mutual interaction. 

At 250°C and 350°C the internal friction would rise 
on loading for the same reason as at room temperature. 
The will, 
however, be greater and consequently so would the 
mm? and below 
258 g/mm? and 
In the 


number of dislocations freed or activated 


rise in decrement. At a stress of 204 g 
the rise was relatively small whilst at 
above the rise was disproportionately greater. 
same way the initial rate of recovery was much greater 
at higher stresses. This suggests that both on loading 
and in the initial stages of creep, an additional mecha- 
nism operates at the higher stresses. The X-ray observa- 
the lower 
stresses no asterisms were observed, but only a general 


observations provide a clue to this. At 


diffuseness of each reflection with little or no change 
hours. At the higher 
one or more diffuse 
immediately after 


occurring within the first 24 
small asterisms with 

intensity maxima were visible 

loading. After two hours and more definitely after 24 


stresses 


hours, some evidence of polygonisation was observed. 
It is possible that this may have been detected at an 
earlier stage with a more sensitive X-ray technique. 
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A tentative explanation of these results may be that 
at the lower stresses deformation occurred as a result 
of the freeing of bound dislocations already present 
whereas at the higher stresses where greater deforma- 
tions Frank-Read 
activated. At the lower stresses, recovery occurred by 


were observed sources were also 
the same means as those postulated at room tempera- 
ture with the addition that trapping of dislocations by 
impurity atoms is aided by the higher diffusion rates 
temperatures. The 


sufficient to activate Frank-Read sources leading to a 


at elevated higher stresses are 
much larger increase in decrement and presumably 
conditions are then favourable for polygonisation or 
cell-formation to this additional process 
allowed more rapid immobilisation of dislocations. 

At 350°C the component of internal friction due to 


occur and 


deformation did not entirely recover but decreased to 
a constant value proportional to the creep stress (Fig. 
11). This component of 
remained constant, the further 
being attributed to a decrease in grain 


decrement subsequently 


slight decrease in 
decrement 
boundary roughness. This constant decrement signifies 
an approximately constant activation of dislocations 
during the early stages of secondary creep as might 
be expected. On unloading the rapid and almost 
complete recovery of this decrement is consistent with 
the formation of a stable array of dislocations. 
Commercial-purity aluminium at 350°C behaved in 
a similar manner to the purer material but a much 
higher stress was required for similar effects. Poly- 
gonisation was not observed. At a sufficiently low stress, 
recovery of deformation decrement did not occur under 
stress (though some grain-boundary decrease probably 
occurred). This suggests that at a sufficiently low 
stress and in the presence of sufficient impurity atoms, 
it is possible for the applied stress to release only such 
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dislocations as are required to maintain secondary 
creep. In fact in these cases no primary creep or 
stain-hardening could be detected. 
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Note Added in Proof 


Since this paper was prepared, similar work by 


Koster and Stotte (Z. Met. 45 (1954) 356) has been 


published. They investigated the effect of plastic defor- 


mation on the internal friction of polycrystalline a-brass 

at frequencies of 300-1000 cps by an electromagnetic 

technique which enabled the first measurements to be 

made about 10 seconds after loading. Their results were 
similar to those reported above. 
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ACTIVATION ENERGIES FOR CREEP OF CADMIUM, INDIUM, AND TIN* 
R. E. FRENKEL,?+ O. D. SHERBY,{ and J. E. DORN{ 


tal plastic strain for high temperature creep of cadmium, indium and tin under 
a function of ¢-e 744 “7, where ‘=time under stress, AH=activation energy for creep, 
tant and 7=absolute temperature. The activation energies for these metals were found to be 
21,000, 16,500 and 21,000 calories per mole, respectively . 


ENERGIE D’ACTIVATION POUR LE FLUAGE DU CADMIUM, DE L’INDIUM ET 
DE L’ETAIN 


montré que la déformation plastique totale lors du fluage 4 haute température du cadmium, indium 
sous charge constante est une fonction de t-e~4”*T ot t est la durée du maintien sous charge, 
‘activation pour le fluage, R=la constante des gaz parfaits et T la température absolue. 
‘activation pour ces métaux sont respectivement égales a 21.000, 16.500 et 21.000 cal/mol. 


DIE AKTIVIERUNGSENERGIEN FUR DAS KRIECHEN VON KADMIUM 
INDIUM UND ZINN 


Gesamtverformung beim Kriechen von Kadmium, Indium und Zinn bei hohen Tempera 
nter Belastung ist eine Funktion von t-e~4”/*7, Es bedeutet dabei: ‘= Zeit unter Span 
r das Kriechen, R= Gaskonstante und T=absolute Temperatur. Die 

wurden zu 21,000, 16,500 bzw. 21,000 cal/mol. bestimmt 


INTRODUCTION For the pure metals of Fe, Au, Cu, Al, Pb, and Zn 
The results of several investigations!? have revealed whose activation energies for self-diffusion and creep 
that the total strain during high-temperature creep of 7° fairly accurately known, the activation energy for 
high temperature creep agreed quite well with that for 


relatively pure metals can be correlated by the func- 
self-diffusion.” Analyses of Roberts’ data*® revealed that 


+7 al relati yehir 
the activation energy for creep of Mg was about 31,000 
o=constant. (1)  cal/mole; recently Shewmon and Rhines* have shown 
that the activation energy for self-diffusion in Mg is 
sis ae about 32,000 cal/mole. Such coincidence between the 
A activation energies suggests that the rate-controlling 
a es process for high temperature creep is that of self- 
‘= duration of test, 
: ee diffusion and thus lends partial support to Mott’s 
e= base of natural logarithms, 
R dislocation-climb model for high temperature creep.° 
: tie : But inasmuch as the comparison of the energies for 
=absolute temperature, 
AH=activation energy, 


(Or load 


high-temperature creep and self-diffusion is currently 
limited to only seven of the metallic elements, additional 
confirmation of the universality of their identity for 


TABLE I. Purity and preparation of material for creep testing. 


Heat treatment 


STRAIN 


99.96 Cast ingot cold 2.5 hours at 553°K 
rolled to 0.10 inch 
sheet, then ma- 
chined into speci 
men blanks 


REEF 


€, TRUE 


99.86 Cast ingot cold 1.5 hours at 333°K 
rolled to 0.10 inch 
sheet, then ma 
chined into speci 
men blanks 


1G. 1. Correlation of creep strain-time data for cadmium 
Ss ae n (5 99.94 Cast ingot cold 2.0 hours at 478°K 
rolled to 0.10 inch 
sheet, then ma 
chined into speci 
men blanks 


* Received January 17, 1955. 
t Department of Physical Metallurgy, University of California, 
y, California 


titute of Engineering Research, University of California, 


Berkeley, California 
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Il est 1 
et étal 
AH Véne 
Les énet 
Dic plastische 
nung, AK=Akti 
\ktivierungsener 
, 
pif Material Purity, Grain size, 
01 At. No.) per cent Preparatiot grains/cm 
D +—+-++ + + + 4 4 
1 
4 373° 
Le++4 4 + In 49 10 15 
2-4 68 2 468 2 468) 2 468 
20 
Re 


*RENKEL, SHERBY, DORN: 


° 
2 


€, TRUE CREEP STRAIN 


Fic. 2. Correlation of creep strain-time data for indiun 
at various stresses 


other elements is desirable. Consequently the activation 
energies for creep of Cd (48), In (49), and Sn (50) were 
determined for the purpose of comparing them with the 
known activation energies for self-diffusion in these 
metals. 


EXPERIMENTAL TECHNIQUES AND RESULTS 


The creep tests were conducted under constant load 
conditions. Strain was measured by means of a rack 
and pinion extensometer sensitive to 10~* for a two-inch 
gage length specimen. Temperature was maintained 
constant within +3°C 

The purity of the materials and their preparation for 
test are given in Table I. In view of the previous 
extensive investigations, only a few creep tests were 
considered to be required to reaffirm the nominal 
validity of Eq. (1) for the present investigation. As 
shown by the correlations presented in Figs. 1 to 3, 
Eq. (1) appears to be valid for the metals and conditions 
of test employed here. In order to illustrate more 
effectively the uniformity of the activation energy for 
creep that was obtained in these investigations, the 
logarithm of the time to reach strains of 0.04 and 
strains of 0.10 were plotted as a function of the recip- 
rocal of the absolute temperature as shown in Fig. 4 
Since the slopes of these lines times 2.303 give AH/R, 
the corresponding activation energies were readily 
calculated as shown on each line. Although the data for 
In exhibit excellent internal consistency, some scatter 


TABLE IT. Activation energies for self-diffusion and « reep 
of cadmium, indium and tin 


Self -diffusic 
D 

Frequency 

factor 


cms /sec 


Ele 
ment 
18,200 21,000 


19,100 


5X10 
1.0X107 


17,900 16,500 


10,500 21,000 


5,900 


ACTIVATION E 


NI 


RGIES 


ulated 


was obtained in the tl 


scatter 


Sn and Cd. In view of the well-k: 
encountered in t 
the 


from the same original material, 


activation energies obtained nere were n 


variations in 


ne creep behavior of various sper ime! 


to be excessive. Over the range of conditions studie 


the following activation energies were obtained: 


Me tal 


Cd 1 


16.5004 


2.000 
500 
Sn 21.000+ 2.000 


] 


These activation energies were found 


over the ral 


ligated. 


to stress, strain, and temperature 


these variables that were invest 


DISCUSSION 


The activation energies for creep of Cd, h 


are 


as obtained in this investigation, 


previously reported activation energies for self- 
in Table IT. 

These correlations appear t 
tion of the newly reportec dat 


tion of the nominal validity o 


compared 


f_diff 


( 


to be Insensl 


lve 


Ol 
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indium and tin 
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Fic. 5. Correlation of shear displacement-time data for tin by 


the relation e=/(@) under a stress of 21.3 psi. (Data of Puttick 


and King.® 


energy for creep of Sn is obtained from the data of 


Puttick and King’ on grain-boundary shearing in Sn. 
Investigations on Al have shown that the activation 
energy for grain boundary shearing is practically the 
same as that for creep.’’ As shown in Fig. 5, analyses of 
Puttick and King’s data give an activation energy of 
19,000 cal/mole for grain boundary shearing of Sn. 
The discrepancy between AH creep and AH self- 
diffusion for tin is rather perturbing, particularly since 
Fensham’s techniques in evaluating the tin self-diffusion 
data appear excellent. However, certain questions may 
be raised with regard to the diffusion data. Firstly, the 
frequency factor Dy appears anomalous. Most values of 
D, for self-diffusion in metals"! 
10, whereas the experimental values of Do for tin are 
very much lower (Table II). Dienes’ has shown that 
such low values of Dy yield very large negative entropies 


range between 107! to 


of activation when Zener’s theoretical expression'® for 
Dy is used. And, Zener has suggested that 
entropy attributable to inaccuracies in 


negative 
values are 
experiments or presence of inhomogeneities which 
provide short cir« ulting diffusion paths. Secondly, it 
has been shown that the activation energies for self- 
diffusion in 
data when plotted versus the respective absolute melt- 


tin do not correlate well with other diffusion 
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ing temperatures, whereas the activation energy for creep 
of tin correlates reasonably well." It is therefore believed 
that the self-diffusion data for tin might be in error. 
However, further experimentation will be necessary to 
clarify this issue. 

CONCLUSIONS 


1. The total plastic strain for high temperature creep 
of Cd, In and Sn under constant load appears to be a 
function of ¢ e~7*4/®", where ¢ is the duration of test, 
R the gas constant, 7 the absolute temperature and 
AH is the activation energy. 

2. The activation energies for high temperature creep 
of Cd, In and Sn were found to be 21,000, 16,500 and 
21,000 cal/mole respectively. 

3. Whereas the activation energies for creep of Cd 
and In agreed well with those for self-diffusion, that for 
creep of Sn was found to be greater than the reported 
values for self-diffusion. It was thought that the latter 
discrepancy might be attributable to difficulties in 
determining the activation energies for self-diffusion 
in Sn. 
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STACKING FAULTS IN COLD WORKED ALPHA-BRASS*} 


B. E. WARREN and E. P. WAREKOIS{ 


Stacking faults on the (111) planes of a face-centered 
peaks, and also peak shifts from which the stacking fault prob 
ments were made of the (111), (200), (222) and (400 
composition 90-10, 80-20, 70-30, and 65-35. The 
content, reaching a=0.039 for the composition 65-35. Root 
sizes were obtained from the peak broadening. An appreciable part of th 
directly from stacking faults. The root-mean-square strains are of the order of 1 
Young’s modulus, and the product of strain and domain size is approxi 
1A. It is suggested that the intersection of stacking faults o1 
the work-hardening in a-brass. 


DEFAUTS D’EMPILAGE DANS LE LAITON a ECROUI 


Les défauts d’empilage sur les plans (111) d’ur 
ainsi qu’un déplacement des raies X d’ot l’on peut déduire la probabilité léfaut mesures ont 
été effectuées pour les raies (111) (200) (222) (400) de la limaille de laiton a d mpositior 10, 80/20 
70 


OD 


30, 65/35. La probabilité d’un défaut d’empilage croit avec la teneur en zinc atteignant a=0,039 pou 
35. La racine carrée de la moyenne du carré des déplacement 
] 


ont été déterminées a partir de l’élargissement. Une partic 


des domaines cohérents résulte des défauts d’empilage. La racine carré 
ment est de l’ordre de la limite élastique divisée par le module de Young, t 
ment par les dimensions des domaines cohérents est une constante d« 
défauts d’empilage dans les différents plans (111) serait une partie i 
laitons a. 


STAPELFEHLER IN KALTVERFORMTEM ALPHA MESSING 


Durch Stapelfehler auf den (111)-Eber 
der R6ntgenlinien und eine Verlagerung ihrer Maxima verursacht, aus der die Stapelfehler 
keit direkt bestimmt werden kann. An kaltverformten « ng Feilspine Ms 90, 80, 70 
die (111)-, (200)-, (222)- und die (400)-Reflexe aufgenommen. Die Wahrscheinlichkeit 


auftreten, nimmt mit steigendem Zinkgehalt zu uni 
Wert von a=0.039. Die Wurzel aus den mittlerer 

bereiche wurde aus des Linienbreite berechnet. Ein 

direkt durch die Stapelfehler verursacht. Die Wurzel 
Gréssenordnung der Streckgrenzenspannung dividiert 
Verzerrung und der Korngrésse ist annihernd konst: 
vermutet, dass die Durchsetzung von Stapelfehlern 


Anteil der Verfestigung ausmacht. 


I. INTRODUCTION the sequence ABABAB produces the hexagonal 


. lose-n; > Structure he x. ( ing if the 
Cold work in a metal broadens the X-ray powder ‘'0™ packed structure. In the FCC packing if the mth 
pattern peaks. It is usually assumed that the broadening layer is A and the (m--1)th layer is B, slip on the (111 
plane might shift everything above the mth layer as 
indicated in Fig. 1 so that the (m+1)th layer becomes 


1. a reduction in the size of the coherently diffracting (© We say that a stacking fault has been intr 


results from two effects: 


domains, and 


between the mth and the (m-+1)th layer. 
2. distortions within the coherent domains. 


n the 


stacking fault has produced 4 layers in 


With modern methods the broadening from the two close packed sequence. 
effects can be separated, and mean domain sizes and Paterson” has shown that stacking faults on the (111 
mean square strains determined. In addition to these planes of an FCC material produce a line broadening 
two effects, Barrett' has suggested that ina face-centered and also a small peak shift. The peak shift is particularly 
cubic material such as a-brass, cold work may produce important because it allows a direct determination of the 
stacking faults on the (111) planes. stacking fault probability independent of particle size 
If we represent a close packing of spheres in terms of and distortion br yadening. The pertinent equations for 
close-packed hexagonal layers, there are three sets of the effect of stacking faults can be obtained and 
positions A, B, C for the atoms in each layer. The extended by a simpler method than that used by 
sequence ABCABC produces the FCC packing, while iain ht following certain procedures introduced by 
* Received January 1, 1955. Méring.* The treatment is given in the next section for 
t Research sponsored by the U. S. Atomic Energy Commission. gta -king faults occurring at random on one set of (111 
t Massachusetts Institute of Technology, Cambridge, Massa 
chusetts. 
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planes. 


Droade ng o X-ra 
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reases increas Y 

Cle gy res ts 

ne stress divide 
a constant tne raer 

a moyenne du Carre a¢ eplact 

andls que i rodult 1 deplace 

rdre de 1 A. L’intersection des 

ortante ce a « nso atlo aes 

\ elterung 

Wahrsche cl 
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aus den mittleren Quadrat der Verzerruns t in der 

durch den Young’schen Modul. Das Pr ikt aus der 

aul verscnlt enel 111 | enel elnel eul | 

exagona 


METALLI 


normal FCC sequence. Right, 
m-+-1)th layer. 


\ Left, 
stacking fault between mth and 


Fic. 1. 


Close pac ked layers 


II. EFFECT OF STACKING FAULTS IN FCC SAMPLE 


Let a;asa; be the cubic axes and /&/ the corresponding 
indices. In terms of one set of (111) planes, introduce 
hexagonal axes A, A>A; with A,A, in the plane and A; 
normal to the plane. Let HAL be the indices corre- 
sponding to the hexagonal axes. The transformation 


equations are 


A.=0—a: 


A,;=a,;+a.+a 


H=—h/2+k/2+0 
2+a K=0—k/2+1/2 (1) 
h+k+l 


For the first two cubic powder pattern lines (111) and 
(200), 
in Table I. 

To perform a summation over layers, we let r,, be 
the position of atom mm, in layer ms, I» =m,A, 
+ m,A.+m;A;/3+6(m;). The intensity is given by 


the corresponding hexagonal indices are given 


exp[2ri/A(s—so) - | 


unit vectors in the directions of the 
diffracted and primary beams. Let .\, Ve be the 
of repetitions in the A; and Ag, directions, and 


where s and are 
and 
number 


introduce the abbreviation 


S—S,)-.V,A, sin?—(s—s 


The intensity is then given by 


> exp[2ri/A(s—so)- ({m3’—m; JA 


Let m;’—m;=m and 6(m;')—6(m3)=6 m. 


the diffraction vector in terms of the 
variables /,h.h43, and the vectors B,B.B 
reciprocal to A, A-As, A=h,B,+/.B.+h;B3. 


Introduce the abbreviation 


Represent 


continuous 


-3,,. If V, is the number of layers having an mth 
neighbor, we can replace the double sum of Eq. (4) 
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with a single sum over m. 


N expl2rimh;/3]. (5) 
m x 
The displacement 6,, between two mth neighbors is 
the sum of the displacements between each intermediate 
pair of nearest neighbor layers, so that 


id» | exp[ id, | explidi_2 | explide_; 


If we assume that the probability of a stacking fault 
between any two nearest neighbors is independent of 
all neighboring layers, the average of the product 
becomes the product of the averages. 


exp[_ idm ])= (exp[i¢: |)”. (6) 


For the normal ABCABC sequence, the displacement 
from one layer to the next is 6;=— A,/3+ A2/3 and 
If a stacking fault intervenes, 
oi’ = 2r(hi/3—h2/3). From Eq. (3) it follows that the 
intensity differs significantly from zero only where /, 
and fy, are closely equal to the integers H and K. If a 
is the probability of finding a stacking fault between 
any two neighboring layers, Eq. (6) can be written 


exp[ idm ])=[(1—a) exp[ —22i(H— K)/3] 
+a exp[27i(H—K)/3]]™. (7) 


Ii H—K=3M, where M is an integer, the effect of 
stacking faults drops out, and we have an ordinary 
H—K=3M+1, Eq. (7) 


crystalline reflection. For 


becomes 


exp[ ])=[4+(4)i(1—2a)v3/2 |” explimr |, 


where the (+) choice in sign corresponds to 3M+1. 
Let [3+ (+)i(1—2a)v3/2 ]=Z exp[_ (+)iy_], where 


Z=([1—3a(1—a) 


(8) 
tany = v3 (1— 2a) 


If we consider both positive and negative values of m, 
it is readily shown that for either case 


exp[ id» |)=Z'™! expl (4)i my+i mr ]. 


Introducing this result in Eq. (5), and recognizing that 
\,Z'™' is independent of the sign of m, we obtain 


N»Z'™ cos2rm(h3/3+4+ (+) 
m x 


Equation (9) contains the two principal effects of 
stacking faults: line broadening and peak shifts. It is 
equivalent to the equation derived by Paterson from 
the method of difference equations. If we assume that 
all layers have the same dimensions .V,A; and .V.2Ap, 
and let 2; be the number of crystals with 7 layers, and 
\ the total number of layers 


x 


Nm= 


m 


x 
N= > in; 


x 
m+ | 
HCP 
m-— | 
Oo 
A A 
sin?—(s—s,)-A; sin?—(s—So)- As 
(9 
— 


WARREN ano WAREKOIS: COLD-WORKED a-BRASS 


The product .,,Z'"! can then be considered as a \BLE I. Correspor 
Fourier coefficient 


x 


where SP stands for stacking faults and particle size, 
and the coefficient A,,5” is unity for m=0. With these 
changes, Eq. (9) is conveniently considered as a cosine 
Fourier series On a plot of In| A,?A,? 
= gives the particle-size coefficient ’. and the 
Au 27), 10) gIVeS a from whicl we obtain 


mean-square strain normal to the planes and averaged 


where the variable is (43/3+5+(+)y/2mr) and hs over the distance L. If the Fourier 

is obtained from the relation /; B cos@2 sinfé/A out by the method of Eqs. (11) and 

where ¢ is the angle between B; and 7B,+ A B.+/;B;. which there are stacking faults and 
Suppose that the coefficients A,,°” are determined — broadening, the initial slope of the 

from the experimental peak shapes and are then plotted gives 

as a function of m. Using the method of Bertaut,‘ the 


initial slope of the A ,,°”-versus-m curve gives 


where L is the average size of coherent domains i 


dm . 7 direction normal to the reflecting planes, and ¢ is 


between B and H B +- A B TH B . otlacking 


where 7 is the average number of layers per crystal. a aces like part 
lhe variable which has been used in the preceding 
broadening and is included in ar neasurement of 
discussion is different from that in the Warren and | 
- particie size Dri 
Averbach*:* method for separating particle size and 
probability a we can compute the con 
method each reflection is called 00/ and the variable is, dial 
h;' = 2a;' sin@/ A. The axial length normal to the reflect- 
Irom the true particie size Droadening. 
ing planes is a3, but a fictitious value is usually used ddition 
to simplify the evaluation of the Fourier coefficients. prod ] 
[The harmonic numbers m’ corresponding to the 4, 
hictitlous spacing are then conveniently represented 
by a real distance in the crystal normal to the reflecting 
planes L=m’a;’. In the W+A analysis the corrected 
SLACKINY 


yeak shape is represented by the Fourier series cd Fe 
this becomes A/ t )3V3a 


(1) 11 ll H B LAB 
with H and A constant, A260 


bining these results, we express 


expressed in 


where the Fourier coefficient is the pre duct of two coeff- 
cients, one representing particle size broadening and 
the other distortion. If multiple orders are available, 
the two can be separated by the fact that 4,,” is A(Q2 cos’é270V3a 
independent of order and 4,,”(0)=1. Extrapolating to “4 
1=0 gives directly A,,”. With an approximation* for In terms of cubic indices, 

Ap a powder pattern are (111) and (200). Reterrn 


1 ) lable | ] that tor these renections 
* When coefficients A »,”A »,? (1) are available for several orders 111 cosd ; ol planes effect 
is obtained by extrapolating to /=0, since A is 4 niones afartiwe 
pendent of order and A P(l)=1 for /=0. If more than tw r : 


i 


are available, the extrapolation can be made against any col 

For (111) and (200) Eq 
venient function of /, and no approximation is involvec | 


linear extrapolations are desirable, it is customary to make 
the approximation 1 (l) = <cos >— exp »?> 111 A 
which is justified for ei *r small values of 27/Z,, or a Gaussian 200 A 
distribution for Z f more than two orders are available, the 
extrapolation is independent of the approximation, but 


The effect of stacking faults is t 
only two orders are available a linear extrapolation against | . : 
assumes the correctness of the approximate form for A ,,?(/ and (200) inward. For the second « 


HF 
111 003 200 102 
\ ” 111 011 1 020 112 
111 111 2 002 l 
analysis 1s irried 
12) tor a sample in 
true particle size 
| ersu / Irvé 
i] / ) 
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ingie 
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Fic. 2. The 2@ separation between (111) and (200) for a-brass 
filings. Values at the left are for cold-worked material and the 
other points correspond to successive 1-hour anneals at the tem- 


peratures indicated. 


the effect is the reverse. Instead of measuring the shift 
of either peak, it is more accurate to eliminate position- 
ing errors by measuring the decrease in separation of 
(111) and (200 
70-30 


the 
For 


peaks recorded on a single run. 
brass and CoKa radiation, this change 
becomes 

A (26200° —6.2a. (15) 
Equation (15) allows a direct determination of the 
stacking fault probability a, quite independent of line 
broadening due to particle size and distortion. There are 
two doubtful points in the use of Eq. (15). It was 
assumed that the stacking faults occur independently 
and on only one set of (111) planes. In drastically 
cold-worked metal the stacking faults probably occur 
on more than one set of (111) planes, but it is difficult to 
treat this general case without making specific assump- 
tions. Perhaps it is a good enough approximation to 
consider that the probability obtained from Eq. (15 
on the assumption that stacking faults occur on only 


(111 


probabilities for the different sets of active (111) planes. 


one set of planes is actually the sum of the 


Fic. 3. Fourier coefficients Az, versus L (A) corrected for instru- 
mental broadening for cold-worked 90-10 @ brass. The effect of 
annealing is shown for the reflection (111 
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Ill. EXPERIMENTAL RESULTS FOR ALPHA-BRASS 


Cold-worked a-brass shows very strongly all three 
X-ray effects: distortion particle size 
broadening, and stacking fault peak shifts. Measure- 
ments were made on four samples of approximate 
composition 90-10, 80-20, 70-30, and 65-35. The 
samples were cold-worked by making filings, and these 


broadening, 


were then pressed into flat-faced briquets. The diffrac- 
tion patterns were run on a Norelco spectrometer using 
filtered CoKa radiation. 

The stacking fault probability was determined from 
the change in the separation of the (111) and (200) 
reflections. To minimize positioning errors, the two 
peaks were recorded on a single run. For heavily cold- 
worked a-brass, the (111) and (200) peaks are sharp 
enough to determine the center of gravity to about 
+0.01° in 26. Although the change in the (222)—(400) 


separation is much greater, the (400) peak is so broad 


that values obtained from (222)—(400) are actually 
less accurate. 


Figure 2 shows the measured (111)—(200) peak 


separations for the four compositions. The values at 
the left represent the cold-worked material, and the 
other points correspond to successive 1-hour anneals 
indicated. Since the values at 


at the temperatures 


TABLE II. Stacking fault probability from peak shifts. 


90-10 80-20 70-30 65-35 


0.005 0.016 0.024 0.039 


the right normal well annealed materiai, 
there is a decrease in the (26. 263; 
a result of work. The (20, 26 
shows an increase exactly as predicted by the Paterson 
theory, and there can be little doubt that we are 
observing the stacking faults. The effect 


increases rapidly with increasing Zn content. Most of 


represent 
separation as 


cold ) separation 


effect of 


the effect 
stacking fault probabilities computed by Eq. (15) for 
the four cold-worked samples are tabulated below. For 


anneals out in the range 175-250°C. The 


the 65-35 sample, the value a=0.039 corresponds to 
an average of one stacking fault in every 26 (111) 
planes, or an average separation between stacking 
fault planes of 26d);;=55A. 

To correlate the stacking fault 
and mean-square 


probability with 
coherent domain sizes strains, a 
Fourier analysis was made for the four reflections 
(111), (222), (200), and (400). These were the only 
pairs of multiple orders which would allow the use of 
Eq. (12) to separate the broadening due to domain 
size and strains. Corresponding peaks from well- 
annealed samples were used to correct for instrumental 
broadening. The cold-worked and annealed peaks were 
represented by their Fourier and the 
correction for instrumental broadening made by the 


coefficients 


176 
- 
x 
8,4 
i 
Com] 
— 
Ne 
\ 
~ 
\ . 
\\\ 
ag \ & \ 
} \ \, 325°C. ¢ 
a4 
2 40 “« & 0 2 re 60 8 200 A 
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method of Stokes.’ The corrected coefficients are 
represented as A, versus L where L=ma; has the 
significance of a distance normal to the reflecting planes. 
For the compositions 90-10 and 65-35 the coefficients 
are shown by Figs. 3 and 4. 

The curves are in the order (111), (222), (200), 
(400) rather than in the order of /?+- 4+, and actually 
the (200) peak is broader than (222). In earlier studies 
of a brass*-* it has been assumed that all of the broaden- 
ing was due to strains, and that the smaller value of 
Young’s modulus in the [100] direction was responsible 
for the broader (200) and (400) reflections. It now 
appears that only part of this effect is due to the 
directional variation in Young’s modulus, and a large 
part is due to the line broadening produced by stacking 


faults. All four compositions were given successive 


one hour anneals at 150, 200, 225, 250, 275 and . 

The (111) curves for 250°C and 325°C on Figs. 3 and 

4 show the effect of annealing. 
Fourier analysis, the smaller the hook. From Eq. (13 
the intercept of the initial slope gives an effective mean 


particle size which includes the effect of true particie 


size and stacking faults, 


ANNEALED 
~~ 250°C 
| or cold-w 
give average effective 
iF 128A. These value 


small but no reasonably 


COLD- WORKED 


oe Tas hi ratio of dimensions. It is seen from Eq 
‘69 tag measured effective size include 
fictitious size due to stac king f 
Fic. 4. Fourier coefficients A, versus I 1) corrected for instru 
mental broadening for cold-worked 65-35 a@ brass. The effect of 


annealing is shown for the reflection (111). Lsr(100 63A, Lsr(111 


65-35 brass the effecti 


From the measured value 


To separate the broadening due to particle size from the peak breadths are due almost completely 


Alt 


that due to strains, /mAz(/)) was plotted against effect of stacking faults. Sin 
1,?=h?+k?+P for various values of L. By extrapolating contributions come from 
to /j=0, the intercept on the axis of ordinates gives a 
Fourier coefficient A,” which is due only to particle 
size and stacking fault broadening. Log plots were 
made for the two sets of multiple orders (111)—(222 
and (200)—(400). The (111)—(222) log plot for cold- 
worked 65-35 is shown by Fig. 5. 
From the intercepts on the log plots, we then made 
plots of the Fourier coefficients for particle size and 
stacking fault broadening A ,” versus L. Figure 6 shows 
such plots for the (111)—(222) and (200)-(400) sets 
for 65-35 brass. In principle these curves should start 
as straight lines and then gradually curve upward. 
In practice there is considerable uncertainty in the 
values for small Z due to the effect of tails on the 
diffraction peaks and the correction for distortion 
broadening. A small hook sometimes appears in the 
small ZL part of the curve, but in general the more 
accurate the original data, and the more careful the 
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aged strain components 


Fic. 7 


Root-mean-square aver 
as a function of the averaging distance Z for the [100] and [111] 
directions of cold-worked 65 35 brass filings 


the surprisingly small effective sizes determined from 
the broadening are given an independent check. 
5 } 


From log plots such as Fig. 5, the slopes give mean 


square averaged strain components (e¢ In terms of 


columns of length Z normal to the reflecting planes, 


the components of strain along the column are first 
averaged over each column and the squares are then 
averaged over the different columns comprising the 
sample. The root-mean-square values for the [111 
and [100] directions for cold-worked 65-35 brass are 
shown by Fig. 7. For the [100 

} 


strains are about twice those for the | 111 


direction the rms 


direction. 
The strain values decrease with increasing distance L 


over which the strain is averaged. If this is a real 


effect it is extremely interesting. It might be due to 
the strains being extremely inhomogeneous, or it 


might be that the strains are larger in the smaller 


particle sizes and as we average over larger values of 
L we 


part icles. 


drop out the contributions from the smaller 


rhe reciprocal stacking fault probability a~ obtained 


from the root-mean-square strain 


SOA, 


the effective particle dimensions from the peak broaden- 


peak shifts, the 


components for an averaging distance L and 


ing are given in Figs. 8 and 9 for 80-20 and 70-30 brass 
as a function of the annealing temperatures. It 


evident three effects anneal out in about 


same way in the temperature interval. 


IV. DISCUSSION 


For the four cold worked compositions the important 


were 


numerical results are brought together in Table 
The reciprocal stacking fault probabilities a 

obtained from peak shifts by means of Eq. (15), that 
le size which is actually due to stacking 


were taken from 


part of the partic 
faults was computed by Lsr(111 (3a@ COS@111), 
the effective particle sizes 
[ Ax? versus L 
root-mean-square strains were arbitrarily taken at 
E=S50A. 


In a-brass the stacking fault probability is very low 


the initial slopes of the curves, and the 
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near the pure copper end, and it is only for increasing 
zinc content that the stacking fault probability becomes 
. The for this is not 
Perhaps the difference in energy between HCP and 
FCC packing is reduced by the addition of zinc. In 
has found that the stacking faults 


relatively large. reason obvious. 


a Cu—Si, Barrett 
become prominent only near the high silicon end. 


The root-mean-square strains in Table III are of the 


order of the yield stress divided by Young’s modulus 
V S/E= 


been noticed by other workers, and it probably indicates 


0.005. This relation for cold-worked filings has 


that in cold-worked filings any appreciable root-mean- 
square stress above this limiting value relieves itself by 
further slip. 

There is an approximate empirical relation between 
corresponding particle sizes and stresses. The products 
Lié O.5A. 


These values of 6 are of the order of atomic dimensions 


6 give fairly constant values of about 6- 


or of the order of a half dislocation displacement 
A=1.5A. The empirical relationship could be explained 
by assuming that stacking faults are produced on more 
than one set of (111) planes. At the intersection of two 
stacking fault planes there is a misfit of the order of 
A=1.5A. If the misfit is taken up over a dimension of 
the order of the coherent domain size L, the strains will 
be of the order 6, Z and this could be considered as the 


interpretation of the relation L( 6. The relation 
could equally well be related to an edge dislocation. 
In an array of edge dislocations consider the rms strain 
in a cylindrical volume enclosing each dislocation and 
extending half way to the next dislocation. Dislocation 
theory gives an expression for the root-mean-square 
strain in the cylindrical volume which approximates 
to (&)'=b/R where 6 is the Burger’s vector and R is 
the cylinder radius. If from the two relations for cold 
VS/E and Lie 5, we eliminate 


4. This 


worked filings 


- and set 6 is very 


and L 


l-hour anneals at 


8. Values of (ez? for L=50A, a for cold 
worked 80 20 filings given 


the temperatures indicated. 


brass successive 
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similar to the relation obtained by W. L. 
his theory of the strength of metals. 


Bragg" in 


If we approximate the strain energy in cold worked 
a brass by W=$E(e) and use E=9X 10" dynes/cm 
=().007 from Table IIIT for L=50A, we obtain 
cal/gm. 


and 
W=0.2 
should be used are those for small ZL. 


However the strain values which 
and if we had 
sufficient faith in curves such as Fig. 7 to take values 
for small JL, 


several times larger. The energy in the stacking fault 


the computed strain energy would be 


planes themselves can be given an upper limit by using 
some value such as 20 ergs/cm? for the twin energy in 
For 70 
limit is W=0.1 cal/gm. 

If we assume that [110] slip takes place on the (111 


copper. 30 brass filings the computed upper 


planes by a zigzag path resulting from a series of 
half-dislocation displacements, an even number leaves 
an unfaulted crystal, while an odd number leaves a 
stacking fault. If the probability of leaving an unfaulted 
crystal is at least as high as that for a stacking fault, 
slip must have taken place on at least twice as many 
planes as those showing stacking faults. Cold-worked 
65-35 brass filings show stacking faults on the average 
every 26 (111) planes, and hence slip must have taken 
place on the average every 13 (111) planes. 

In a-brass the principal imperfections produced by 
cold work appear to be stacking faults, and these seem 
to be the primary cause of most of the X-ray effects. 
Other grain 
boundaries and 


dislocation effects such as small-angle 


bending must also be present. For 


stacking faults on more than one set of (111) planes, 
the misfit at intersecting stacking fault planes should 
provide the mechanism for locking in the faults. The 
misfit at intersecting stacking fault planes should also 


explain a major part of the work hardening in a-brass. 
TABLE III. Results for cold-worked alpha 


0.0035 
0.0036 
0.0034 
0.0032 


0.0068 
0.0067 
0.0057 
0.0033 


WAREKOIS: 


Fic Values of 


worked 70-30 brass 


It has turned out that a-brass is an interesting m: 


Stac king 


for the 


St idv of cold work beca ise 


play an important role and this is one 


type ¢ 


ocation that can be directly detected and me: 


experimentally 
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THE LATTICE SPACINGS OF CLOSE-PACKED HEXAGONAL 3/2 ELECTRON COMPOUNDS* 


G. V. RAYNOR and T. B. MASSALSKI+ 


The lattice spacings of the close-packed hexagonal ¢-phase (3/2 electron compound in the system 


copper-gallium-germanium have been determined as a function of composition and electron:atom ratio, 
using alloys quenched from 550°C. The results, with subsidiary experiments on other ternary alloys, show 
that at a constant electron:atom ratio the axial ratio is itself almost constant. Increase in the number of 
electrons per atom leads to a marked decrease in axial ratio. These phenomena may be interpreted in terms 
of an overlap of electrons from the appropriate Brillouin Zone in directions at right angles to the hexagonal 
axis. Consideration of the ranges of homogeneity of the binary and ternary ¢-phases, and comparison of 
the lattice-spacings along the copper-rich limit of the ¢-phase in the ternary system studied with those 
of the saturated primary solid solution, suggests that the decrease in c/a required by an increase in the 
electron:atom ratio is opposed by solute atoms of atomic diameter larger than that of copper, so that a 
larger overlap is required to stabilise the structure, which is then in general of limited homogeneity range. 


Further implications of this concept are briefly discussed. 


PARAMETRES CRISTALLINS DES COMPOSES ELECTRONIQUES 3/2 DU SYSTEME 
HEXAGONAL COMPACT 


Les parametres cristallins des phases hexagonales — (composés 3/2) dans le systém« cuivre-gallium 
: fonction de la composition et de la concentration éle« tronique pour des 


550°. Les résultats complétés par des expériences sur d’autres alliages ternaires montrent 


4 concentration électronique constante, le rapport c/a est luiméme presque constant. L’accroissement 


germanium ont été détermi 


alllages trempes a 
ue, i 
r atome condult a une nette diminution de Cé apport Ces phenomenes peuve 1t 


étre expliqués par la superposition des zones de Brillouin perpendiculairement a l’axe hexagonal. L’examen 


maines d’homogénéité des phases ¢ binaire et ternaire et la comparaison des paramétres cristallins 

la frontitre cété cuivre de la phase ¢ dans le systéme ternaire étudié avec ceux de la solution 
solide primaire saturée indiquent que la diminution de c/a résultant de l’accroissement de la concentration 
électronique est compensée par les atomes dissous d’un diamétre atomique supérieur a celui du cuivre, 
aussi une plus grande superposition des zones de Brillouin est-elle nécessaire pour stabiliser la structure 


qui a alors en général un domaine d’homogénéité limité. D’autres conséquences de cette conception sont 
brievement discutees. 
DIE GITTERKONSTANTEN VON HEXAGONAL DICHTESTEN KUGELPACKUNGEN 
MIT DEM ELEKTRONENVERHALTNIS 3/2 

nstanten der ¢-Phase mit hexagonal dichtester Kugelpackung (Elektronenverhiltnis 3/2 

.upfer-Gallium rmanium wurden in Abhingigkeit von der Zusammensetzung und dem 

Itnis Elektron: Atom an Legierungen, die von 550°C abgeschreckt worden waren, bestimmt. Die 

bnisse zeigen zusammen mit erginzenden Experimenten an anderen terniren Legierungen, dass fiir 

nstantes Verhiltnis Elektron: Atom das Achsenverhiltnis ebenfalls konstant ist. Ein Ansteigen der 

von Elektronen pro Atom fiihrt zu einem merklichen Abfall des Achsenverhiltnisses. Diese Er 

ngen kénnen auf Grund einer Uberlappung der Elektronen der zugehérigen Brillouin Zone untet 

r hexagonalen Achse erklart werden. Eine Betrachtung der Homogenititsbereiche der 

iiren ¢-Phase, sowie ein Vergleich der Gitterkonstanten entlang der kupferreichen 

ase im u rsuchten ternirer t Lit ler gesittigten festen Lésung, liisst 

ass der Abfall im h ler 1 Ansteigen im Elektron: Atom-Verhaltnis her 

ird, durch geliéste Atome mit einem grésseren Atomradius als dem des Kupfers gehemmt wird, 

ilisi ine gréssere Uberlappung bendtigt wird. Im allgemeinen hat die 


einen begrenzten Homogenititsbereich. Weitere Folgen dieser Auffgassung werden kurz 


INTRODUCTION structure, and is of limited homogeneity range as shown. 
At 475°C the ¢:-phase decomposes eutectoidally into 


y and the ¢.-phase; the f.-phase is also close-packed 


In the system copper-gallium, the face-centred cubic 


copper-rich primary solid solution is succeeded, with 
increasing solute percentage, by } electron compounds, 


the structures of which differ according to temperature. 


hexagonal, and again exists over a narrow range of 
compositions, with slightly less gallium than in (1. 
The appropriate portion of the equilibrium diagram is Thus, in the composition region close to that corre- 
shown in Fig. 1; the body-centred cubic 8 phase, which sponding with an electron:atom ratio of 1.5, three 


exists over a range of compositions, decomposes ‘Sé€parate phases exist. The general dependence of the 


eutectoidally at 616°C into the y-phase and the Structures of the binary $ electron compounds on atomic 
(i-phase. The latter is close-packed hexagonal in size and solute valency has been discussed by Hume- 
Rothery, Reynolds and Raynor, and it is of consider- 
able theoretical interest to extend the discussion to 


} 


ham, Birmingham, England. electron compounds in ternary systems, in which the 
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atomic size and solute valency factors may be varied 


from those characteristic of one of the 


binary systems to those characteristic of the other 


component 


binary system. Several copper-rich and_ silver-rich 


ternary have now been examined in the 


authors’ laboratory, and in particular the constitution 
of the copper-zinc-gallium alloys has recently been 
reported.’ In this work it was found that the copper- 


systems 


gallium ¢)- and (2-phases were capable of dissolving only 
very small quantities of zinc. This behavior contrasts 
markedly with that of the close-packed hexagonal 
¢ 3 electron compound in the copper-germanium system, 
which is capable of dissolving considerable amounts of 
zinc. This suggested that some essential difference 
existed between the copper-gallium and {2-phases, 
which are formed in the solid state, and the copper- 
germanium ¢-phase, which is stable from room tempera- 
ture to the melting point and forms directly from the 
liquid. Accordingly an examination of equilibrium 
relationships in the copper-gallium-germanium system 
was undertaken by the present authors. This work will 
be reported elsewhere; for our present purpose it is 
sufficient to note that, at the appropriate temperatures, 
a close-packed hexagonal series of solid solutions exists 
and 


between ¢,;(Cu—Ga) and ¢(Cu—Ge), between 
¢2(Cu— Ga) and ¢(Cu— Ge). The two phases are thus 
essentially similar, and to gain information with regard 
to possible reasons for the narrow homogeneity ranges 
of ¢; and f2 as compared with the wide homogeneity 
range of ¢(Cu-Ge), a series of lattice spacing measure- 
ments was made in the homogeneous close-packed 
hexagonal area of the copper-gallium-germanium iso- 
thermal equilibrium diagram corresponding to 550°C. 
The results of this investigation are reported in the 
present paper. 


MATERIALS AND EXPERIMENTAL METHODS 


Alloys were prepared from oxygen-free, high conduc- 
tivity copper supplied by Imperial Chemical Industries 
Ltd., spectrographically standardised gallium supplied 
by Messrs. Johnson Matthey & Co. Ltd., and spectro- 
graphically standardised germanium from the same 
source. Weighed quantities of the three metals were 
melted in argon in small sealed silica capsules, with 
vigorous shaking; the silica capsules were quenched 
into cold water to secure rapid chilling. Since the 
capsules did not in general break on quenching, the 
alloys could be homogenised for five days at 730° to 
740°C without removal. After this treatment, ingots 1 g. 
in weight were found to have suffered negligible change 
in weight from that of the component metals; the 
weight losses recorded varied from 1 part in 3000 to 
1 part in 5000. Since the chemical analysis of selected 
alloys gave compositions identical with the synthetic 
compositions, the latter have in general been accepted. 
for 15 


After homogenisation and heat-treatment 


days at 550°C, all alloys were examined metallographi- 
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Partial equilibrium diagram for the copper-gallium alloy 
cally; X-ray specimens were then prepared by filing, 


and the resulting powder was annealed for relief of 
strain at the same temperature as that from which the 
lump was quenched. The powder specimens were also 
quenched, and after sieving were made into cylinders of 
minimum quantity of gum 


diameter 0.02” with the 


tragacanth. Exposures to copper A, radiation were 
made in a 9 cm camera of the Van Arkel type. High- 
quality films were obtained, and measured on a Cam- 
bridge Universal Measuring Machine. Observed lattice 
spacings were extrapolated, using the Nelson-Riley 
function, and the 
18°C. For several selected alloys, the axial ratios were 


e statistical 


results are recorded in A units at 
accurately established by th 
Archard.® 


agreement 


method of 
These calculations gave results in excellent 


with the simpler method of 


adjusting the 
axial ratio to give linear Nelson-Riley extrapolations, 
cases. 


which was used in the remaini 


The constants assumed in the calculations for copper 
radiation were: 


.7702503 A, 


1721726A 


EXPERIMENTAL RESULTS 


the area of the equilibrium isothermal 


0°C which is occ upied by the close pac ked 


In Fig. 


section at ; 


) 
5 


hexagonal $ electron compound is shown; this represents 
a complete series of solid solutions between ¢;(Cu—Ga 


and ¢(Cu— Ge). The points plotted in the 


homogeneous 
area represent the compositions of 18 alloys, the lattice 
spacings of which were measured at room temperature 
after quenching from 550°C. The compositions were 
arranged to lie either on lines of constant electron: atom 
15 and gallium 
5.0 and 14.0 atomic per cent). In addition one 


alloy lies just within the (a+¢ 


ratio (1. 1.50) or on lines of constant 
content 
area, but is so close to 


the boundary that the lattice spacings corresponding 
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to the diffraction pattern of the hexagonal phase are 


taken to « orrespond with those of the most copper-ri h 
alloy along the 14.0 atomic 


per cent gallium line. 


The lattice spacing results may most conveniently 


be presented in the form of the following diagrams: 


Fig. 3: variation of spacings with composition 
electron:atom ratio 1.45. 


Fig. 4: 


electron:atom ratio 1.50. 


variation of spacings with composition 


variation of spacings with electron:atom ratio 


Fig. 5: 
gallium. 
. 6: variation of spacings with electron: atom ratio 


C7. gallium. 


Fic. 3. Variation of spacings with composition at 
electron:atom ratio 1.45. 
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The most striking feature of these diagrams is that, 


although the ‘‘c’’ and ‘‘a” lattice spacings decrease 


considerably on passing from the copper-gallium to the 
copper-germanium axis of the ternary field at constant 


electron:atom ratio, the axial ratio “c/a” varies very 


little with composition ata given electron concentration. 
When, however, the gallium content is kept constant 
so that the germanium content and hence the electron: 


atom ratio varies, the axial ratio ‘“‘c/a’’ decreases 


sharply as the electron:atom ratio rises. This is accom- 


plished partly by a fall in the ‘“‘c” spacing, but pre- 


dominantly by a marked increase in the ‘‘a” spacing 
This is 


germanium content. shown 


most strikingly in Fig. 5. 


with increasing 


The axial ratio of ¢;(Cu—Ga) at the composition 
22.20 atomic per cent of gallium is 1.6310, so that the 
structure is very nearly ideally close-packed. The 
lattice spacings of ¢2(Cu—Ga) were also measured, 
using an alloy of composition 21.50 atomic per cent of 
gallium quenched from 450°C. For this alloy, a= 2.5980 
A, c=4.2425 A, and c/a=1.6330. This structure is 
thus ideally close-packed, and continues the trend 
observed in the ternary alloys for the axial ratio to 
increase with decreasing electron: atom ratio. 

For comparison with the results described above, it 
is of interest to know how the axial ratio varies in other 
where the close-packed hexagonal 


ternary systems 


phase based on ¢(Cu—Ge) is of wide homogeneity 
range. Accordingly two additional alloys, one in each 
of the systems copper-aluminium-germanium and 
copper-zinc-germanium, were examined; their composi- 
tions were calculated to fall close to the aluminium- 
homogeneity range, at an 


or zinc-rich limits of the 


electron:atom ratio of 1.5, and the specimens were 
quenched from 550°C. The measured spacings were as 


follows: 


These figures show that the axial ratios at 1.5 electrons 
per atom are closely similar to those recorded for the 
system copper-gallium germanium, in spite of the fact 
that, for this electron concentration, the variations of 
“a” and ‘“‘c”’ with composition are different. Thus, when 
zinc replaces germanium so as to maintain an electron: 
atom ratio of 1.5, the ‘‘c”’ spacing increases much more 


rapidly than for the substitution of aluminium or 


gallium, for which cases the effects are similar. The 
variation of the ‘ta’ spacing on substituting zinc for 
germanium, again at 1.5 electrons per atom, is also 
greater than in the other two cases; c/a however is 


closely similar in all three systems, 
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before other directions are affected, leading to a change 
in shape of the Brillouin Zone, and hence a ch: 
axial ratio of the crystal structure. 

Referring to the close-packed hexagonal structure, it 
is postulated that the axial ratio would assume the 


ideal value of 1.633 for electron:atom ratios such tha 


the Fermi sphere occupied a relatively small volume 
within the zone, which is illustrated in Fig. 7. According 
to Goodenough, and assuming a spherical Fermi surface, 
the A faces are touched at 1.14 electrons per atom; 
contact with the B and C faces occurs at 1.36 and 1.67 


electrons per atom, while, subject to certain assump- 
Atomic % G tions, overlap across the A faces is expected at approxi- 


;. 4. Variation of spacings with composition at 
electron:atom ratio 1.50. 


DISCUSSION 


The connection between the axial ratio of the close- 
packed hexagonal structure and the electron-atom ratio, 
where this falls between 1 and 2, has been discussed in 
detail by Goodenough ;° according to these considera- 
tions, as the electron:atom ratio is increased, and the 
Fermi surface within the first Brillouin Zone approaches 
the bounding planes of the zone, a force of attraction 
between the Fermi surface and the bounding planes is 
set up, such that the energy of the structure is lowered 
by displacement of the appropriate bounding planes 
towards the origin of k-space. If the zone walls are not 
all the same distance from the origin of k-space, then 
contraction of the zone in some directions may occur 


mately 1.45 electrons per atom. As 

approaches the A faces, movement of 1 

inwards leads to an expansion of “gq” 

the lattice, while the ‘‘c’ ' 
affected, so that c/a falls. As the B faces are approached, 


c’’ spacings in the lattice begin to expand, so tha 


tne tendency towards decreasing c/a is checked, and 


may be reversed. Before the C faces are touched, overlap 


across the A faces is initiated, leading to an expansion 


of the “a” spacings in the lattice and a decrease in « 


i 1 1 } splay ¢hanr | nac ( lel nol 
#40 145 150 aS In the overlap theory of jones. rvoodenoug! 
Electrons per Atom theory may be summarised in the form of Fig. 8, 


h the expected variatio! 
‘ Snows the expected variation ol adinan initially 
Fic. 5. Variation of spacings with electron:atom ratio I 


at 5 atomic per cent gallium. close-packed hexagonal structure with 
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electron:atom ratio. There is an approximately linear 
decrease in axial ratio above about 1.4 electrons per 
atom; for electron:atom ratios of 1.3 to 1.4 Fig. 8 
indicates an axial ratio >1.633, but this depends 
some extent on the assumptions made. 

The lattice spacings reported in this paper are 
good qualitative agreement with Fig. 8. Thus the 
structure of alloy 42, with the lowest electron:atom 
ratio studied (1.38), corresponds with an axial ratio of 
1.6356. As the electron:atom ratio 
decreases linearly (Fig. 5). The point of lowest electron: 
atom ratio in the ¢ field corresponds with the copper-rich 
limit of the ¢(Cu— Ge) phase, and the work of Schubert 


increases, 


and Brandauer’ shows that at this electron: atom ratio 
(1.36) the axial ratio has risen to 1.638, which is in good 
agreement with the value derived from the present 
work by extrapolation of the linear graphs of Figs. 3 and 
4 to the copper-germanium axis, and assuming that 
the variation of c/a in the binary system with composi- 
tion is again linear. The present results show, therefore, 
that in the close-packed hexagonal ¢-phase of the system 


copper-gallium-germanium, the variation of c/a with 


electron:atom ratio is essentially linear from e/a= 1.36 
upwards. This value is somewhat lower than that at 
which the approximately linear c/a decrease of Fig. 8 
begins, and this, taken together with the fact that the 
decrease in c/a is attained mainly by marked expansion 


of the “a” strongly suggests that overlap of 
electrons across the A faces of the Brillouin Zone has 


already occurred at 1.36 electrons per atom. The axial 


spacing, 


ratio changes are then controlled essentially by variation 
in the magnitude of this overlap. 

Detailed examination of the present results reveals 
range of 


Thus the wide 


contrasts strongly with 


features of interest. 
for ¢(Cu— Ge 


Cu— Ga 


other 
homogeneity 


the limited range for ¢; In the former, c/a 


may assume the high value of 1.638, while the axial 
ratio of ¢;(Cu—Ga) is 1.631. As germanium is replaced 
by gallium, the maximum axial ratio corresponding to 
the copper-rich limit of the ¢-phase progressively falls. 
In this connection it is of interest to examine the size- 
factor relationships across the terary field. The size- 


B 


C 
Cc 


Fic, 7. Brillouin Zone for close-packed hexagonal structure. 
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factor of germanium with respect to copper is —4.15. 
The corresponding size-factor for the complicated 
gallium structure is, however, difficult to assess. It is 
generally recognised that the size-factor assessed from 
the closest distance of approach of atoms in the gallium 
structure does not enable the alloys of copper, silver 
and gold with gallium to be adequately correlated with 
other copper, silver and gold alloys. There is evidence® 
that the effective atomic diameter of gallium in solid 
solution in copper or silver is larger than this closest 
distance of approach, while an analysis of lattice- 
spacing relationships for copper-rich alloys suggests 
that a value of 2.6A for the effective atomic diameter is 
appropriate.* This corresponds with a size factor of 
+1.7. 

The axial ratio of the copper-rich limit of the ¢-phase 
thus decreases as the effective size-factor in the ternary 
system increases. Where the atom of the solute metal 
is smaller than that of copper, high axial ratios are 
permitted, but for an effectively larger atom the axial 


Fic. 8. Varition of axial ratio of close-packed hexagonal structure 
with electron:atom ratio as suggested by Goodenough.® 
ratios decrease. The effect of size-factor is illustrated 
more strikingly at the solute-rich boundary of the 
¢-phase. As shown in Fig. 2, this boundary occurs at an 
almost constant electron:atom ratio from the copper- 
germanium axis to a composition corresponding to 
approximately 14 atomic per cent gallium, where the 
effective size factor is very small since the effect of the 
small germanium atoms present is compensated by the 
As the gallium content 
factor becomes 


larger gallium atoms. rises 
further, so that the 


increasingly positive, the solute-rich boundary of the 


effective size 
¢-phase moves progressively to smaller electron: atom 
ratios. It may thus be suggested that the stability of the 
¢-structure is strongly dependent upon the combined 
effects of electron:atom ratio and size-factor. The 
effect of increasing the electron concentration is to 
decrease the axial ratio; the atomic characteristics of 
the solute atom may be such as to allow or oppose this 
decrease. Considering the tetrahedron of atoms formed 
by three neighbouring basal plane atoms, a, 6 and c and 
the atom d, in the parallel plane above, which lies above 
the centre of the triangle formed by them, it will clearly 
be easier to allow contraction of c/a if atom d is replaced 
by a smaller atom than if it is replaced by a larger one, 


= 
\ 
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especially if short range order exists. In the ¢(Cu—Ge 
phase, the decrease of c/a imposed by increasing 
electron:atom ratio (i.e., increasing overlap across the 
A planes of the Brillouin Zone) is permitted by the 
relatively small atomic and ionic diameter of germanium, 
and a wide homogeneity range results. For the case of 
the ¢:(Cu—Ge) phase, however, the decrease of c/a is 
opposed by the effect of the larger solute atom, the 
strain energy required to force the structure to assume 
a lower axial ratio being greater than the lowering of 
electronic energy due to the displacement of the 
Brillouin Zone faces. It is for this reason that in binary 
alloys of silver, copper and gold, close-packed hexagonal 
3 electron compounds of wide homogeneity range are 
confined to cases where the size-factor is nearly zero or 
negative. 

The form of the copper-rich ¢-phase boundary of 
Fig. 2 may be interpreted on the basis that an increase 
in the effective size-factor (replacement of germanium 
by gallium) increases the strain energy necessary to 
decrease the axial ratio, so that a larger overlap (i.e., 
a higher electron:atom ratio) is required to overcome 
this and stabilise the structure. Once the balance has 
been achieved, however, and the ¢-phase is formed, 
further increase in the electron concentration must be 
accompanied by decrease in c/a. The copper-gallium 
1.43 


slight 


¢: and ¢2 phases represent critical cases. At 
electrons per atom, 2 


increase in the electron:atom ratio would require it to 


is ideally close-packed ; 


decrease its axial ratio, but the additional gallium atoms 
appear to prevent this, and the phase becomes unstable. 
At higher lattice are 
accommodated more easily, the ¢, phase is stable, with 


temperatures, where strains 
c/a decreased to correspond with that required by an 
electron concentration of 1.445. The phase is again, 
however, unable to decrease its axial ratio with further 
gallium additions. 

The wide homogeneity range of ¢(Cu—Ge) indicates 
that 
axial ratio required by electron energy considerations is 


where the solute atom is small, the decrease of 


permitted. As shown in Fig. 2, the homogeneity range 
in the ternary system with gallium remains approxi- 
mately constant until the effective size factor becomes 
positive ; from this stage onwards, it may be considered 
that decrease in c/a is opposed more and more strongly 
by the solute atoms, leading to instability before the 


] 


minimum c/a attainable as a result of the electroni 
factor can be attained. 

During the course of the work, the lattice spacings 
were measured for four face-centered cubic a copper- 
gallium-germanium alloys, the compositions of which 
lay very close to the a/ (a+¢)-phase boundary. These 
lattice spacings have been plotted in Fig. 9 against the 
ratio of germanium to gallium atoms in the structure. 
Also shown are the “‘a”’ spacings along the copper-rich 
boundary of the ¢-phase, which is almost parallel to 


the a/(a+f) boundary in the phase diagram. These 


SPACINGS 


RON COMPOI 


have been derived by linear extrapolation of the results 
of Figs. 3, 4, 5 and 6 to the « ompositions of the known 
corresponding to various 


germanium: gallium ratios, and are plotted in 


a+¢)/¢-phase boundary 
Figure 9 
multiplied by v2 for direct comparison the cubic 


It ignificant that, the 


atoms approach more 


lattice spacings. copper- 
germanium side of the diagram, 


closely in the basal! 


plane of the hexagonal structure than 


they do in the cubic structure; at the copper-gallium 
side, the reverse is true. This comparison supports the 


view that a larger overlap across the A faces of 
Brillouin Zone for the hexagonal structure Is re 
stabilise this structure for a positive size-factor tl 


Chu f tne 


alloys, the necessary degree of electronic overlap causes 


copper-galllum 
I 


a negative size-factor. 


expanded spacings lor the hexagonal! structure. 


For the copper-germanium alloys, the 


exist With a smaller overlap; the ~ 
less expanded, and in fact 
the basal piane are s ight y ies 


electrons entering a nearly ful 


Brillouin Zone. 
CONCLUSIONS 


[he experimental result 


above Show that the axial 


hexagonal ¢-phases in binary and ternary 


chiefly determined lectron:atom 


predominant effect electron: at 
is to increase the ‘“‘a”’ spacing, and the results suggest 


strongly that this is due to the existence of an overlap 
the A faces to the hexag 


ot electrons over parallel 


axis) of the appropriate Brillouin Zone. From the 


of the homogeneous ¢-area In the copper-galll 


germanium phase diagram, and comparison 


lattice spacings in the ¢-phase and in the copper-ricl 
solid solution, it is suggested that 


face-centered cubic 
the decrease in axial ratio required by an increase in 
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the electron:atom ratio may take place easily if the 
solute atom is smaller than that of the solvent, but that 
if the solute atom is the larger, the required axial ratio 
decrease is opposed by the rising solute concentration. 
The stability and range of homogeneity of binary and 
ternary ¢-phases thus depend upon the balance of 
electronic and atomic size factors, and the present work 


interprets satisfactorily the previous observations” that 


in binary copper, silver and gold alloys the ¢-phases are 
confined to cases where the size-factor of the solute 
with respect to the solvent has a very small positive 
value, or a negative value, and that the ¢-phases of 
wide homogeneity range are in general those corre- 
sponding with a negative size-factor. 

It now appears probable that the fundamental 
structure for the 3 electron compounds is the close- 
packed hexagonal structure, which will tend to be 
formed wherever conditions permit. If, however, the 
decrease in c/a required by increasing electron:atom 
ratio is opposed by atomic factors (e.g., too large a 
positive size-factor), the lattice strain involved in the 
attempt to adjust the axial ratio to that required by 
lowering of 


the electron:atom 
electronic energy, and the phase becomes unstable with 


ratio outweighs the 


regard to alternative phases whose crystal structures 
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are such that no relative variation of crystallographic 
axes is possible (e.g., face-centered cubic, body-centered 
cubic, or y-brass structures). 
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THE ELASTIC INTERACTION OF POINT 


J. D. ESHELBYj 


In an isotropic material it is known that two point def 
with one another only indirectly through the modificatior 
In a cubic material there is an additional direct interactior 
of their separation and a function of direction whose averag 
uated approximately. If in a more refined elastic model 
plus a small region where the elastic constants differ fron 
action proportional to the inverse sixth power ol! the aistal 


INTERACTION ELASTIQUE DES 


Dans un milieu isotrope, il est connu que deux défauts p 
tion, ne présentent d’interaction qu’indire¢ tement pal 
surface du corps. Dans un métal cubique, il y a directe 
au produit de l’inverse du cube de leur distance et d’ 
est nulle; cette fonction a été estimée. Si dans ur 
un centre de dilatations plus un petit domaine o 
matrice, on obtient alors une interaction complément 
de la distance de ces défauts 


DEFECTS 


DIE ELASTISCHE WECHSELWIRKUNG VON PUNKTFORMIGEN FEHLSTELLI 


Es ist bekannt, dass in einem isotropen Material zwei pt 
tationskernen betrachtet werden, nur indirekt iiber die Veriand 
fliche des Kérpers eine Wechselwirkung aufeinander ausiib 
zusitzliche direkte Wechselwirkung, die dem reziproken Wert der dritt 
und eine Funktion der Richtung, dessen Winkelmittelwert 


bestimmt. Wenn wir in einem verfeinerten elastischen Modell j 


einer kleinen Region, in der die elastischen Konstanten v 
ersetzen, besteht eine zusitzliche Wechselwirkung, die « 


standes zwischen ihnen proportional ist 


1. INTRODUCTION and w’ is the image 


The idea of a purely elastic interaction between ‘® boundary cons 
dislocations and point defects (interstitial and substitu- “a 
tional atoms, lattice vacancies) has proved very useful. apni 
Also, when other effects have been allowed for or are 
negligible, good results can be obtained from an elastic ade y 
treatment of the interaction of one point defect with simple 
another. In the present paper we summarize the known dilatation 

results for the interaction between point defects when from wu! whicl 


and Poisson’s 


they are idealized as centres of dilatation in an isotropic If external forces or a state of 


elastic continuum and extend them to the case of cubic a hydrostatic pressure / at 


anisotropy. For the isotropic case alone we consider the _ is an interaction e1 
additional interaction when the defects are represented 
as a superposition of a centre of dilatation and a small 
region whose elastic constants differ from those of the 
matrix. 


The displacement around a centre of dilatation of 
i The indirect 
l l 
strength c is! 
I calculated 
u=u*+u’, (1) 
defects scattered 
where image terms 
u*=cr/r ilatation. Thus tl 
* Received March 17, 1955. 
+ Department of Physical Metallurgy, University of Birming 
ham, Birmingham, England. 
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independent of the 


snear 


expression corresponds t 


2. THE ISOTROPIC CASE | we neglect image 


terms, 


e 
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where C is the atomic concentration of defects, 2 the 
volume per atom, A the bulk modulus. Combining 


this with the ‘self-energy’? required to insert each 


defect in a perfect lattice Friedel® has given a good 
account of the heat and entropy of formation of 
AuNi alloys. 

A familiar elastic model of a point defect is an elastic 
sphere forced into a hole too small for it. If sphere and 
matrix have the elastic constants the results 
above still hold even if the sphere is not infinitesimal, 


provided it does not overlap another or intersect the 


Same 


surface of the body. However if its elastic constants 
additional interaction with a stress-field. This can be 


differ from those of the matrix (A,u) there is an 
treated separately from the misfit effect, and so we 
consider a perfectly-fitting inclusion. If surface forces 
produce a strain e;; in the homogeneous body, the 
increase of its elastic energy when the inhomogeneous 
sphere is introduced is given‘ by the volume-integral 


Je 


taken the inclusion; e;; is the strain in the 
inclusion. (Repeated suffixes are supposed to be summed 


over 
over the values 1, >=e,;; is the dilatation.) The 
interaction energy is 


—AE 


and this is also the interaction energy when e;; is due 
to some system of internal stress instead of to surface 
forces. 

We may find 
follows. If a spherical cavity perturbs a uniform shear 


relation between « and e;; as 
€:2" the surface of the cavity deforms as if it were the 
surface of a solid sphere which had undergone a shear 
where’ 

a= 


If we superimpose an additional shear e,27 everywhere 
In the hole it is 


the shear at infinity Is ¢:2=e12°+e12 


€12 e127, but the surface tractions at its surface 
are equivalent to those on a sphere with uniform shear 
This surface traction can evidently be 


modulus 


stress 


provided by inserting a sphere with shear 


uw’ such that A little algebra gives 


= uae}; Tau J. 


In just the same way, starting from the fact that a 


spherical hole perturbing a uniform dilatation e 


undergoes a fractional volume change Be where 


B= (3K+4y)/4u 
we find 


é’ = Kae/(K—K’+ 8K’ 


for a spherical inclusion of bulk modulus A’ perturbing 
a uniform hydrostatic pressure. It follows by super- 


position that e;;’ is uniform in the inclusion and is an 


3, 


L955 


isotropic linear function of the e;;, say 


e;; =Ae6;;+2Be 


where A and B can be determined from the two special 


cases. Equation (3) will evidently give 


where A and M are functions of A, \’, uw, uw’ and Q is the 
volume per atom. The actual expressions for A and M 
are rather clumsy and not very significant. It is more 
reasonable to relate them to a macroscopic quantity, 
the change of an elastic constant with number of 
defects, just as the strength c could be related to the 
macroscopic change of lattice parameter. A reasonably 
dilute solution of » defects per unit volume will add 
an amount AE to the normal energy density }e 
+e; je;;, so that the apparent elastic constants will be 


Napp= ATCA, Mapp=et+CH 


if C is the atomic concentration of defects. For a point 
defect of strength c we have e;;e;;=6c?/r® and so the 
interaction energy between two defects distant r apart 
and producing volume-changes AV 2 is 


(4) 


For a pair of interstitials in copper Tucker and Sampson* 
suggest that AV~3Q and Dienes’ work? gives M/p~7. 
This gives 


E nt~10(u 


r)® eV, (>) 


where do is the lattice parameter. This may well be an 
over-estimate, but suggests that the interaction may 
not be negligible in regions where r is large enough for 
the elastic theory to be applicable. For a vacancy | AV 
: of AV for an interstitial, and 


is also smaller than it is for an interstitial this 


may, perhaps, be about 
if M 
would give a (presumably attractive) interaction energy 
of a hundredth or a thousandth of (5) or, say, of the 
order of kT(uo/r)® at room temperature. Stripp and 
Kirkwood 
the free energy from a pair of vacancies, arising from 
Except at very 


have found a contribution 0.1k7 (a 


their influence on lattice vibrations. 
high temperatures the term (4) may be more important. 

Equation (4) implies that two defects with positive 
M,, M, (“hard spots” 


opposite of Crussard’s"! 


will repel each other, the 
conclusion. 
3. THE CUBIC CASE 

The elastic field (1) may be considered as a solution 
of the elastic equation when the body forces reduce to 
three equal crossed ‘‘double forces without moment.’” 
Formally, the force density is 

f= —G gradé(r). (6) 


G may be related to AV by the expression 


| f f tena / 3% 


2 


ESHELBY 


for the volume change produced by surface tractions 
T and body forces f. In the present case T=0 (free 
surface) and 

G 


x 6(r)dz 
3K K 


(Equation (2) of reference 1 is thus incorrect.) 

We may likewise take the elastic field of a center of 
dilatation in a cubic material to be a solution of the 
appropriate equations with the body-force“®. This leads 
to the following form for the dilatation: 


e= Dé(r)+F 


F(l)\dw=0. 


where l=r/r and 


This follows from a previous discussion‘ of the displace- 
ment due to a point force. An explicit expression for 
F (1) in finite terms is impossible. The volume change 
is still given by (7) but its splitting into AV® and 
AV! is more complicated. Evidently the first term in 
(8) contributes an amount D to AV®. The contribution 
from the second term is zero if the surface of the 
material is a sphere centred on the imperfection, but is 
no longer so if, for example, the sphere is indented 
throughout a region over which F(1) does not change 


sign. The contribution is proportional to 


l dr 
lim faof F (I) 1) logr (10) 
r 


if the polar diagram of the surface about the defect is 
r=r(I). If a line is drawn through any interior point P 
of an ellipsoid meeting its surface in A and B then 
AP-PB depends only on P and not on the direction of 
the line. Thus (10), which can be written 


log{r(I)r(—D} 


vanishes in view of (9) for a point defect anywhere 
within an ellipsoid. Nevertheless, the F-term can make 
no contribution to the total volume change produced 
by a “uniform random”’ distribution of a large number 
of defects in a body of any shape. For, by an argument 
due to Zener” or by a generalization of the analytical 
argument given for the isotropic case! it follows that 
macroscopically there is a uniform shape-independent 
dilatation. A contribution from the F-terms would be 
shape-dependent, and since it vanishes for the ellipsoid 
it must do so always. It ought to be possible to show 
directly that (10) vanishes when averaged over all 
possible positions of the defect. 

Equation (2) is still true in the cubic case. For‘ the 
interaction of a singularity S with an elastic field 7 is 


POINT 


DEFI 


given by the integral 


J b; — 


over a surface enclosing the singularity. If S can be 


considered to be due to a density of body force f 


then Op On > and the integral becomes 


or, in our case, 


Gfw 


which in view of (7 
due to 7 at the singularity. 
We 


have to solve 


divu’ di 


is just AV times the value 


now to get an estimate of D and F(Il 


try 


two similar equ 


a 


he divergence we have 


Leibfried 


Following 


c;;° are effective isotropic constants found by averaging 


over all orientations; exp icitly 


If we write u=u’+wu’ 
with affixed 


may solve (11) by successive approximation. The 


and as of the zerotl 


order gives the usual isotropic solution 


(¢ 


Then (12) gives for e’ 


2/r and writing 


Ce 120 
Al 
(8 
Q) 
We 
O¢ O-u a 
1\/-u T 612 T 644 ra G 6 r 11 
On On 0 
$3 
) 
Lie 
3 4 
By taking 
( 
we pul + where the 
the 
5 2 ) { 
+ 2 1.4 
5 ( + 4 2 
5 ( ( 1. 3 
and first order we 
T 2 14 /¢ G6 r 
2c4,°)u°=G grad(1/r). 
Gd 
IIr}=0 
Sor 1), 
noting that 
I] 
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We 
must be careful to avoid dropping a delta-function in 
operating with [] on r. If we add and subtract the mean 


value of [| over all angles, 


I] 


the first term gives a multiple of 6(r) whilst the second 


A solution is evidently given by deleting the V?. 


term. having zero mean value over angles, does not. 


We find 


interaction energy between a pair of defects 


The 


T 


which produce volume changes 4V;, AV» is thus 


ag = 40 


are the direction cosines of the line joining 


Schmid and Boas" have given a stereo- 


hic plot of /’m?+ m?n*+-n°l? from which we can see 
has a maximum value of .40 in the 100-direction, 


27 in the 111-direction and a value 
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3, 


—.10 in the 110-direction where there is a saddle-point. 
Thus for any sign of d, AV;, AV» there are directions 
along which the interaction is attractive. These are the 
111 directions for metals (d negative) and like sign of 
the AV. For a pair of interstitials in copper with 


AV ~30 we find 
eV. 


The image interaction (2’) still has the same form. 
AV” is now the coefficient of 6(r) in (13) and thus 
AV!/AV =(y—1)/y as in the isotropic case, provided 


we form y from the c 
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PLASTIC DEFORMATION OF COPPER CRYSTALS UNDER ALTERNATING TENSION 
AND COMPRESSION* 


M. S. PATERSONt 


The strain hardening of high purity copper sing 
been studied and shown to depend markedly on the 
or [111 ] show a high rate of strain hardening, while 
[110] show a very low rate of strain hardening, i 
and [100 }-[110] boundaries, the rate of strair 
oriented near the [110]}-[111] boundary the rat 
was shown in tensile tests, but the easy glide was 
the unimportance of mishandling of the specimens are 
occurrence of eas) glide 

Easy glide is shown to be accompanied by very uniforn 
nearer [111] or [100] and showing rapid strain hardeni1 
traces of slip on other systems appear between the « 
no asterisms for any crystals after reversed deformation; | 
faint Kossel lines while those showing easy glide do not 

An explanation of the observed strain-hardening behaviour it 
intersecting planes is proposed. 

The Bauschinger effect is clearly demonstrated in the copper 


DEFORMATION PLASTIQUE DES CRISTAUX DE CUIVRE TRACTION 
ET COMPRESSION ALTERNEES 


La consolidation des monocristaux de cuivre de haute pureté 
alternées est montrée comme dépendant nettement de |’ 
voisinage de [100] ou [111] possédent un coefficient d 
pour ceux situés au milieu du triangle stéréographique 
cristaux au voisinage du cété [100 }-[ 111] et du cété [100 
bas, puis croit ensuite, tandis que pour ceux prés du cété 
comportement analogue a été observé dans les essais de 
Le rdle du diamétre de l’éprouve tte et le peu dir 
conditions d’apparition du “‘easy gl 

Le “easy glide”’ est accompagné ( 
dans les autres cas, les lignes de glissement 
traces d’un autre systéme de glissement 

Les diagrammes de Laue ne présentent 
cristaux a grand coefficient de consolidation 
n’en présentent pas 

L’auteur propose une explication de la consolidat 
effet Bauschinger est nettement établie 


UBER DIE PLASTISCHE VERFORMUNG VON KUPFER-KRISTALLEN 
WECHSELNDE ZUG- UND DRUCKBEANSPRUCHUNG 


Die Verfestigung von sehr reinen Kupfer-Einkristalle: 
spruchung wurde untersucht und dabei fest; I] 
Orientierung der Kristalle abhiangig ist. Kristal 
sehr starke Verfestigung, wihrend Kristall 
und nahe [110 ] liegen, nur eine geringe Verfestig 
Bei Kristallen, die nahe den Seiten [100 |-[111 
Verfestigung zunichst gering und steigt spiiter ar 
[111] orientiert sind, der Verfesti 
versuch, jedoch war dabei das Lei 
\uftreten der Leicht-Gleitung (e: 


Einfluss einer weniger sorgfalti 


Beim Auftreten von Leicht-Gleitun: gli 
in Kristallen, die niher bei [111] oder [100] orient 


die Gleitlinien sehr stark zusammengezogen sin 


den Anhaufungen der Hauptgleitlinien zeigen. Laue 

selbeanspruchung Asterismus. Es ; h 

Kossel-Linien auf, die bei den Kristallen, die ein Lei 
Auf Grund der Wechselbeziehung von Versetzung at 

fiir das beobachteten Verfestigungsverhalten vorgeschla; 
Der Bauschinger-Effekt konnte det I 


* Received January 10, 1955. 
t Department of Geophysics, The Australian National 
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I. INTRODUCTION 


The study of single crystals under reversed plastic 
deformation is interesting for several reasons. The strain 
hardening and the development of the slip pattern can 
be observed while avoiding the progressive rotation of 
the crystal orientation, relative to the direction of the 
stress, that is inevitable in simple tension tests. Ob- 
servations of the effect of changing the direction of 
straining should assist the development of dislocation 
theories of strain hardening. Further, a detailed study 
of the mechanism of reversed deformation in single 
crystals is an essential step in understanding the process 
of fatigue in metals. While fatigue of practical impor- 
tance occurs under very small strain amplitudes, it 
should be profitable first to study the grosser processes 
occurring at larger strain amplitudes. 

Orowan’s theory of fatigue! is based on the strain- 
hardening of local ‘‘plastic’” regions under reversed 
straining. The present work began, in part, as an at- 
tempt to provide such data for copper single crystals at 
comparatively large strain amplitudes; the only pre- 
vious measurements of this kind were those made by 
Held? on tin. However, the dependence of the strain 
hardening on the orientation of the copper crystals was 
soon discovered and the work has largely concentrated 
on this aspect. 

Contrary to the former belief that the strain harden- 


ing of a single crystal can be expressed independently of 


its orientation by the shear stress-glide curve for its 
active slip system, an initial region of low strain harden- 


ing, or ‘“‘easy glide,” has been observed for certain 


orientations in several face-centered cubic metals, viz., 


a-brass,** aluminium,*~* gold® and silver®"’. Easy glide 


has now been observed in tensile tests on copper, very 
recently by Rosi'®, and independently in the 
ent work. However, the reversed deformation experi- 


pres- 


ments demonstrate easy glide in copper more spec- 
tacularly. 
II PREPARATION OF SPECIMENS 
The copper, of 99.999 per cent purity, was supplied 
by Messrs. Johnson, Matthey and Company. It was 
cold-drawn to about 1.6 mm diameter and then etched 


;. 1. The orientations of the crystals used in the 


reversed straining tests. 
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to remove any impurities from the dies. The single 
crystals were grown in tubes of spectrographically pure 
graphite in a vacuum of about 10-* mm Hg by the 
method of Andrade and Roscoe."! Each crystal was of 
sufficient length to provide two specimens of the same 
orientation; the cutting was done by nitric acid on a 
reciprocating thread. The specimens were finally electro- 
polished in an orthophosphoric acid electrolyte. Their 
orientation was determined by the back-reflection Laue 
method. 

Ill. EXPERIMENTAL METHODS 


The testing machine is described elsewhere.” It was 
designed to ensure that the specimen chucks were 
strongly constrained to move axially, thereby minimiz- 
ing external bending or torsion of the specimen. Also, 
there was negligible hystersis in the machine for cycles 
of load between tension and compression. The load and 
extension (or relative movement of the chucks) were 
measured optically with the aid of mirrors attached to 
rollers. In addition, a microscope was attached to the 
machine so that the whole length of the specimen could 
be traversed and the slip pattern observed during the 
tests. 

One of the main difficulties was to develop a method 
of clamping the specimen firmly without accidentally 
straining it. Early attempts were made to clamp the 
ends in V-chucks, after attaching suitable shoulders. 
Although stress-strain results were obtained in this way 
which showed the same types of strain hardening as 
were established in later experiments, there was much 
scatter since the chucks could not be aligned sufficiently 
accurately to eliminate distortion of the specimen. How- 
ever, the following method of “clamping” overcame 
this difficulty and was used in the experiments described 
in this paper. A cylindrical steel shoulder was cemented 
to one end of the specimen with Araldite, the curing 
being done in a vacuum to avoid oxidizing the electro- 
polished surface of the crystal. This shoulder was 
clamped in the upper chuck which was of conventional 
V-groove type. The lower end of the specimen was then 
dipping into molten ‘“‘Comsol”’ solder* at about 320 
350°C, contained in the lower ‘‘chuck,” 
hollow block, heated electrically and insulated from the 
machine by mica washers. On reducing the heating cur- 
rent the solder solidified and firmly gripped the speci- 
men. The load on the specimen was held close to zero 
during cooling by operating the machine by hand in the 
direction to compensate for the thermal contraction of 
stream of 


which was a 


the specimen and other heated parts. A 
nitrogen was directed at the surface of the specimen to 
prevent oxidation while it was hot. 

The free length of the crystals was about 7 mm and 
the diameter 1.5 mm. This length: diameter ratio seemed 


5% Sn, 1.5% Ag, remainder Pb; m.pt. 296°C. Preliminary 
tests showed negligible creep in this solder under the loads used 
in the stress-strain tests. ‘‘Comsol’”’ was chosen for its creep prop- 
erties in preference to solders of lower melting point, especially 
Wood’s metal in which creep proved very troublesome, 
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to be the maximum permissible to avoid buckling in the 
reversed straining tests. 

The testing machine was operated manually in a 
manner to ensure an approximately constant rate of 
extension of the specimen, of the order of 1 in. per 
minute; this could not readily be done by means of a 
motor drive of constant speed since during elastic strain- 
ing most of the total deflection occurred in the load- 
measuring springs, while during plastic straining, when 
the load was changing much less rapidly, most of the 
deflection was due to extension of the specimen. In the 
reversed straining tests, the complete stress-strain 
curves for the first three cycles of deformation were 
plotted by taking load and extension readings at small 
intervals, the straining being interrupted momentarily 
at each reading. Thereafter, only the load at the end 
of each half-cycle was recorded. The total strain ampli- 
tude was increased during strain hardening so that the 
plastic strain amplitude was constant throughout the 
test. 

In the simple tensile tests, readings were again taken 
during momentary interruptions in the straining. How- 
ever, the amount of creep occurring during these in- 
terruptions is small and should not appreciably affect 
the stress-strain curves. 
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REVERSED DEFORMATION EXPERIMENTS 
The 


versed straining 


behavior of high-purity copper crystals in re 


was found to be highly dependent on 
their orientation relative to the specimen axis. The 
h this is revealed in the hardening, 


strain 
X-ray 


sections. Late 


manner in whi 
the appearance of the slip lines and Laue 
graphs is described in the following 
comparison will be made with the behaviour of similar 
tests. 


copper ¢ rystals in simple tensie 


1. Measurements of Strain Hardening 
Using the procedure described in Sec. III, reversed 
straining tests were done on copper crystals of about 
Fig. 1); the 


resolved shear strain amplitude was 0.0083 in all 


twenty five different orientations 


done on 


II), the resul 


Measurements were usually 


two spe 


of the same orientation (see Sec. ts from 


which agreed to within about 5—10 per cent except for 


some orientations in region B (Fig. 3), where 


scatter seemed to be inherent: the curve that was 


initially lower was taken to be the better result since 
the specimen giving the higher result may have been 
previously damaged. 

A selection of the strain-hardening curves is shown in 
2(a) and 2(b). The curves are drawn through the 
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Fic. 3. Schematic 

of strain hardening in reversed deformation. Curve 1 is typical 

for orientation region A; curves 3 and 4 represent transitional 

types in regions B and C, respectively, which become more like 
curve 2 as the orientation approaches [100] or [111]. 


final stresses reached in each half-cycle of strain; the 
abscissae represent the number of cycles or the equiva- 
lent total absolute strain. 

The very marked dependence on orientation is seen 
in these results, and is summarized schematically in 
Fig. 3. For a crystal oriented in the middle or towards 
the [110 ] corner of the stereographic triangle [region A, 
Fig. 3(b) ], the strain-hardening curve is very flat [type 
1, Fig. 3(a) |] and almost independent of orientation ex- 
cept for a tendency to be a little higher for orientations 
near the [110] corner. On the other hand, for a crystal 
of approximately [111] orientation, the strain-harden- 
ing curve is very steep (type 2), especially during the 
first few cycles. From the trend of the results in Fig. 
2(b), it appears probable that a crystal of [100] orienta- 
tion would also show a strain-hardening curve of type 
2. However, in the absence of measurements on crystals 
of exact [1 11 
whether the strain-hardening curve for [100] would be 


and [100] orientations, it is not clear 


quite as steep as for [111 ]. 

For all intermediate orientations except those near 
the [110]-[111] boundary (region B), the strain- 
hardening curve has two points of inflexion (type 3). 
The curve is initially of relatively low slope and then 


Fic. 4. Slip line pattern in crystal no. 59 in the 
easy glide region (200 ). 
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representation of the orientation dependence 
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rises more steeply; later it tends to flatten out again. 
The number of cycles at which it bends upwards is less, 
and the slope of the steep part greater, for orientations 
nearer the [100 |-{ 111] boundary; the same trend oc- 
curs to a lesser extent for orientations near the [ 100 } 
[110 ] boundary. Further the minimum slope before the 
curve bends upwards is greater for orientations nearer 
the [100] corner. 

For orientations near the [110]-[111] boundary 
(region C), the strain-hardening curve has a similar 
shape to that of the limiting types 1 and 2, but is of 
intermediate slope (type 4); its steepness is greater for 
orientations nearer [111 ]. 

A feature of the strain hardening common to all 
orientations was the development of a slightly higher 
yield stress in compression than in tension, independ- 
ently of whether the first half-cycle was tensile or com- 
pressive [{ Figs. 2(a) and (b) ]. This is not thought to be 
due to a zero drift in the testing machine. Neither does 
it appear to be due to the development of a buckle in 
the specimen; when conditions were arranged so that 


Fic. 5. Clustered primary slip and faint cross-slip in 
crystal no. 57 near [111] (200X 


obvious buckling occurred, the discrepancy between 
tensile and compressive yield stresses was no greater. 


2. Microscopic Observations 


The appearance of the slip lines after reversed strain- 
ing depended markedly on the orientation of the crystals 
in a that could with the strain- 
hardening behaviour. Crystals with a low rate of strain 
hardening showed very uniformly distributed slip on a 


way be correlated 


single system; crystals of high strain-hardening rate 
showed clustering of slip lines and, frequently, slip on 
more than one system. In more detail, the observations 
were as follows: 


(a) All crystals with orientations falling within region 
A and giving strain-hardening curves of type 1 (Fig. 3) 
showed very uniformly distributed slip on a single sys- 
tem (Fig. 4). No deformation bands of any kind nor 
any traces of secondary slip were observed. Also, the 
slip appeared to develop homogeneously over the whole 
specimen during an experiment. 
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(b) In crystals with orientations near [111] or [100], 
corresponding to the highest strain hardening, the 
prominent slip lines were clustered into bands, between 
which fine slip lines on both the primary system and a 
second system were faintly visible. Most of the promi- 
nent slip clusters appeared during the early cycles of 
deformation, after which the main changes were in the 
general intensity of the slip picture. The final ap- 
pearance for crystal no. 57, near [111], is shown in 
Fig. 5. Here the second slip plane was identified as that 
for cross-slip. For crystal no. 51, near [ 100 ], the second- 
ary traces were either conjugate or cross-slip but the 
measurements were insufficiently accurate to identify 
them definitely. Crystal no. 58, which was oriented al- 
most on the [111 |-[100] boundary but close to [111 ], 
showed two sets of widely separated clusters of promi- 
nent slip on different planes, which in some places 
intersected. These planes were the two on which the 
maximum resolved shear stress occurred; no cross-slip 
traces could be identified. The appearance was, there- 
fore, not that of uniformly distributed duplex slip, but 
rather it suggested independent activity of one or other 
of the favoured systems in different parts of the crystal 
(a similar appearance was shown by crystals nos. 54 and 
85). It was also particularly noticeable in crystal no. 58 
that the boundaries of the clusters of slip were not quite 
parallel to the slip lines themselves (cf., Lange and 
Liicke’); this suggests that cross-slip probably occurs 
between the coarse slip clusters but was too fine to be 
observed. 

(c) For crystals oriented in the intermediate regions 
B and C (Fig. 3), there was a mild clustering of the slip 
lines, which was more marked for orientations nearer 
[111] or [100], corresponding to the higher strain- 
hardening curves. The final appearance of the slip in 
both orientation regions was similar (Fig. 6 is typical). 
Traces of slip on a second system between the main 
clusters were often observed when the clustering was 
more marked. There was some evidence that for crystals 
oriented in region B the slip was at first uniformly dis- 
tributed and later took on a clustered appearance as 
some lines became more pronounced than others, cor- 
responding to the steeper part of the strain-hardening 
curves; however, more observations are needed to con- 
firm this. 

No kink bands or deformation bands of any type ex- 
cept that described above were observed in crystals of 
any orientation in these experiments. 


3. X-Ray Observations 


Laue X-ray photographs were taken after each re- 
versed straining test. No asterism or other marked 
change in the Laue spots was observed for crystals of 
any orientation. However, Kossel lines were frequently 
visible (Fig. 7). 

Kossel lines are produced by the diffraction of 


X-rays originating within a crystal, in this case, the 
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Fic. 6. Clustered slip in c1 


orientation regions B and C (200X 


fluorescent copper characteristic radiation excited by 
the incident white radiation from an X-ray tube with a 
tungsten target. Normally, Kossel lines cannot easily be 
distinguished from the general background radiation in 
Laue photographs, but Borrmann"™ obtained very clear 
Kossel lines in Laue photographs of copper crystals, the 
surface of which had been roughened and then etched 
to remove the more disturbed layers. In the present 
work it Kossel lines could 


also be obtained from copper cry stals, of suitable orien- 


was found that fairly clear 


tation, that had been subjected to reversed straining. 


This probably indicates that a state of imperfection has 


reached in which extinction effects have been 


reduced but in whi 


been 
h there is not yel 
the lattice which 


substantially 
excessive distortion of would 


blurring and consequent loss of contrast of 


lines. 
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No Kossel lines were observed in Laue photographs 
from the crystals before deformation. Also, no Kossel 
lines were observed after reversed deformation for crys- 
tals with orientations within region A (Fig. 3), cor- 
responding to low strain hardening. On the other hand, 
Kossel lines were clearly visible after reversed deforma- 
tion for crystals oriented near [111 ] and [100 |, showing 
high strain hardening; faint Kossel lines were obtained 
for the intermediate orientations (regions B and C, 
These observations probably mean that the 


Fig. 3). 


perfection of crystals showing low strain hardening is 


not greatly disturbed by the reversed straining, whereas 
the higher strain hardening is accompanied by greater 
disturbance of the lattice, as would be expected; in 
neither case is a large-scale spread of orientation in- 
troduced which would give rise to asterisms. 


4. Other Observations 


The critical shear stresses for the crystals used in the 
reversed straining and tensile tests are given in Fig. 8 
according to orientation. These are the values of stress 
at which the stress-strain curve begins to depart rapidly 
from the elastic line ;* values obtained by extrapolating 
the early linear plastic part of the stress-strain curve to 
cut the elastic line were about 20 per cent higher. The 
Schmid law'® appears to hold in region A of the stereo- 
graphic triangle (Fig. 3), where the critical shear stress 
is about 45 gm mm~. However, nearer the [ 111 ]-[ 100 ] 
boundary, the critical shear stresses are higher (the 
same is true if the extrapolated values are considered). 
Thus the Schmid law is not obeyed over the whole range 
of orientations. 

The minimum slope of the resolved shear stress-glide 
curve in the first half-cycle varies like the critical shear 
stress, with rather more scatter but a greater range. The 
greatest value is 30 kg mm™ for crystal no. 58 oriented 
near [111 ], compared to an average value of about 2.5 
kg mm~ for orientations in region A (Fig. 3 

Stress-strain measurements for several cycles of re- 
versed strain similar to those applied to the single crys- 


400 


Critical shear stresses (in gm mm 
in strain-hardening experiments 


Fic. 8. for crystals used 


* The value (101 gm mm) for crystal no. 58 oriented near 
[ ] is somewhat indefinite because of the steepness of its 
[111] hat lefinite | u f the steepn f it 


strain-hardening curve. 
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tals were made on two very coarse-grained polycrystalline 
specimens of the same copper (grain size about 3-1 mm, 
obtained by annealing the cold-drawn wire). In each 
case, the stress-strain curves were rather similar in 
shape, and the rates of strain hardening of similar 
magnitude, to those obtained from single crystals ori- 
ented near [111]; the initial yield stresses were rather 
higher. 

A Bauschinger effect was clearly shown by all crystals, 
taking as its criterion a lower yield stress for straining 
in the reversed direction than the previously applied 
stress; in most cases, the yield stress for reversal after 
the first half-cycle of strain (0.0083 glide) was also less 
than the initial critical shear stress. Figure 9 shows a 
typical example. However, if the “‘yield stress” after 
reversal was determined by extrapolating the linear 
plastic part of the cycle to cut the previous elastic line, 
it was usually nearly equal to the stress previously 
applied in the first direction (this was also true for the 
coarse-grained polycrystalline copper). In general, the 
Bauschinger effect in the single crystals appeared to be 
of similar magnitude to that in polycrystalline copper. 
This is further evidence against Heyn stresses (inter- 
crystalline stresses) being the cause of the Bauschinger 
effect.'® 

A pronounced jerkiness in the rate of deformation 
during cyclic straining was observed for several crystals 
near the [ 100] orientation; a slight drop in load would 
accompany an abrupt change in the strain. Lange and 
Liicke’ observed a similar effect in the tensile deforma- 
tion of aluminium crystals oriented near [100]. The 
effect in the copper crystals also occurred to a very slight 
extent for other orientations, but never for those within 
region A (Fig. 3) except after previous torsion. However, 
the most pronounced jerky deformation was shown by 
crystal no. 86b, oriented near [110], which had under- 
Since the 
auto- 


gone previous torsional strain (see below 
stress-strain measurements not recorded 
matically, it was difficult to determine the increment of 
strain in each jerk but it was probably of an order of 


were 


magnitude corresponding to a slip of about 1000 A on 
one plane. 

Effect of previous torsion. In order to observe the effect 
that previous slip on planes other than that normally 
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Fic. 9. Stress-strain curves for first cycle of deformation for crystal 
no. 86a (near [110]), showing Bauschinger effect. 
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Fic. 10. Effect of prior torsion on strain hardening in reversed 
deformation. Maximum surface shear strain in torsion was 0.02 
for crystal no. 74b and 0.1 for crystal no. 86b 


active in direct stress would have on the rate of strain- 
hardening of crystals oriented in region A (Fig. 3), two 
specimens were twisted by amounts corresponding to 
about 0.02 and 0.1 surface shear strain, respectively, and 
then twisted back by the same amounts. This was fol- 
lowed by reversed deformation tests, carried out in the 
usual way. The results of these are given in Fig. 10. Fo 
comparison, curves are also given for specimens of the 
same orientations, cut from the same crystals, but not 
previously twisted. It is remarkable that the rate of 
strain hardening is even less after prior torsion than in 
an undamaged crystal; there is no tendency to strain- 
harden at the high rate that is characteristic of crystals 
oriented near [111 ] or [100], which often show signs of 
slip on more than one plane. 

The final distribution of slip lines resulting from the 
reversed straining after prior torsion was very uniform, 
similar to that normally observed for crystals in this 
orientation region. However, during the first few cycles, 
the slip pattern developed first in some parts of the 
specimen and then spread gradually to all parts. This 
was accompanied by jerky deformation, especially in 
crystal no. 86b; once, a jerk was actually observed to 
coincide with the appearance of a new prominent slip 
line in a previously unmarked area. 


V. TENSILE TESTS 


In order to compare the strain hardening of copper 
crystals in cyclic straining with that in unidirectional 
straining, simple tensile tests were carried out for a 
number of orientations. The method of gripping, the 
lengths of the specimens and the measuring procedure 
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tion tests. The rigid gripping of the ends of the speci- 


mens must lead to very considerable inhomogeneity of 
orientation tel to 
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strain when the 
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crystal 


however, small strains 


on the strain hardening should not be serious 


Since these tests were done, an account 


work on copper has been published by Rosi 


many respects the two set results are similar 


compare them and discuss some of 


differences, since the method of 


interesting to 
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line, the initial region of low 


or absent (nos. 84 and 87 


However, for all orientations, the rate of strain hi 


ing at the larger strains is of similar magnitude. 


Some of the results are plotted as tensile stress-strain 


Fig. 12, in wh 


curves in ich are also included 


results | 10 | for similar orientations. Curve no. 53 is the 
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Fic. 12. Comparison of tensile stress-strain curves with those 
of Rosi!’ and Lange and Liicke.? 


only one given by Rosi for 99,999 per cent pure copper 
and should be comparable to curves no. 69 and no. 89 


for similar orientations from the present work. How- 
much 


the region of low strain hardening is of 


ever, g 
cases than in Rosi’s. The 


greater extent in the latter 
other curves from Rosi’s paper refer to less pure copper 
(99.98 per cent). While they are rather similar to the 
present results for orientations near [111] (nos. 41 and 
87) and [100 
siderable difference for orientations near [110] (nos. 34 
and 69 or 89). 

Thus the most striking difference between Rosi’s and 


(nos. 37 and 84), there is again a con- 


the present results lies in the greatly extended region of 
low strain hardening for orientations near [110] in the 
latter. This is at first surprising in view of the fact that 
Rosi’s specimens were gripped in a manner to minimize 
the inhomogeneous strain due to lattice rotation 
whereas in the present work the ends of the specimens 
were prevented from rotating and the specimens were 
relatively much shorter. Also, concludes that 
higher purity crystals show a shorter region of low strain 


Rosi 


hardening. However, the explanation may lie in the fact 
that Rosi’s specimens were of greater diameter (9.5 mm 
compared to 1.5 mm). In this connection, it may be 
observed that the curve reproduced in Fig. 12 from 
Lange and Liicke’s high-purity 
aluminium for an orientation near [110] was obtained 
from an electropolished crystal of 1.5 mm diameter and 


measurements’ on 


shows a very extensive region of low strain hardening. 

The distributions of slip lines for the various orienta- 
tions were similar in most respects to those illustrated 
by Rosi!® and Becker and Hobstetter” for copper and 
by Lange and Liicke’ for high-purity aluminium. The 
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crystals oriented near [111 | and [100] showed strong 
clustering of the primary slip lines, with slip on other 
planes (cross-slip or conjugate slip) developed more 
strongly between the clusters. Crystal no. 70 near the 
middle of the [100 ]-[111] boundary did not show 
clustering of the slip to a marked extent, but the slip 
lines of the two main systems were fairly intimately 
intermingled. The crystals near [110 ] showed very uni- 
formly distributed slip on one plane. This is in contrast 
to Rosi’s conclusion that a mild tendency for clustering 
of the slip lines existed for orientations away from the 
[100 }-(111 ] boundary. 

The crystals oriented near [110] also showed kink 
bands, such as illustrated by © and Lange and 
Liicke.’ These were probably due to the rigid grips, in 
agreement with Rosi’s observations; their absence in 


Rosi 


the reversed deformation tests also supports this con- 
clusion. Slip on a second plane sometimes occurred in 
the kinked regions, as observed in aluminium.’ 7! 

“Bands of secondary slip” (cf. Honeycombe” and 
Rosi’) were a common feature of deformed crystals 
of orientations away from [110 ]. However, no “‘intimate 
cross-slip”’ such as occurs in aluminium‘?! was ob- 
served in any crystals. 

Laue X-ray photographs taken after the tensile tests 
showed marked asterism for those crystals which con- 
tained kink bands, that is, for orientations near [110]. 
The crystals oriented near [100], [111] or the [100] 
[111] boundary showed only slight asterism, although 
the Laue spots were considerably blurred. This con- 
firms the conclusions of Honeycombe,” Lange and 
Liicke,’ and others that asterism arises from kink bands. 
The asterisms from the deformed copper crystals often 
showed a fine structure (cf. Honeycombe”); however, 
the specimens had been heated to about 350°C for 15 
seconds or so when removing them from the testing 
machine. 

Some faint 
photographs. However, they were usually rather broad 


Kossel lines were observed in the Laue 


and, for the orientations near [110], were extremely 
faint. 
VI. DISCUSSION 


The striking contrast between the high rate of strain 
hardening for crystals oriented near [100] and [111 ] 
and the initial low rate for crystals nearer [110] is a 
feature common to the tensile tests and the cyclic strain- 
ing tests; that is, in both types of straining, crystals 
oriented in region A (Fig. 3) show “easy glide.”® How- 
ever, whereas in simple tensile straining the region of 
easy glide ends after a few per cent strain, when the 


yield stress is still below 0.2 kg mm, the low rate of 
strain hardening persists in the reversed straining until 
the yield stress has been raised to at least 0.8 kg mm~. 
Thus a change to a high rate of strain hardening (the 
onset of “turbulent hardening,” in Cottrell’s graphic 
terminology”) does not always occur when the applied 
stress exceeds a critical value. The difference in the two 
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PATERSON: REVERSED DI 
cases must lie in the development of the internal stresses 
from stuck dislocations; because of the alternation of 
slip of opposite senses on neighboring active slip planes 
during reversed straining, the internal stresses in this 
case probably change sign more frequently in a given 
distance and so give rise to weaker long-range interna! 
stresses than result for simple tensile straining. 

The present experiments throw some further light on 
the conditions for the appearance of easy glide. These 
have been given as: suitable crystal orientation, careful 
handling of the crystals, high-purity material, and ab- 
sence of an oxide layer.**:*%.3 The present experience 
with copper confirms the importance of crystal orienta- 
tion. The copper was also of high purity ; however, the 
role of purity is doubtful in view of Rosi’s results’ and 
observations on a-brass.** The presence of an oxide film 
on the copper does not seem to matter, since all tests 
were done in air; even when a visible oxide film was 
allowed to form it did not appear to affect the results. 

An unexpected conclusion is that mishandling of the 
specimens, such as accidental bending, does not prevent 
easy glide. Slight damage usually results in the strain- 
hardening curve in reversed deformation being slightly 
higher than that for an un 
damaged specimen. The experiments in which crystals 
were deliberately distorted in torsion showed that al- 


but of parallel course to 


though the yield stress had been considerably raised, 
the subsequent rate of strain hardening in the reversed 
straining tests was even lower than in undamaged 
crystals. (This was in contrast to Paxton and Cottrell’s 
observations™ that small twists raise the subsequent 
rate of strain hardening in a tensile test.) However, the 
high stress-strain curves for polycrystalline specimens 
suggest that easy glide did not occur in many of the 
crystals contained in them. 

From the evidence given in Sec. V a crystal of smaller 
diameter probably shows more extensive easy glide. 
This favours Mott’s suggestion”® that in the region of 
easy glide most dislocations pass out of the crystal and 
so do not contribute to the hardening, since in a larger 
crystal there would be a greater chance of a dislocation 
meeting an obstacle during its passage through the 
crystal. If the absence of Kossel lines in the Laue photo- 
graphs from crystals after easy glide is a reliable in- 
dication of higher crystal perfection, this further sup- 
ports the idea that not many dislocations are trapped 
in the crystal during easy glide. 

The most prominent feature accompanying a high 
rate of strain hardening, whether in cyclic straining or 
in simple tensile straining, is the clustering of the pri- 
mary slip lines, and, frequently, the appearance of 
other slip lines between these clusters, in spite of the 
orientation being such that slip on only one set of planes 
would be predicted. This is in contrast to the very 
regular distribution of the single set of slip lines resulting 
from easy glide. 

The idea that the high rate of strain hardening (tur- 
bulent hardening) arises from the interaction of dis- 
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dicates the relief of piling up of screw dislocations in the 
primary planes.”* Mott*® has already suggested that the 
intersection of screw dislocations may be the mechanism 
of hardening in the easy glide region. Thus, if the in- 
creased amount of cross-slip is evidence that screw dis- 
locations are playing an increasing role in the deforma- 
tion, it may be that Mott’s hardening mechanism for 
easy glide is still operative in region C but to an increas- 
ing degree nearer [ 111 ]. 

Similarly, in region B the part of the strain-hardening 


curve (type 3) before the upward bend is probably 


associated with the same mechanism. Here, also, the 
slope increases as [ 100] is approached and the relative 
shear stress component in the cross-slip plane is in- 
creased. 

No asterisms were observed in the Laue photographs 
after any of the reversed straining tests; where strong 
asterisms resulted in the tensile tests, they could be 
attributed to kink bands. This again shows that the 
structural features (especially kink bands) that give 


rise to asterisms are not essential to strain hardening.’ 
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DIFFUSION AND SOLUBILITY OF NITROGEN IN SILICON-IRON* 
D. A. LEAK,+ W. R. THOMAS? and G. M. LEAK} 


Internal friction methods have been a 
tion peaks have been resolved; the existen 
jumps of the interstitial nitrogen atoms are conn 
alpha-iron, or (b) in octahedra containing one silicon : 
these mechanisms are 18+1 and 12+2 kcal 
the former type of site. 

The majority of the nitrogen atoms sit in the silicon sit 
present investigation, 250—1000°C. The solubility 
mined within this temperature range and has beer 
pure alpha-iron. This solubility has been measur 
of solution of this nitride is about 8 kcal/g-atom of ni 


DIFFUSION ET SOLUBILITE DE L’AZOTE DANS LES ALLIAGI .-SILIK M 


La méthode du frottement interne a été appliquée 4 un a 
ont été identifiés; l’existence d’un troisiéme est toutefois dout 
des atomes interstitiels d’azote situés soit dans des posit 
positions octaédriques contenant un atome i 
correspondantes sont 18+1 et 12+2 kcal/n 
du premier type. 

La plupart des atomes d’azote dissous sont 
température de cette recherche (250—1.000 
a été mesurée dans cet intervalle de température et a été 
dans le fer a pur. La solubilité a été mesurée pour |’éta 


de dissolution de ce nitrure est cde ordre de 8 Kca 


DIFFUSION UND LOSLICHKEIT VON STICKSTOFF IN EISEN-SILIZIUM 


Eine ternire Legierung 
inneren Reibung untersucht 
erscheint zweifelhaft. Die Spitzer 
entsprechen, stehen entweder mit 
mit solchen (b) in Oktaedern, die 
Die Aktivierungsenergien fiir diesen Mechani 
genannten Typ der Gitterplatze muss eine 
Zu mindestens von 250—-1000°, dem Ter 
die meisten Stickstofiatome auf den Gitt 
wurde die Léslichkeit von Stickst« 
Sie ist um eine Gréssenordnun; 
gewicht mit ei 


gatom. 


INTRODUCTION | 


ast and \leijering 


The effect of carbon and nitrogen on the internal suggested 
friction observed in alpha iron has been investigated by 80 id solution) contrib 
a number of workers! and has been used to follow tended 

ageing”* and also to determine the equilibrium solubility nitride particles. Two 

of these interstitial impurities.* Only a limited amount observed separated by about 70°C (frequency ~1 


of work has been carried out with ternary systems, The lower temperature peak corresponded to 


mainly by Fast® and Dijkstra® and their co-workers. nitrogen in pure alpha-iron. The higher peak 


[his paper reports work on iron-silicon-nitrogen, one interpreted as corresponding to nitrogen in abnorma 


objective being to provide background data for an sites. Chey suggested that ; article ntroduced 


investigation of the effect of impurities, such asnitrogen, abnormal interstices in 
on the magnetic and electrical properties of silicon-iron. nitrogen atoms tended 
The interpretation of the results differs slightly from combining with vanadium ati 
that of previous workers. ‘ecipitated particles. Similar 
tional im] 
* Received January 11, 1955. 
+ British Iron and Steel Research Association (Metallurg: ; 
General Division) Hoyle Street, Sheffield, England ‘mperature only a lew degrees hig 
t Department of Mines and Technical Surveys, (Metallurgy ; 
Division) Atomic Energy Project, Chalk River, Ont ea : 
Canada. 11S Was ue the superposition ol 


resolved peaks but merely 
ure alpha-iron. Fast and Dijkstr 
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corresponding to nitrogen atoms as in 
pure 
jumps to or from sites neighbouring a manganese atom. 
The 


temperature peak is caused by the jumping of nitrogen 


alpha-iron the second corresponded to 


results reported here indicate that the higher 
atoms around the impurity atom. 

Dijkstra and Sladek® showed that the presence of 
0.5 at.% of these substitutional impurity elements 
markedly reduced the solubility of nitrogen (in equilib- 
rium with the precipitated impurity nitride or mixed 
iron-impurity nitride 

Neither Fast nor Dijkstra attempted to calculate 
diffusion rates under the conditions of their experiments. 
Their the the 
abnormal sites having a lower free energy than the 


results were interpreted on basis of 


normal alpha-iron lattice sites. This situation is also 
implicit in the present work where it is suggested that 
the energy barrier to be overcome in jumping between 


the abnormal si is less than that between normal 
alpha-iron lattice sites. This is, in fact, supported by 


Dijkstra and Sladek’s results which showed a large 
half peak width for the higher temperature peak. 
‘he solubility considered here is that in equilibrium 
precipitated nitride. This nitride has not yet 


been characterised. Equilibrium between dissolved 
nitrogen and a surrounding nitrogen atmosphere has 
been investigated, for iron containing 3 per cent silicon, 
that the 
out half that for pure alpha-iron. The 
a very much red 
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his will refer, i ourse, 


to an inter- 


lute in a body-centered cubic lattice. 


the form of a wire or thin strip, is 


suspension for a freely oscillating 
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logarithmic decrement 6 for resulting decay of free 
vibrations. This is related to the temperature 7 at 
which the measurement is carried out by 


where 
T= exp(QV Ki). 
mechanism of 


This applies to a single relaxation 


relaxation time 7, w is the angular frequency of the 
free vibrations, A the relaxation strength of the process, 
Q the activation energy for the jump process concerned 
and R the gas constant. The diffusion coefficient D 
can be related to r for a body-centered cubic lattice, as 
a random-walk problem 


36r. 


where a is the lattice parameter for the solvent. Neglect- 
ing variation of A with 7, then the maximum value of 
6 is obtained when 
wr=1. (4) 
At this point A is directly proportional to the amount 
of interstitial solute taking part in the jump process, 
that is, the amount of interstitial solute in free solution. 
Summarising, the relevant which 
extracted from internal friction measurements are 


items can be 


diffusion coefficient of the solute (knowing the 

frequency w required to give a peak at tempera- 

ture T); 

amount of solute in solution (from the height 

of the peak 5 

further to item (ii) 
the peak 


with time in 
indication of 


the decay 


height of gives an 


precipitation or ageing. 


EXPERIMENTAL 


iron were cut, 
from material 


Strip specimens of high purity silicon 


of dimensions about 250X3K1 mm 


prepared by the National Physical Laboratory. The 


(in wt. %) 


analysis at this stage was as follows: 


2.83 
0.001 
0.00053 
0.002 
0.004 
0.003 
0.003 


Silicon 
Nitrogen 
Oxygen 
Carbon 
Sulfur 
Aluminum 
Phosphorus 


Specimens were nitrided in ammonia-hydrogen 
mixtures to give nitrogen levels of about 0.005, 0.01 or 
0.05 wt.%. This was carried out by sealing the specimen 
in a silica reaction tube. After evacuating to remove 
oxygen, hydrogen and ammonia were introduced to 
give a total pressure of 25 cm Hg. Nitriding took place 
at 700°C, at which temperature the total pressure was 
still{less than 1 atmosphere. 


6 WT 
=A: (1) 
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LEAK, THOMAS anp LEAK: 

For the determination of the diffusion coefficient the 
following procedure was adopted. Specimens containing 
about 0.005 to 0.01 wt. % nitrogen were sealed in silica 
tubes under a vacuum of better than 1u Hg pressure. 
These were then quenched from 900°C or 1000°C into 
water at 20°C. The silica had to be fractured mechani- 
cally at the instant of quenching. This technique avoided 
oxidation of the specimens and gave specimens contain- 
ing nitrogen in solution. Immediately after quenching 
the temperature of the internal friction peak was 
determined for various frequencies of oscillation. 

For the determination of the solubility this method 
was modified as follows: Specimens containing rather 
more nitrogen than was in solution at temperature 7 
in in hard glass or silica and 


were sealed vacuum 


quenched from temperature 7 into water at 20°C. For 


a constant w, throughout this series of measurements, 
the height of the internal friction peak was determined 
for various quenching temperatures between 200°C and 
1200°C. Hard glass was used for quenching tempera- 
tures below 800°C. The criterion that a specimen con- 
tained more nitrogen than would be in equilibrium 


TABLE 


0.17 
0.79 
.26 
32 
388 
0 
.96 


solution at temperature J was that quenching from a 
temperature greater than 7 should give a bigger peak 
than from the lower temperature. Experience rapidly 
indicated what specimens should be used for each 
quenching temperature. 

The results of this second series of measurements 
would thus give the solubility in terms of arbitrary 
in order to 


units of logarithmic decrement; an 


absolute value it is necessary to know the proportional- 


gel 
ity constant between A and the number of interstitial 
atoms taking part in the jump process. The specimens 
used were all of the same texture so that the proportion- 
ality constant remained unchanged throughout the 
series of measurements. For a polycrystalline specimen 
it not 
constant. Two methods can be adopted to determine an 


is feasible to calculate the proportionality 
absolute value for solubility. Firstly, a monocrystalline 
specimen of known orientation can be loaded with 
nitrogen and its elastic after-effect determined after 
quenching. Secondly, chemical analysis of one of the 
original polycrystalline specimens can be used, provided 
its nitrogen content falls within the solubility range. 
This latter method was adopted here. 
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It became apparent immediately the present 


was started that the situation with iron-silicon 
was more complex. In general, two ]| 
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DETERMINATIONS 
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] 


friction measurements correspond 


jump mechanism for the interstitial nitrogen 


where all 


the neighboring atoms were 


from sites 
In 
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(ii) to and from sites with one nearest neighbor a 
Si atom (Si sites). 

(iii) from a site with all Fe nearest neighbors to 
one with a Si neighbor (Fe—Si sites). 

(iv) from a site with one Si neighbor to a site with 
only Fe neighbors (Si—Fe sites). 

(v) to and from abnormal sites neighboring particles 
of the second phase. 

(vi) to or from sites with more than one Si neighbor. 


By comparison of these results with those for pure 
alpha-iron" it is obvious that curve (a) in Fig. 2 is 
identical with that for the diffusion of nitrogen in 
alpha-iron. The activation energy for this process is 
18+1 kcal/mol; Dy is equal to 3.110 
Thus this curve (a) can be assumed to correspond to 


In the 


se¢ 


nitrogen atom jumps to and from ‘‘Fe sites.”’ 


calculation based on Eqs. (2) and (4) the lattice param- 


) 
eter a was taken to be 2.857X10-* cm from the work 


of Jette and Greiner” and Farquhar, Lipson and 


Weill." The alteration of lattice from 
2.861A for pure iron to 2.857A for the silicon-iron alloy, 
reduces the diffusion coefficient by only 0.6 per cent. 


This is less than the experimental scatter in the results. 


parameter 


It remains to determine what interstitial jumps give 
rise to curves (0) and (c) in Fig. 2. Curve (6) will be 
considered first. Figure 2 that 
energy for the mechanism giving rise to curve (0) is 


shows the activation 
12+2 kcal/mole. 

It has been shown by Jack" that 
nitrogen in the body-centred cubic iron lattice causes 


interstitial 


a distortion. This can best be visualised by considering 
an octahedron of iron atoms (Fig. 3). Nitrogen occupies 
The 


resulting distortion consists of an expansion along the 


the interstice at the center of this octahedron. 


tetrad axis and a contraction along the diad axes. 
Silicon atoms sitting substitutionally in the iron lattice 
if a silicon atom occupies 


Thus, 


contract the lattice. 
one of the sites of an iron atom octahedron, along the 


(2) 
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NITROGEN ATOM 


SILICON ATOM 


Fic. 3. Octahedral sites in (a) pure alpha-iron, (b) pure alpha-iron 
plus nitrogen, (c) silicon iron plus nitrogen. 
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tetrad axis, then the energy of this system, with an 
interstitial nitrogen atom at the centre, 


than for an octahedron containing no silicon atom. The 


would be less 


expansion required by the interstitial nitrogen atom is 
partially compensated by the contraction required by 
the silicon atom; the distortion presented to the 
surrounding lattice is reduced by the presence of silicon. 
Thus the nitrogen atoms will prefer to sit in octahedra 
of which the tetrad axes contain silicon atoms. Consider- 
ing specifically the internal friction mechanism, under 
an alternating stress the nitrogen atoms will jump 
into equivalent sites around the silicon atoms. The 
activation energy corresponding to jumps for these 
sites will be less than for Fe-sites due to the energy 
gained by also accommodating a silicon atom. It is 
assumed that this type of jump gives rise to curve (0) 
of Fig. 2 and has been called a Si-site jump. 
Calculation of a diffusion coefficient from the jump 
processes giving rise to the internal friction peaks 
reported here, assumes that the jump is one step of a 
random walk problem.'® This gives rise to Eq. (3). On 
this basis a diffusion coefficient could be calculated for 
curve (b) and has, in fact, been carried out in Table I 
and in the plotting of Fig. 2. The resulting diffusion 
coefficient is very small in comparison with that for 
Fe sites. However, there is a strong tendency for 
nitrogen atoms occupying interstices in octahedra 
containing silicon atoms to move only through these 
octahedral sites. The relative scarcity of such octahedra 


in this dilute alloy (5.5 at.% Si) automatically implies 


that the nitrogen atoms associated with silicon atoms 
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will not take part in bulk diffusion to any great extent. 
In general, they will take part in bulk diffusion only 
when they have broken away from silicon atoms. They 
will then contribute to the peaks giving rise to curve (a) 
in Fig. 2. Thus it may not appear valid to calculate a 
diffusion coefficient for curve (6) and to arrive at an 
activation energy for the process. However, the plot in 
Fig. 2 is equivalent to a plot of —log(constant X fre- 
quency versus 1/T. This in turn is 
equivalent, from Eqs. (2) and (4), to a plot of —log 
(constant Xrelaxation time) versus 1/T. The slope of 
curve (b) is thus the activation energy for the jump 


of oscillation) 


process involved. 

Ferro’ has recently observed a magnetic after-effect 
in iron-4% silicon-nitrogen alloys, giving an activation 
energy of 12 kcal/mole. Presumably this is explainable 
on the same basis as curve (6) of Fig. 2. 

Curve (c) is of doubtful origin. It is suggested that the 
internal friction peaks giving rise to this curve are due 
to nitrogen atoms sitting in the vicinity of nitride 
precipitated particles. This corresponds to Fast and 
Meijering’s treatment® of the Fe-V-N system. Further 
work is needed to determine the origin of these peaks. 
Sites with two or more Si neighbors will be very rare 
and will probably not contribute to the measured peaks. 


DETERMINATION OF SOLUBILITY OF NITROGEN 


The height of the internal friction peak is proportional 
to the number of interstitial solute atoms in random 
solution. As shown above, for the Fe-Si-N system there 
are two peaks to be considered. The solubility is the 
sum of these peak heights. The proportionality between 
peak height and number of interstitial atoms taking 
part in the jump process, depends (a) upon the distor- 
tion introduced into the lattice by the presence of the 
factors common to 


interstitial atom, and (0) 


both jump processes for Fe-sites and Si-sites. It will 


upon 


be seen from the results reported below that the Si-site 
peak is always much greater than the Fe-site peak. 
The error introduced by the assumption that the 
distortions are equal for nitrogen atoms in both sites 
should not be greater than a few per cent. Since this 
applies to a small contribution to the total solubility it 
has been ignored. The accuracy in determination of 
any point on the solubility curve is probably about 
+5 per cent. This will be referred to later. 

Two major assumptions were made in order to 
interpret the results: Firstly, that the time taken to 
measure the internal friction curve did not allow 
appreciable precipitation to occur during measurement. 
Work on precipitation will be reported later. For the 
purposes of the present work each peak was determined 
more than once. One of the successive determinations 
was measured only at the peaks. This showed that 
aging did not introduce a serious error. The second 
assumption was that the curve of internal friction 


versus temperature could be analysed quantitatively in 


NITROGEN 


IN SILICON-IRON 


terms of the two jump processes considered. This point 
will be dealt with forthwith. 
he form of the internal friction-temperature curve, 


, can be rew ritten as 


where 


temperature of the 


and 7, A theoretical 


curve can thus be fitted to the experimental points, for 


is the peak. 


the major peak corresponding to the Si-sites. The 


minor peak can then be measured graphically. 


EXPERIMENTAL RESULTS 


These are summarised in Table II. The important 


errors are as follows: 


(1) the temperature of quenching is known to better 
‘at 1000°C and +2°C at 300°C. This error 


compared with 


than +5°( 


is insignificant others, although for 
quenching temperatures much above 1000°C the speed 


of quenching is decidedly variable. As a consequence, 


no weight is attached to points above 1000°C 


(ii) estimation of the background damping. 


(ili) estimation of the best 


These latter two errors have been estimated for each 
temperature of quenching. The 


total error is less than 


+5 per cent in the final value for the solubility. 


It is significant that 


there are measurable Fe-site 
peaks only for high quenching temperatures. 

Table II gives solubility in terms of arbitrary units. 
An absolute value was obtained by nitriding specimens 
to levels of 0.003, 0.004, 0.006, and 0.008 wt. % N, and 
then determining the peak height after quenching from 
900—-1000°C 

Chemical analysis and internal friction analyses are 
given in Table III. Chemical analysis was carried out 


by a modification of the Kjeldahl method." 


The final solubility-temperature curve from Tables 


II and III is given in Fig. 4. 
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For a perfec t solid solution the solubility Cin equilib- 
ium with a precipitated second phase is given by 


where AH is the heat of solution per gram atom of 
nitrogen. Figure 5 shows a plot of log C versus 1/T for 
the results of Table II. AH can be calculated from the 
slope of this curve and is equal to 8 kcal. Thus the 
solubility C wt. % is given by 
4000 
—(.42. 
2.3T 


DISCUSSION 


The final solubility curve shown in Fig. 4 is nominally 
for an alloy containing 2.83 per cent silicon. Obviously 
for specimens quenched from 300°C most of the nitrogen 
is in the form of a precipitated nitride. There is some 
that this is not silicon nitride SisN,. It is 
possible that it is a complex iron nitride containing 


evidence’® 
silicon. In other words measurements for low quenching 
temperatures correspond to alloys containing less than 
2.83 per cent silicon in solution. Assuming that Si;N, 
represents the maximum amount of silicon with which 
nitrogen can combine, then even for an alloy containing 
0.01 wt. % nitrogen, this can combine with only 
0.015 wt. % silicon. The low quenching temperature 
measurements were made with alloys containing about 
0.01% nitrogen. Thus the error introduced is negligible. 

The most significant point is that the solubility of 
nitrogen in iron is reduced by more than an order of 
magnitude by the addition of 5.5 at.% of silicon. 
Almost all the nitrogen atoms in silicon-iron have been 
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shown to be associated with octahedra containing a 
silicon atom. This also entails a reduction in the total 
soluble nitrogen content; this suggests that increase of 
silicon content might further reduce the nitrogen 
solubility until nitrogen could no longer be interstitial 
in silicon-iron. Unfortunately, it may not be practicable 
to utilise the internal friction technique to investigate 
this aspect; iron containing more than about 5 wt.% 
of silicon becomes too brittle to handle by this method. 
The results of Corney and Turkdogan* showed that 
the solubility of nitrogen in 2.83 per cent silicon-iron, 
in equilibrium with 1 atmosphere pressure of nitrogen 
gas, is about half that for nitrogen in pure alpha-iron 
at a corresponding temperature. The present results 
are compatible with this since the precipitated phase in 
the silicon iron is more stable than iron nitride. Dijkstra‘ 
suggested that the heats of solution of the two iron 
nitrides FesN and 


however, 


were about 8000 cal/g-mole. 


Borelius,”?#! suggests a heat of solution of 
about 5500 calories. This would fit equally well with 
Dijkstra’s results. Thus the heat of solution of the 
present iron-silicon-nitride is some 2000 cal/g-atom of 
nitrogen greater than that for iron nitride. 

Dijkstra and Sladek® also investigated the effect of 
alloying elements on the behavior of nitrogen in iron. 
Their interpretation of the internal friction curves 
differs from that given here. The possibility of jumps 
from Si-sites to Fe-sites (or vice versa) corresponds to 
the jumps postulated by Dijkstra and Sladek for the 
Fe-Mn-N way in 


system. The assumption of the 


which silicon or manganese atoms affect the potential 


energy of a nitrogen atom in the iron lattice suggests 
that the energy barrier for jumps from Si- (or Mn-) 
sites to Fe sites is greater than for jumps in the opposite 
direction, and is greater than for Fe-Fe site 
jumps. Dijkstra and Sladek did not consider Mn-Mn 
jumps corresponding to Si-Si jumps. 


also 


From Equation (1) it becomes immediately apparent 
that the half-peak width AT of the internal friction 
versus temperature curve is given by 


(10) 


where 7, is the temperature at which the curve is a 
maximum. This equation is an approximation, but the 
error is less than 0.5 per cent for values of 7, about 
room temperature and half-peak widths of less than 
50°C. Since this half-peak width is virtually independ- 
ent of peak height, for a fixed frequency of oscillation, 
the activation energy for the process is inversely propor- 
tional to the half-peak width. Thus the activation 
energies for the higher-temperature peaks measured 
both by Dijkstra and Sladek® and in the present work 
are certainly no greater than for Fe-sites. This virtually 
excludes the mechanism proposed by Dijkstra and 
Sladek ; it also excludes Si-Fe site jumps. 
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One further aspect of this work has not yet been 
investigated fully. For low quenching temperatures 
there is only a negligible peak for Fe-sites. The greater 
majority of nitrogen atoms sit in Si-sites. As the 
quenching temperature is raised, the Si-sites peak is 
raised until at about 700°C a measurable Fe-site peak 
is observed. This latter peak rises steadily up to 1000°C. 
For higher quenching temperatures the inaccuracies 
of the method did not warrant detailed analysis of the 
peaks. However, the observed tendency was for the 
Si-site peak to remain roughly constant at a value of 
15 (in the arbitrary units of Table II) whilst the 
Fe-site peak rose steadily. This suggests that the Si-sites 
are saturated by about 0.015 wt. % nitrogen (0.06 
at.%). This suggests that only 1 per cent of the 
available Si-sites are occupied. This problem can be 
investigated accurately only by a technique which can 
resolve the two peaks more accurately—i.e., by the 
use of a high-frequency method. 


CONCLUSIONS 


It has been shown that bulk diffusion of nitrogen in 
iron containing 2.83 wt. % of silicon is governed by the 
same diffusion coefficient as in pure alpha-iron. How- 
ever, the larger part of the nitrogen atoms are closely 
associated with silicon atoms in the body-centered 

} 


iron lattice. Below a temperature of about 700°C the 


number of nitrogen atoms, not associated with silicon 
atoms, is too small to be detected by the internal 
friction technique. 

The solubility of nitrogen in this alloy in equilibrium 
with a precipitated nitride has been measured. The 
silicon alloying content reduces the nitrogen solubility, 
by comparison with pure alpha-iron, by more than a 
factor of ten. This solubility is associated with a heat 
of solution of about 8000 cal/g-atom of nitrogen. 

Present evidence suggests that the precipitated 
phase is not silicon nitride Sis;N, but is probably a 
complex iron-silicon-nitride. This problem, together 
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with an investigation of the mode of precipita 


the nitride is now being studied. 
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LETTERS TO THE EDITOR 


Isothermal Measurements on the Release of 
Energy Stored in Cold-Worked Aluminium* 


In the present work the change of the internal energy 
with time and temperature of deformed high-purity 
aluminium has been studied by an isothermal calori- 
metric method. Isothermal measurements of the same 
kind have previously been reported by Borelius' and 
Borelius, Berglund and Sjéberg? on recovery in some 
metals at 60°C and 100°C. The measurements have 
now, however, been extended over a larger range of 
temperature in order to obtain not only recovery but 
also other relaxation stages. 

The calorimetric apparatus was, in principle, the 
same as that used in earlier investigations with the 
Borelius type of isothermal microcalorimeter. Owing to 
the small evolutions of heat, for recovery 0.001-—0.03 
cal/mole/hr, a number of precautions were made to 
eliminate or reduce disturbing effects. The specimens, 
in the shape of small cylinders, 70 mm long and 15 mm 
in diameter, were prepared from bars of polycrystalline 
aluminium of a purity of 99.99 per cent. Before cold- 
working, the samples were annealed and cooled down 
rather slowly to room temperature. The plastic deforma- 
tion was made as a compression at room temperature 
and deformations from some per cent to 45 per cent 
reduction of the height were used. 

The release of stored energy from the cold-worked 
aluminium was studied by isothermal measurements at 
successively raised temperatures from 70°C up to 350°C 
without renewed deformation of the samples. There 
appeared at different temperatures three different types 
of rate-of-energy-release-versus-time curves. For the 
lowest temperatures, below 100°C, hyperbolic curves 
were always obtained in agreement with Borelius ef al.” 
Between 180°C and 250°C, however, the measurements 
gave an exponential relation between rate of energy 


100 200 300 


500 600 
c 


Fic. 1. Energy released by heat treatment of 45% compressed 
high-purity aluminium and the corresponding hardness values. 
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and time, and at the highest measuring temperature 
used, about 350°C, there appeared a maximum followed 
by an exponential decrease, of a form typical for a 
nucleation and growth process. The energies released 
in measurements on a 45 percent deformed specimen 
are shown in the staple diagram in Fig. 1. The energy 
values have been obtained by graphical integration of 
In this figure the 
the 


the corrected measuring curves. 
relative Brinell hardness values, 
surface of the specimen, have also been plotted. 


measured on 
The first stage in the calorimetric series has been 
ascribed to recovery. It is distinctly separate from the 
following as there are measurements between them with 
practically no evolution of heat. The rate curves for 
this stage are in agreement with an equation suggested 
by Borelius? 


dQ 
=—c.0. exp{—(E—0.0.)/RT}, (1) 
dt 


where () is the heat still to be given off for full recovery, 
cis a constant of the order of the frequency of the atomic 
vibrations, and 6 is a number. This 
equation differs by the factor c.Q. from a formula for 
the dissolution of dislocations given earlier by Kuhl- 
mann, Masing and Raffelsieper,® having only a constant 
before the exponential term. Figure 2 shows a typical 


dimensionless 


result of a measurement at 70°C on a slightly deformed 
specimen. The rate dQ/di is plotted against the recip- 
rocal of the time. The curve has been calculated from 
Eq. (1) with c=8.3X 10", which is the atomic frequency 
for Al, b=15 000 obtained from the slope of the first 
straight part of the curve, and E=26 700 cal/mole. 
From other similar measurements, an average energy of 
activation for recovery of 28 000 cal/mole was obtained. 

As mentioned earlier, in the temperature range 180°C 
to 250°C exponential curves were obtained. From the 


1o Os 


Yt 

Fic. 2. Rate of energy versus the reciprocal of the time for a 
slightly deformed high-purity aluminium specimen measured 
at 70°C. 
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LETTERS 


time constants of the curves for two equally deformed 
specimens measured at 182.7°C and 205.0°C, an energy 
of activation of 36 000 cal/mole was calculated, which 
is in fact the same value as has been ascribed to the 
self-diffusion effect in Further, it 
obvious from a microscopic examination that the release 


aluminium. was 
of energy at these temperatures, 0.2-1.5 cal/mole, was 
associated with changes in the substructure of the metal. 
In order to interpret these results there seem to be two 
possibilities. One should be that the effect is due to a 
growth of subgrains, already created during the plastic 
deformation. The other possible mechanism is a polyg- 
onization process. 

The results of the calorimetric experiments and the 
decrease of hardness at about 350°C point to a primary 
recrystallization process in the specimens at these 
The energy of activation 
measurements at 346.7°C and 353.0°C calculated to 
58 000 cal/mole, which value is quite in line with 
primary recrystallization. 


temperatures. was from 


earlier determinations on 
From comparative measurements on specimens, which 
all had been cold-worked to the same degree, it was 
found that pre-annealing at about 200°C—that is, in 
the region of substructure changes—had a marked 
influence on the recrystallization process. 

A more detailed 


discussions will be given elsewhere.* 


account of results and further 


H. U. AstrOm 
Department of Physics 
Royal Institute of Technology 
Stockholm, Sweden 


* Received July 8, 1955. 
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Effect of Ternary Additions of Silicon and 
Aluminum on the Ordering Reaction 
in Iron-Cobalt* 


In recent notes, Oriani! and Muldawer? have com- 
mented on the relation between the critical temperature 
of order, 7., and the solidus temperature, 7,, of a 
number of alloys. Oriani has observed a correlation 
between 7, and 7, in simple binary alloys of composi- 
tion AB and AB;. More specifically, he found 7,/T 
=().63+0.06 for alloys of the AB type and 7,.,/ 7,=0.55 
+0(.10 for those of the AB; type. 

Muldawer has pointed out that when Au is gradually 
substituted for Ag in the alloys AgZn and AgCd, the 
ratio T./T, 
Oriani to a value of 1.00 at the compositions AuZn 


increases from the values indicated by 
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upper critical point is the a 


Inverse rate thermal analysis curves, for alloys contain 


various wt. % of Si. The 
itical 


transformation; the lower c1 


point is related to the ordering reactior 


and AuCd. Muldawer proposed that any generalization 
concerning the ratio 7./7, should presumably account 
for the effect of ternary substitutions. 

Along somewhat different lines, some data concerning 
the effect of ternary additions of silicon and aluminum 
on an alloy containing equal weight percentages of 
iron and cobalt were obtained. While the substitution 
of Al and Si in the FeCo structure is not analogous to 
the replacement of Ag by Au in AgZn or AgCd, it is 
thought that the effect of the ternary elements on the 
ordering reaction may be of interest. These data were 
obtained in the course of unpublished research on the 
magnetic properties of various ternary Fe—Co alloys 
Figure 1 shows the effect of additions of up to 5 wt % 


of silicon on inverse-rate thermal analysis curves. 
The technique employed in obtaining the data was that 
described by Smith.‘ A heating rate of approximately 


2°C per minute was Ipper transformation 


used. The 


temperature indicated is that of longest thermal 


on heating) during the a—) ange. It 


that 


arrest phase 
content 
critical temperature of order and reduce 
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effect is not discernible, heaving either disappeared 


is seen increasing silicon increase the 


due to ordering. 
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completely, or having been masked by the a—y phase 


change. 

Figure 2 shows the effect of additions of up to 2 wt. 
© aluminum on inverse-rate thermal analysis curves 
of similar alloys. In the range of composition inves- 
tigated, the effect of aluminum on the ordering reaction 
is similar to that of silicon. 

Data of Vogel and Rosenthal* indicate that the values 
of T, of the iron-cobalt-silicon alloys investigated 
decrease with increasing silicon content, and data of 
Koster® indicate the same trend in the iron-cobalt- 
aluminum alloys. In these cases, then, the ratio 7./T 
increases with the ternary addition. 

In the present work, no serious effort was made to 
account for the observed behavior. It might be pointed 
out however, that both silicon and aluminum form 
ordered structures with iron, as well as compounds with 
cobalt. 

Incidentally, it 
for CoFe as approximately 800°C. The 


was noted that Oriani estimated a 
value of T 
actual value is probably about 732°C as obtained by 
Ellis and Greiner’ and as reproduced in this laboratory. 
The change, however, does not appreciably affect 
Oriani’s correlation between 7, and T 
Acknowledgment is made to the Signal Corps 
Engineering Laboratory, Fort Monmouth, New Jersey, 
for support of the work reported herein. 
A. J. GRIEST 
J. F. Lisscu 
G. P. CONARD 
Lehigh University 
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Nouvelle Interpretation des Diagrammes 
a “Side-Bands’’* 


Les diagrammes a “side-bands ont d’abord été 
étudiés par Daniel et Lipson’ et Hargreaves’ sur des 
alliages terraires Cu— Ni—Fe. On en connait mainte- 
nant d’autres exemples.’* Ce type de diagrammes 
correspond a |’éxistence dans l’espace réciproque du 
cristal de paires de satellites disposés symétrique- 
ment a petite distance des noeuds du réseau réciproque. 
La position des satellites est la méme autour de chaque 
noeud, mais leur intensité croit comme le carré de la 
distance du noeud 4a l’origine. Prenons comme exemple 


alliage Cu—Ni—Fe étudié par Hargreaves: la phase 
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cubique homogéne n’est stable qu’a haute température 
(1000°C) et, aprés trempe et revenu a température 
modérée (600-800°), la phase unique est remplacée par 2 
phases tétragonales, l’une riche en cuivre et |’autre 
apprauvrie: les deux cristaux ont le méme paramétre 
a et, pour la premiére, le paramétre c est un peu plus 
grand que a et pour l’autre un peu plus petit. 

Le diagramme 4 “side-bands” apparait avant le 
stade de la séparation de ces deux phases. II est donc 
naturel de penser qu’il caractérise un état owt les 
ségrégations sont encore trés cohérentes avec le réseau 
de la matrice. L’interprétation de Daniel et Lipson, et 
celle plus précise de Hargreaves, sont fondées toutes 
deux sur l’idée d’une structure périodiquement modulée 
de la solution solide. Des lamelles paralléles aux plans 
(100) alternativement riches en cuivre et appauvries en 
cuivre se succédent réguliérement: Pour les rayons X, 
tout se passe comme si tous les atomes avaient un 
facteur de diffusion identique, car les nombres atomi- 
ques de Cu, Ni et Fe sont trés voisins. On montre que 
les différents écartements de plans (100) provoqués par 
les changements de composition doivent produire des 
“‘side-bands,”” conformes a celles qui sont observées. 
La période de la modulation de la structure déduite de 
l’écartement des satellites varie suivant les traitements 
thermiques de 65 4 125 A. 

Un tel modéle de structure périodique souléve de 
graves difficultés. Comment peut-on expliquer la 
germination des doubles lamelles 4 des intervalles 
réguliers de l’ordre d’une cinquantaine de distances 
atomiques? Par quel mécanisme de croissance la 
période de la modulation peut-elle augmenter quand le 
revenu se produit? La structure primitive devrait 
complétement disparaitre et une nouvelle germination 
se produirait. Ce n’est pas trés vraisemblable, car la 
variation de l’écartement des “‘side-bands” est continue. 

L’objet de cette note est de signaler que l’hypothése 
de la périodicité d’ot: viennent ces difficultés, n’est pas 
nécessaire pour rendre compte des diagrammes observés 
et de proposer un autre modéle de structure. On peut, 
en effet, rapprocher le phénoméne des 
des diffusions observées au cours du premier stade du 
durcissement de l’alliage Al—Ag?: 


“‘side-bands”’ 


dans ce des 


Cas, 
anneaux de diffusion entourent les noeuds du réseau 
réciproque. On les a expliqués par des zones 4 structure 
complexe. Chaque zone est formée d’un noyau ow se 
concentrent les d’argent, entourée d’une 
auréole appauvrie, d’ot ces atomes ont migré vers le 
noyau central. Le point essentiel pour la théorie de la 
diffraction des rayon, X est que le nombre d’atomes 


atomes 


d’argent en excés dans le noyau soit égal au nombre 
d’atomes d’argent marquant dans |’auréole. Les zones 
sont irréguliérement distribuées dans la solution solide 
non modifiée. 

Nous admettrons que l’alliage Cu— Ni—Fe contient 
des zones complexes de structure analogue mais en 
forme de plaquettes paralléles aux plans (100). Une 
lamelle avec des plans riches en cuivre, donc d’intervalle 
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48 plans 


Fic. 1. Schéma d’une zone perturbée insérée dans le réseau nort 


accru, est bordée de chaque c6té par une bande appau- 
vrie en cuivre, donc de paramétre inférieur a la normale. 
La contraction de la bande centrale est éxactement com- 
pensée par expansion de deux bandes lalérales, si bien 
que l’ensemble s’insére dans la matrice sans déformations 
aux éxtrémités. 
Nous aurions pu 
inverse avec une lamelle centrale 4 paramétre contracté 


Supposer aussi une disposition 
entouré de 2 bandes a paramétre dilaté. 

Considérons, par exemple, la zone schématique 
suivante (figure 1) les 2 plans d’intervalle a (1+¢e 
entourés de deux bandes de x plans d’intervalle a 
(1—e), les plans extrémes de la zone sont confondus avec 
les plans du cristal régulier de paramétre a. Un nombre 
quelconque de telles zones sont inclues dans une suite 
d’un trés grand nombre de plans normaux sans aucune 
régularité entre elles. Nous supposons que tous les 
plans ont méme pouvoir diffusant. Quand e est petit, 
le calcul de la diffusion produite par la zone conduit 
au résultat suivant: chaque noeud est entouré d’une 
paire de bandes symétriques dont le profil est donné 
par la figure 2 et dont l’intensité est proportionnelle a 
Pe, 1 étant l’ordre du La 
inverse (au centre plans d’écartement a (J—e) bordés 


noeud. zone de structure 
par des plans distants de a (1+) donne exactement Ja 
méme figure de diffraction. 

La figure de diffraction prévue concorde bein avec 
les observations. En particulier remarquons que les 
satellites observés ont toujours une certaine largeur 
de l’ordre de celle trouvée par les zones de la figure 1 
et que le second ordre n’est pas en général observé. 
Avec l’hypothése de la structure périodique, au con- 
traire, on prévoit des raies satellites fines: il faut, pour 
expliquer la largeur observée, ou admettre les variations 
de période d’un point a l’autre de |’échantillon ou réduire 
le nombre de périodes de la région modulée, ce qui 
finalement tend vers la structure de la zone proposée ici. 

Le calcul de la figure de diffraction d’une zone 
perturbée dans le cas général sera publié ailleurs. Nous 


citerons ici deux résultats: (1) Pour qu’il apparaisse 
des satellites nettement détachés du noeud normal, il 


faut que l’intensité diffusée passe par un minimum nul 


a l’emplacement du noeud. Ceci éxige que dans la 


décomposition en intégrale de Fourier du déplacement 
des atomes a partir de la position normale, les coeffi- 
cients des terms de trés grande période soient nuls. 
C’est ce qui se produit dans le schéma de la figure 1. 
Par contre, ce ne serait pas le cas pour une zone formée 


de deux lamelles juxtaposées |’une de 7 plans d’intervalle 


a (1+ e) et l’autre de n plans d’intervalle a (1+ La 


diffusion produite par une telle zone e ‘dont 


le maximum coincide avec le noeud normal : l’expérience 


permet donc d’éliminer cette structure dans le cas de 
la dé& omposition des alliages Cu Ni | S. 


2) Au lieu 


comparer les diffractions calculées et observées, on pr 


d’imaginer 4 priori un modeéle et de 


chercher 4 déduire directement la structure de la zone 


des données de l’expérience. Comme dans tout probléme 


a pas une so 1t1ion 


de diffraction des rayons X, il n’y 


unique. Ce qui est seulement possible, ' c’est de trouve! 


la structure de la zone d centre de symétrie ou d’invers 


qui donne les effets de diffusion observés 
] ] ) ] 


Dans la courbe de la figure le rapport de |’écart 


entre satellite et noeud a la période du réseau réciproque 


est approximativement égal a l’inverse du nombre total 


de plans de la zone. Lé rap pro hement des 
traduit donc simplement une croissance en épaisseur. 
Qualitativement, le processus de la croissance serait le 


suivant. Le germe de la zone serait un plan (100), par 


en choisissant lune des 


exemple, enrichi en cuivre 


deux structures possibles). Les atomes des plans 


immédiatement voisins sont attirés germe 


(“up-hill diffusion”’ 
la stabilité plus grande, d’une part de la composition 


par ce 
; l’origine de cette attraction est 
enrichie, d’autre part de la composition appauvire de 


bandes latérales, puisque la solution solide tend a se 
décomposer. Par diffusion normale, certains atomes de 


cuivre passent de la solution solide environmant la 


— 
— 
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spacing and X-ray orientation, that individual bound- 
aries of this type are tilt boundaries consisting of edge 
dislocations parallel to the growth direction.' It is not 
uncommon for such boundaries to intersect at angles 
close to 90 degrees, in the form of T’s or L’s, as viewed 
in the (001) plane. Such intersections provide a means 
of testing the grain-boundary theory of edge disloca- 
tions, without the need for orientation measurements. 
Since the sum of the tilt angles, 6, encountered in a 
circuit about the intersection must be zero, the disloca- 


Fic. 2. Variation de l’intensité diffusée le long de l’axe du réseau = 
réciproque normal aux plans de la zone. 

zone dans les bandes latérales. Mais ces atomes de 

cuivre sont en excés par rapport 4 la composition 

appauvrie et sont attirés par la bande centrale qu’ils 

contribuent 4 épaissir. Ce processus est évidemment 

d’autant plus lent que les bandes latérales sont plus 

larges: d’ot une taille limite des zones aux températures 

pas trop élevées. La zone s’accroit quand on augmente 

les températures de revenu, jusqu’a ce qu’il y ait 

rupture de cohérence avec la matrice et formation de 

deux phases a structures cristallines bien caractérisée. 
Il apparait donc, d’aprés cette analyse, une analogie 

profonde entre le processus de ségrégation des alliages 

du type Cu—Ni—Fe et des alliages 4 durcissement 

structural bien qu’apparemment les phénoménes de 

diffraction de rayons X qui les révélent soient trés 

différents. On voit aussi la possibilité de préciser 


expérimentalement la structure des zones de ségrégation 
qui avaient été introduites par les théoriciens (complexes 


de Dehlinger’). 


A. GUINIER 
Conservatoire des Arts et Métiers 
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Dislocation Densities in Intersecting Lineage 
Boundaries in Germanium* 


> 


Measurements of linear dislocation densities in 


intersecting low-angle lineage boundaries in germanium 
single crystals are described in this letter. The crystals 


were grown in the [001 | direction in a horizontal boat 
and the lineage boundaries tended strongly to lie in 
the two {110} planes parallel to the growth direction. 
It has already been shown, by measurement of etch-pit FiGuRE 3. 
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tion densities in the intersecting boundary branches 
must be simply related. Amelinckx,? using equations of 
Read and Shockley,’ has already described the case of 
this relationship, in which the boundary planes have 
an arbitrary rotation about the [001] axis of a cubic 
lattice; and he has obtained confirmatory data for 
rock salt. 

The boundaries of the 
rather ideal case. They may be regarded as lying in 


present letter represent a 
x- or y-planes of a simple cubic lattice (in the termi- 
nology of Read and Shockley) which are parallel to 
the two {110} planes of the diamond cubic lattice lying 
parallel to the [001 ] growth direction. Hence, for each 
branch, p=6/b is the dislocation density, where 6 is the 
Burgers vector, (a/2)[ 110] in the germanium lattice. 
Thus, for an L-intersection, 


(1) 


and for a T-intersection, 

patpatpc=9, (2 
where the subscripts denote the branch of the intersec- 
tion, and the material in the general vicinity of the 
boundaries is assumed to be free of macroscopic elastic 
strain. Since the etchant used, CP-4,7 does not differen- 
tiate edge dislocations with regard to sign, the densest 
branch in a T-intersection must be chosen by inspection 
in checking Eq. (2). 

In the five T- and three L-intersections for which 
etch-pit densities were measured, good agreement was 
found with Eqs. (1) and (2), as shown by the data in 
Table I. In rows 1 to 5, which are for T-intersections, 
the densest branch was designated leg A. In each case 
the same length was counted in each branch. Photo- 
micrographs of boundaries 1, 2, and 7 appear in Figs. 
1, 2, and 3, respectively. In making the counts it was 
difficult to judge whether to include dislocations lying 
near but not in a boundary. It was noted in several 
instances that if all such were excluded, the count was 
usually low for the branch in question, as judged by 
agreement with Eq. (2). Hence it appears that certain 
of these dislocations differ in sign. Branch B of Fig. 1 
and branches A, B, and C of Fig. 2 contain doublets, 
to which attention has been called by Oberly.* Presum- 
ably these are of the same sign as the others in the 
boundary, as the members of a doublet give the 
impression of repelling each other. 

The agreement between simple theory and experi- 
mental observation strongly suggests that the observed 
boundaries consist entirely of edge dislocations parallel 
to the growth direction. Had rotations about axes 
normal to the growth direction been present, then, in 
general, such agreement could not have been obtained, 
as such rotations would have produced screw disloca- 
tions, presumably revealable by etching,” in one branch 
and edge dislocations, which would be parallel to the 
view plane and hence invisible, in a perpendicular 
branch, 
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TABLE I. Etch-pit density in branches of 7 


Boundary intersections whose branches do not all lie 
in {110} 
crystals and are being studied. In general, these are 


planes have also been observed in these 


less regular in shape and dislocation density than those 
shown here, as might be expected. 
W. G. PFANN 
L. C. Lovet 
Bell Telephone Laboratories 
Murray Hill, New Jersey 
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Internal Deformation Markings in Single 
Crystals of Cu;Au’* 


In the course of an extensive study of the mechani 


demonstrated that copper is 


of stress cracking in Cu polycrystals and single 


crystals,! it has been 
preferentially removed from the alloy at specifi 


structural sites by immersion in ferric chloride. Some of 
the structural sites are associated with growth history, 
grain boundaries, incoherent twin boundaries and 
sub-boundaries ; 


In either case, the 


other sites are produced by plastic 


deformations. selective removal of 
copper occurs at sites characterized by imperfections 
The work concerns 


in the crystal structure. present 


deformation structures observed in the body of the 
crystal as a result of removal of copper along structural 
paths originating at the surface. 

Cu;Au single crystals were grown by the Bridgman 
technique in evacuated quartz tubes. The crystals were 
homogenized for 300 hours at 850°C and quenched in 
water. The deformation of the crystals discussed below 
was approximately 5 per cent. 


Figure 1 illustrates the type of preferential attack 


occurring along surface traces of slip bands after plastic 


deformation. In this particular crystal, the plane of 


polish is (114). A similar crystal was strained a few 
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per cent and immersed in 2 per cent ferric chloride for 
Following immersion, the crystal was 


three months. 
sectioned on a plane parallel to the (111) plane of the 
slip traces. The structure observed on this plane is 


shown in Fig. 2. To aid in the analysis of the deforma- 
tion structure, a set of new slip traces, cutting through 


Fic. 1. Preferential attack along slip traces of Cu;Au in a surface 
114) plane. 200 and 2000X 


parallel to 


the plane of polish, were produced by compressing the 
polished crystal and these slip bands can be seen in 
Fig. 3. 

In Fig. 1 it is clear that the attack is localized to 
specific sites lying in the surface traces of the slip bands. 
In Figs. 2 and 3 corresponding to the (111) plane, it 
appears that copper has been preferentially removed 


VOL 


Fic. 2. Appearance of cross section parallel to the (111) plane after 
three months immersion in 2% FeCl; (aq.) 200X. 


from two types of structural paths; these are the 
traces of a second slip plane and curved paths lying in 
the principal slip plane. 

The straight lines at 60 degrees to the new slip traces 
evidently correspond to a second set of slip planes 
operating during the initial deformation, and cutting 
across the primary slip planes. The line of intersection 
appears as a zone of high activity with respect to the 
removal of copper as would be anticipated from the 
local stress associated with a slip plane intersecting the 
primary slip plane. 

In addition to the reacted trace of the second (111) 
plane, more or less curved traces appear as isolated 
segments of length. These curved traces are 
characteristic of the (111) plane and do not occur on a 
random plane cut through the crystal, of which Fig. 4 


some 


is typical. 

That the traces delineated by preferential removal 
of copper are associated with strained regions is clearly 
shown in Fig. 5 in which a local indentation was made 
in the crystal anda random section taken after prolonged 
immersion. It is evident that strain has penetrated 
deeply into the crystal and that the structure-dependent 


Fic. 3. Cross section parallel to (111) plane with additional slip 
traces produced subsequent to immersion, 300, 
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Fic. 4. Random cross section through the deformed crystal after 
3 months immersion in ferric chloride 2% (aq.) 300 


removal of copper is largely confined to this region, 
except for occasional lines of attack probably associated 
with the growth structure, which may be seen after 
suitable etching. 

It appears that the simplest interpretation is that 
these structures correspond to the strained regions 
along lines of dislocation loops generated during plasti: 
deformation. The fact that only short segments appear 
is to be expected since the plane of sectioning is not 
perfectly parallel with (111); furthermore, since copper 
is removed from a strained region of some volume and 
in time penetrates into the adjacent crystal of higher 
perfection if there exists a structural path for the exit 
of copper ions to the surface, the expected pattern is 
one of sections of annular rings cut at a shallow angle, 
which is in accord with Figs. 2 and 3. It might also be 
expected that there should be some relation between 
the loops and the principal slip vector which lies along 
one of the slip traces; however, while there is perhaps a 
loose connection, it is not clearly evident from the 


present observations. 


Fic. 5. Preferential removal of copper in strained region pro 
duced by local indentation after 3 months immersion in ferric 
chloride (2%) (aq.) 100X. 
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In conclusion, the evidence suggests that the edge 


component of dislocations operating in the slip process 
rendered 


are visible by the preferential removal of 


copper in the strained region at suriace traces ol SHp; 


] 


dislocation loops are similarly observable in the plane 


ol sl after prolonged immersion and_ progressive 


removal of copper along the len; f the loop. 


. BAKISH 
D. ROBERTSON 
Hammond Metallurgical Laboratory 
Yale niversity 
New Haven, Connecticut 
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Hardness of Germanium-Silicon Alloys 
at Room Temperature’ 


Che preponderance of data on binary metal 


systems shows that the hardness, vield h 


strengt 


strength, and rate of strain-hardening of an 


with the addition of solute atoms. 


} 


petween two 


increases 


complete solid solution exists metals, a 


maximum usually occurs in the hardness versus concen 


tration curve. Present work on the hardness measure 


ments of germanium-silicon alloys, however, shows 


interesting results which deviated from this 


some 
general observ ation. 


Both germanium and silicon are Group IV elements 


having a diamond cubic structure. The phase diagram 


has been determined 


of the germanium-silicon system 
by St6éhr and Klemm! and was fc 
solid sol ibility The | 


elements differ only by four 
the alloys follow Vegard’s Law close \ 
Homogeneous 


method 


negative deviation. germanium 


alloys prepared by a mentioned eat 
used in the hardness measurements. On the 


as well as on pure germanium and pure sill 
ga Leit 


ire 1 shows pl ot 


h 100 gram load 


indentations have been made usin 


ness tester (Durimet). Fig 


he indentations taken wit 
a Knoop 


ho cracks as 


hardness 


tions made with indentor 
leave 


whether the material 1S germanium, silicon, 


nium-silicon alloy. However, the indentati 

with Vickers diamond pyramid indentor always result 
in cracking at the corners of the 
in Fig. 1 (a). The 


during the testing because on one occasion, < 


indentati 


cracks are 


cracks appeared about two seconds after 


removed. 
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a). Vickers hardness indentations on a germanium-silicon 
100 g load. 250X. 


Fic. 1 


alloy of 10 atomic per cent silicon 

Since hardness numbers are not independent of the 
load applied to the indentor, a fixed load of 100 g was 
used to make all the indentations so that alloys of 
differing hardness could be compared. Loads heavier 
than 100 g cause chipping and spalling, and render the 
difficult. Time of loading was 
Surfaces to be were 


measurements very 


standardized at 15 sec. tested 
etched with an aqueous solution of HNO; and HF. 

Hardness values as read from such small indentations 
are scattered widely for each alloy as shown in Fig. 2, 
which is a plot of hardness versus concentration for 
the germanium-silicon alloys. Each hardness point is 
an average of a least six hardness indentations. In spite 
of the large scatter of the data, an interesting fact is 
that there is no apparent maximum in the hardness- 
versus-concentration curves. Thus, it is to be concluded 
that silicon is actually softened as the solute atoms of 
germanium are added. 

The hardening of an element by the addition of 


solute atoms has been explained by Mott and Nabarro 
] 


on the basis of interaction between 


and by Cottrell‘ 


b). Knoop hardness indentation on a germanium-silicon 
alloy of 10 atomic per cent silicon. 100 g load. 250X. 


Fic. 1 
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dislocations and solute atoms. More recently, Fisher® 
has pointed out the influence of short-range order on 
hardening. In addition, Dorn, Pietrokowsky and Tietz® 
found on some aluminum alloys that part of the solid 
solution hardening should be attributed to a valency 
effect. The solute atoms with a larger valence difference 
from the host element have a greater hardening effect. 
The present case in which silicon is softened as the 
germanium is added cannot be explained on the basis 
of solution hardening for ordinary metallic systems. 
In addition, the fact that vary 
linearly with composition would appear to suggest 
that the hardness of the alloy at room temperature may 
be proportional to the number of different kinds of 


hardness seems to 


bonds which are present. 


© Average of 6 or 
more indentations 


(Kg per sq.mm.) 


HARDNESS 


S 


VICKERS 
(Kg. per sq. mm.) 


KNOOP HARDNESS 


ATOMIC % SILICON 
Fic. 2. Indentation hard 
100 g load. 


ness of germanium-silicon alloys. 


This work was sponsored by the Bureau of Ships 


under Contract No. NObsr-63180. 

C. C. WANG 

B. H. ALEXANDER 
Sylvania Electric Products, Inc. 
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THEORY OF THE FORMATION OF LATTICE DEFECTS DURING PLASTIC STRAIN’ 


H. G. VAN BUEREN}{ 


A simple theory is presented by which a relation bet 
vacancies, interstitials and dislocations is obtained. Dislocations are formed by sources under thi 
an applied stress, the other defects by the movement of jogs in the dislocations. The action of a disl 
source under a varying stress is studied, for the case of static as well 


veen the plastic strain and the concentration of 
he action of 


ocation 


After the 


as of dynamic generatior 


first few per cent of strain, both methods of generation yield the same defect concentrations. By 


elimination, the influence of workhardening can be left out of the theory. The 
perature and plastic strains of 0.05 up to 1. They are compared 
elementary structure and the resistivity-strain relations in slightly deformed 


THEORIE DE 


results app 


observed critica 


vith the 


copper 


LA FORMATION DES DEFAUTS RETICULAIRES PENDANT LA 


DEFORMATION PLASTIQUE 


Il est présenté une théorie simple donnant une relation entre la déformatior 
tion des lacunes, atomes interstitiels et dislocations 
l’action de la contrainte appliquée, tandis que les autres défauts résultent des “‘ 


L’effet d’une contrainte variable sur une 


statique que dynamique 


duisent 4 la méme concentration de défauts. Par un 
éliminée de la théorie. Ces conclusions s’appliquent aux déformations a basses températures allant 
1 et elles sont comparées au cisaillement critique, a | ; 


déformation dans le cuivre faiblement déformé 


EINE THEORIE DER 


source de dislocations est é 


\prés les premiers pourcent de déformation, 


BILDUNG VON 


plastique et la concentra 
Les dislocations sont formées par des sources sous 
jogs”’ dans 


tudié aussi bien pour 


ieS deux modes 


artince approprie, Vir flue nce de l’é roulissage peut etre 


de 0.05 a 


tr £14 4 1 
la Structure elementaire et a la reilatilo 


GITTERFEHLSTELLEN 


PLASTISCHEN VERFORMUNG 


Es wird eine einfac he Theorie bes¢ hrieben, dure h die dic 
formung und der Konzentration von Leerstellen, Einlagerunget 
Unter der Einwirkung einer angelegten Spannung bilden sich aus det 


Zusamn 


und Versetzunger 


zwischen der 
vecdeutet 


Queller 


Fehlstellen entstehen durch die Bewegung der Treppenstufen 


quelle bei unterschiedlicher, angelegter Spannung untersucht 


ersten wenigen Prozenten Verformung zu den gleichen 


ischen Wirkur 


den Fall der statischen, wie auch fiir den der dynami 


Wirkung 


resultierenden) Fehler 


Be ide 


eine geeignete Eliminierung kann der Einfluss der Verfestiguns 


Ableitungen miissten bei niedriger Temperatur und Verformunger 


Sie werden mit den beobachten Werten der kritichen 
Widerstands-Verformunts-Beziehungen in wenig verformten 


1. INTRODUCTION 


It is generally accepted that plastic deformation of 


crystals, especially of metals, is governed by the action 
of dislocation sources under the influence of the applied 
stress. Another well conceived idea is the formation of 
vacancies and interstitials during deformation by some 
mechanism with the mutual 
dislocations. In this paper a theoretical discussion of 


connected crossing of 
the detailed processes occurring in deformed crystals 
is attempted and applied to the case of simple f.c.c. 
metals such as copper, deformed at very low tempera- 
ture, where no thermal activation takes place. Section 2 
deals with the behaviour of dislocation sources under a 
varying applied shear stress. It will be shown that the 
hypotheses of static and dynamic generation of disloca- 
tions yield approximately the same results. In section 3 
theoretical relations are derived between the concentra- 
lattice defects formed 


tions of the various kinds of 


during the deformation, and the amount of plastic 
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Schubspannung 


Kupfer \ 


section ta 


strain. In comparison is mace between 


the theoretical deductions and the observed phenomena, 


} 


notably the strain dependence of the electrical resis 


tivity of copper. 


2. FRANK-READ SOURCE UNDER VARYING STRESS 


We consider a dislow ation source of lengt!] oevera 
kinds of sources have been proposed in literature: tl 
classical Frank-Read source that emits dislocation |] 


in one atomic plane only, and 


sources of a more ge! 
type, that produce loops on successive atomic planes 
The following treatment applies to all these sources 


The critical shear stress for activation of a source is 


aGb 


where G is the shear modulus, 6 the Burgers vector of 
the source, and a a numerical constant of order unitv. 


and 


Let the number of emitted dislocation loops be n 
the area covered by them be A. This area is determined 


by the local stress 7 near the source in the following way. 


519 


eSISLI 
| 
vercde onne! 
“iog-Sprung) in den Versetzunge1 Fiir 
> vird das Verhalten einer Versetzungs 
1 


520 


Let the density of randomly distributed dislocations in 
the crystal be Do. Presumably these dislocations are 
arranged in a spatial network, the elements of which 
can each in their turn act as sources. A loop of area A 
has crossed AD, dislocations, and has formed AD, 
jogs. The jogs have run a distance of the order A?, and, 
assuming that the dislocation loop retains its shape on 
expansion, have left in their wake a number of defects 
(vacancies or interstitials) which is given by 


BA?Do 
f= i (2) 
b 


where 8 is a numerical constant which depends on the 
shape of the loop and on the efficiency with which the 
jogs form defects. For a circular loop moving in a 
field of pure screw dislocations perpendicular to its 
plane B=2/32°'?~0.04; in general 6 will be smaller, 
say, 0.02. 

It may be argued? that in actual cases the efficiency 
of defect formation is much less, as jogs in successive 
loops can eliminate each other. However, if the loops 
follow each other in distances of the order of a thousand 
atomic distances, this process will not take place. Also, 
jogs may move along the loop instead of with them, or 
may perform a combined motion. In order not to 
produce defects, this motion must confirm to rather 
severe restrictions, which makes it improbable that 
this effect reduces the efficiency of defect formation 
appreciably. 

Let the mean energy of formation of a defect be U 
It can easily be shown that the energy needed to 
form these defects in copper for instance, is larger 
than that involved in the formation of jogs and in- 
that 
involved in the elongation of the dislocation line. The 


creases much faster than the latter and than 
energy of defect formation is then the leading factor in 
the energy-balance governing the expansion of a dis- 
location loop. Thus, in sufficient approximation, this 
expansion is associated with the storage of an amount 
of energy of about /U’;. 

The energy supplied by the local shear stress is 
simply 


E=rAb. 


It is known from various experiments’ that only part 
of the supplied energy is stored in a metal in the form 
of lattice defects which (at low temperature) remain 
after the deformation, the other part being lost as heat. 
The fraction retained is X\£, where A is a numerical 
constant, its value depending on the method of deforma- 
tion. The ultimate area reached by a dislocation loop 
under a shear stress 7 is thus limited by the equation 
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from which it follows that: 


Are 
(3) 
BDol 


The emitted loops produce a back-stress at the site of 
the source. The component of this stress that opposes 
the local activating shear stress is given by 


ynGb 
Th= (4) 
A} 


where y is a constant of order 0.1, depending on the 
shape of the loops and on the value of Poisson’s ratio. 
It was silently assumed that all loops reach the same 
area A, this is certainly not so. However, on the average 
the area covered by the loops will indeed be of the order 
of A as given by (3). 

The time necessary for the loop to attain its final 
area after the emission has taken place will be very 
short. Even if the loops run with a velocity of the order 
of only 1 per cent of that of sound, this time is of the 
order of 10~* sec. In this time the local shear stress has 
not changed appreciably, and one can insert in (4) the 
value of A which follows from (3). Thus, one finds 


ByGDoU; n 


Ab 


The source will be activated again when the shear stress 
at the site of the source, r—7», attains anew the value 


71, 1.e., when 


ByGD,U;n aGb 
ie (6) 
rb T l 


It is frequently assumed that, according to an 
hypothesis of Fisher, Hart and Pry,‘ a source once 
activated continues emitting dislocation loops until the 
resultant stress at the site of the source has dropped to a 
value as low as about $7;. This should happen when the 
dislocations move with approximately the velocity of 
sound in the material, so that their kinetic energy 
attains an appreciable value. This dynamic generation 
of dislocations can be opposed to the s/atic generation, 
in which at each activation process only one loop is 
emitted. 

Equation (6) holds for both cases. However, in the 
case of static generation, takes successively the values 
the loops are emitted in sudden bursts, containing m, 
loops at the kth activation process. The numbers 7, are 


, whereas in the case of dynamic generation 


limited by the condition that the back stress exerted 
by these loops alone shall be equal to about $7:, as the 
stress at the site of the source at the moment of activa- 


— 
3 
Th= (9) 
|_| T 
BA?D 
A\TAb= U;, 
b 


FORMATION 


tion is precisely 7;. According to (5), one has 
ByYGD 
Ab 


2 
- 
3 ByGDyU 


The number of loops per burst is thus proportional to 
the activating stress 7;. 

We shall show below that after a few per cent of 
strain, the total number of loops emitted is large—of 
the order 100—and it is easily demonstrated that even 
in the case of dynamic generation, the error involved 
by replacing the discontinuous relation (6) by a 
continuous relation, is small. There is, then, no differ- 
ence between the two forms of behavior of dislocation 


sources and we arrive at 


ral; 


n= 


where /» stands for the expression 


8S Gb 


and 7; is again equal to aGb/1. 
The physical significance of the quantity 
follows 
In order to activate a source 
circular shape of the dislocatior 
the acting shear stress. This segment has an area z/?/8; it cor 
-=BD b 1]? iel ts The energ 


suppi1ec 


of length /7, the critical ser 


segment must be produce 


tains, according to (2), / 


needed to form these defects must be aller than th 


energy AaGb?/1- 


b 


: thus one has 


ga 


this condition is not fulfilled—that 


When 


the source cannot be activated. One 


maximum length of a dislocation segment 
Frank-Read source. 


3. DENSITY OF DISLOCATIONS, VACANCIES 
AND INTERSTITIALS 


Suppose the number of activated sources of length / 
is V per cm’, and that only one glide system is present 
(single glide). These sources contribute to the total 
strain of the material the amount: 

=NbnA. (11 


The total number of defects formed by these sources is 


i= Nn (12) 
b 


and the total length of dislocation formed is 


D \ no { 


where 6 1s a numerical constant depending on tl 


of the loops. For circular loops, 6=2\/7; 
will be somewhat larger—say 6=5. 

In these formulae the dependence on 
governed by tne quantities Vv, 


quantities are functions of the 
various sources. These loca 


their dependence on the 


workhardening characterist 


want to eliminate 7 from the expressions 


13). Assuming that 7/7, is at least so much larger 1 


unity that in 7), the term 7/7, can be negiected 


comparison this assumption hold 
the first few 


these formulae « 
the quantity .V. As .\ 
\ on increasing deformati 
activat 


sources are being 


Influence on the magnitudes 
therefore be neglected. That 
the relati between lafart 
tne relation between 
independent of the lenct} 
Inaependent Ol eC iengtl 


the 


arbitrary lengt 


a 
take for 


degree root 
vledge of 
A, \ and 


Formulae and (15) have been deriv 


assumption that 
Do, the density of crossing di 


nstant. However, in 


ol dislocations crossed by ul 


C CA 


thicker as the deformation pr 


dislocations emitted bv sources 


< 


systems. Suppose there are 


number of activated 


total 


density of active sources on ¢ 


| the order of 


mutual dl 


sources per cm’, if d is t mean 


between two active glide planes ot one system. It is a 


simple problem to compute the average number of 


dislocation zones cut through by a given zone on a 
certain glide plane. Assuming that all zones have the 


same area A, and that the deformation can be considered 


as homogeneous, this average number is found to be 
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or in general 6 
TIT ke the Stress 15 
Now LNese 
i 
resses are unknown and 
nes (11) (12) and 
in 
ol 3 and 7 
\ 14 
7 
| 
D 
D € 15 
l viz., in ccurs only as .\ the 
Dol | ris¢ of vhen incre iSINgly 
Shorter ed. has oniv an Oo! 
of F and D, and car 
means that, effectively, 
is 
centration and stral S 
sources, and one L\ 
total number of activated sources (of 
s also e importa ettect that no precisé 
tne numerica Vaiues of the parameters 
g 
l>lh= 10 slocat ns. in be revarde 
r! B Dol 
as a (OMS ple clide the “forest 
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Danding loops Decomes 
that can ever act as a ¢ 
eeds, OW to ( 
the sources being .V, th 
plane is th 
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about: 
N;= NA}, (17) 
a numerical factor of order unity}being neglected. 
Every zone cut through contains » dislocations. Thus 
the total number of dislocations crossed by a given 
dislocation loop becomes on the average equal to 
Dv)A+NnA?. That is to say, one should, in the case of 

. . ’ 

multiple glide, replace the constant Do by 
Do = Dot Nn A}. (18) 


Taking V~10" cm 
probably occur after a few per cent of strain (compare 


n=50, A=10-* cm’, values that 


next section), it is seen that the second term at the 
right-hand side of (18) has a value of the order of 
5X10° cm~*. As Do only amounts to about 10° 
this can be neglected. The energy‘ balance describing 
the expansion of a loop now reads: 


BNnA?* 
ATAb= U;, 
b 
from which is follows that 
Arb? 
nA = 
BNU 
for multiple glide. Thus, 


and from (12) and (18) it follows that 


(2?) 


Hence in the case of multiple glide the relation (14) is 
replaced by the extremely simple relation 


An expression corresponding to (15) is not so easily 
derived. We shall not go into this here. 

It may be mentioned that neither (21) nor a corre- 
sponding expression that can be derived from (3), 
(7) and (11) can be considered as describing the 
workhardening characteristics of the material. The 
quantity 7 has not a direct physical significance; it is 
only the mean Jocal shear stress near an activated source 
and may differ appreciably from the applied shear 
stress. Further, all results apply only when the influence 
of thermally activated processes is neglected, that is at 
very low temperatures. 


4. COMPARISON OF THEORY WITH EXPERIMENT 


The various expressions occurring in section 3 can be 
evaluated numerically by inserting appropriate values 
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for the various constants occurring in them. We shall 
confine ourselves to the case of copper. 

As already mentioned, for the parameters a, 8, y and 
6 one can put: a=1, B=0.02, y=0.1, 6=5, with a fair 
degree of accuracy. The value of \ is very uncertain. 
From the measurements quoted in’ it follows that for 
deformation at room temperature \ is observed to be 
about 0.05. At very low temperatures this value would 
probably be found somewhat then no 
defects diffuse out of the material. We shall tentatively 
put A=0.1, which means that 10 per cent of the strain 
energy remains stored in the metal. G is known to be 
4X10" dynes/cm’, 6 is known from the lattice dimen- 
sions of Cu to be 2.5 10~* cm. The energy of formation 


greater, as 


of a vacancy is somewhat smaller than 1 eV; that of an 
interstitial is about 5 eV. 
vacancies than interstitials are formed in view of the 
large difference in the energy involved, we shall take 
U,;=2eV~3X10-" ergs. In single glide, the dislocation 
density can, as shown above, be put equal to Do, tre 
density of originally present dislocations in the network ; 
various authors agree that Dy~10° The 
number .V of active Frank-Read sources in a metal can 


As probably many more 


6,7 


be estimated to be of the order of a few tenths of 
Dy'—that is, of the order 10"! cm~*. As said above, the 
rather large uncertainty in .V does not appreciably 
influence the results. We thus find, taking the uncertain- 
ties into account: 


F=(0.5—1.5)X 10';-e*s? cm (24) 


D= (0.5—1.5) XK (25) 
From (8) we find for the length /p 


(4—10)& 10-4 cm. (26) 


From (3), (7) and (8) one can easily deduce that after 
the first few per cent of strain: 
Az (0.8—2) 10-%e? cm? (27 
n= (200— 500) e?. (28) 


The value of /) corresponds to a critical shear stress 
for the beginning of plastic deformation which is given 
by: 


aGb 


lo 


One finds from the theory (1—3)X10* dynes/cm*. 
For pure copper single crystals this stress is observed 
to be about 0.1 kg/mm?= 10’ dynes/cm?.° 

In the case of multiple glide the relation between the 
concentration of point defects and the strain follows 
from (23) to be for copper: 


F=1.3X10"e cm~. (29) 
With respect to the order of magnitude, during the 
first few per cent of strain there is not much difference 
between (24) and (29). On further strain, however, F 


| | 
20) 
T (2 
BU 
|| 
F= 
b 3U 
{ 
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increases much faster in multiple glide than in single 
glide. 

The dimensions of the zones around 
activated Frank-Read sources are in good agreement 
with the characteristics of the elementary structure 
found by Wilsdorf and Kuhlmann-Wilsdorf,’ if one 
interprets this structure as the surface markings 


dislocation 


produced where activated sources, of one glide system 
only, dissect the surface. The length of these lines as 
observed on copper and aluminium is a few times 
10~* cm, the step height lies between 20 and 100 atomic 
distances; according to the theory given, after 10 
per cent of strain, the length of the elementary lines 
should be of the order of A*=10 
height should be on the average equal to 7 ~ 100 atomic 
distances. According to the theory, the mutual spacing 
be of the order of (VA) cm, 
which amounts to a few times 10~° cm, whereas 
(2—5)X10~-* cm was observed for this spacing. How- 


® cm, and the step 


of the lines should 


ever, near the surface the density of activated sources 
is probably much greater than in the interior. 

By far the most important information on the 
concentrations of lattice defects is obtained by the 
measurement of the electrical resistivity as a function 
of the strain. From the work of Jongenburger"™ and 
Hunter and Nabarro,"' it follows that one vacancy per 
cm*® in copper contributes 1.5107"! to the 
resistivity, one interstitial atom about three times as 
much, viz., 4.5 10~*! wQ cm, and a density of D disloca- 
tions per cm? the amount of 0.4 10~" Du cm. Insert- 
ing in (24) and (25) yields for the theoretically expected 
resistivity-strain dependence in single glide: 


Ap= (0.02—0.05) (2—8) K10-*e*4 (30) 
It follows that the contribution of the dislocations to 
the resistivity would be very slight and could be neg- 
lected. 

For multiple glide it can easily be estimated that the 
contribution of dislocations to the resistivity is also 
negligible compared to that of the point defects. Thus 
we have from (29): 

Ap=2e’. 
The observed resistivity-strain curves for polycrystal- 
line materials can all be described by a power law of 
the form 

Ap= ae’, 


where a is about 0.05, and r lies between 1.2 and 1.5." 
Blewitt'® observed the resistivity-strain relation in 
copper single crystals and found a relation of the form 


Ap=0.01e. (33) 
He applied large strains of order unity. The value of 
the coefficient a in both cases, as well as that of the 
exponent r in the case of polycrystals, are in much 
better agreement with the theory as applied to the 
case of single glide than with the theory of multiple 


glide. This seems at first sight rather unexpected. 
However, the theory as presented here deals only with 


the phenomenon of the so-called fine slip in slightly 


deformed metals; the strong sliplines, as observed on 
most heavier deformed metals are probably formed in 
another way. They should be considered as more or 


considered in tl] 


less accidental effects that are not 1€ 
above treatment. The number of point defects formed 
less than the 


in this manner is presumably much 


number formed in fine slip (probably the circumstances 
favouring coarse slip are simply the absence or reduced 
frequency of formation of point defects). From the 
occurrence of multiple coarse slip it cannot be concluded 


that the fine slip, considered locally, also takes plac eon 


different glide planes. In the experiments of Kuhlmann 
and Wilsdorf® elementary lines belonging to one glide 


system only are usually locally 


observed. Therefore, 
formula (30) is probably better applied to the actual 
case than formula (31), especially when the density of 
Blewitts 


experiments on single crystals, this density may have 


the original dislocation network is high. In 


been exceptionally low, favoring the occurrence of some 
kind of multiple fine slip. The low absolute value of 
the extra resistivity may also be connected with an 
exceptionally low value of Dy. 


Van Bueren and Jongenburger Joc. ci/. alternately 


extended and twisted polycrystalline copper and silver 
that 
influenced the resistivity-strain relation on subsequent 


wires. They observed intermediate twisting 


extension in a very special way: the exponent 7 remains 
for the 


constant (except first few per cent of strain 


coefficient a, 


multiplied by a factor m which de 


after the twist), the however, becomes 


pends on the amount 
of twist and is 1.3 at a torsional surface strain e; of 0.1. 


According to Paxton and Cottrell, such a strain 


yweneous 


I 
he number of 


causes an increase of 1 


distributed dislocations by an amount 


where r is the radius of the wire (0.25 mm). From 
it follows that D, after e,=0.1 1.6X10° cm 
According to (14), the introduction of D; homogeneously 


Was 


| 


distributed dislocations has the effect of multiplying 


the resistivity-strain relation by a factor 


D 


when it is assumed that only point defects contribute to 
the resistivity. From the known values of D; and m, D 
can be calculated; it was found to be 3.8X 108 cm™, in 
reasonable agreement with the expec tations. 

From this and the foregoing it seems that experiment 
and theory can be made to agree best when it is accepted 
that dislocations do not contribute more than say 10% 
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to the low temperature resistivity. This is in contradic- 


tion to the result of recovery experiments” that indicate 
that dislocations are responsible for about half of it. 
This contradiction is at the moment unsolved.* 
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ON THE EFFECT OF ORDERING UPON THE STRENGTH OF Cu,Au* 


G. W. ARDLEY?+ 


Experiments have been carried out to examine the effect of ordering on the mechanical strength of single 


crystals of CusAu. It was found that as the disorder—-order reaction proceeds the strength is affected in 


two ways. Firstly, as the degree of long-range order within the anti-phase domains increases the roon 


temperature strength decreases. Secondly, as the anti-phase domains grow 


strength first increases and then decreases 


strength as the alloy passes from the ordered to the disordered state 


larger the room-temperature 


At the ordering temperature there is an appreciable drop it 


\bove the ordering temper: 


strength increases with increasing temperature to a maximum value and then decreases again. The ten 


ture at which this maximum occurs depends upon the applied strain-rate 


EFFET DE 


Ces expériences avaient pour but d’étudier l’effet de 
de Cu;Au. La réaction désordre-ordre a deux effets sur la résistance: 1 
augmente, la résistance a la température ordinaire diminue. 2 
la résistance croit, puis décroit. A la température de Curie, il ) 


L’ORDRE SUR LA RESISTANCE DE Cu;Au 


ordre sur la résistance mécanique 
Quand 
2°—Quand les domaines en ant 


a une chute appréciable de | 


quand l’alliage passe de l’état ordonné 4 |’état désordonné, mais au-dessus de cette température, 


croit avec la température, puis décroit ; la température a laquelle le maximum se produit dépend de 


de déformation. 


UBER DEN EINFLUSS DES ORDNUNGSVORGANGES AUF 


DIE 


FESTIGKEIT VON Cu;Au 


Es wurde der Einfluss des Ordnungsvorganges auf die mechanische Festigkeit von Aut 


untersucht und dabei festgestellt, dass der Vorgang Unordnuns 


Festig! 
] 


»>Ordnung 


Weise beeinflusst : Erstens nimmt die Festigkeit bei Raumtemperatur mit zunehmendem Fernor 


in den Antiphasen-Bereichen ab. Zweitends nimmt die Festigkeit 
\ntiphasen-Bereiche grésser werde! 


wiederum ab, wenn die 


Ubergang vom geordneten in den ungeordneten Zustand 
festgestellt. Oberhalb der kritischen Temperatur nimmt die Festigkeit 


bei Raumtemperatur zu u 
ritischen Ter I 


wurde 1 betrichtlicher 


bis zu einem 


dann widerum abzufallen. Die Temperatur, bei der dieser Maximalwert auftritt 


angelegten Spannung ab. 


INTRODUCTION 


It has been known for some time now that the me- 
chanical strength of an ordering alloy changes as the 
alloy passes from the disordered to the ordered state. 
It was thought that in alloys of the Cu;Au type the 
ordered structure was always weaker than the dis- 
ordered one, whilst in alloys of the CuAu type the re- 
verse was true'~> Cu;Au remains face-centered-cubic 
upon ordering but CuAu changes from f.c.c. to f.c. 
tetragonal. This led to the belief that a change in crystal 
structure upon ordering was necessary to produce an 
increase in strength.*:®? In this paper we shall consider 
only the case of Cu;Au and it will be shown that one 
can obtain an increase in strength upon ordering al- 
though it is not a permanent increase but rather a 
transitional one similar to that observed in Cu;Au by 
Broom and Briggs,* and in CuAu by Dehlinger and 
Graf? and Nowack.! A complete review of the literature 
up to 1940 on “‘age-hardening”’ in precious metal alloys, 
together with an extensive bibliography, can be found 
in the paper by Vines and Wise." 

* Received December 22, 1954. 

+ General Electric Research Laboratory, 
York. 
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PREPARATION OF THE CRYSTALS 


The alloys were made by melting together known 
amounts of high purity (99.999%) copper and gold to 
give the CusAu composition. The copper and gold were 
first cut into small pieces measuring approximately 
1/8X1/8X.040 in., thoroughly mixed, and then melted 
together in a graphite crucible under a pressure of less 
than 10 


cleaned and degassed by heating 


crucible had 
to 1300°C for two 


Prior to this the 


1 
mm Hg. 


hours under a high vacuum. Induction heating was used 
would | 


held molten for 


4 
so that the 


leip tO mix the con- 


about 15 


stirring action 
Che 


minutes and then ¢ 


stituents. alloy was 


llowed to cool to room temperature. 
To be sure of an homogeneous alloy this procedure 
i.e., cutting into small pieces, thoroughly mixing the 


pieces and then melting them together—was repeated 


twice more on each ingot before it was cold-swaged 
down to .100 in. wire. The crystals were grown by the 
Bridgman method using a lowering rate of 1” per hour. 
\ split graphite mould was used and a pressure of 10 
mm Hg was maintained above the crystals throughout 
the growth period. 

Square crystals were preferred for these experiments 


and two sizes were used, 1.5 mm and 2.5 mm on a side. 
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To hold a crystal in the tensile testing machine, a steel 
grip was brazed to each end of the crystal. This was done 
by having a U-shaped grip that allowed the crystal to 
lie between its prongs with only about .001 in. clearance 
on either side. The crystal and grips were assembled on 
a flat quartz plate, and a piece of brazing solder was 
placed at each grip. The whole assembly was put into a 
horizontal quartz tube and heated to 780°C under a 
protective atmosphere of hydrogen, whereupon the 
brazing solder melted and ran down into the gaps be- 
tween the grips and the crystal, forming a good joint. 
The solder also ran out along the crystal a little way and 
formed a meniscus-shaped fillet between the specimen 
and the end of the grip. This is advantageous because it 
avoids any sharp discontinuity in cross-section in going 
from specimen to grip. After brazing, the specimen 
cooled to room temperature in just a few minutes. 
Whenever the specimens were to be annealed for an 
extended period of time they were sealed into glass 
tubes under a vacuum, and heated in a resistance fur- 
nace. When they were to be annealed for short periods 
of time they were immersed into a silicone oil bath that 
was heated by an electric mantle heater. If the surface 


160 


IN LBS. 
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of the oil was protected from the atmosphere by passing 
nitrogen across it, the oil could be heated to as high as 
380°C for several days before any serious thermal de- 
composition occurred. 


EXPERIMENTAL RESULTS I 


Before describing the main experimental results there 
are a few observations on the mode of deformation in 
Cu;Au that are worthy of note. Figure la shows a 
reproduction of a load elongation curve for a single 
crystal of Cu;Au deformed at room temperature. There 
are two interesting features to be noticed in this curve: 
(1) the deformation occurs jerkily at first and then be- 
comes smooth, and (2) the stress does not increase until 
the jerky flow has ceased. It appears that each drop in 
load is associated with the formation of a highly local- 
ized slip band so that after several of these jerks have 
occurred, the specimen looks like the one shown in the 
inset. Further deformation causes more slip bands to 
appear but from a visual observation they always seem 
to occur in new parts of the crystal. Within the jerky 
flow region, therefore, one will always be measuring the 
strength of undeformed material. The jerky flow is 


LOAD 


TOP FACE 


SIDE FACE 


=a 


ELONGATION 


Pic. 1. 


Typical load-elongation curves showing jerky flow. Inset—slip bands on two faces of a crystal after a small amount of 


deformation in the jerky range. 
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STRENGTH 


CRITICAL RESOLVED SHEAR STRESS Ke mar* 


CORRECTION FOR THE EFFECT OF S$ 


100 200 300 400 


OOMAIN SIZE (€) IN A 
Fic. 2. Room temperature strength versus domain size for a 
single crystal of CU;Au ordered at 350°C. The region above the 
line ABC represents the contribution to the strength from the 
anti-phase domain boundaries. 


usually much more pronounced than that which is 
shown in Fig. 1a. The more usual size is like that shown 
in Fig. 1b. 

The observations described above have been sepa- 
rated from the main body of data because as yet they 
are only of a very preliminary nature. They do bear a 
strong resemblance however to the observations of 
Ardley and Cottrell" who found similar jerky flow 


characteristics in 6-brass. 


EXPERIMENTAL RESULTS II 


The data shown in Fig. 2 are typical of that for the 
room-temperature strength of a single crystal of Cu;Au 
as a function of the anti-phase domain size for an an- 
nealing temperature of 350°C. These data were obtained 
in the following way. First, the specimen was obtained 
in the disordered state at room temperature, by heating 
it to 420°C for several hours and then quenching it to 
room temperature in The 
resistivity of the specimen was measured potentiometri- 
cally and then the specimen was strained in tension to 
measure its strength. The value obtained for the room- 
temperature strength of the disordered alloy is denoted 
by the point A in Fig. 2. To vary the domain size, the 
specimen was heated to the desired temperature, 350°C 
in this case, in an oil bath. The specimen was put into 
the bath for a short period of time and then it 
quenched to room temperature in order to measure its 
room-temperature resistivity and room-temperature 


walter. r¢ om-temperature 


Was 


strength. After these measurements had been made the 
specimen was put back into the oil bath and the 
annealing treatment continued until the specimen was 
quenched to room temperature again to measure the 
new room-temperature resistivity and room-tempera- 
ture strength for the larger domain size. The sequence 
of annealing and quenching to room temperature to 
measure the resistivity and strength was repeated 
several times until the annealing treatment did not 
produce any further changes in the strength or re- 
sistivity of the specimen. Jones and Sykes” have meas- 
ured the room-temperature resistivity of the disordered 


STRENGTH OF Cus3Au 


Cu;Au alloy and the value they suggest, 11.510 


ohm-cm, was used to check that at the beginning of 


these experiments, the alloys were indeed disordered. 


In all cases the room-temperature resistivity of 


treatment de 


specimens after the disordering 


above—remembering that prior 
specimens had been rapidly cooled from 


tl te 


within the range 
after each annealing period was est 


domain size 


from the room temperature resistivit 


the data of the domain size as a function of 


using 


id Sy Kes. Before 


resistivity published by J« 


could be done, however, two small corrections had to 
be made. In the present experiments room temperature 
was about 10°C higher than the temperature at 
Jones and Sykes made their measurements 
Che present resistivities were corrected to 20°C 
fore, using the temperature coefficient of 10 
per °C, suggested by Jones and Sykes’ Fig. 1. 
curves relating the room-temperature resistivity 
domain size for specimens ordered at 375°C, 350°C 
325°C, it was necessary to interpolate from Jones and 
Sykes’ data, which are given for specimens ordered at 
376°C, 346°C and 298°C, It 


was noticed that for large 
domain sizes the room-temperature resistivity is 


pro- 
portional to the long-range order parameter, and 
the resistivity 


and 


criterion was adopted to gel versus 


main-size curves at 375°C, 350°¢ 325°C 
3*). The 
+] 


6 were estimated from the measured room-temperature 


values of the domain sizes used in Figs. 2 and 


resistivities using Fig. 3. 


The critical resolved shear strength of the specimens 


was measured by straining them in tension on a very 
hard cantilever beam machine of the Polanyi type. 
ically recorded 


The load and elongation were automatically 
i curve obtained is re 


and an example of the type of 
produced in Fig. 1b. In these tests care was taken to give 


the specimens as little deformation as possible in order 


Fic. 3. Resistivity 
tures of 375°C, 350°C and 
Jones and Sy 

*In the analysis of their data, Jones and S; 
domain sizes they have plotted in tl 
actual domain sizes. Therefore 
included 
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to avoid any ill effects on subsequent tests due to strain 
hardening. In general the amount of strain incurred in 
each test was 0.1 per cent, which is only 1/25 the extent 
of the jerky flow region (see Fig. 1a). 

Returning to Fig. 2, it will be seen that at first the 
room-temperature strength increases with increasing do- 
main size until it reaches a maximum at around 15-30 A, 
then decreases until it reaches an approximately equi- 
librium value when the domain growth has virtually 
ended. In this condition the strength of the alloy is less 
than that of freshly quenched alloys, this observation 
perhaps being the same as that which led some earlier 
workers to conclude that ordered alloys are softer than 
disordered ones. 

When the strength reaches its equilibrium value one 
can regard the specimen as being comprised of very 
large anti-phase domains the interiors of which have the 
equilibrium degree of long-range order. If the specimen 
is now heated to a temperature lower than that at which 
it had previously been equilibrated, two things can 
happen. There may be some more domain growth, but 
if the specimen had been well equilibrated at the higher 
temperature this growth will be very slow and should be 
insignificant as far as the strength of the specimen is 
concerned. More importantly, the degree of order within 
the domains will increase and any change in the strength 
brought about by the latest heat treatment can be 
attributed to this change in the long range order. 

To examine this effect some specimens were first 
equilibrated with respect to the domain growth and the 
long-range order parameter by holding them at 375°C 
for a period of seven days. Previous experiment had 
shown that there was no measurable change in the 
strength or the resistivity after one day at this tempera- 
ture. At the end of seven days the specimens were 
quenched to room temperature and their strengths 
measured. Subsequently they were equilibrated at a 
lower temperature and again quenched to room tem- 
perature to measure their their strength. Equilibration 
was repeated at successively lower temperatures, rang- 


ing from 375°C down to 230°C, the specimens being 
quenched from each temperature to room temperature 
in order to measure their room-temperature strength. 
Below 230°C, the ordering reaction proceeds very slowly 
and one cannot be sure that the specimens ever reach 
equilibrium. 

The influence of long-range order upon strength is 
shown in Fig. 4, which gives a plot of the critical re- 
solved shear strength (a) versus the long-range order 
parameter (.S) and it will be seen that as S increases the 
room-temperature strength decreases. The range over 
which S can be varied in the Cu;Au alloy is very small, 
i.e., 0.8 to 1.0, and it is difficult to determine any quan- 
titative functional relationship between S and a. For 
this purpose it would be desirable to study the relation- 
ship between long-range order and strength on an AB 
type alloy where S can be varied all the way from unity 
to zero, as was done by Green and Brown" with 8-brass. 
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LONG RANGE ORDER PARAMETER S. 


Fic. 4. The variation of the critical resolved shear stress with 
the long-range-order parameter (.S). The results from four different 
specimens are shown in this figure. The values of S were taken 
from the curve S versus temperature published by Keating 


and Warren.?* 


They showed that the strength increased as S decreased 
from unity to 0.5, and then decreased again as S pro- 
ceeded from 0.5 to zero. 

Qualitatively, it is clear why the strength should rise 
as the long-range order parameter decreases from unity, 
both in CusAu and in 6-brass, and why the strength 
should fall again as the long-range order parameter 
approaches zero in §-brass. 

Consider a long-range ordered crystal made up of a 
single domain in which the order is perfect. i.e., S=1. If 
one passes a dislocation appropriate to the ordered crys- 
tal of the crystal lattice through this crystal, there will 
be no change in the atomic arrangement across the slip 
plane and only a vanishingly small stress will be re- 
quired.!*:!617 Tf, however, there is not quite perfect long- 
range order in this domain so that some atoms are out 
of place, the atomic arrangement across the slip plane 
will be changed after the dislocations have passed 
through. Energy will be required to do this and the ap- 
plied stress will have to be raised accordingly. The 
further S departs from unity the worse the misarrange- 
ment caused by slip will be, and the applied stress will 
have to be increased proportionately. In effect this is 
just Fisher’s'® idea for short-range order hardening ap- 
plied to the case of the departure from perfect long- 
range order rather than to the case of the departure from 
a complete random arrangement. Let us consider the 
disordered alloy for a moment. Fisher'® has pointed out 
that when dislocations are passed through a completely 
disordered alloy the random matching of atoms across 
the slip plane is re-created behind them. The internal 
energy of the crystal is not changed, therefore, and con- 
sequently the stress required to move the dislocations is 
small. If there is some short-range order present, how- 
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ever, it will strengthen the alloy because as the disloca- 
tions pass through the crystal the degree of short-range 
order across the slip plane is reduced to a more nearly 
random arragement of higher energy. 

Thus, if the arrangement of the atoms in an ordering 
alloy is changed continuously from a random distribu- 
tion to the completely ordered distribution we would 
expect the strength of the alloy to vary in the following 
way: at first, the strength will increase as the short- 
range order parameter increases, and then later it will 
decrease as the fully ordered state is approached. 

To evaluate the strength due to the domain size alone, 
the contribution from the long-range order parameter 
has to be subtracted. The contribution to the strength 
from the long-range order alone cannot be determined 
experimentally over the whole range of S from zero to 
unity because of the interference of the domain growth. 
Therefore, it was decided to follow the strength as S 
changed over a limited range and then to assume that 
the strength would relax from the freshly quenched 
value (A in Fig. 2) to the equilibrium value (B in Fig. 2 
with the same relaxation time. The following procedure 
was adopted to measure the relaxation times. Specimens 
were first disordered by heating them to 420°C for 24 
hours; then they were transferred to a furnace at 375°C 
and held there for seven days in order to equilibrate 
them with respect to both domain growth and long- 
range order parameter. The specimens were then 
quenched down to some lower temperature (350°C 
325°C, 300°C or 275°C were used) and their strength 
followed as a function of time at that lower temperature. 
The specimens were always strained at room tempera- 
ture, that the 
interrupted several times by a quenching treatment. 


which meant relaxation process was 
Each time the strength was measured the specimens 
were deformed a little (approximately .1 per cent tensile 
strain) but it was assumed that this would not have any 
serious effects on subsequent measurements. This is a 
fair assumption to make because it is suspected from 
previous observations that in the early stages of de- 
formation slip is confined to discrete locations and 
providing we stay within the so-called “jerky range,” 
we will be measuring the strength of undeformed 
material. It found that the 


strength of the crystals could be related to the time 


was relaxation of the 


through the simple exponential equation: 


= 

where og; is the initial strength, a, the final strength, 
o; the strength at the time ¢, and 7:7) the relaxation 
time for that particular temperature. The values of 
7 obtained from this relationship were used to construct 
Fig. 5. The straight line in this figure was drawn to give 
the best fit to the experimental points by the method of 
least squares. Bragg and Williams'* assumed—and the 


experimental results of Sykes and Evans* tend to sup- 


STRENGTH 


port their assumption—that the relaxation time for the 


ordering process would be related t temperature 


through a single ; r could be 


The values suggested for 7» and 

line in Fig. 5, are 10~"-* sec and 19,500°K, respectively ; 
these are very close to Bragg and Williams’ calculated 
-and 19,000°K. Whilst the agreement here 


is very good, the quality of the results could undoubtedly 


values of 10 


be improved by using the electrical resistivity rather 


the strength, to follow the « 
‘stimates of the relaxation times at 
1d 45 seconds, respect! 


C from Fig. 5 are 4, 14 a1 


» are sO that generally by the time 


measurement was taken in 
size experiments, the long range order parameter 


relaxed to equilibriu 


essentially 


stances the correction to the strength du 
fluence of .S degenerates into merely subtract 
from al 


equilibrium value of the stre 


measurements; this is shown schematically 


This form for the correction cannot be true in the 


est stages ol ordering because there the degree of 


timately 


range order and the domain growth are in 


hange in one produces an a] 


nected and any ¢ 


change in the other. It is worth noting here that 


° 
occasions tne strength was observed to decrease 
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ymain size for annealing temperatures of 375°C, 350°C and 325°C. The left-hand ordinate 


scale shows the absolute value of the critical resolved shear stress. 


about 5 per cent of the value for freshly quenched 


specimens—before it began to increase. One of these 


occasions is recorded in the experimental data of speci- 


men 5 in Fig. 6. 

The final data obtained for the strength of an ordered 
crystal as a function of the domain size for three dif- 
ferent annealing temperatures 375°C, 350°C and 325°C, 


are shown in Fig. 6. The points on these graphs repre- 


sent the experimental! observations whilst the full curve 


is a plot of the equation 


wkere oa is the resolved shear strength of the crystal, 
the surface energy of a stacking fault in the ordered 
structure, € the anti-phase domain size, and ¢ the thick- 
ness of the anti-phase domain boundaries. This equation 
vas first derived by Cottrell'’ in a slightly different 
form, by equating the energy of the domain boundaries 
created during slip to the work done by the applied 
stress. The model he used is illustrated schematically 

Fig. 7. Figure 7a shows an ordered structure con- 
taining domain boundaries, before slip ; the atoms within 
the boundaries are thought to be distributed at random. 
Figure 7b shows the same crystal after it has been 
slipped a certain distance and it will be seen that the 
amount of anti-phase boundary has been increased 
The energy to do this has to be supplied by the ex- 
ternally applied stress and obviously the more domain 
boundaries there are—i.e., the smaller the domain size 

the larger that stress will have to be. If the crystal is 


made up of anti-phase domains whose average diameter 
is ¢, then it can be shown when the total slip displace- 
ment is €/2, the amount of anti-phase domain boundary 
in the slip plane is equal to one half of the total area of 
the slip plane. Any further slip does not change this 
ratio so that there is no longer any contribution to the 
strength from the ordering forces. The energy per unit 
area of the slip plane due to wrong bonds across the 
slip plane is therefore y/2{1—[ (e—?)/e]*} before slip 
and y/2 after slip. Thus one can write for the work done 


during slip 


from which Eq. (1) is derived. For €>/, Eq. (2) reduces 


dO MA IN BOUNDARY (SCHEMATIC) 


. 7. Schematic illustration of the effect of slip on the 
anti-phase domain boundaries. 
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ARDLEY: 
to a=y/e(1—3¢/€) which is analagous to Cottrell’s 
equation. The values obtained for y and ¢, from the pres- 
ent investigation, range from 94 to 115 ergs per cm? and 
from one to two atom spacings respectively ; see Fig. 6 
and Table I. From their X-ray and resistivity measure- 
ments, Jones and Sykes” also suggest that the domain 
boundaries are about one or two atom spacings wide. 
One can estimate the value of y by considering the 
energies of the like and unlike bonds in a stacking fault 
of the ordered structure. Peierls'® has obtained an ex- 
pression relating these energies to the critical tempera- 
ture of the alloy, and using his expression one obtains 
for y, when S=1, a value of approximately 75 ergs/cm’, 
which agrees fairly well with the experimentally deter- 
mined values. 


EXPERIMENTAL RESULTS III 


A few experiments were carried out to see how the 
strength of the CusAu crystals varied above the critical 
temperature and the results of these experiments are 
summarized in Figs. 8, 9, and 10. The specimens were 
first ordered and equilibrated at 300°C and then their 
strength was measured, at temperature, over the tem- 
perature range from 300°C to 680°C. From 300°C to 
the critical temperature there is a marked increase in 
strength, presumably due to the decrease of the long- 
range-order parameter. As the specimen passes through 
the critical temperature there is a sharp decrease in the 
strength accompanying the disordering process. This 
decrease is drawn as a dotted line in Fig. 8: because it was 
not possible to determine whether it occurred discon- 
tinuously or over a finite temperature range. Above the 
critical temperature the strength increases again unti 
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Fic. 8. The critical resolved shear stress versus temperature for 
a single crystal of Cu;Au. The crystal was originally ordered 
at 300°C before these data were taken. Shear strain rate 


4-4X 10 sec 


STRENGTH 


CRITICAL RESOLVED SHEAR STRESS Kg mm 


The critical resolvec 


tes of strain. ( 


it reaches a maximum value at a temperature 7” and 
then it decreases again. The position of this maximum 
was found to be strain-rate dependent, moving to higher 
Fig. 9. It 


addition to the 


temperatures the higher the strain-rate, see 
should be pointed out here that in 


change in strength with temperature there are also 


changes in the shear moduli and for strict comparative 
purposes one ought to plot strength divided by shear 


modulus versus temperature rather than 


} 


anges in 


versus temperature. However the « 


moduli whilst not negligible, are not large e1 


alter the curves of Figs. 8 and 9 appre lably. 


Since there is only continuously decreasing short- 


range order as the temperature 1S 1n reased above 


critical temperature, one cannot attri peak 


T’ to a similar origin as the one at the critical tempera 


ture. However, it has been wel established Lnal 


certain aging materials such as 


Iron 


num,”* there is a temperature range over 


th increasing temperatur 


strength increases 


this is comonly known as the blue-brittle ran; 


increase in strength is thou to be due to strain 


occurring simultaneously with the deformation. 
thought, therefore, that 


cause of the peak at 7 


this 


point iew arose wh 


features of an aging alloy, namely an inverse rate effect 


(i.e., strength decreases with increasing strain-rate) and 


a strong yield point, were both found to occur above the 


al temperature (see Figs. 9 and 10 


It is not surprising that 


and strain-aging in the disordered Cu 


one observes a point 


\u alloy because 


} 


there are three possible mechanisms from which these 


effects might arise. These are (a) Cottrell locking, where 


the solute atoms form an atmosphere around the dis- 


locations and pin them,** (b) Suzuki pinning, where the 


solute atoms interact chemically with the stacking faults 


between the partial dislocations of the face-centered 


cubic lattice and pin the dislocations, and (c) 
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G TEMPERATURE 565°C 


SHEAR STRESS Kg mm-* 


RESOLVED 


single 


and strain-aging in a 
the specimen was 


Fic. 10. 
crystal specimen of Cu;Au 
rested at 565°C for the following period of time. (A) 12 hrs; 
(B) 30 sec; (C) and (D) 1 hr; (E) 15 sec; (F) 3 hrs; (G) 1 hr. 
Curves A to F were obtained with a shear strain rate of 3X1074 
with a shear strain rate of 7.5107 sec 


Showing a yield point 
Before each test 


sec! and curve G 


Cottrell’s'? development of Fisher’s idea,”* that in an 
alloy in which there is short-range order, a larger stress 
is required to start deformation than to maintain it 
afterwards because the first dislocations to pass across 
the slip plane produce more disorder than those that 
follow them. If the deformation is stopped and the 
short-range order allowed to re-establish itself, the 
yield point will return and the alloy can be said to have 
strain-aged. These three mechanisms should apply, of 
course, to any substitutional solid solution alloy in 
which short-range order exists, and from this point of 
view the results obtained on Cu-Zn alloys by Ardley 
and Cottrell!! support the findings of the present in- 
vestigation. 

One other observation which is interesting to record 
is that below the temperature of the second peak, 7”, 
deformation always occurred discontinuously, whereas 
above that temperature deformation was smooth. A 
similar effect was observed in 8-brass by Ardley and 
Cottrell," except that in their case the maximum in the 
strength-versus-temperature curve, and the transition 
from jerky flow to smooth flow occurred below the crit- 
ical temperature. 


CONCLUSIONS 


It has been shown that the 


strength of an ordered alloy of Cu;Au depends on both 


room-t em] erature 


the degree of long-range order and the anti-phase 
domain size. It is suggested that this dependence might 
be predicted by considering the change in bond energies 
across the slip plane which is brought about by slip. 

It is now clear how earlier workers might arrive at 
different conclusions as to the effect of ordering upon 
the strength of alloys. Those who had well-ordered 
alloys would observe a low strength whilst those who 
had either incomplete ordering or small domain sizes, or 
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both, would observe a high strength. This is particularly 
important when comparing the Cu;Au type alloys with 
the CuAu types where the ordering rates are so very 
different. The ‘transition range’’ mentioned in the early 
literature on CuAu alloys is presumably just the period 
in which noticeable domain growth is occurring. 

In view of the large effects the domain size and the 
long-range-order parameter each have on the properties 
of ordering alloys, one ought to be careful to separate 
them when investigating the disorder—order reaction. 

In the disordered region, yielding, strain-aging, an 
inverse strain-rate effect and an inverse temperature 
dependence of the strength upon temperature have all 
been observed, thereby forming a picture which is con- 
sistent with the current ideas of the effect of solute 
atoms and their arrangement in the lattice, upon the 
plastic deformation of alloys. 
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INTERACTION BETWEEN DISLOCATIONS AND INTERSTITIAL ATOMS 
IN BODY-CENTERED CUBIC METALS* 


A. W. COCHARDT, G. SCHOEK, and H. WIEDERSICHt 


Cottrell and Bilby’s theory of the locking of dislocations is extended. The interactior 


impurity 
atoms and dislocations, both edge and screw, is estimated considering the dilation a1 ear strain asso 


ciated with carbon atoms in a-iron and using the observed crystallographic relations between the dislocatior 
line, the slip plane and the lattice. It is found that for both types of dislocations the maximum interact 


10! 
energy is about 0.75 eV and the saturation concentration near the dislocation about 

Carbon atoms occupy preferentially three equivalent positions, 120 degrees apart 

location. Many of them are in the slip plane around an edge dislocation 


dislocation is reduced up to 20 per cent in the presence of a carbon atmospher« 


INTERACTION ENTRE LES DISLOCATIONS ET LES ATOMES INTERSTITIELS DANS 
LESMETAUX CUBIQUES CENTRES 


Extension de la théorie du blocage des dislocations de Cottrell et lby. L’interaction des aton 
et des dislocations, vis ou coin, est calculée en introduisant la dilatation et la distorsio1 
atomes de carbone dans le fer a et en utilisant les relations cristallographiques obs« 
de dislocations et le plan de glissement. [] est montré que pour les deux types de dislocat 
de l’énergie d’interaction est de l’ordre de 0,75 e.V. et que la concentration a la saturatior 
la dislocation est de l’ordre de 6% at. Les atomes de carbone occupent de préférenc« 
tion vis trois positions équivalentes a 120° l’une de l’autre. Beaucoup de ces aton 
dislocation coin dans le plan de glissement. L’énergie élastique d’une dislocatior 


par l’atmosphére de carbone. 


WECHSELWIRKUNG ZWISCHEN VERSETZUNGEN UND EINLAGERUNGSATOMEN 
IN KUBISCH-RAUMZENTRIERTEN METALLEN 


Die Theorie von Cotrell und Bilby iiber die Hemmung von Versetzunger 
sichtigung der Aufweitungs- und Scherkrafte, die durch die Kohle1 
werden, sowie den kristallografischen Zusammenhingen 
und dem Gitter wird die Wechselwirkung zwischen den Verunreinigun 
sowohl Stufen- wie auch Schraubenversetzungen, abgeschiatzt 
beide Versetzungstypen das Maximum der Wechselwirkungsen¢ 
tion nahe der Versetzung ~6 At% betriigt. Die Kohlenstoffat 
wertige Lagen ein, die im Abstand von 120° um eine Schrauben 
sich in der Gleitebene in der Umgebung einer Stufenversetzu 
versetzung wird in Gegenwart einer Kohlenstoffatmosp! 


INTRODUCTION cent. These and other disc repancies were l 


due to the simplified assumptions made 


Cottrell and Bilby' have proposed a theory which i os 
and Bilby. They assumed that an iron 
explains the yield phenomenon in iron and other body- : 
strained in a hydrostatic mani 
centered cubic metals. According to their theory . 
carbon atom. According to 
interstitial atoms diffuse to dislocations because the , 
carbon atoms would segregate ont 
strain energy of a crystal is lowered thereby. Each . a baal 
tions. Actually, however, as Cottre 
dislocation is, therefore, generally surrounded by a cjvec and Crussard® and Nabarro 
liffuse t 


cloud of interstitial atoms which lock it into position. 9+ carbon atoms should « 


In order to pull a dislocation away from its atmosphere _ , 


as well. 
of solute atoms, a relatively high applied stress is The present paper gives a more detailed analysis of 
needed. the problem. As in the treatment by Cottrell 

From the calculation of Cottrell and Bilby,' it follows _ Bilby, elastic theory of an isotropic continuum is used 
that the strain energy of a dislocation is reduced by This fails near the core of the dislocation where special 
about 10 per cent when the dislocation is surrounded consideration should be made. Hence, the solution is 
by a saturated carbon atmosphere. Fisher? and Vreeland not exact. However, the present paper considers that 


and Wood, on the other hand, who interpret data on the impurity atoms occupy certain interstices whict 


the delayed yield in steel,* conclude that this energy cause a tetragonal distortion he lattice and it 


difference is only of the order of a few tenths of 1 per considers the crystallographic relationship between 
nie : the dislocation line, the slip plane and the positions ol 
* Received March 2, 1955. 

+ Metallurgy Department, Westinghouse Electric Corporation, , , 
East Pittsburgh, Pennsylvania. using carbon in alpha-iron as an example. 


the interstitial atoms. The calculation is carried out 
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INTERACTION ENERGY BETWEEN DISLOCATIONS 
AND CARBON ATOMS 


The elastic energy, U’, of a body containing a disloca- 
tion and a single interstitial atom can be expressed in 


the form 
U=UptUct Une, (1) 


where Up and Uc are the energies due to the dislocation 
and the interstitial atom, respectively. Upc is the 
interaction energy between dislocation and interstitial 
atom. It is the change in elastic energy that occurs 
when an interstitial atom is transferred from a position 


he crystal where the stresses of the dislocation are 


in t 
essentially zero to a position near a dislocation. The 
energy terms are given by the volume integral of the 
energy density over the entire body or, if no body forces 
are present, by a surface integral which expresses the 
and 


work done by the forces against the internal 


external surfaces of the body when the interstitial 


atom is introduced and when the dislocation is made.’ 


For example, consider the carbon atoms in a-iron. 
In order to estimate the interaction energy, it is first 
to know |] the lattice is distorted 


how iron 
atom. Since exact atomic dis- 


necessary 
around a carbon the 
arrangement is unknown, we make the simplifying 
assumption that a unit cell containing a carbon atom is 
deformed tetragonally as in martensite.* Williamson 
and Smallmann’ have shown that in a-iron the carbon 
atoms are in octahedral positions. It is known from 
X-ray measurements” that the 
tion of martensite is proportional to n/.V, where n is 
V the number of iron 


mean tetragonal distor- 


the number of carbon atoms and 
atoms. Assuming that this linear relationship applies 
N=6.5. the 
containing one carbon atom is found. Thereby, we 


negiect 


up to n distortion of a unit cell of iron 


the interaction between the carbon atoms. In 


this manner the strain tensor S- of a unit cell containing 
one carbon atom is obtained: 


€;= 0.38, —().026 


and where we use the rectangular coordinate system 
of the crystallographic axes. If a is the lattice parameter, 
€;2) is the elongation in the 1-direction and (esa) and 
€,@) are the compressions in the 2- and 3-directions. 
In order to estimate the interaction energy Upc, we 
expand a unit cell of the crystal near the dislocation 
line into a tetragonally distorted form. The interaction 
energy is essentially the work which is done by moving 
* An alternative method would be to treat the carbon atom as 
an elastic double force® acting along one of the axes of the unit 
cell. This method would be more suitable when the interaction 
of the carbon atoms is considered. However, under the present 
assumptions such a method would not be simpler, nor would it 
lead to appreciably different results. 
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Fic. 1. Coordinate systems for the case of a screw dislocation. 


each face of the cell a distance d; against the force F 
which the stress field of the dislocation exerts on it. 


(4) 


If the stress tensor 7 p= of the dislocation field 
is expressed in the same coordinate system as the strain 


tensor Sc= (€;.°), Upc can be written in the form 


U pe 


(Tp, —Zixo 
where a is the length of the unit cell. The components of 
the stress tensor are assumed to be constant along the 
distance a. 

Une 
Consider an iron crystal with a screw dislocation in 
the [111 |-direction which is the observed slip direction 


can now be estimated for a screw dislocation. 


in a-iron.!! The line containing the Burgers vector in Fig. 
1 represents the dislocation line. At a distance r there is 
a unit cell whose axes [ 100 ], [010] and{ 001 ] are defined 
as 1, 2 and 3 axis, respectively. The right-hand coor- 
dinate system x’y’z’ has the same origin as the 1, 2, 3 
system but has its z’-axis parallel to the Burgers vector 
and the y’-axis in the direction of the radius vector. 
The projection of the 1-axis in the x’y’-plane is the 
[211 ]-direction and the angle between the x’-direction 
and the [211 ]-axis is defined as ¢. 

The strain tensor of a unit cell containing a carbon 
atom in axis 1 (Fig. 1) is simply given by Eqs. (2) and 
(3). The stress tensor 7p of the screw dislocation can 
be expressed in a simple manner in the coordinate 


system x’y’s’ (Fig. 1) where it is” 


Gb 0 0 1 
T = O00}: 
2rr\1 00 


r>b. (6) 


Here G is the shear modulus and 6=3v3a the Burgers 
vector. Transforming 
the two components 


into the system x’y’z, 
and e,’,, are found to be 


v2 
(€1— €2) COS. 
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and Cottrell,“ the maximum interaction energy 
about 0.5 eV. 


Che interaction energy ot a carbon atom 


edge dislocation is estimated in a similar way. 
illustrates the crystallographic relationships 


plane (xz) is assumed 


an observed slip plane in 
The dislocation line is In 
Burgers vector 6 in direct 


between (111 and the radiu 


O 


1 


to the considered elementary, 
Angle The stress tensor 7 


interaction Energy, eV 


Fic. 2. Interaction energy between a carbon atom and a scr¢ 
dislocation for each of the three interstitial positions (r=/ 


The other strain components, ¢€;,, do not contribute 
to Upe since the corresponding stress components in. 
Eq. (5) are zero. Using Eqs. (5), (6) and]|(7), the “© ©Xtfa plane is 
Che constant D is 


4 


interaction energy is obtained as 


COS@D 
Upc=A r>b, 


where v is Poisson’ 

where the constant A is The PLE MI ee 

1€ Components oF the alin tensor. 

; transformed from the 3 system int 

V2 bGa? med ir ystem in 
system. This leads to 


U pe decreases inversely with r and is zero for a pure 
dilation (€,=€2). Equation (8) gives the interaction 
energy for a carbon atom on axis 1 (Fig. 1). The 
expressions for the other two cases (carbon atoms on Applying Eq. (5), the interact 
axes 2 and 3) are the same except for a phase difference carbon atom and an edge dislocat 
of +120 degrees due to the trigonal symmetry of a 

111)-axis. The angular dependence of Upc for the 

three cases is shown in curves of Fig. 2. It is seen that 
there are three equivalent positions of lowest energy 
at ¢=60, 180 and 300 degrees. 

The interaction energy for the nearest carbon atoms 
at r~b is then Upc=0.75 eV. By using the elasti: 
equations so close to the dislocation line we certainly 
overestimate Upc. According to an estimate by Mott! 


nif, ), 
COszy 


S 


Since carbon atoms may occupy positions a 
2 and 3. there are three sets of con 


y [oil] three terms in Eq. (11). Figure 4 
4 


the y-dependence of 

tions. It shows that 

constant in tl 

the carbons sit in the position 

is a slight minimum of Up; 

is further seen from Fig. 4 
carbon atoms prefer positiol Ss on 


results are obtained when the 


be a (112)-plane which is another observed 


in a-iron."' The only difference is that the minin 
Upc, which again lies only a few degrees aw: 


slip plane, is a little more pronounced ¢ 


Fic. 3. Coordinate system for the case of an edge dislocation positions contribute minimum values 
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Fic. 4. Interaction energy between a carbon atom and an 


edge dislocation (r=)). 
the slip plane. In both cases the interaction energy at 
r=b is again about 0.75 eV. 


SATURATION CONCENTRATION 


The number of carbon atoms that can diffuse to a 
dislocation is limited because, at a certain concentration 
of carbon near a dislocation, additional carbon segrega- 
tion no longer reduces the strain energy of the crystal. 
An estimate of the saturation concentration can be 
obtained from strain energy considerations. Let us take 
a volume element near a dislocation which is subjected 
to the elastic strains e;,” resulting from the dislocation, 
and assume that this volume element is so small that 
the strains in it can be considered constant, yet so 
large that we can speak in terms of concentration of 
carbon When atoms diffuse into the 
energetically most favorable positions of this volume 
element, the elastic reduced. We shall 
neglect the interaction between carbon atoms, which is 
(The results of 


atoms. carbon 


Strains are 


justifiable for small concentrations. 
the calculation show that the highest concentration is 
about 7 atomic per cent). The average strain of the 
element due to the then 
to the carbon concentration,!® and the 


volume carbon atoms is 
proportional 


components of the remaining elastic strain €;, are 
(12) 


where (e°) is the strain tensor resulting from the 
carbon atoms given by Eq. (2) and x=2n/.N expresses 
the relative concentration of carbon atoms. x= 1 means 


1 carbon atom per unit cell. 


3, 4955 

The saturation concentration x, is reached when the 
energy in this volume element is no longer reduced by 
further segregation of carbon atoms; in other words, 
if the elastic energy density is denoted by wu, x, is 
obtained from 
Ou 

(13) 


Since # is a homogeneous quadratic function of the 
strain components e;;, it can be written in the form 


(14) 


Up is the elastic energy density due to the dislocation 
alone; for example, it is 
Gh? 
Up = 


(15) 


for a screw dislocation; upc is simply Upc /a’, where 
Upc is given by Eq. (8) and (11) and we is the energy 
density due to the elastic strain of the carbon atmo- 
sphere with the concentration «= 1. 


2 €2”) (16) 


—?yp 


The saturation concentration x, is then derived from 
Eqs. (13) and (14) as 
(17) 


Taking the average value of #pc for all angles, we obtain 
for the screw dislocation 
n b 
= (0.06 
N r 
The result shows that the saturation concentration 
is about 6 atomic percent one atomic distance away 
from the dislocation line. 

The decrease of the elastic energy of the dislocation 
due to a saturated carbon atmosphere can be estimated 
by substituting Eq. (17) into Eq. (14). This leads to an 
energy density #,, which is expressed by 


U,=Up— (18) 


duty 


When the elastic energy density is written as a tensor 
product of the stress and strain tensors, the Schwarz 
inequality shows that u,>0. If the strain tensors of 
the dislocation and of the carbon atmospheres were 
similar, the strains of the dislocation could be com- 
pletely relaxed by a carbon atmosphere and “, would 
become zero. 
By inserting numerical values into Eq. (18), w- is 

found to be 

Gb 

u,~0.8 
82°r* 
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COCHARDT, SCHOEK, WIEDERSICH: 
Thus the strain energy is reduced about 20 per cent 
when a screw dislocation is surrounded by a saturated 
carbon atmosphere. 

The saturation concentration for an edge dislocation 
if found by substituting into Eq. (17) the value for 
Upc from Eq. (11). This leads to a concentration for 
the half-space below the slip plane of 

n b 
=—=().07 
2 N r 


when the average value of Upc for the angles below the 
slip plane is taken. The saturation concentration near 
an edge dislocation is fairly close to that found near a 
screw dislocation. 


DISCUSSION 


It has been shown that the interaction between a 


and a carbon atom in a-iron has 


about the same strength as the interaction between an 


screw dislocation 
edge dislocation and a carbon atom. 

The saturation concentration for both 
dislocation has values close to that found by Cottrell 
and Bilby for an edge dislocation. An essential difference 


types of 


between the results of the present paper and those 
of Cottrell and Bilby’s is that carbon atoms near an 
edge dislocation are found to be spread out over all 
angles below the slip plane and are concentrated in the 
neighborhood of the slip plane rather than at positions 
just below the dislocation. 

If all carbon atoms in a saturated atmosphere were 
in positions of lowest energy, the reduction of elastic 
energy would be about 20 per cent for a screw and 
roughly half as much for an edge dislocation. This 
means that at absolute zero temperature a dislocation 
must gain 10 to 20 per cent of its final energy to become 
free of its atmosphere. However, this energy difference 
decreases with increasing temperature, as can be seen 
from the following crude estimate. Carbon atoms are 
bound to a dislocation line only when their interaction 
energy is larger than the thermal energy or when 
Upc>BkT, where 8 is a factor of the order of 1. The 
radius R, of the region in which carbon atoms are 
bound to the dislocation, is then found from Eq. (8) as 


for a screw dislocation. If we take 8=1, we obtain a 
radius of R=30 at room temperature. The number of 
carbon atoms in this region is about 15 per atomic plane. 
Since the energy is reduced only in this region, the 
reduction of the total elastic energy of the dislocation is 
then only 6 per cent at room temperature. 

If we compare the accumulation of carbon atoms 
around a screw and an edge dislocation, the screw can 
bind roughly twice as many atoms as an edge disloca- 
tion. The reason is that the segregation takes place 
only below the glide plane of an edge dislocation but all 


DISLOCATION 


INTERSTITIAL INTERACTION 


around a screw dislocation, while the interaction energy 
per atom is the same in both cases 


As was already mentioned, Fisher? has recently 
concluded from a simple analysis of the mechanism of 
yielding that the line energy yo of a dislocation without 
a carbon atmosphere is only } per cent larger than the 
line energy y of a dislocation surrounded by carbon 
and Bilby’s 


10 per cent. The 


atoms, whereas, according to Cottrell 


estimate, the energy increase is about 
results, which has 
Vreeland and Wood,’ 


cannot be explained by he temperature dependence 


of the 


discrepancy between these two 


already been pointed out by 


assuming tne 


ratio y/yo nor by 


between carbon atoms and screw dislocations 


small—as was ruled out above. It therefore, 


seems, 


that the value of yo, which Fisher should not be 


uses, 


interpreted as the energy of a dislocation without a 


carbon atmosphere but rather as the energy of a disloca 


tion line at the point where it overcomes the binding 


force of the carbon atmosphere. 
from its 


If the dislocation moves away atmosphere, 


binding force 


the energy increases gradually. Since the 


is given by the maximum gradient of the energy curve, 


Fisher’s value of Yo 10 SI ould be ass¢ iated 
with the inflection point in this energy curve rather than 


with the maximum. 
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THE INFLUENCE OF THIN INTERMEDIATE LAYERS ON INTERDIFFUSION 
IN COPPER-NICKEL COUPLES* 


M. L. MEHTA and H. J. AXONT 


Experiments are reported on the chemical diffusion coefficients in the copper-nickel system for the two 


pure metals and also with the presence of thin (0.00002 in.) intermediate layers of Au, Sn, Zn or Cd. 
Au or Zn has small effect whilst Sn or Cd accelerate the rate of diffusion. Sn appears to behave differently 


from Cd in accelerating the didusion of nick 


‘| into copper and retarding that of copper into nickel. 


INFLUENCE SUR LA DIFFUSION DANS LES COUPLES Cu-Ni DE MINCES 
COUCHES INTERMEDIAIRES 


Les expériences portent sur les coefficients de diffusion dans le systéme cuivre-nickel pour les deux métaux 


irs et eI 


présence de minces couches intermédiaires (0,00002 in.) de Au, Sn, Zn ou Cd. 


\u ou Zn ont peu d’effet, tandis que Sn ou Cd augmentent la vitesse de diffusion. Sn semble se comporter 


t que Cd, en ¢ 
DER EINFLUSS VON 


Es werden Untersuchungen 


1ugmentant la diffusion du nickel dans le cuivre et en retardant celle du cuivre 


DUNNEN ZWISCHENSCHICHTEN AUF DIE DIFFUSION 
ZWISCHEN KUPFER 


UND NICKEL 


iiber die chemischen Diffusionskoeffizienten im System Kupfer-Nickel 


mitgeteilt und zwar sowohl fiir die reinen Metalle als auch fiir die Gegenwart von diinnen Zwischenschichten 


ul 


0.00002 in) aus Au, Sn, Zn 


oder Cd 


Au oder Zn beeinflussen die Diffusion nur gering, 
verhalten, da es die Diffusion von Nickel in Kupfer beschleunigt, die 


sich dabei anders als Cd zu 
des Kupfer in Nickels jedoch verlangsamt 


scheint 


Considerable attention has been given to the study 
of the interdiffusion of copper and nickel, particularly 
as regards the variation of diffusion coefficient with 
concentration. The classical study of this system is the 
analysis by Matano! of the results of Grube and Jedele’ 
which provided the basic method for the examination of 
this topic and is universally referred to as the Matano 
method. Perhaps the most recently published work on 
this topic is due to da Silva and Mehl,* who used the 
Matano 
coefficients in welded diffusion couples of block copper 
and block nickel at temperatures of 1054 and 947°C, 
respectively. 

There appears to be no published work on the effect 


method of analysis to evaluate diffusion 


of an intermediate layer of a third metal on diffusion 
in a copper-nickel couple, and the purpose of the 
present effect of thin electro- 
deposited layers of gold, tin, zinc and cadmium on the 


paper is to report the 
interdiffusion between fully annealed nickel rod and 


electrodeposited copper. 
EXPERIMENTAL METHODS 


The nickel used in the present work was supplied as 
0.75 in. dia., rolled and soft annealed bar, from which 
4-in. lengths were cut. The nickel starting pieces were 
faced and centred in a precision lathe and machined 
between centres to a diameter of 0.6 in. Machining was 
followed by a final grinding operation using 000 emery 
paper to give a smooth finish, followed by the careful 


application of stopping off compound to the machining 


* Received February 24, 1955. 
+t The University, Manchester, England. 
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wahrend Sn 


oder Cd die Diffusion beschleunigen. Sn 


centres, degreasing, etching and electrodeposition of 
either copper or the 
the third metal followed by copper. 


The need to electrodeposit copper onto thin layers of 


appropriate intermediate layer of 


tin, zinc and cadmium precluded the direct use of an 
acid copper-sulfate bath; hence, in all cases the first 
copper layer from a _ conventional 
cyanide bath to a thickness of 0.002 in., 
immediately by a water swill and further buildup of 
conventional acid 


was deposited 


followed 
about 0.1 in. of from a 
copper-sulfate bath. All electrodeposition was done on a 
beaker or small tank scale to facilitate control, the 
specimens being wired with suitable guard-rings to 


( eT 


produce a uniform distribution of deposited metal. 
Tin, gold, zinc and cadmium layers were deposited 
from conventional stannate or cyanide baths to a 
thickness of 0.00002 in. 

After the complete electrodeposition treatment the 
stopping off compound was removed and the specimens 
were heated together in the same zone of an electrically 
heated tube furnace through which pure nitrogen was 
continuously streamed. The specimens were supported 
in a suitable jig to prevent metallic contact and hence 
the possibility of the specimens welding together. In 
view of the intrinsic mechanical weakness of some of 
the intermediate layers, no machining operation was 
conducted subsequent to electrodeposition and prior 
to the diffusion anneal. Similarly, because of the low 
melting points of some of the metals the diffusion 
couples were slowly heated from room temperature to 
the diffusion annealing temperature of 950°C over a 
period of 30 hours. The slow heating also overcame 
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AND 


difficulties due to the unequal thermal expansion of 


the copper and nickel—difficulties which manifested 
themselves in the separation of copper and _ nickel 


when more rapid rates of heating or when thicker 


deposits of copper were used. Annealing was continued 
for 140 hours at 950+ 2°C and at the end of this period 
the specimens were allowed to cool in the furnace. The 
time required to cool down to room temperature was 
about 18 hours. In spite of all precautions, some speci- 
mens showed blistering after the diffusion anneal. 
All seriously blistered specimens were discarded, but 
those which showed only slight blistering were used 
after the blistered portion had been drilled out. 

The annealed specimens were mounted in the lathe 
between the same centres as originally used in preparing 
the nickel, and layers were carefully machined off 
and subjected to chemical analysis for both nickel and 
copper. A total metal content of less than 99.5 percent 
by analysis was not accepted. In this way concentration 
penetration data were obtained which were first plotted 
on probability paper in the manner described by da 
Silva and Mehl.* This method of plotting showed up the 
less reliable experimental points and was of great value 
in constructing the most probable form of the concen- 


tration penetration curves shown in Figs. 1 to 5. 


EXPERIMENTAL RESULTS AND DISCUSSION 


Figures 1 to 5 show the concentration penetration 


curves for the nickel-copper couple and for the other 


couples which had thin intermediate layers of a third 
metal. The value of a preliminary screening of the 
results by a probability paper plot is demonstrated in 
Fig. 2, in which it can be seen that the point at 12.09 


at. % nickel is given little weight because it fell away 


1. Concentration penetration curve for simp] 
nickel couple. 


Fic 


2. Concentration penetration curve for copper nickel couple 
with an intermediate layer of gold 


TERDIFFUSION 


3. Concentration pel 


with an in 


tor copper Nickel Co 


r of zinc. 


ne probabi il 


curves were analysed 


give the variation of diff 


Ision ¢ 
tion and the results of this 


6 to 10, where the values fusion coeffi 
are probably reliable to within a [ew 


20 to sv percent 


perce nt 


composition range copper, but 


relian snould 


ise ol large 


results beca 


the siope of the con 


curves oul 


two sets ol 


errors is ill 


are plotted. ° tw ‘ts of points refer to 


concentration penetration irves plotted from 


same experimental observations. 
these results, attention first 


of 


which are 


In discussing 


LO 


may 
coefficient 
to 


directed the plots diffusion 


against 
10. It is 


icients here reported 


concentration shown in Figs. 


to be noted that the diffusion coeft 


are the mean or “chemical” diffusion coefficients and 
take no cognizance of the individual mobilities of the 


two atomic species, although, as pointed out by Darken 
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and emphasised by Le Clair,® the presence of a Kirken- 
dall effect® (as reported by da Silva and Mehl* for 
copper-nickel) necessitates a consideration of the 
individual mobilities of the two atomic species if 
mechanisms are to be discussed in detail. 
possible to evaluate individual 


diffusion 
Although it is 
diffusion coefficients from the present results, there are, 


not 


nevertheless, aspects of the concentration penetration 
curves which underline the desirability of having such 
information. Thus it will be seen from Figs. 6 to 10 
that the presence of thin (0.00002 in.) intermediate 
layers of gold or zinc exerts little influence on the 
the copper-nickel 


chemical diffusion coefficients of 
system, although a slight retardation may be detected 
in the composition range 60 to 80 at. % copper. On 
the other hand the presence of an intermediate layer 
of tin or of cadmium appears to raise the chemical 
diffusion coefficient, cadmium being apparently the 
more effective element. 

That Figs. 6 to 10 do not represent the complete 
picture is indicated by an examination of Figs. 1 to 5, 
where it can be seen that the concentration penetration 
curves are reasonably symmetrical about the original 
interface and that the Matano interface moves slightly 
into the nickel-rich side of the diffusion couple for the 


»f diffusion coefficient with concentration 


in simple Cu-Ni couple. 


ATOM PERCENT COPPER 


Fic. 7. The variation of diffusion coefficient with concentration 


in Cu-Ni couple with an intermediate layer of gold. 


RGICA, 


VOL. 


2 
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3. The variation of diffusion coefficient with concentration 
for Cu-Ni couple with an intermediate layer of tin. 


Fic. 


9. The variation of diffusion coefficient with concentration 
for Cu-Ni couple with an intermediate‘layer,of zinc. 


ATOM PERCENT COPPER 


. 10. The variation of diffusion coefficient with concentration 
for Cu-Ni couple with an intermediate later of cadmium. 


straight copper-nickel system and also in the presence 


of gold zinc and cadmium intermediate layers, the in- 
creased chemical diffusion coefficients in the presence of 
cadmium being reflected in a larger area between the 
curve and the Matano interface. A quite different state 
of affairs is visible in the case of the tin intermediate 
layer (Fig. 3), where it can be seen that the concentra-~ 
tion penetration curve is strongly unsymmetrical about 
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the original interface and that the Matano interface has 
moved markedly into the copper-rich side of the 
diffusion couple. 

This may be interpreted as indicating a more rapid 
diffusion of nickel into copper than of copper into nickel. 
A possible explanation of this observation lies in the 
production of a semipermeable membrane of material] 
within which the mobility of atoms is modified by the 
nickel atoms being associated with tin atoms existing 
either as a nickel tin intermetallic compound or, more 
probably, asa solid solution region of tin in solid solution 
in nickel. Examination of the heats of formation of the 
possible compounds in the nickel-tin-copper system 
(CuSn 1.8 NiSn 7.5 Ni;Snz 7.5 Ni;Sn 5.7 kcal/q-atom) 
suggests that the electrochemical attraction between 
nickel and tin in solid solution should be strong, and 


hence the mobility of nickel atoms would be dependent 
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upon their breaking away from associated tin atoms. 
Evidence for interatomic attraction in ternary solid solu- 
tions has been put forward for the aluminium-magne- 
sium-silicon system’ 
individual atomic 


and it seems that a study of 
mobilities in ternary systems may 
also reflect the presence of “incipient molecules” in the 
solid solution. 
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DIE TEILCHENFORM BEI DER KARBIDAUSSCHEIDUNG AUS DEM a-EISEN* 


W. PITSCHt 


Um die Karbidausscheidung aus dem a-Eisen zu untersuchen, wird aus einer Verbindung von Dampfungs 


und Widerstandsmessungen ein Parameter abgeleitet, welcher nur von der Form der ausgeschiedenen 


Teilchen abhingt. 
vom Betrag« 
Teilchenform 

Eine 


wird theoretisch berechnet. 


dass das 
Platten 


Die se Erge bnisse¢ 


dieser 
werden mit elel 
Wachstumsgesetz diskutiert 


THE SHAPE OF PARTICLES 


Precipitatio1 
internal [rictlor 


particle shape. The parameter is equal to a coefficient 8, which indicates the variation 


Eins verursachte Widerstandsinderung angibt. 


stattfindet, wobei das Verhiltnis ‘““Plattendurchmesser: Plattendicke’ 


DURING PRECIPITATION OF 


Dieser Parameter ist der Widerstandskoeffizient 8, welcher die durch eine Ausscheidung 


Die Abhingigikeit des Parameters von der 


Anwendung der Berechnung auf experimentelle Untersuchungen der Karbidausscheidung zeigt, 
Karbid sich plattenférmig ausscheidet und dass wihrend der Ausscheidung eine Umformung 


abnimmt. 


tronenoptischen Beobachtungen verglichen, und es wird das Zenersche 


CARBIDE IN a-[RON 


of carbide in a-iron is investigated in more detail, combining the two experimental methods of 


n and electrical resistivity. This combination yields a parameter which is solely dependent on 


of electrical resistance 


caused by unit precipitation. The dependence of the parameter on particle shape is theoretically computed 


Using experimental data 
plate-like. Furthermore, 
coagulation takes place. 

These results are compared with thos« 


growth law of precipitation. 


FORME DES PRECIPITES DE CARBURE 


Lors de | 
la résistivité 


changement 


during precipitation the ratio 


précipitation des carbures dans le fer a, on peut déduire des mesures du 
paramétre qui ne dépend que de la forme des particules précipitées; ce paramétre est 


le résistance di 4 une précipitation égale 4 l’unité. Une application a4 la précipitation « 


the values of the deduced parameter indicate that the precipitated particles are 


“plate diameter: plate-thickness” decreases, 1.e., 
I 


of electron micrographs published elsewhere and with Zener’s 


DANS LE FER a 
frottement interne et de 


lu 


1. EINLEITUNG 


Bei der Untersuchung von Ausscheidungsvorgingen 
in iibersittigten Mischkristallen misst man im allge- 
meinen die Anderung einer physikalischen Eigenschaft, 
etwa den elektrischen Widerstand, die Koerzitivkraft 
usw., und schliesst daraus auf die Kinetik des Vorganges 
Durch eine Verbindung verschiedener Messverfahren 
ist es méglich, zu weiteren Aussagen iiber den Aus- 
scheidungsverlauf zu gelangen. (Siehe z.B. Arbeit 10). 

In der vorliegenden Arbeit wird gezeigt, wie durch 
Verbindung zweier geeigneter Messverfahren, mit 
denen die Ausscheidung gleichzeitig verfolgt wird, die 
Gestalt der ausgeschiedenen Teilchen untersucht wer- 
den kann. Eine solche Verbindung ist méglich, wenn die 
Messwerte des ersten Verfahrens nur von der ausge- 
schiedenen Menge up bestimmt werden, wiahrend die 
Messwerte des zweiten Verfahrens ausser von 7p noch 
von einem Parameter 8 abhingen, der die Gestalt der 
ausgeschiedenen Teilchen angibt, also 


Messwert;= f (xp), 
Messwertr =x np,p). 


Der Betrag der Ausscheidung wird nach dem ersten 


* Received May 11, 1955. 
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Verfahren und der Parameter @ als neue 
Messgrésse aus der zweiten Beziehung bestimmt. Dann 
ist eine Aussage iiber die Teilchen méglich, wenn die 
Abhingigkeit des Parameters von ihrer Form bekannt 


gemessen 


IST. 


2. UNTERSUCHUNGSVERFAHREN 


Ein Messverfahren der erstgenannten Art ist im 
Falle einer Nitrid- oder Karbidausscheidung aus dem 
a-Eisen die in den letzten Jahren vielfach durch freie 
Torsions- oder Biegeschwingungen gemessene Dim- 
pfung. Es konnte nimlich gezeigt werden, dass eine 
solche Dampfung nur durch gelésten und nicht durch 
ausgeschiedenen Kohlenstoff verursacht wird.! Daher 
kann wiahrend einer Karbidausscheidung aus _ iiber- 
sittigter Lésung laufend die Menge m, des noch gelésten 
Kohlenstoffs werden. Die ausgeschiedene 
Menge mp ergibt sich dann aus dem anfangs vollstandig 


bestimmt 


gelésten Gesamtgehalt 24 zu nmp=n4—nz. Das gleiche 
gilt fiir Stickstoff. 

Als zweites Verfahren kann die Widerstandsmessung 
benutzt werden, denn die Anderung des elektrischen 
Widerstandes, welche durch eine Karbidausscheidung 
verursacht wird, hangt nicht nur von der ausgeschiede- 
nen Menge mp, sondern auch wesentlich von der Gestalt 
der Karbidteilchen ab. Uber diese Abhiingigkeit ist 
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carbure montre que celul-cl précipite sous forme de plaquettes et que pendant la précipitation, le rapport du . — 
diametre de ces plaques a ieur epalsseur diminue. 7 
tat nt ré 11% ruvatiann - cr 4] + las a - 
Ces résultats sont comparés aux observations par microscopie électronique et la loi de croissance de Zener YT: 
est iscutet¢ 


PITSCH: 


bisher quantitativ nichts bekannt, sie muss daher 


zunichst ermittelt werden. 


3. ABSCHATZUNG DER DURCH EINE KARBIDAUS- 
SCHEIDUNG IM a-EISEN VERURSACHTEN 
ANDERUNG DES ELEKTRISCHEN 
WIDERSTANDES 


Die ausgeschiedenen Karbidteilchen werden im 
Vergleich zum Eisen als praktisch nicht leitend ange- 
sehen, d.h. sie werden wie kleine Isolatoren in einem 
umgebenden leitenden Gitter behandelt. Dann wird die 
Anderung des Stromlinienfeldes und daraus die Ande- 
rung des Widerstandes berechnet, die bei der Ent- 
stehung solcher nicht leitender Einschliisse auftritt. 

An der Oberfliche eines Isolators ist die Normal- 
komponente der Stromlinien gleich Null, die Strom- 
bahnen fiihren um die Teilchen herum und werden 
dabei um einen Betrag AL verliingert (Abb. 1). Aus- 
serdem verringern die im Gitter eingelagerten Isolatoren 
den leitenden Querschnitt um einen Betrag —AF. 
Beide Effekte-die Verlingerung des Stromweges um AL 
sowie die Verminderung des leitenden Querschnitts um 
—AF, bewirken Widerstandserhéhung. Man 
erhalt fiir diese Widerstandserhéhung, wenn noch der 
Einfluss einer Menge v, gelésten Kohlenstoffs auf den 
Widerstand des leitenden Gitters mit beriicksichtigt 
wird, 


eine 


Rr, L p—Rr, AL Ak 
=(1+an_,)- 


Ry, Lo 


In dieser Gleichung ist Rp. der Widerstand des reinen 
Eisens, p der Widerstand des Eisens, in welchem 
der Kohlenstoff zum Teil gelést, zum Teil ausgeschieden 
ist, a= 2,75 [Gew.%C eine bekannte Grésse,? Ly die 
urspriingliche Linge der Strombahnen vor der Aus- 
scheidung und F» der urspriingliche leitende Querschnitt. 

Die Berechnung der Ausdriicke AL/Ly und AF 
soll fiir kubische Teilchen* gleicher gemittelter Grésse 
mit den Kantenlingen /,=/,=a und /,=6 ausgefiihrt 


werden (Abb. 2). Je nach Grésse des Verhiltnisses 


Ass. 1. Der Stromlinienverlauf in der Nihe eines Teilchens mit 

kreisférmigem Querschnitt (¢.B.=tangentiale Strombahn, z.B. 
=zentrale Strombahn). 
* Dass die besonders gewihlte kubische Form keinen wesent 
lichen Einfluss auf die Abschitzung hat, wurde durch einen 
Vergleich zwischen einer Abschitzung fiir Wiirfel (a=) und 
einer solchen fiir Kugeln sichergestellt 


KARBIDAI 


SSCHEIDUNG 


Kubisches Teilchen 1 
und / 


ABB. 2 


a:b gilt die Abschitzung fiir platten-, kugel-, oder 
stabartige Teilchen. Ausserdem werden die Teilchen als 
statistisch gleich verteilt angesehen. Dann werden bei 
der Mittelung iiber die riumlichen 
Lagen der Teilchen deren Kanten parallel zu den 
und fiir je ein 


verschiedenen 
Achsen eines gesetzt 
Drittel von insgesamt M Partikeln die urspriingliche 
bzw. z-Richtung 


x-y-z-Systems 
Stromrichtung 7 parallel zur x-, 4 
angenommen. 

Man erhialt die Querschnittsabnahme — AF, wenn die 
| 


Zahl m derjenigen Teilchen, welche eine senkrecht zu 1 


liegende Fliche F schneiden oder gerade noch beriihren 


(Abb. 3), mit ihrem eigenen Querschnitt Af multi- 


pliziert wird. So ist z.B. im Falle a2 6 und 1 


M ak M a 


gleicher Weise ergibt 


Ak 
und daraus 


—Ak AF,+Al 


wenn 


Die Liingeninderung AJL er! die Zahl 


und Beriihrungspunkte, die eine Bahn 


man, 


e 
m’ der Schnitt 
des urspriinglichen Stromlinienfeldes mit den Teilchen 
Betrag Al 
einem 


hat, mit einem gemittelten multipliziert 


wird, um den eine Strombahn an einzelnen 


Teilchen verlingert wird. Im Falle und ist 
(Abb. 4 


M ably) M ab 
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3. Schnitt 


Stromrichtung 7 


durch ein Teilchen, das die senkrecht zur 


liegende Flache F beriihrt bzw. schneidet. 


Fiir die Abschitzung von Al, kann die Ablenkung 
einer Strombahn, die ein Teilchen tangiert, Alnin=O 
gesetzt werden, waihrend die Ablenkung einer Strom- 
s= (b 
+6/2)—a=b ist (Abb. 5). Als mittlere Ablenkung wird 
dann Al,=4- (Almax, z+Almin 


bahn, die ein Teilchen zentral trifft, Al... 2+a 


* und es ist 


= 6/2 benutzt, 
Mab? 

AL.=m,'-Al_.= 

6F 


Ebenso ergibt sich, wenn i/y bzw. i7#z ist, AL, 
= Mab’/6Fy bzw. AL.= Dann ist 


M 
AL=(AL,+AL,+AL,)= (2ab?+-a*). (3) 
6F 
*“Um die Zulissigkeit der gemachten Festsetzungen iiber 
Alminy Almax und Aj zu priifen, wurde fiir ein Teilchen mit kreis- 
férmigem Querschnitt der Stromlinienverlauf streng aus der 
Potentialgleichung Ag=0 mit der Randbedingung 0¢/dr(r=ro) 
=( berechnet (7o=Partikelradius, r= Radialkoordinate) (siehe 
Abb. 1 


Dabei ergab sich 
Almax=?o* (w—2) fiir die zentrale Bahn (z.B.), 
Almin=0,1-Almax fiir die tangentiale Bahn (/.B.), 


und fiir die dazwischen liegenden Werte Al=}- Al, Da es in 
erster Linie auf eine qualitative Unterscheidung zwischen platten-, 
kugel- stabartigen Teilchen ankommt, sind die 
Festsetzungen iiber A/ also hinreichend genau. 


oder obigen 
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Ass. 4. Schnitt durch ein von der Strombahn 7 gerade noch 
beriihrtes Teilchen. 


Es folgt aus Gleichung (2) und (3) 


AL AF M fa ab 


= -+ ab 
fe Fo Loo\6 3 


und daraus, da das Gesamtvolumen des ausgeschie- 
denen Karbids AV = Ma’) und das Gesamtvolumen der 
untersuchten Probe Vo= LoF ist, 


AL AF\ AVsla 1b 
(4) 
V,\6b 34 


In F 


Da die Widerstandsinderung in Gleichung (1) in 
Abhingigkeit von der Karbidmenge 7  interessiert, ist 
AV durch mp zu ersetzen. Es ist 

G Vo 
AV =—-4,65-10-2np-2 (5) 
x3 


mit dem Gewicht G eines Karbidmolekiils, dem spezifi- 
schen Gewicht p des Karbids, der Gitterkonstanten des 
a-Eisens \=2,86 A und der Menge mp des ausge- 
schiedenen Kohlenstoffs in Gew.%. Wéahrend einer 
Auslagerung bei 90 bis 170°C, wie sie spiaiter untersucht 
wird, scheidet sich der Kohlenstoff als e-Karbid aus** 


Ass. 5. Vereinfachter Stromlinienverlauf in der Nahe eines 
kubischen Teilchens (/.B.=tangentiale Strombahn, z.B.=zentrale 
Strombahn). (a) im Schnitt; (b) perspektivisch. 
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das nach K. H. Jack® eine Zusammensetzung zwischen 
FeoC und Fe;C hat, die nahe bei FesC liegt. Man kann 
daher in Gleichung (5) die Werte Gr..c=179,6- 1,66 
-10-“g und pre.c=7,4 g/cm’ einsetzen und erhilt 


AV 
0.16: mp. 


Aus den Gleichungen (1), (4) und (6) folgt dann schiess- 
lich fiir den betrachteten Fall a>b 


Rye, t,p— Rx 
= (1+az7,)0,16 
Rr. 
a b 
1+-0.17 --+0.33- 
b a 
Fall 


In gleicher Weise erhilt fiir den anderen 


axb 


man 


Rr, 


p—Rr, 
= (1+az,)0,16 
Rr, 
a 
1,33+0,17- 
b 


Es gilt also allgemein fiir die relative Widerstands- 
zunahme des Eisens, wenn ein Anteil 7; des Kohlenstoffs 
noch gelést, ein anderer Anteil zp als Karbid ausge- 
schieden ist 
Rye, 1. p—Rr, 
Ry. 
In dieser Gleichung ist 8 der gesuchte Parameter, der 
eine Aussage iiber die Gestalt der ausgeschiedenen 


ihn gilt, man 


Abb 0 


Teilchen erméglicht. Fiir wenn 


gegen 1 vernachlassigt, da O< a-n,< 0,055 ist 


B=0,16[ 1+0,17 (a/b) +0,33- (b/a) Gew.%C 
fiir a>b, d.h. fiir 
plattenférmige Teilchen, 


8=0,16{ 1,33+0,17- (a/b) || Gew.%C ] 
fiir d.h. fiir 


stabférmige Teilchen, 


iderstandskoeffizient  [Gew 


i 


Ww 


Verhaltnis a:b 


ABB. 6. Der Koeffizient 8B—der die durch eine Ausschiedung 
vom Betrage Eins verursachte Widerstandsiinderung angibt, 
theoretisch berechnet fiir kubische Teilchen mit den Kanten 
langen /,=/,=a und /,=0, in Abhingigkeit von dem Lingen 


verhaltnis a:b. 


KARBIDAI 


IDUNG 


SSCHI 


d.h. fiir 


kérnige hen. 


B=0,24| Gew.%C fiir 


Es folgt das sehr wichtige Ergebnis, dass der Koeffi 
zient 6 nur von der Form und nicht von der Grésse a2) 


oder der Dispersitét M der ausgeschiedenen 


Teilchen abhiingt. Die durch die Ausscheidung erzeugte 
Widerstandszunahme wird nur auf die Form u 
Gesamtvolumen der ausgeschiedenen Teilcher 
Die Verbindung Di 
messung gibt also Auskunft 
heide nden Karbidteilche 


ler vorstehenden 


gefiihrt. mpfung 


liber 
aussi 
Es sei bemerkt, dass in « 


die Beeinflussung des Widerstandes durc]l 


1 
streuung wegen der Grosse der untersuchte! 


lissigt werden konnte. Ferner wurden, 


vernat h 


alien bisherigen thneoretiscnen ‘rsuchungen, etwaige 


waihrend der Ausscheidung ‘tende Gitterverspan 


nungen vernachlissigt. 


4. DIE TEILCHENFORM BEI DER KARBIDAUS- 
SCHEIDUNG AUS DEM a-EISEN 
Zunichst sollen diese theoretischen \ussagen an 
bekannten experimentellen Ergebnissen gepriift 


bei denen die ausgescl 


werden, 
sedene 
iedenen Teilchen direk 


mikroskopis beobac tet 


sungen von W. Késter 


dass k6rniger und 


Widerstand verschieden beeinflu 


erhielten eine lineare Ab 


Karbid und d 


0,25 Crew AC 


Ein Vergleich dieser Werte 
zeigt dass die W iderst 
Zementits recht gut mit 

formigen Teilche 
zunahme des | 
plattenférmige 

15:1 erkliart 
ung bel 


statistisch verteilte Teilchen gemachte 


einer so ausgerk hteten Lage der Platten ; [ 


Mit Hilfe 


friihere Untersuchungen 


inwendbar is 
der Beziehungen (7) und (8) sollen nun 


Karbidausscheidung 


aus 


der 


dem a-Eisen werden. Es wurden Eisen- 


driihte in feuchtem Wasserstoff gereinigt, 0,0% 
bei 710°C auf 0,014 bis 0,017 Gew. ‘ Kohlenstoffgehalt 
aufgeholt, in Wasser abges« kt und be YO bis 17 
Zahlentafel I). Wahrend der Auslagerung 
und der Widerstand R 
Wert 


experimentell bekannt, da die Gréssen 


ausgewertel 


geqdennt, 


ausgelagert 
wurden die Diaimpfung Q 
gleichzeitig gemessen. Damit ist der nach 
Gleichung (7 


ny und mp aus der Dimpfungsmessung und das Wider 


S46 
0 
Abs 
)ektrone: 
lie 
und H. Tiemann® geht hervor, 
\amellarer Zementit den elektrischen 
ssen. Die Vertasser 
Ry Ry 
Dabei ist (R, Ry die all dur is Karl 
verursachte Widerstandszu me und 
3,=0,5 bei lamellarem Zement 
bei kérnigem Zem 
| 
| 


ACTA METALLU 


ZAHLENTAFEL I. Experimentelle Daten der untersuchten 
Karbidausscheidung 


\uslagerungs 
Ubersattigung* 


Gew. 


konzentrati 

na Gew.% An 
0.0165 
0.0160 
0,0145 
0.0140 


0,01655 
0,01620 
0.01475 
0,01405 


standsverhiltnis p—Rr.)/Rre sowie die Kon- 
stante a unmittelbar ermittelt wurden. 

Die sich aus den Experimenten ergebende Abhingig- 
keit der Grésse 8 von 7p ist in Abb. 7 dargestellt. Dazu 
ist zunichst zu sagen, dass die Abschatzung fiir wiirfel- 
artige Teilchen den Verlauf der 8-Kurven nicht er- 
klaren kann. Sie ergibt einen zu kleinen und ausserdem 
konstanten Wert B=0,24 Gew.[%C Dagegen lassen 
sich die Kurven vollstindig durch folgendes Bild 
deuten: Das Karbid scheidet sich in Plattenform aus, 
und mit fortschreitender Ausscheidung nimmt 
Verhaltnis Plattendurchmesser: Pattendicke= a:b lau- 
fend ab, weil eine Einformung der Platten stattfindet. 
Die Dicke der Platten wiachst schneller als ihr Durch- 
messer. 

Wenn man von einem anfianglichen Steilabfall der 
8-Kurven absieht, bei vielleicht 
Rolle spielen, welche die Ausscheidung vorbereiten, so 
ergibt sich aus Abb. 6 und 7 quantitativ folgendes: 
Unter den vorliegenden Bedingungen findet wihrend 
der Ausscheidung eine Einformung der Platten in 
einem Bereich von etwa a:b=60:1 bis a:6= 25:1 statt. 


das 


dem Prozesse eine 


Nachdem der Ausscheidungsvorgang selbst praktisch 
beendet ist, tritt eine weitere Koagulation ein, die bis 
a:b=15:1 verfolgt wurde. 

Ferner sind in Abb. 7 bei gleicher ausgeschiedener 
Menge mp die 6-Werte um so grésser, je starker die 
Ubersittigung ist. Dies erklirt sich vielleicht daraus, 
dass mit wachsender Ubersittigung auch die Keimzahl 
zunimmt. Es entspricht also der héheren Ubersiittigung 


> 4n=0,065 Gew %C 


° 


Widerstandskoeffizient B [Gew%oC]” 


0,005 0,010 0.0% 
Gesamtausscheidung n,, [Gew %C] 


ABB. 7. Der wahrend einer Kohlenstoffausscheidung bei 
verschieden starker Ubersattigung An gemessene Koeffizient 8 
in Abhingigkeit vom Betrage der Ausscheidung. 
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eine gréssere Zahl kleinerer Teilchen; die Einformung 
ist hier noch nicht so weit fortgeschritten. Eine Ander- 
ung der Unterkiihlung in einem Bereich zwischen 500 
und 600°C scheint darauf keinen merklichen Einfluss 
auszuiiben. 


5. DISKUSSION 


Es ist nun zu fragen, wieweit diese Aussagen iiber 
durch elektronenoptische 
werden kénnen. Es gibt 


den Ausscheidungsverlauf 
Beobachtungen gepriift 
verschiedene Arbeiten, in denen die Karbidausscheidung 
aus dem a-Eisen elektronenmikroskopisch untersucht 
worden ist. Dabei konnte die Gestalt der ausgeschie- 
denen Teilchen erst nach lingeren Gliihzeiten mit einiger 
Sicherheit bestimmt werden, da die Teilchen zu Beginn 
der Ausscheidung zu klein waren. 

J. Radavich und C. A. Wert® glaubten die Annahme 
einer kugeligen Karbidausscheidung im wesentlichen 
bestatigen zu kénnen, nachdem sie eine Probe mit 
0,02 Gew.% iibersittigt geléstem Kohlenstoff 25 min 
bei 300°C getempert und elektronen- 
mikroskopisch beobachtet hatten. 

Im Gegensatz dazu hatten J. Trotter, D. McLean und 
C. J. B. Clews’ an Proben mit 0,7 Gew.%C, die von 


anschliessend 


690°C abgeschreckt und eine Stunde bei 250° gegliiht 
worden waren, mit dem Elektronenmikroskop platten- 
aihnliche Karbidausscheidungen gefunden. 

Um diese Widerspriiche zu kliren, wurde schliess- 


lich eine eingehende elektronenoptische Unterschung 
der Ausschiedungsvorgiinge von A. L. Tsou, J. Nutting 
und J. W. Menter® vorgenommen. Sie verwendeten 
Eisen, neben 0,026 
Verunreinigungen von 0,01 Gew.% sowie 0,0057 Gew.©, 
N enthielt. Sie beobachteten u.a. nach einer Gliihung 
bei 700°C, Abschrecken und anschliessender Auslager- 
ung bei 100°C nach 16 / plattenférmige Ausscheidungen 
mit b=500A und a~2000 bis 3000A und bei 200°C 
nach 15 fA Platten mit 6=2500A und a=7000 bis 
10 OOOA. Durch Elektronenbeugungsaufnahmen wurden 
die ausgeschiedenen Platten als Eisenkarbide nach- 


welches Gew.%C_ metallische 


gewlesen. 

Es bleibt die Frage offen, worauf der Unterschied 
zwischen den elektronenoptischen Beobachtungen zu- 
riickgefiihrt werden kann. Es wire méglich, dass die 
von Radavich und Wert beobachteten Zementitpartikel 
schon weitgehend koaguliert waren und iberhaupt 
wegen inhrer unterschiedlichen Gitterstruktur eine an- 
dere Form besitzen als die unterhalb 220°C sich 
ausscheidenden ¢-Karbidteilchen. Andererseits weist 
Wert auf den zwar geringen Stickstoffgehalt der von 
Tsou, Nutting und Menter verwendeten Proben hin.! 
Eine umfassende elektronenoptische Untersuchung der 
Karbidausscheidung aus stickstoffreiem Eisen miisste 
hier endgiiltige Klarheit bringen. 

Angesichts dieser Unsicherheit lisst sich nur sagen, 
dass die Ergebnisse der vorliegenden Arbeit mit den 
letzten elektronenmikroskopischen Beobachtungen 
qualitativ iibereinstimmen. Die quantitative Abweich- 
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ung der Verhiltnisse a/b=4 bis 6 bzw. a/b=3 bis 4 
von den eigenen Werten a/b> 15 kénnte vielleicht auf 
den Atzangriff bei der Herstellung der Probenabdriicke 
zuriickgefiihrt werden. Andererseits ist es durchaus 
méglich, dass die vorliegende Abschitzung den Wider- 
standskoeffizienten quantitativ nicht genau wiedergibt. 

Schliesslich sollen noch die Aussagen der Ausscheid- 
ungstheorie von C. Zener und C. A. Wert!?* 
Gestalt der ausgeschiedenen Teilchen erértert werden. 
Zener und Wert haben fiir den 
Bruchteil W der ausscheidungsfihigen Gesamtmenge 
ein Zeitgesetz 


iiber die 


ausgeschiedenen 


W (t)= 


angegeben, das bei langeren Auslagerungszeiten / in ein 


Exponentialgesetz 
W (t)=1—exp{ — 10) 


iibergeht. Von den Konstanten 7 und & ist nun k 
unmittelbar mit der Form der ausgeschiedenen Parti- 
keln verkniipft, indem bei kugelférmiger Ausscheidung 
k= 3/2, bei stabférmiger k= 4/2 und bei plattenférmige 
k=5/2 gefordert wird. 

Bei den experimentellen Untersuchungen der Karbid- 
ausscheidung aus dem a-Eisen ist das Zeitgesetz (10) 
zwar allgemein gemessen worden, doch liegen die 
Exponenten niemals bei 5/2, wie bei plattenférmigen 
Karbiden zu erwarten wire; sie liegen bei 3/2 und oft 
sogar deutlich unterhalb 3/2. Abgesehen von den Ex- 
ponenten k <3/2, die in der Theorie grundsitzlich nicht 
erklart werden kénnen, wurde auf Grund der experi- 
mentellen Ergebnisse eine kugelartige Karbidausscheid- 
ung angenommen Diese Aussage steht mit 
genannten elektronenoptischen Beobachtungen und den 
eigenen Ergebnissen in Widerspruch. 

Um diesen Widerspruch erértern zu kénnen, muss auf 
die Ableitung des Zeitgesetzes (9) niher eingegangen 
werden. Zener 13 leitet dieses Gesetz aud dem 1. 
Fickschen Diffusionsgesetz ab, dessen Giiltigkeit an der 
Phasengrenze Karbid und umgebendem 
Gitter vorausgesetzt wird. Dabei miissen zwei Gréssen 
bekannt sein: die Gleichgewichtskonzentration (5S) 
und der Konzentrationsgradient dn/ds(s=S) an der 
Phasengrenze (S ist eine Linearabmessung des Karbid- 
teilchens, s die Langenkoordinate in dieser Richtung). 
Beide Gréssen lassen sich nur unter einschriinkenden 
Annahmen angeben. 

Die Gleichgewichtskonzentration n(S) ist abhingig 
vom Kriimmungsradius an der Oberfliche des Teilchens 
(vgl. Arbeit 15). Im fortgeschrittenen Zustand der 
Ausscheidung wird diese Abhingigkeit vernachlissigt, 
und es wird n(S) gleich der konstanten Gleichgewichts- 
konzentration m(*) vor einer sehr grossen, ebenen 
Ausscheidungsfront gesetzt. 


oben 


zwischen 


KARBIDAT 


SSCHEIDUNG 


Der Konzentrationsgradient 0n/ds(s=S) liasst sich 
unter der Voraussetzung, dass in jedem Augenblick 
Konzentrationsverteilung im Gitter 


eine stationiire 


herrscht—nur fiir kugelf6rmiges und eindimensionales 
Wachstum exakt angeben. 
Man erhilt dann nach Zener aus dem ersten Fick 


schen Diffusionsgesetz fiir die jeweillige Linearkoordi 


nate eine Zeitabhingickeit 


11 


Radius einer Kugel, 
Zylinders und fiir die Dicke einer Platte angenommen. 
Wert 
indem er fiir den Radius einer Platte und fiir die Li 
eines Zylinders willkiirlich 0n/ds(s=S 
Er erhalt analog zu Gleichung (11 


Dieses Gesetz wird fiir den eines 


versuchte diese Uberlegungen auszudehnen, 
inge 


const setzte. 


S(t)~1. 12 
Aus den Gleichungen (11) und (12) ergibt sich fiir das 
Volumen V eines Karbidteilchens 
V (t)~I1 (13 
4/2 und kpjatt 5/2. Unter 
der Voraussetzung, dass wihrend der Ausscheidung 
keine Keimbildung W (th=V(t)/V(« 
und damit geht Gleichung (13) sofort in Gleichung (9 


mit 3/2, kz 


stattfindet, ist 


iiber. 
In der vorstehenden [ berlegung ers« heint vor 
allem die Ableitung der Gleichung (12 Die 


Giiltigkeit der Gleichung wiirde zur Folge haben, dass 


nun 
unsicher. 


im Gegensatz zu den eigenen Ergebnissen—wihrend 
einer plattenférmigen Ausscheidung das Verhiltnis 


Plattendurchmesser: Plattendicke zunimmt, und zwar 
proportional /!. Diese Aussage steht in Widerspruch zu 


dem thermodynamischen Grundsatz, den energetisch 


giinstigeren Zustand einer méglichst geringen Ober- 


fliche im Vergleich zum Volumen herzustellen. Es ist 
im Gegenteil zu erwarten, dass an der Plattenkante 
wegen der stirkeren Kriimmung der Oberfliche eine 
groéssere Gleichgewichtskonzentration als vor der Plat- 
tenmitte herrschen wird. Dadurch wird das Wachstum 
gegeniiber der Mitte gehemmt, und es ist in Gleichung 
(12) eher ein Zeitexponent l und damit in Gleichung 
(13) ein Wert &piatte< 3/2 
mend mit dieser Erwartung wurde bei den oben ausge- 
Versuchen? das Zenersche Wachstumsgesetz 


zu erwarten. Ubereinstim 


werteten 
(10) mit einem Exponenten 1,15 gefunden. Sonst in der 
Literatur mitgeteilte hdhere Exponenten kénnen z.Bb. 
durch eine Keimbildung erklirt werden, die in einem 
endlichen Zeitbereich stattfindet 

Es sei noch abschliessend bemerkt, 
auf Wege als Zener 
Ausscheidungsgesetz abgeleitet hat, in 
ponent & durch die Keimbildung allein bestimmt wird. 
Dabei kénnen nach lingeren Auslagerungszeiten Werte 
1<k<2 erklart Form der 


ausgeschiedenen 


Ilschner'* 
Wert ein 


der 


dass B 
véllig anderem und 


dem Ex- 


werden. Die geometrische 


Teilchen geht in diese Uberlegung 


nicht ein. 
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Den Herren Professor E. Houdremont und Professor 


F. Wever danke ich herzlichst fiir ihr stetes Interesse 
an der Arbeit. Der Deutschen Forschungsgemeinschaft 
sei fiir die materielle Unterstiitzung gedankt. 
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KINETICS OF ORDER-DISORDER TRANSFORMATIONS* 


G. J. DIENES} 


A simple theory of the kinetics of order-disorder transformations, based on chemical rate theory, is pre 
sented. The theory is constructed entirely in terms of the long range order parameter and reduc es to the 
Bragg and Williams theory at equilibrium. There are several unusual features in the theoretical rate curves 
The origin of these characteristics is the order parameter dependence of the energy of ordering. It is shown 
that ordering must start by fluctuations which are expected to be particularly large for an AB; alloy. Thus 
the shapes of the ordering curves remind one of nucleation and growth processes, although they are derived 
entirely from simple rate theory. The theory is shown to be in agreement with the experimentally known 
qualitative behavior of order-disorder systems. For example, the theory predicts a maximum ordering rate 
slightly below the critical temperature in agreement with experiment. An improvement of the Bragg and 
Williams equilibrium theory is also suggested, based on a nonlinear dependence of the ordering energy on the 
long-range order parameter, which leads to excellent agreement with experiment. The kinetic theory is modi 
fied accordingly, resulting in quantitative but not qualitative changes in the predicted rate curves. There ar¢ 
insufficient experimental rate data for a critical quantitative evaluation of the kinetic theor 


CINETIQUE DES TRANSFORMATIONS ORDRE-DESORDRE 


Il est présenté une théorie simple de la cinétique des transformations ordre-désordre basée sur la théori« 
des vitesses de réaction. La théorie est exprimée en fonction du paramétre d’ordre 4 grande dist: 
conduit, lors de l’équilibre, 4 la théorie de Williams et Bragg. Les courbes théoriques conduisent 4 cert 
aspects inaccountumés dont Vorigine est la relation entre le paramétre d’ordre et |’énergie d’ordre 
montré que l’ordre se produit par des fluctuations qui doivent étre particulitrement importantes puor ut 
alliage du type ABs. Ainsi, la forme des courbes d’établissement de l’ordre est analogue a celle des réactior 
par germination et croissance, bien que la théorie dérive d’une simple théorie de la vitesse de réaction 
montré que cette théorie est en accord qualitatif avec le comportement des syst¢mes ordre-désordre 
ainsi que la théorie prévoit conformément a |’expérience un maximum de la vitesse de mise en ordr 


ment inférieure 4 la température critique. Il est suggéré d’améliorer la théorie de Bragg et Williams, 


introduisant une relation non linéaire entre |’énergie d’ordre et le paramétre d’ordre a grande 
conduit 4 un excellent accord avec l’expérience. Une modification correspondante de la théorie cinétique 
altére quantitativement, mais non qualitativement les vitesses de réaction prévues. Les faits expérimentaux 


sont insuffisants pour une critique quantitative de la théorie cinétique. 
ZUR KINETIK DER UBERSTRUKTURBILDUNG 


Ausgehend von der chemischen Geschwindigkeitstheorie wird eine einfache Theorie der Kinetik des 
Umwandlungsvorganges geordnetungeordnet beschrieben. Die Theorie baut véllig auf dem Fernordnungs 
parameter auf und beschrankt sich auf die Theorie von Bragg und Williams im Gleichgewicht. Di 


tischen Geschwindigkeitskurven zeigen einige ungewOhnliche Eigenheiten. Die Ursache dieser charakte 
istischen Merkmale liegt in der Abhiangigkeit des Ordnungsparameters von der Ordnungsenergi 
gezeigt, dass die Ordnung durch Schwankungen eingeleitet werden muss, die fiir ein AB etall 

gross sein werden. So erinnern die Ordnungskurven an Keimbildung und Wachstumsprozess¢ 

vollig aus der einfachen Geschwindigkeitstheorie abgeleitet sind. Die Theorie zeigt mit der 
experimentellen Verhalten der Systeme mit Uberstruktur Ubereinstimmung, 

dass dicht unterhalb der kritischen Temperatur ein Maximum in der Wachstur 

Weiterhin wird eine Verbesserung der Gleichgewichtstheorie von Bragg und Willian 

einer nichtlinearen Abhingigkeit der Ordnungsenerige vom Fernordnungsparameter | 


ungsvorschlag fiihrt zu einer ausgezeichneten Ubereinstimmun t dem Experiment 

wird auch die kinetische Theorie abgewandelt, was quantitative, j ht qualitatiy 

der vorhergesagten Geschwindigkeitskurven verursacht 
. 


kinetischen Theorie leigen nicht geniigend experimentelle 


I. INTRODUCTION ment with experiment in many cases. However, 


theories are invariably restricted to considera 


tin? 
ons 


The Bragg and Williams theory of order-disorder has 
survived as a beautifully simple and effective repre- 
sentation of order-disorder phenomena even though it 


equilibrium and are not concerned with the associat 
rate phenomena. 


. The Bragg and Williams theory can be derived from 
is well known by now that the theory has many short- gia 1 ey ele 
kinetic arguments (as originally done by Gorsky*) and 
; ne , ae the theory is well adapted, as shown by B. and W. toa 
aimed at combining alterations in long and short range 
consideration of relaxation phenomena. In recent years 

order, have given a better understanding of the basic , 
aE Petites it has been customary to discuss order-disorder trans- 
formations In terms of nucleation and growth theory. 

* Received February 28, 1955; in revised form, April 15, 1955 It has not been found possible to render such theories 


t Brookhaven National Laboratory, Upton, New York. quantitative. It is attractive to think of order-disorder 
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transformations, at least for stoichiometric composi- 
tions, as a simple exchange reaction in the solid state. 
On this basis one would construct a kinetic theory along 
the lines of modern chemical rate theory. This possi- 
bility has not been examined in sufficient detail to find 
out whether the important features of the kinetic 
phenomena can be described by such a theory without 
invoking special assumptions of nucleation. Such fea- 
tures will have to be accounted for as sigmoid-shaped 
rate curves, minimum relaxation times below the critical 
temperature, apparent experimental agreement with 
second and third order reactions over various ranges of 
order, etc.' 

The purpose of this paper is to examine a simple 
“chemical”? theory of ordering in detail. Since this is 
essentially an extension of the B. and W. theory, it is 
constructed entirely in terms of the long-range order 
parameter. It has not been found possible so far to 
formulate a satisfactory picture of the kinetics of short- 
range ordering. It might be added that suitable experi- 
ments are not available either. Only the kinetics of 
long-range order formation has been studied experi- 
mentally. 

The experimental! information concerning the kinetics 
of long-range order is by no means as sound or extensive 
as would be desired. The major difficulty is that the 
connection between the degree of long-range order and 
the various physical properties which have been used 
for rate studies is not established clearly either theoretic- 
ally or experimentally. For further progress it is essential 
to carry out rate studies directly in terms of the long- 
range order parameter, S, as determined from super- 
lattice lines. If some other physical property is used in 
the rate studies it must be calibrated with respect to 
X-ray measurements. Even if this is done, however, the 
possibility still remains that a given physical property 
may not be a function of S alone. Thus, the first pro- 
cedure is much preferred. While there are excellent 
equilibrium data for a few order-disorder systems, 
kinetic studies required for quantitative comparison 
with theory have not been carried out. For the present, 
therefore, one has to be content with a qualitative 
comparison of the general features of the kinetic process. 


II. THE BASIC EQUATIONS 


Any binary stoichiometric order-disorder system is 
describable, in the B. and W. scheme, by defining the 
following quantities. Let there be 


Np B-atoms on B-sites 
\ , A-atoms on .V a-sites 


and designate the number of wrong atoms by .V,7%=.V 4° 
The order disorder transformation is describable by the 


‘chemical” equation 


RGICA, 
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Yi... 


The corresponding fractional concentrations are 


Ve—X X X 

where 

and N=N,4+ Nz. 


X with 


The rate of change of time, /, can now be 


written 


d(X/.V) 


then 


and rewrite (2) in the form 


d(X/N) X X\? 
\ 


dt 
At equilibrium [d(X/.V)/dt]=0, and, therefore, 
X?/N? 


2 
In terms of the B. and W. long-range order parameter S 
we have 


In terms of .S, therefore, (4) becomes 


¥(1—y)(1—S)? 
K= 
S+y(1—y)(1—S)? 


= +1. (7) 


y(1—y)(1-—S)? 
Equation (7) is the B. and W. equilibrium condition. 
B. and W. identify A with e’/*7 and then assume that 
V=V,S. From the above kinetic argument and con- 
ventional rate theory, K is derived as follows: Let the 
potential barrier in going from disorder to order be 
denoted by U. Let the energy-difference ordered and 
disordered states be V. Then 


K,=v1e 
K.= 


(8) 
and, therefore, 


(9) 


V2 


This is obviously equivalent to the B. and W. treatment 
if we let »y;=ve and following them we assume that 
V=V.S. Thus, the equilibrium theory is the same 


Va X Ve X X\? 
dt \ \ N \ N 
Let 
V4 Ve 
-y; = (1-7) 
\ 
& 
(3) 
| 
or 
Ky 
A*-+ BP AP, (1) 
K» 
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except that one special assumption of the B. and W. 
theory becomes quite clear, namely, letting v2. 
This amounts to stating that the entropies of activation 
in the two directions are equal and therefore amounts to 
neglecting any entropy effects arising from a change in 
the vibrational spectrum. This deficiency of the B. and 
W. theory has been pointed out before® and some 
attempts have been made to correct for this.* According 
to our development it is a simple extension of the B. and 
W. theory to include entropy effects at this stage of the 
theory. For the present we shall neglect this, as the 
main features of the kinetic theory are not altered by 
the inclusion of the entropy term, but we will investi- 
gate this point later. In this section, therefore, we pro- 
ceed with yy=r2=v. 

One can write now an expression for dS/dt from Eq. 
(2) with some assurance, since, according to (8) and (9), 
the correct equilibrium conditions will be obtained. 
One gets, using V=V 5S, 


ds 
=p e 

dt 

—e-VoS/RTE S$ (10) 
Equation (10) is the basic kinetic equation embodying 
the B. and W. formulation. The basic difference be- 
tween Eq. (10) and an ordinary second-order chemical 
rate equation is, of course, the dependence of the second 
exponential term on S; that is, the energy of the reaction 


AB ALLOY, y=//2 
250° K 


Fic. 1. dS/dt-versus-S curves for AB alloy. 


DISORDER 


TRANSFORMATION 


1 


tion which has t 


depends on the amount of reac taken 
plac e. As will be show n, this dependen¢ eon S intr es 


some unusual features into the rate curves. 


III. KINETIC BEHAVIOR 
Equation (10) is a mixed algebraic and exponential 
equation and the characteristics of dS/di as a function of 
S can only be investigated by numerical calculations. 


For such computations the tollowing parameters were 


( hosen 


U/R=5000 K, 
R=1000 K. 


1. AB alloy 


] 


dS/dt values were calculated 


series of temperatures for the 
in Figs. 1 and 


behavior, as determined from the 
=() line in Figs. 1 and 2, is, of 


and W 


results are shown in 
crossing 

course, the e as that 
obtained from the B. For further dis 


IV and Fig. 9 


Several important points should be noted with respect 


tneory 


( ussion, see Sec ° 


to the kinetics of ordering for an AB alloy. 
(a) The rate at S 
fluctuations. However, since dS/di as a 


0 is always zero. Thus, ordering 


must start by 


* The calculated points are shown in the Figures both { 


and to indicate the degree of interpolation in drawing the curves 
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function of S has a positive slope at all temperatures 
below the critical temperature, 7T., large fluctuations 
are not required and a long induction period may not 
occur. The rate theory itself can say nothing about the 
time scale or temperature dependence of the required 
fluctuations. 

(b) An isothermal S-versus-time curve can only be 
numerical 


constructed at some finite value of S by 


integration. If 


LS /dt= f(S), 


then, 


S 


f dS/ f(S)=t—to, 11) 


where fp is the time required to reach the initial degree of 
order, So. Changing So is equivalent, of course, to shift- 
ing the time scale. Typical curves at 220°K (for an AB 
alloy of our chosen parameters) are shown in Fig. 3. 
Typical sigmoid curves are obtained. The shape of 


these curves reminds one of nucleation and growth 
processes although the shape of these curves is derived 


entirely from simple rate theory. 

It is quite clear from the discussion so far that, over 
limited ranges of S, various simple approximations to 
the .S-versus-t curves become valid. For example, near 
the equilibrium value of S, dS/di is approximately 
linear in S, leading to the linear relaxation theory of 
B. and W. Again, in Dienes” experiments on AuCu, a 
cubic rate equation was found to describe the data for 
samples, which, by the nature of the experiment, were 
characterized by relatively high So values. It is evident 
from Fig. 3 that a cubic approximation will not be a bad 
one for So values higher than, say, 0.15. Similarly, 
Rothstein’ has found that a quadratic approximation is 
quite satisfactory near S, for AuCu;. The present treat- 
ment renders these approximations reasonable but also 
shows them to be without fundamental significance. 

The S-versus-t data have been combined in one plot 
on Fig. 4 (log scale for convenience only, So=.02). This 
figure shows clearly the crossing over of the various 


ORDERING FOR AB 
ALLOY AT 220 K 


03 
t-to, SEC 


Fic. 3. S-versus-time curves for AB alloy for different initial values 
of the order parameter. 
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Fic. 4. S-versus-time curves for AB alloy at various temperatures. 
rate curves and the general complex gross behavior 
arising from the order dependence of V. 

(c) Disordering follows a similar course but starts 
with a finite slope—i.e., a finite value of dS/di at S=1 
which depends only on the temperature. Although 
there is a maximum disordering rate (see Fig. 1) the 
change in slope is not great and a truly sigmoid curve is 
not obtained. 

(d) It is clear from Eq. (10) that the temperature 
dependence is, in general, quite complex because of the 
presence of two exponential terms, U’ and VS. The 
temperature dependence is simple only for disordering 
at S=1. For these initial disordering rates, 


—dS/di=v (12) 


At any other fixed S value, the disordering rates are not 
linear in 1/T and may also cross each other. The simple 
procedure discussed by Parkins, Dienes and Brown’ is 
not applicable, and activation energies are not deriv- 
able in a simple way from such data. 

The temperature dependence of the ordering rates is, 
of course, also complex. In Fig. 5, dS/dt is plotted 
versus 1/T at various fixed values of S. There is seen to 
be a maximum rate, or minimum in the relaxation time, 
as observed experimentally by Siegel!® for AuCu;.!! 
This minimum in relaxation time is seen to be a natural 
consequence of the order dependence of V. The en- 
velope of the curves in Fig. 5 is given by the temperature 
dependence of the maximum rate as obtained from Fig. 
1. Between 160 and 200K (not shown in Fig. 5) approxi- 
mate linearity is observed and only very precise data 
would show the curvature. The corresponding activa- 
tion energy, however, turns out to be 4180K and is, 
therefore, a fictitious energy of no physical significance. 

AB; alloy 


(a) Similar calculations have been done for the AB; 
alloy (y= {), using the same numerical parameters. It 
is well known that there is a latent heat of transforma- 
tion and a discontinuity in the S,-versus-T curve in this 
alloy. The curves of Fig. 6 show this very clearly. It 
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periods are indicated since large fluctuations are re- 
quired to start the ordering reactions. In order to relate 


the characteristics of the dS/dt curves to the equilibrium 
S-versus-T curve, one has to invoke a thermodynamic 
argument: dS/di=0 corresponds to maxima or minima 
in the free energy F as a function of S, but only a cal- 
culation of F can tell us about the stability of the various 
states. F-versus-S curves were calculated by the method 
of Nix and Shockley? for our example (i.e., Vi 
=1000K). The results are shown in Fig. 8. From 
figure it is clear that 205°K is the critical temperature 
where the minima in the free energy, at S=.467 and 
S=0, are equal. They are separated by an energy 
barrier, the maximum in F corresponding to dS/di 
=(0 at S=.23. Above T., the thermodynamically stable 


44 #446 48 £50 
x10° 


Fic.”5.{Rate-versus-temperature characteristics for AB alloy 


is seen that, over quite a large temperature region below 
T., virtual disordering rates exist for an alloy starting 
at S=O for small values of S. This means that S has to 
change discontinuously from S=0 to a finite S value 
before ordering can take place. Thus, long induction 


¢S-Lemperature ¢ 


state is at S=0, but up to 207.2K there is still a free- 
energy barrier in going from a finite S (the upper dS/dt 
=()) to S=0. Thus, it should be possible to superheat 
the material up to this temperature. The tangency in 
the rate curves at S=.35 corresponds to the disappear- 
ance of the free-energy barrier at 207.2K and represents 
the upper limit to superheating. These points are also 
brought out in the S-versus-T diagram of Fig. 10 
(lower curve), where the discontinuous change in S§ 
corresponds to S=.467, but where the highest tempera- 
ture attainable with a finite S corresponds to S=.35. 
Once the alloy is in the ordering range the S-versus- 


s time curves are very similar to those presented for the 


6. dS /di-versus-S curves for AB; alloy. AB alloy. Again, it should be emphasized that the need 
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Fic. 8. Free energy versus S for AB; alloy. 
for fluctuations (nucleation) is a simple consequence of 
the ‘‘chemical” rate theory for this alloy. 

(b) The disordering rates in Fig. 6 for small values of 
S are of special interest, since sharp maxima in dis- 
ordering rates are indicated. It should be possible to 
trace out the corresponding sigmoid integral curves 
experimentally by quickly raising the temperature of an 
alloy which is in equilibrium just below T,, two degrees 
or so above 7... Such an experiment would be a new and 
significant test of the theory. 

(c) The temperature dependence of the rates for the 
AB; alloy is shown in Fig. 7. The behavior is very simi- 
lar to that deduced for the AB alloy. The characteristic 
maxima in the rates are again observed. The approxi- 
mately linear region between 160 and 180K gives a 
spurious activation energy of 4200K. 

The theory presented so far applies to stoichiometric 
compositions of any given y, i.e., it is assumed that there 
is an a- and @-site for every A- and B-atom. The equa- 
tions, and the definition of S itself, become modified for 
nonstoichiometric compositions as discussed in Sec. V. 


IV. MODIFICATION OF THE BRAGG AND 
WILLIAMS THEORY 


It was pointed out in Sec. II that entropy changes 
over and above the mixing entropy should be taken into 
consideration. Since the elastic moduli and the density 
decrease upon disordering, one expects that the entropy 
change favors disordering. Let us assume that, analo- 
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gous to the energy the entropy is proportional to S and 
write 


dS 
= ve 
dt 


(13) 


where Ay/R is the additional entropy. Calculations 
have been carried out for AY¥/R=1.000 and 1.500. It 
turned out that the resultant equilibrium curves gener- 
ally showed faster disordering near 7, than the corres- 
ponding B. and W. curves for both AB and AB;. This 
is in the direction indicated by experiment. The im- 
provement, however, was rather slight, and very large 
entropies would have to be invoked to yield agreement 
with experiment. 

The rate curves were not appreciably modified. The 
corresponding curves are very similar to those discussed 
in Sec. III. 

Introduction of an entropy term proportional to S is, 
of course, equivalent to making the energy Vo depend 
linearly on the temperature. (In this connection see the 
work of B. Lindner,” who discusses a quadratic de- 
pendence of energy on 7.) 

In order to gain some insight into what experiments 
suggest, the Vo values of B. and W. were calculated for 
CuZn from the data of Chipman and Warren" and for 
AuCu; from the data of Keating and Warren." It was 
found that neither Vop=Vo'(1—aT) nor Vo=Vo' 
X (1—a’T?) fitted the experimental data. As a function 
of S, however, V was found to increase with S consider- 
ably faster than proportionally. It appears, therefore, 
that the B. and W. theory requires modification 
primarily in the energy term in order to bring it into 
better agreement with experiment. From what has been 
said it is also clear that additional term or terms are 
required in the energy of a power higher than one. 

If the same form of the energy function is to hold for 
AB and ABs, and no latent heat is to be observable in 
the AB case, the form of this function is considerably 
restricted. For the AB alloy the B. and W. relation 
reads 


1+S 
=1(Vo/RT)S. 


In 


(14) 


For small values of S, expansion of the left-hand side of 
(14) gives 


(15) 


If the slopes are to match at S=0 and if double inter- 
section (double value of S at some 7) is forbidden (no 
discontinuity in S as f(T)), the energy expanded in 
terms of S must start as 


V (16) 
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TABLE I. AB alloy: comparison of experiment with energy 
relations V=VoS and V = Vo(S+45%) 


<xperiment* 
7 T/T 


738 1.00000 1.00000 
.99652 
.98644 
.96932 


00000 
.99984 
.99960 
.99840 
.99322 

99452 
.98612 


.94416 
.97967 .91024 
.96612 

.86560 .96960 
.93902 

80712 .93892 
.91192 
.88482 

.72820 
83062 

.61140 


* Chipman and Warren" for CuZn 


or some higher power in the second term. The coefficient 
of S*, of course, may be any number less than 3. The 
largest number, 3, 
the fastest disordering near 7... 

It seemed worth while, therefore, to investigate a 
simple modification of the B. and W. theory by applying 
the relation 


was chosen here because it leads to 


V (S)= Vo(S+45*) (17 


to both the AB and AB; alloys. The results of this com- 
putation for the AB case are shown in Table I and Fig. 
9 and are compared with the experimental data and the 
original B. and W. calculation (V = VS). It is clear that 
the extra term in the energy leads to a much faster 
change in S near 7, and to quite excellent agreement 
with experiment. 

Equation (17) was next applied to the AB; case. The 
complete equation for calculating S as a function of T is 

146 Vo 


In +1 |= 
3 (1—S)? 


(18) 


RT 


The results are shown in Fig. 10. The temperature and S 
value at the discontinuity were determined by a free 
energy versus S calculation which gave S,=.705, 
T.=216.7K for Vo/R=1000K. This is to be compared 


Fic. 9. Equilibrium S versus T/T, for AB alloy. Comparison 
with experiment on CuZn.% 
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Fic. 10. Equilibrium S ver 


with the original B. and W. values of S,=.467, 7 
= 205K. The comparison with the experimental data 
of Keating and Warren for AuCu; is given in Table II 
and Fig. 11. The improvement over the B. and W. 
treatment is evident and the agreement with experiment 
is very satisfac tory. 

The energy relation of Eq. (17) appears to be an 
excellent experimental data. 
and W. theory 
appears to be very useful. It is worth while, therefore, to 


approximation to the 
Thus, this simple modification of the B. 


investigate the corresponding kinetics based on a rela- 


tion which is a modified form of Eq. (13), namely, 


1—S$)? 


The qualitative features of the dS/dt-versus-S curves 
are, of course, the same as before: simply the values of § 
at which dS/d/=0 are now higher. Curves for the AB 
alloy are therefore not shown. Although qualitatively 
the same, the changes are more interesting for the AB 
alloy. The results are shown in Fig. 12. It is clear tl 


the alloy can now be superheated to a value of S=.5 


at 


From this point it disorders as before, with a quite large 


S=.2. An 


maximum in the disordering rate near 


TABLE II. 


467 1.0000 
500 9928 
550 9792 
9614 
9438 
667.3 1.0000 

1.0000 

600.0 
653.0 
643.0 
623.0 


9786 
9636 


9336 


10 
.20 > Al 
30 
35 733 A 
40 
56 713 
.60 
67 693 for AB; alloy 
70 
673 
653 
80 
84 613 
90 
ads 
a 
ye-U/ (1—y) ( 
| 
|_| 
alloy: comparis f experiment th 
ec 
AACAIT RAAR ce \ 
} R50 9166 
9OO 7110 8542 
.944 573.0 R587 
972 523.0 7838 
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Fic, 11. Comparison of theory and experiment for AuCus. 


attempt is being made to trace out experimentally the 
corresponding integral curves. 

It should be noted that if the cooperation of more 
than two atoms is required to bring about the exchange 
of right and wrong atoms, the equilibrium properties 
are not affected by this kinetic change. For example, 


assume that the ‘“‘chemical”’ reaction is 


Ky 
8, (20) 


r. 
By exactly the same procedure as given_in Sec. II, one 


Fic. 12. dS/dt-versus-S-curves for AB; alloy using modified B. 


and W. theory. 
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obtains 


dS 
dt 

(21) 


and at equilibrium 
S+y(1—y)(1—S)* 


(22) 


y(1—y)(1-—S)? 


The details of the kinetics will be changed, of course, 
However, since the shape of the equilibrium curve is 
exactly the same, the dS/dt=0 points must remain 
the same and only the shapes of the curves between 
these points can be altered. 
V. NONSTOICHIOMETRIC COMPOSITIONS 

The above considerations are easily extended to 
nonstoichiometric compositions in the AB case. For 
rather small deviations from the ideal AB composition 
the number of a- and 8-sites will remain fixed, i.e., the 
excess component is considered to be distributed at 
random on a- and #-sites. Thus, 


and _ 5S is defined as 
S=Pfatrg—1, 


where 


The chemical equation, with A-atoms in excess (equally 
valid for excess B-atoms by appropriate change in 
notation since the problem is completely symmetrical), 


1S 


NV (c= \e 


and, therefore, 


d(X/N) 
—=K, 
dl 2 
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and, from Eq. (23) 


Finally, 
dS 


( 


(26) 
At equilibrium, dS/d/=0, 


45S" 


y(1—y)— 
V/RT 


y(1—y) + 4541S 


V1 
K=—=—¢ 


Ko Vo 
with a maximum value of S (at T=0): 


Smax=2(1—y). 
By evaluating slopes of the two sides of Eq. (27), for 
V=V>S or for V=Vo(S+435*) at S=0, we find for the 
critical temperature, 
Vo 
1 
R 


(28) 


which is the same relation as that derived by Slater for a 
slightly different definition of S.'® 

Calculations have been made with V=Vo(S+4.S*) 
for Vo/R=1000°K at y=.55 and y=.60. The results 
are shown, in Fig. 13 in comparison with the ideal AB 
case (y=.50). It is seen that the equilibrium degree of 
order decreases at all temperatures as the system de- 
parts from stoichiometry. 

Rate curves have also been calculated for y=.55 and 
V=V oS. They are qualitatively identical to those for 
y= .50 but the ordering rates are always less than those 
for y=.50 for the same Vo and U’. 

Extension of these ideas to nonstoichiometric AB; 
alloys is straight-forward but laborious since the critica] 
temperature would have to be determined by a free- 
energy calculation for each composition. In the absence 


Fic. 13. Equilibrium S versus T/T, for nonstoichiometric AB alloy. 
The energy relation V = Vo(S+ 35%) was used. 
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of experimental rate data it was not deemed worth 
while to carry out the computations at this time. 

The present theory is not applicable when phase 
separation occurs. In that case, S has to be redefined 
and a more complicated heterogeneous kinetic theory 
devised. 


VI. DISCUSSION 


The theory presented in the previous sections is a 


simple and, to a large extent, intuitive one. It focuses 
attention on the unusual kinetic behavior to be expected 
theoretically, due to the fact that in an order-disorder 
system the energy of ordering depends on the amount of 
order present. The results are in agreement with the 
experimentally. known qualitative behavior of such 
systems. It is particularly noteworthy that this simple 
kinetic theory predicts a behavior that is quite similar 
to what is expected from nucleation and growth, al 
though nucleation is nowhere assumed in the theory. It 
is a simple consequence of the theory that in certain 
ranges of the order parameter (particularly for an AB 
alloy) large fluctuations are required to initiate ordering. 
It is not to be concluded from this study that nuclea- 
tion and growth may not be the correct mechanism for 
the ordering of an order-disorder alloy. All one can say 
is that the simple kinetic theory is capable of describing 
the known characteristics of these systems without 
invoking any special assumptions. The theory forms a 
suitable framework for further quantitative studies and 
suggests new experiments. Further quantitative experi- 
and theoretical work will 


mental be required for a 


critical evaluation of these ideas. 
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SOME ANELASTIC PHENOMENA IN ALLOYS OF GOLD AND NICKEL* 


CHOH-YI ANG,j J. SIVERTSEN,{ and C. WERT{ 


Two relaxation peaks are found in polycrystalline alloys of Au and Ni between room temperature and 
600°C. One of these peaks has been identified as the order peak; the origin of the other is uncertain. Both 
peaks exist in alloys quenched from the solid solution region of the constitution diagram. Upon annealing 
of these quenched solid solutions both of these peaks disappear; the order peak along with the formation of 
the mixture phases, the other peak much earlier than this. The kinetics of the disappearance of the order peak 
are consistent with all measurements of the kinetics of formation of the mixture phases as determined by 
independent methods. The behavior of the second peak upon quenching and annealing indicates a process 


which has not been observed before. 
SUR LES PHENOMENES ANELASTIQUES DANS LES ALLIAGES D’OR ET DE NICKEL 


Deux maximum de frottement interne sont observés dans les alliages polycristallins d’or et de nickel entre 
la température ordinaire et 600°. L’un de ces maximum correspond 4 l’ordre, tandis que l’origine de l’autre 
est incertaine. Ces deux maximum existent pour les alliages trempés dans le domaine de la solution solide du 
diagramme d’équilibre; au cours du recuit de ces alliages, les deux maximum disparaissent, le maximum 
d’ordre lors de la formation du mélange, l’autre beaucoup plus tard. La cinétique de la disparition du maxi- 
mum d’ordre est en accord avec toutes les mesures obtenues par d’autres méthodes sur la cinétique de la 
formation d’un mélange de phases, mais le comportement du second maximum indique un processus qui n’a 


pas encore été observé jusqu’ici. 
EINIGE UNELASTISCHE ERSCHEINUNGEN BEI GOLD-NICKEL LEGIERUNGEN 


Zwischen Raumtemperatur und 600°C findet man bei vielkristallinen Gold-Nickel Legierungen zwei 
Relaxationsspitzen. Eine dieser Spitzen wurde als dem Ordnungsvorgang zugehérig gefunden; die Ursache 
der anderen ist ungewiss. Beide Spitzen treten bei Legierungen, die aus dem Mischkristallgebiet des Zu- 
standsdiagrammes abgeschreckt worden waren, auf. Beim Anlassen der abgeschreckten Mischkristalle 
verschwinden beide Spitzen und zwar die Ordnungsspitze mit der Bildung der Mischphase, die andere 
Spitze wesentlich friiher. Die Kinetik des Verschwindens der Ordnungsspitze ist in Ubereinstimmung mit 
allen Messungen der Bildungskinetik der Mischphase, die mit anderen, unabhangigen Methoden durch- 
gefiihrt wurden. Das Verhalten der anderen Spitze beim Abschrecken und Anlassen weist auf einen Vorgang 


hin, der bisher nicht beobachtet wurde. 


INTRODUCTION experimental data wherever this is possible. While the 


Certain substitutional alloys exhibit a type of anelas- agreement is satisfac tory in the few instances where this 
tic behavior which seems to be related to a change of can be done, more critical comparisons would be 
order under stress. Whether this change of order is an 
actual change in the degree of order or merely a change 
in local spatial configuration of order is not clear. The 


desirable. 
The criteria for the existence of this relaxation are not 
fully established, but in all alloys for which the effect is 


larce e y aon) > serv: > . 
experimental evidence which would enable one to make © large enough magnitude to be observable two condi 


a satisfactory picture of the anelastic behavior is rather tions have been satisfied. These are (1) a relatively 


4 


meager. The effect was first observed by Zener§ in 


large concentration of one metal in the other and (2) a 
rather large difference in atomic size of the constituents. 
All data so far published fit these requirements. 

A consideration of these facts led us to believe that a 
relaxation peak of this type should exist in quenched 
alloys of gold and nickel. The atomic radii are consider- 
ably different (1.44 A° and 1.25A°, respectively), and 
alloys of any arbitrarily large concentration can be 


70-30 a-brass and was later observed in other alloys 
Zener demonstrated the possibility that 


systems.)*" 
this relaxation effect is caused by the spatial reorienta- 
tion under stress of pairs of solute atoms which differ in 
size from the solvent atoms.* Nowick later discussed this 
relaxation from a more general point of view than 
Zener’s pair-relaxation, but offered no detailed atom- 
istic model.’ LeClaire and Lomer have more recently 
devised a quantitative theory of the relaxation.® effects in these quenched alloys do exist, they will 


According to this theory the relaxation has its origin in 


prepared. Furthermore, we believed that, if anelastic 


gradually disappear as the quenched alloys are annealed 
at temperatures in the mixed phase region (see Fig. 1). 


a real change in short-range order under stress. Pre- 
The kinetics of this phase separation are known from an 


dictions of the theory are compared in their paper to 
* Received March 27, 1955; in revised form June 7, 1955. 
Tt Now at P. R. Mallory Company, Indianapolis, Indiana. 


earlier investigation.’ 
Accordingly, a number of alloys of various composi- 


{ Department of Metallurgy, University of Illinois, Urbana, 
Illinois. 

§ In this paper, this relaxation will be termed the “ordering 
relaxation.” 
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tions were prepared and studied. The following facts 
were observed: (1) A relaxation of the type noted above 
does exist for quenched alloys of gold and nickel. (2) 
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Fic. 1. Constitution diagram for the Au-Ni system. The open and 
filled circles refer to data obtained in the present investigation. 


The effect does disappear if the quenched alloys are 
annealed in the two-phase region. The disappearence of 
the relaxation seems simply related to the separation of 
the quenched solid solution into the mixture phases. 
(3) Another relaxation peak exists, the origin of which is 
not known. This appears to be a new relaxation, since 
its characteristics cannot be reconciled to those of 
known relaxations which might be expected to exist 
in these alloys. 


EXPERIMENTAL METHOD 
A. Specimens 


A preliminary investigation with an alloy of 40-60 
Au-Ni* established the fact that interesting anelastic 
effects do exist for these alloys. Then a series of alloys 
was made up across the constitution diagram with 
nominal compositions of 8, 30, 40, 59 and 91 per cent 
nickel. Gold of 99.98 wt. % purity and nickel of 99.92 
wt. % purity were used in the preparation of these 
alloys. The four alloys of lowest nickel content were 
made by melting together appropriate amounts of the 
two metals in an electric furnace. An alundum crucible 
containing the constituent metals was placed inside a 


TABLE I. Analyses of alloys 


Designation 
of alloy 


Alloy 
Number 


7 8% 
29.7 30% 
40.1 40% 
58.9 50% 
90.8 91% 


* Samples were analyzed for both gold and nickel. 


* All gold-nickel alloys are expressed in atomic per cent. The 
designation of an alloy will be made according to its nickel content. 
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vertical quartz tube connected to a vacuum system. 
The charge was then melted under vacuum with vigor- 
ous manual shaking of the entire vacuum chamber to 
aid mixing. The high nickel alloy was melted in a high- 
frequency induction-furnace under an atmosphere of 
helium. 

The five alloys at this stage were in the form of } in. 
rods about 13 in. long. These rods were swaged and 
drawn to .030 in. dia. wires with numerous intermediate 
vacuum anneals at 850°C. A final anneal for 10 days 


at 850°C served to establish a maximum grain-size 


characteristic 
mechanical and thermal treatment. At 


of each alloy for this combination of 
this time the 


gold-rich alloys had a grain size of the order of .2 


mm; 
the high nickel alloys had a grain size somewhat smaller 
than this. Specimens used for anelastic studies were 
short lengths cut from these wires. The specimens were 
from 12 to 18 cm long, depending upon their use. 
Although there was almost no loss of metal in melting, 
chemical analysis of each alloy was made to establish 


} 


the exact composition of each. The results of these 


analyses are given in Table I.** 


B. Measuring Equipment 


Initial measurements of internal friction versus 


temperature were attempted 
sional pendulum equipment used many times before in 
(See 


ising conventional tor- 


> 


Figs. 2 and 3, ref. 3 


anelastic measurements 
Some promising results were obtained, but they were 
quite unreproducible because the damping peaks ob- 
served disappeared too rapidly. The accurate study of 
damping in these alloys clearly demanded use of a 


system with smaller thermal inertia. 


Fic. 2. Torsion pendulum used to make rapid measurements 


** The authors are indebted to the analy 
of the Westinghouse Research Laboratories for these analyses 
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Fic. 3. Damping curves for a quenched and annealed 30 per cent 
Ni alloy. The ordinate in this and all cther damping curves is the 
tangent of the angle by which the strain lags the stress. 


To solve this problem, we constructed an entirely 
new pendulum (Fig. 2). The desirable features of the 
better of our older systems (counterbalanced pendulum 
and evacuated chamber) were retained, but the large 
thermal inertia of the old furnace was eliminated. This 
was done by heating the specimen directly with the 
Joule heat of an alternating current of from 0 to 20 amp. 
The significant details of this apparatus have been 
described earlier.’ The low thermal inertia of this pendu- 
lum has been obtained at the expense of some non- 
uniformity of temperature along the length of the 
specimen. In spite of this, for application to the present 
work, it seemed quite satisfactory. A typical measure- 
ment made with it is given in Fig. 3. Here are shown the 
two peaks in the quenched alloy, one at 250°C and the 
other at 400°C. After an anneal at 400°C for one hour, 
the lower peak had completely disappeared. 

An investigation was made to ascertain the heating 
rate required to avoid annealing away of this 250°C 


Heating Rate (a-b-<-d. 
12 


2b 
| “After / tr at 


470% 
JOO T 


. 4. The effect of heating rate on the lower damping peak for 
the 30 per cent Ni alloy. 
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peak during the warm-up period. The results of this 
study for a specimen of the 30 percent alloy are given in 
Fig. 4. The 400°C peak is not significantly different for 
all curves, but the maximum of the 250°C peak is lower 
the slower is the heating rate. Further measurement 
showed that a heating rate of 100°C per minute from 
room temperature directly to 240°C gave the same value 
as for the topmost curve. Hence it was assumed that for 
good measurements a heating rate of 20°C/min or 
greater was adequate. 


RESULTS 


Because the experimental results on all alloys follow 
roughly the same pattern, only data for the 30 per cent 
Ni alloy will be presented (except for Fig. 9). The data to 
be shown are actually only a small part of the measure- 
ments made even on this alloy. Not only were all meas- 
urements repeated several times, but numerous meas- 
urements not reported were repeated with small 
variations in one or several parameters. The results 
themselves are conveniently divided into four groups: 
(1) isothermal annealing of quenched specimens, (2) 
effect of quench temperature, (3) activation energies 
for the relaxations, and (4) the effect of grain size. 


(1) Isothermal Annealing 


Annealing of quenched specimens of all alloys was 
accompanied by disappearance of both the peaks. Most 
interesting was the disappearance of the 250°C peak; 
Fig. 5 shows this effect for the 30 per cent Ni alloy. A 


specimen of this alloy was quenched from 800°C. A 
measurement of damping versus temperature was then 
made quickly; this result is Fig. 5A. Curves B, C, and D 
were obtained after holding the quenched specimen, 


Fic. 5. Disappearance of the lower damping peak following 
annealing cf quenched alloys. 
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PLATE I.—Fig. 7. Microstructure developed during annealing at 295°C for a quenched alloy. (A) as-quenched, (B) 2520 min, 
(C) 24,000 min, (D) 135,000 min. All specimens were etched with 1:1 10 percent solutions of KCN and (NH4,)2S.0; after me- 
chanical polishing. Specimen (A) was further electropolished in 5 per cent KCN solution and etched slightly to remove polishing 
scratches. 250X. 
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. Effect of isothermal annealing at 295°C on resistivity and 
damping of a quenc hed alloy of 30 per cent Ni. 


prior to measurement, for 2, 4 and 10 minutes respec- 
tively in the neighborhood of 240°C. The chief result of 
the annealing is seen to be a subsidence of the peak in 
magnitude. A slight shift in the temperature of the peak 
is probable during annealing, but this is not a pro- 
nounced effect and may be entirely instrumental in 
origin. 

This phenomenon was examined again in a slightly 
different manner. A specimen was quenched from 950°C 
(the temperature before quenching is not especially 
significant as long as it is in the solid solution region 
Then it was quickly heated to 295°C (this is the peak 


temperature—see Sec. (2) 


position for this quench 


below.) The damping was measured as a function of time 
at 295°C. The damping fell quickly from its peak value 
as is shown in Fig. 6; in one minute it had already 
decreased considerably, and in 100 minutes it had al- 
ready reached a steady low value. 

The next step was to correlate these data with the 
process of separation of the quenched solid solution into 
Ni- and Au-rich regions at 295°C. A standard method 
of following this process is to observe the drop in elec- 
trical resistivity as the phase mixture forms.’ This was 
done by measuring the room temperature resistivity at 
intervals during annealing at 295°C of a quenched 30% 
alloy. These data are also given in Fig. 6. The resistivity 
is practically unchanged for some 10* minutes, after 
which it decreases steadily and reaches an essentially 
constant value in about 10° minutes. 


Fic. 8. Behavior of order peak upon annealing at 390°C 
of a quenched 30 per cent alloy. 
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Comparison of the curves in Fig. 6 shows that there 
exists a striking difference in time for annealing away of 
the two effects. To substantiate our belief that the 
resistivity change accurately measures the rate of 
formation of the mixture phase, we made a series of 
photomicrographs at intervals during annealing. Four 
of these micrographs were selected for Fig. 7, at intervals 
of 0, 2500, 24.000 and 135,000 minutes. These micro- 
graphs show that changes in p do follow rather well the 
process of phase separation. Significantly, no difference 
was seen between the micrograph for the as-quenched 
specimen and for the specimen after it had annealed for 
100 minutes, at which time the damping peak had 
disappeared. Also, the resistivity change in this first 100 
minutes: was less than 1 per cent. 

The behavior of the 400°C peak was also examined in 
some detail. That annealing affects this peak too is 
demonstrated by the data in Fig. 8. Here are presented 
data for an alloy of 30 per cent Ni quenched from 650°C 
(just above the phase separation line), then annealed at 
400°C for 240 hours. Both peaks are present in the 
quenched alloy and both have disappeared in the 
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Effect of isothermal annealing at 390°C on resistivity 
and order peak. 
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annealed alloy. The damping at 295°C is seen to have 
almost completely disappeared during this anneal 
(according to the kinetics of the disappearance of this 
peak as given in Fig. 6, it was presumably gone after 
the first few minutes at 400°C). The damping at 400°C 
does not fall to such a low value because of the appear- 
ance of a generally rising background damping above 
300°C. This may well be caused by the myriads of phase 
boundaries which accompany the formation of the two 
phases. Micrographs taken for the quenched sample and 
the annealed sample are indistinguishable from those 
of Fig. 7A and Fig. 7D, respectively. 

The magnitude of this peak and the room tempera- 
ture resistivity, p, were also measured as a function of 
annealing time. Such data are plotted in Fig. 9 for an 
isothermal anneal at 390°C. This peak does disappear 
along with the general phase separation ; unfortunately 
the damping does not tend to zero as before because of 
the increase of the background damping. It does seem 
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reasonable to suppose from the data in Fig. 9, however, 
that the magnitude of this peak is a simple function 
of the amount of untransformed solid solution still 


remaining. 


(2) The Effect of Quench Temperature 


Nowick and Sladek have observed that quenching of 
Ag-Zn alters the relaxation time of the ordering relaxa- 
tion ;’ in fact, they find tremendous changes in relaxa- 
tion time, 7, which they attribute to the quenching-in 
of thermally produced vacancies. Because of the rela- 
tively narrow solid solution range for the Au-Ni alloys, 
such experiments are rather limited, but they were 
attempted. No significant changes were observed for 
7 in the case of the higher peak (the 400°C peak for the 


% Alloy 


yee. ACPI J 


Fic. 10. Position and magnitude of lower peak as a function 
of quench temperature. 


30 per cent alloy). The lower peak, however, was changed 
both in magnitude and in relaxation time. The results of 
these studies for the 30 per cent alloy are again typical 
for all alloys; they are presented in Fig. 10. A study of 
the data in this figure shows that two generalizations 
can be drawn: (1) the relaxation time (at a given 
temperature—say 250°C) decreases as the quench 
temperature increases. The spread of relaxation times 
for the data presented is about a factor of 10. (2) The 
magnitude of the peak decreases somewhat as the 
quench temperature increases. 

It will be noted that the quench temperature of 650°C 
for this alloy is barely in the solid solution region. The 
next step was to see how this peak would appear when 
the specimen was quenched from just below the 
solubility line, say from 600°C. These data are presented 
in Fig. 11 along with similar data for the other four 


Behavior of lower peak following qu 
neighborhood of solubility line 


alloys.* It is observed that peak disappears when the 
quench temperature is lowered through some critical 
temperature range for each alloy. If these points are 


plotted on the constitution diagram for the alloy 


system, they straddle fairly well the solid solution line 


(see Fig. 1). 


(3) Heats of Activation 


All relaxations which have their origin in movement 
of atoms seem to be characterized by a relaxation time 
depending on temperature according to the expression 


exp(AH RT). 


In this equation AH, the heat of activation, has been 


observed to be of the order of the heat of activation for 
volume diffusion. Consequently, it is of some value to 


Shift in position of both peaks with change 


in pendulum frequency 
* Each alloy was held for one hour at the temperature specified 
before quenching. Photomicrographs showed that this was not 
ig enough for phase separation to be complete for the lower 
nperature of each alloy. For example, structures similar to Fig. 
600°C, 


1O 


I 
ter 


7b were observed for the 30 per cent alloy after one hour at 
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Activation energies of relaxations and of diffusion in alloys of Au and Ni. All values of energy are given in cal/mol. 


The three columns of values for AQ are estimated from the curves in Reynolds’ thesis. 


AH rem] 


I 
Lower 


higher 
peak pea 

670°K 
670°K 
670°K 
670°K 
22.000 9 


37.000 
37.000 
41.000 
41.000 


2: 
2 


AQ AQ 
Ni in Inter- 
alloy diffusion 


47,000 41,500 
55,000 43,900 
53,000 42,000 
36,000 49 000 
37,000 105,000 
46,000 100,000 


43,000 
41,000 
42,000 
47 000 
55,000 
65,000 


measure the heats of activation for these relaxations. 
AH for the 400°C peak may be easily calculated from 
measurements of peak shift in temperature with a 
known change in frequency. Data obtained for the 30 
per cent alloy are presented in Fig. 12. The heat of 
activation calculated for this relaxation is 43,500 
cal/mol. 

For the lower peak this method presents some prob- 
lems. As is clear from Fig. 11, the peak has partially 
disappeared on the second measurement at 2.3 cps. It is 
not apparent then that this method is clearly applicable 
to this peak, especially if a slight shift in peak position 
accompanies the gradual disappearance of the peak. 
However, disregarding this possibility and normalizing 
the magnitudes of both curves, we did make a calcula- 
tion of the heat of activation. The value obtained for 
this alloy with quench conditions was 32,000 cal/mol. 

There is an independent method of checking the cor- 
rectness of these values. This is the comparisons of 
these calculations with the values which can be read off 
the empirical curve of Wert and Marx for AH versus 
peak temperature for 1 cps (10). The values of 43,500 
and 32,000 fit well on this curve, indicating (1) that the 
two relaxations seem for these alloys to fit into the 
general scheme of all the other relaxations, and (2) 
that the method of calculation is rather good for both. 
It is conceivable, of course, that neither statement is 
correct and that the agreement is simply fortuitious, 
but this seems rather unlikely. 

No further measurements of AH were made using the 
two-frequency method, but the method of Wert and 
Marx was assumed to be correct. The value of AH was 
then computed for all alloys from knowledge of the peak 
positions at 1 cps. These values of AH are presented in 
Table II along with values of the activation energies for 
diffusion in these alloys as determined by Reynolds." 
Because variations in quenching temperature affect the 
position of the lower peak by an amount sufficient to 
cause a variation in AH of several Kcal, only two 
significant figures are given for this peak. 

Because the behavior of both peaks for the 91 per cent 
alloy is peculiar an additional alloy at 75 per cent Ni 
was prepared to see if the trend in temperature of the 
two peaks could be determined. For this alloy only one 
peak was observed. This is tentatively called the 
high-temperature peak. 


(4) The Effect of Grain Size 


It is important to find out if either of these two peaks 
is the grain-boundary peak. To check this point a series 
of specimens of the 30 per cent alloy were prepared 
covering a wide range of grain size. The wire with 
‘in 


smallest grains had equiaxed grains about .005’ 
diameter. An intermediate grain size was about .025 
and a large grain specimen had grains extending across 
the .030” wire and about .1”” long. Some small differ- 
ences in the height of the peaks were observed, but they 
were much smaller than one would expect for such a 
large difference in grain size and were in the wrong 
direction. No shift in peak position with grain size was 
observed. Thus we believe that neither of the peaks is 
the grain boundary peak. 


DISCUSSION 
(1) General Discussion 


If the experimental results presented in the last sec- 
tion are to be of any value, they must be interpreted in 
such a way as to show the details of the processes that 
are taking place in the alloys during the various heat 
treatments. This interpretation is especially difficult 
since proposals of the nature of the relaxation must be 
made at the same time. The best that can be done is to 
devise an explanation which will be consistent with the 
experimental observations of this investigation as well 
as other experimental facts. In this last category the 
following information must be included: (a) the results 
of Flinn, Averbach and Cohen on X-ray studies of gold 
and nickel,’* and (b) the measurements of Reynolds on 
diffusion in the alloys." 

The only two relaxations which have been reported 
up to now for substitutional alloys are the grain- 
boundary relaxation and those arising from changes in 
order—the ordering peak. Always the grain- 
boundary relaxation has been observed to be located in 
temperature slightly above the latter peak indicating 
that its activation energy is slightly higher than that for 
the latter. Furthermore, the evidence in a-brass strongly 
indicates that the activation energy for the ordering 
peak is closely the same as that for interdiffusion in the 
alloy (or to the diffusion of Zn as corrected from the 
data on chemical diffusion). 


local 


of AH AO 
a _ Temp. of Higher Au in 
LA All iower peak peak alloy 
8%, 570 K 43,500 
307% 570 K 43.500 
10% 625 K 43 500 
39 y 625 K 43.500 
1ST No Peak 54,500 
91% 330°K 60,000 
Quench conditi S Fig. 10. 
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The first impulse we had on observing the appearance 
of the two peaks (as in Fig. 2) was to assume that the 
peaks at 400°C and 250°C (for the 30 per cent alloy) 
were indeed the grain-boundary relaxation and the 
ordering relaxation, respectively. However, following 
through with this assumption leads to inconsistencies 
with the X-ray data” and the diffusion data!! which 
cannot be resolved. Furthermore, testing this hypothesis 
by observing which peak disappears for a single crystal 
was not possible because we were unable to make a 
single crystal. By long heat treatment, however, we did 
produce rather large grain samples by grain growth, and 
by reheating a sample of mixed phase material just over 
the phase boundary we obtained samples of fine grain. 
Since neither peak was much different for the two kinds 
of samples we conclude that neither of these peaks is 
the grain-boundary peak. We now suppose that the 
grain-boundary peak must lie at temperatures even 
higher than 400°C. It is reasonable to believe that it is 
not seen when one goes to higher temperatures (as in 
Fig. 2) because the formation of the mixture phases in 
the grain boundaries at high temperatures hardens 
them so as to prevent their moving under stress. 


(2) The High Temperature Peak 


It is now possible to suppose that the peak at 400°C 
is the ordering peak. With this supposition, it can be 
shown that the data obtained for this alloy are con- 
sistent with the results of other experiments on these 
alloys. This will be done in the following paragraphs. 

The activation energy for this relaxation is seen from 
Table II to correspond fairly well to that for diffusion 
in the alloys. The four alloys of lowest Ni content fit 
fairly well the activation energies either for Au in the 
alloy or for interdiffusion, but whether the data are 
accurate enough so that a positive distinction between 
the two can be made is not certain. At any rate, calling 
this relaxation the ordering peak is consistent with 
present thought of its relationship to diffusion as pro- 
posed by Le Claire’ and Nowick.? 

The X-ray data of Flinn, Averbach and 
showed that the separation of the quenched solid solu- 
tion into the Au- and Ni-rich phases was a heterogene- 
ous reaction. The untransformed part of the material 
retained its quenched structure of short-range order.'*:4 


Cohen 


Since the magnitude of the damping peak ought to be 
about linear with the volume of untransformed material, 
the peak ought then to disappear at the same rate as 
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the volume of mixed phases material increases. This is 
seen from Fig. 9 to be the case since the damping peak 


and the resistivity (which is qualitatively a volume 


property) decrease together. 


(3) The Low-Temperature Peak 


The source of the low-temperature peak cannot be 
described in terms of any 


relaxation so far known to 
exist in such substitutional alloys. The fact that i 
anneals out rather rapidly even as low as 

indicates that it has little to do with the reaction in 
which the mixed phase structure is formed. In the one 
hour required for its disappearance (as is shown in 
Fig. 6) the resistivity and X-ray measurements show no 
the 
temperature is varied are not so large as have been 


measurable change.'* Changes which occur when 


observed for other alloys,’ but they are not to be ne- 
glected in any interpretation of the effect. 

There are several possible sources from which the 
damping effects noted here might arise, but since no 
conclusive statements about them can be made, it seems 
that no useful purpose will be served by discussing them 
at this time. The one thing which is amply clear from 
the data presented is that the damping per individual 
event must be large, since the presence or absence of the 
state which gives rise to the damping effect does not 
effect the X-ray or resistance measurements to a marked 
extent. 
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THE DIFFUSIVITY OF HYDROGEN IN NICKEL* 


M. L. HILL and E. W. JOHNSON}; 


The diffusivity of hydrogen in nickel was determined at 380°C to 1000°C from nonsteady rates of hydrogen 
evolution from 0.3 to 0.5 in. dia. cylinders. The specimens were prepared by heating in H2 at various tempera 
tures above 600°C and pressures above 1 atm. Evolution rates into a vacuum were determined from (1) the 
rate of pressure increase in a known collecting volume, and (2) the pressure drop across a constriction in the 
gas transfer line. The measured diffusivity D varies only with temperature, indicating (1) that the evolution 
rate is diffusion-controlled, and (2) that the diffusivity is independent of both solute concentration and 
method of specimen preparation. The results are well represented by D=0.00447 cm? sec exp(—8600 
cal/RT). 

\ combination of the present Dp value with the theoretical expression of Wert and Zener for lattice 
diffusion yields a negative entropy of activation AS. This is explained by the hypothesis that the diffusing 
hydrogen particles do not perceptibly distort the metal lattice, and that AS is determined mainly by the 
change of vibrational frequency of the diffusing particles as they jump between adjacent sites. The value of 
AS calculated from available charge density data is negative and agrees sufficiently well with the experi 
mental AS value to confirm strongly the hypothesis of interstitial lattice diffusion. 

LA DIFFUSIBILITE DE L’HYDROGENE DANS LE NICKEL 

La diffusibilité de l’hydrogéne dans le nickel est déterminée entre 380 et 1000°C, a l’aide des vitesses de 

dégagement de l’hydrogéne a partir de cylindres de 0, 3 4 0,5 in. ¢. Les éprouvettes ont été préparées par 


chaufiage dans l’hydrogéne, 4 diverses températures supérieures 4 600° et sous des pressions supérieures a 
une atm. Les vitesses de dégagement dans le vide ont été déterminées 1° a partir des vitesses d’augmentation 


de pression dans un volume collecteur co et 2° par la chute de pression a travers diaphragme dans la 
| | | llecteur connu et 2° par la chute de pression a travers un diaphragme dans | 


conduite de gaz. La diffusibilité mesurée D varie suelement avec la température, ce qui montre que 1° la 
vitesse de dégagement est régie par la diffusion et que 2° la diffusibilité est indépendante de la concentration 
et de la méthode de préparation des éprouvettes. Les résultats sont bien représentés par D=0.00447 cm? 
sec! exp(8600 cal/RT). 

Une comparaison de cette valeur Do avec l’expression théorique de Wert et Zener de la diffusion réticulaire 
conduit a une entropie d’activation AS négative. Ceci s’explique en admettant que les particules d’hydrogéne 
diffusantes ne perturbent pas sensiblement le réseau et que AS est déterminé surtout par le changement de la 
fréquence des vibrations des particules diffusantes lors des sauts. La valeur de AS calculée a partir des 
densités de charge connues est négative et s’accorde suffisamment bien avec la valeur expérimentale pour 
confirmer l’hypothése de la diffusion en insertion. 


DIE DIFFUSIONSFAHIGKEIT VON WASSERSTOFF IN NICKEL 


Die Diffusionsfahigkeit von Wasserstoff in Nickel wurde fiir einen Temperaturbereich von 380 bis 1000°C 
aufgrund der wechselnden Betrage von Wasserstoff, der aus Zylindern von 0.3 bis 0.5 in. Durchmesser ent 
wickelt wurde, bestimmt. Die Proben wurden durch eine Erhitzung in Wasserstoff bei verschiedenen 
Temperaturen iiber 600°C und Driicken iiber 1 atm vorbereitet. Das Mass der Gasentwicklung im Vakuum 
wurde aus folgenden Daten bestimmt: (1) aus dem Mass der Druckzunahme in einem bekannten Sammel 
volumen und (2) aus dem Druckabfall in einer Verengung der Gasleitung. Die gemessene Diffusionsfahigkeit 
D verandert sich nur in Abhangigkeit von der Temperatur und zeigt somit (1) dass das Mass der Gasent 
wicklung durch die Diffusion kontrolliert wird und (2) dass die Diffusionsfahigkeit sowohl von der Lésungs 
konzentration als auch von der Methode der Probenherstellung unabhangig ist. Die Ergebnisse werden 
durch die Beziehung D=0.00447 cm? sec exp(— 8600 cal/RT) gut dargestellt. 

Eine Kombination des vorleigenden Dy Wertes mit den theoretischen Ausdriicken von Wert und Zener fiir 
die Gitterdiffusion ergibt eine negative Aktivierungsentropie. Dies wird dadurch erklart, dass die diffun 
dierenden Wasserstoffteilchen das Metallgitter nicht merklich verzerren und dass AS in der Hauptsache dcurh 
den Wechsel der Vibrationsfrequenz der diffundierenden Teilchen, der durch das Hin- und Herspringen der 
Teilchen zwischen benachbarten Gitterplatzen hervorgerufen wird, bestimmt wird. Der Wert von AS, der aus 
Werten der Ladungsdichten berechnet wurde, ist negativ und stimmt recht gut mit dem experimentellen 
Wert von AS iiberein. Damit ist auch eine starke Unterstiitzung fiir die Hypothese der Diffusion auf 


Zwischengitterplatzen gegeben. 


The diffusion of hydrogen in metals is well known to 
be considerably faster than that of other alloy elements. 
The bulk diffusivity is therefore more accurately meas- 
uarble down to low temperatures, where it is sometimes 
found to behave anomalously. One anomaly in iron- 
hydrogen alloys has been discussed.' The anomalies are 

* Received November 4, 1954; in revised form April 28, 1955. 

7+ Westinghouse Laboratories, East Pittsburgh, 
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apparently largely responsible for the frequent con- 
clusion that the hydrogen is situated elsewhere than in 
the lattice interstices.?*-4 

Hydrogen in nickel was chosen for the present study 
because of its apparent freedom from anomalous be- 
havior. The diffusivity is, as will be shown, consistent 
with the hypothesis of interstitial lattice accommoda- 
tion of the alloyed hydrogen. 

Previous determinations of hydrogen diffusion rates 
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have utilized both steady and nonsteady rate measure- 
ment methods. The steady-state methods have usually 
been permeation measurements, in which the hydrogen 
is introduced at one side of a metal membrane and is 
withdrawn and measured at the opposite side. The 
permeation flux is then proportional to the difference 
between the square roots of the respective hydrogen 
pressures and also to the reciprocal of the membrane 
thickness, indicating (1) that hydrogen diffuses as 
single atoms or ions, and (2) that the permeation rate is 
controlled by volume diffusion. The proportionality 
constant P, termed the permeability, 
diffusivity D by 


is related to the 


P=KD (1) 


in which K is the solubility constant as defined by 
Sieverts’ law: 


C= Kp’ (2) 


Here, C is the hydrogen solubility in equilibrium with 
hydrogen gas at the partial pressure p. The evaluation 
of D from steady-state permeation data thus requires 
an auxiliary knowledge of K. 

An evaluation of D independent of K is obtained from 
nonsteady rate measurements. The Fick’s law equation 
solution for gas evolution from finite cylinders into a 
vacuum, following a brief initial diffusion period fo, has 
been given! as 

4.29 


log = —().25—Dt + 
Co a* b? 


10.05 
(for {> Zo), 


in which C is the average solute concentration at time /, 
Cy is the initial concentration, specified as uniform 
throughout the specimen at /= 
length, and 6 the diameter. The logarithm of the evolu- 


0, a is the specimen 


tion rate is then given by 


dC 4.29 
= const.— Di 


dt a” 


10.05 
(for 4) 


log{ — 


Hence the diffusivity can be determined from the slope 
of a plot of either logC or log(—dC/dt) vs t. In this con- 
nection it is convenient to define a “diffusing time”’ 7 
such that 
4.29 10.05 
+ 
a” 


Hence 


dlogC dlog(—0dC/dt) 


dt dt 


It is readily seen that 7 is just the time interval (/:—/;) 


DIFFUSIVITY OF 


HYDROGEN 


EXPERIMENTAL 
The nickel employed in the present investigation was 
commercially pure metal of the chemical analysis: 
% Ni %C % Fe 
99.55 0.08 0.036 


One-half inch diameter hot-rolled and annealed bars 
were machined into cylindrical specimens of the di- 
mensions given in Table I. 

Initial charging of the specimens with hydrogen was 
by heating in hydrogen gas under either of two sets of 
conditions. Specimens of Group A were “thermally” 
charged with up to 16.7 ml./100 g hydrogen by satura- 
ting for 15 hours at 1 atm. and 1150 to 1400°C. Speci- 
mens of Group B were annealed at 1000°C for two hours 
and then “pressure” charged with up to 48 ml/100 ¢ 
by saturating for 18 hours at 600°C under pressures of 
up to 6/7 atm. The pressure charging apparatus was 
similar to that of Hobson and Sykes.* Hydrogen losses 
from the specimens during cooling and storage were 
minimized by water quenching from the charging 
temperature and storing in liquid nitrogen. 

Hydrogen evolution rates were determined in 
modified analytical apparatus sketched in Fig. 1. Each 
specimen was mechanically sanded, washed in acetone, 
and admitted to the evacuated apparatus through the 
mercury lift. It was then moved by means of a magnet 
into the heated fused silica furnace tube. Temperature 
calibration of the latter was by means of a calibrated 
chromel-alumel thermocouple having its hot junction 
imbedded in a dummy specimen in the evacuated fur- 
nace tube. 
from drawn 


evolved the specimen was 


through the 0.2 mm dia. pyrex orifice or constricti 
and through cold trap No. 1. It 


the collecting pumps (diffusion pump 


The gas 


was then compressed 


No. 1 


room 


and the 
into the calibrated 


Toepler pump) temperature 


collecting volume bounded by the Toepler pump and 
mercury cutoffs Nos. 4, 7, and 8, and optionally No. 6. 


passed, if desired, by 


rhe constriction could also be by 
opening cutoff No. 2. 
thermoc« 


served as a gas flowmeter. The pressure reading of ther- 


The constriction and 


Fic. 1. Apparatus——CO: mercury cut-off; MCO: manometer 


for C to fall to 1/10 its value at any time /; following /o. 

The diffusivity is then calculable from the specimen cutoff; CT: cold trap; GS: graded seal (silica pyrex) ; ( 
li of ith the aid of DP: diffusion pump; McL. G: McLeod gauge; SC: stopcock ; 
dimensions and observed values of 7 with the ai SP: sample port (standard taper stopper); TCG: 


Eq. (5). reservoir (calibrated volume). 


constri« 


thermocouple 


gauge; R: 
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mocouple gauge No. 2 was always negligible compared 
with that of No. 1, permitting a determination of the 
flow rate from the reading of gauge No. 1 alone. The 
envelope of the latter was continuously immersed in 


ice water, and the output potential of the gauge was 
automatically recorded. Static calibration of the gauge 
was with tank hydrogen, using McLeod gauge No. 1. 
The flow rate through the constriction was such that the 
pressure of tank hydrogen originally placed in the 
furnace tube decreased exponentially with time, indi- 
cating molecular flow. The time 7’ for the pressure to 
fall to 1/10 its original value was 9.0 minutes. 

At the end of each extraction the gas was analyzed 
by copper oxide oxidation and fractional freezing, 
combined with a separate moisture determination from 
the pressure rise in cold trap No. 1 on heating. Approxi- 
mately 99 per cent of the evolved gas was hydrogen, the 
remainder being CO, COs, and No. 

During each extraction it was possible to measure the 
pressure p in the collecting volume, as well as the 
pressure p’ registered by thermocouple gauge No. 1 and 
McLeod gauge No. 1. The diffusing time was then 
determined as follows: The net rate of pressure change 
in the furnace tube, dp’/dt, is proportional to the differ- 
ence between the respective rates of gas evolution from 
the specimen and gas flow through the constriction. 
The former rate is given by Eq. (4) and the latter is 
proportional to p’. Hence 

dp’ di= (const. )e~? T—2.39' ‘7! (7) 

The solution of Eq. (7) for the condition p’=0 when 
1s 


With the usual rapid transfer of gas through the 
collecting pumps, the rate of pressure rise in the col- 
lecting volume, dp/d/, is proportional to the flow rate 
through the constriction and therefore to p’. Hence, 
from Eq. (8 

dp dt= const. 34/7 — 3t/ (9) 


A considerable simplification is now obtained from 


the fact that when 7r is several times 7’, the quantity 


Fic. 2. Accumulation curve: Pressure of gas (99.6% H2) collected 
from 0.50 in. dia. 0.63 in. nickel cylinder at 621°C. 
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Fic. 3. Evolution of gas (99.5% Hz) from 0.50 in. dia. X0.633 inch 
cylinder at 621°C 


(é 2 .3t ¢ 2 
relatively low values of ¢, following which it closely 
approximates e~**/7, The fractional error of this 
approximation is less than 5 per cent when ¢ is greater 
than 7 and when 7 is 2.3 or more times 7’. Under these 
conditions either p’ or dp/dt can be satisfactorily 
approximated as (const.)e~**‘/". Hence a line of slope 
—7r' should result from a plot of either logp’ or log 
(dp/dt) vs t. The time dependence of p’ is thus the same 
as that of —dC/dt (Eq. 4), and the gas flow rate through 
the constriction can be conveniently used as a direct 


) increases from zero to a maximum at 


measure of the evolution rate. 
The solution of Eq. (9) for the conditions p=0 when 
‘=0; p= when {= & is 


(10) 


The maximum value of 1— p/p; occurs at ‘/=0, following 
which a plot of log(1— p/p;) rapidly becomes linear with 
the slope —7~'. Hence the variation of 1—p/p; with 
time is the same as that of C (Eq. 3), and, to a first 
approximation, p can be taken as a direct measure of the 
amount of hydrogen extracted from the specimen. 
The conformance of the experimental data to the 
above relationships is shown in Figs. 2 and 3, which were 
obtained in a typical run at 621°C. Figure 2 is a vs ¢ 
“accumulation” curve, showing the determination of py. 
The resulting values of log(1—/p;) are plotted versus 
f as the circles in Fig. 3. These are seen to define a 


Accumulation curve Dato | 
| 
\ 
Co = grams | 
= 
AN | 
| 
> soil | 
a 
| 
= xe 
Xe 
p T 7’ 
4 
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[ 
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rasB_e I. Conditions and results of evolution rate measurements 


Group A 


Diameter Length * D X10 
(in.) ) mit cm?/sec 


1.11 1351 
0.57 1400 
1282 
1180 
1400 
1400 
1351 
1180 
1400 
1282 
1282 


5 


1 00 SI W 


“Ik 


Charging 

atm, 
0.65 67.1 
0.62 67.1 
0.43 7 
0.63 
0.64 
0.43 
0.64 
0.42 
0.64 
0.42 
0.64 
0.63 


NM dS 


U1 bo O 


* All Group A specimens were charged at 1 atm. H 


** All Group B specimens were charged at 600°C, 
® Run made without 0.2 mm constriction in flow line 


straight line at the larger values of / in accordance with RESULTS 
Eq. (10). 
Values of dp/dt were determined graphically from 


the slope of the “accumulation” curve in Fig. 2, and 


The experimental curves from all runs were similar 


to those in Figs. 2 and 3, indicating (1) that hydrogen in 


nickel conforms to the conventional diffusion laws, and 
(9 


are plotted as the triangles in Fig. 3. The resulting value : ; : 
of + agrees reasonably well with that from the log(1—p ) there is no per eptible variation of the diffusivity 
p;) curve, but is probably not as accurate due to the with concentration. 
difficulty of precisely determining dp/d. 
A semilogarithmic plot of p’ vs / is shown as the middle 
curve of Fig. 3. Here the squares represent the readings 
of McLeod gauge No. 1, and the solid curve corresponds 
to the continuously recorded output of thermocouple 
gauge No. 1. The resulting value of 7 agrees well with 
that from the log(1—/p,) plot. 
Of the various above methods of evaluating 7, that 
based on the continuous measurement of f’ was pref- 
erable because (1) the results were obtained directly 
from a plot of the data themselves rather than from 
small differences between large quantities, and (2) the 
continuous recording of the thermocouple gauge output 
avoided the need for repeated manual operation of a 
McLeod gauge. The superior precision of the method is 
indicated by the small scatter of the p’ readings at large 
values of ¢. 
The only run in which the flow rate was too large to 
permit using the constriction was at 986°C. Here a 
satisfactory value of 7 (14 min) was obtained from 9’ 
readings with cutoff No. 2 open. Fic. 4. Diffusivity of hydrogen in nickel. 
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0.50 15 | 6.35 $2.5 
0.50 16 
0.50 14 13 0 
0.31 12 
0.50 16) 
0.31 16 
0.50 15 
0.31 12 +2 
0.50 
0.50 14.5 814 32.5 q 
0.50 14.5 930 20 120 
Gri up B 

0.50 380 348 1 
0.50 46.2 528 12 
0.50 47.8 575 7 
0.50 41.1 621 6 
0.50 43.2 669 5 4? 7) 
0.50 47.8 669 4 
0.50 32.0 718 3 54.5 +2.7 
0.50 32.4 718 a 
0.50 47.0 765 3 68 +15 
0.50 44.2 765 2 
0.50 44.6 850) 
0.508 33.0 986 ] 
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The conditions and results of all runs are given in 
Table I. Average values of D and mean deviations are 
listed for those cases in which two runs within either 
Group A or Group B were conducted at the same 
temperature. The highest such mean deviation, +2.7 
per cent, is considered to approximate the experimental 
precision. 

The results are plotted as logD vs 1/T in Fig. 4, in 
which the Group A and Group B data are represented 
by squares and circles, respectively. Only the average 
value of D is plotted for each pair of runs within a group 
conducted at the same temperature. The straight line 
indicates that D conforms to 


D=D, exp(— Ea/ RT) 


in which 


Do=4.47X 10 E,= 8600 cal/mole. 


> cm*/sec; 


The maximum error is considered such that Dy may be 
as high as 6.2X10 for which Eq is 9250 cal, 
or as low as 3.8X 10 for which £, is 8270 cal. 

The present method of determining D is based on the 


cm?/sec, 
( Soc. 


assumption that the evolution rate is entirely diffusion- 
controlled. This point was checked with experiments on 
specimens of different sizes and shapes, in accordance 
with a previous discussion.’ The results (Table I and 
Fig. 4) 
randomly with specimen dimensions, thus confirming 
the assumption of diffusion-controlled evolution. Addi- 


indicate that the calculated diffusivity varies 


tional confirmation is obtained from the reasonable 
agreement of the present results with those of Euringer 
(Table I] 


that of most of the specimens examined here. 
The use of two different charging methods distin- 


, whose specimens had a diameter only 1/25 


guishing Groups A and B was based on a previous 
finding in iron of a slight variation of the diffusivity 
with the conditions of prior hydrogen charging. The 
fact that all data from both Group A and Group B are 
represented by a single line in Fig. 4 indicates that the 
diffusivity of hydrogen in nickel is independent of the 
method of specimen preparation. 

The possible existence in nickel of ‘“‘residual’’ or 
slowly diffusing hydrogen of the kind previously found 
in iron! was checked by vacuum fusion analysis of two 
extracted specimens. No significant amount of hydrogen 
was found, indicating that all of the hydrogen had 
diffused at the single values of D reported herein. 
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DISCUSSION 


For comparing the present results with previous rate 
data, “literature” values of D were calculated from 
available permeabilities and solubilities with the aid 
of Eq. (1). The solubility data covering the broadest 
temperature range are those of Sieverts® and Lucke- 
meyer-Hasse and Schenk.’ These data were averaged 
graphically to yield the empirical relationship: 


K=1.04X10°7" (9) 


(for K in atm—3ml/100g, T in °K). A combination of the 
resulting values of K with published values of P yielded 
reasonably linear plots of logD vs 1/T, but the corre- 
sponding values of Ea, and particularly Do, varied con- 
siderably from one set of permeability data to the next. 
These constants are listed in Table II. 

The only case found in the literature in which D was 
determined from nonsteady evolution rates is the work 
of Euringer™, whose specimens were 0.5 mm dia. wires. 
Lieser and Witte’ have more recently measured non- 
steady absorption by 6 mm dia. nickel spheres, but their 
results differ substantially from the previous data. The 


present results should be more accurate than any of the 


previous data in view of their covering a_ broader 
temperature range. 

The question as to whether or not the hydrogen 
diffuses interstitially should be resolvable from a com- 
parison of Dy with the results of theoretical calculations 
for a simple lattice model. Such a model has been 
treated by Wert and Zener.'* Substitution of the present 
values of Ey and Dy into their equations (8) and (5) 
yielded —3 e.u. as the molar entropy of activation AS. 
A modified computational method!® yielded —1.6 e.u. 
Both calculations are based on the assumption that 
hydrogen occupies octahedral interstices in the nickel 
lattice. 

The negative entropy of activation can be reconciled 
with the interstitial diffusion hypothesis if AS is 
assumed to be the sum of a lattice contribution, AS), 
AS,. The 
always positive, as pointed out by Zener,!’ because of 


and a vibrational contribution, former is 
the lattice distortion accompanying movement of the 
solute particle through the potential energy saddle 
point between adjacent sites. With hydrogen diffusion 


this distortion may well be negligible, particularly if the 


TABLE II. Literature values of Dp and Eq for hydrogen in nickel 


Primary 
Permeability 
Permeability 
Permeability 
Permeability 
Permeability 
Evolution Rate 85-165 
Absorption Rate 
Evolution Rate 


Ham 

Smithells and Ransley 
Borelius and Lindblom 
Hendricks and Ralston 
Lombard 

Euringer 

Lieser and Witte 
Present research 


data 


376-600 
248-400 
200—550 
478-798 
458-598 


0.015 
0.023 
0.017 
0.0011 
0.20 
0.0037 
0.001 
0.0045 


400-600 
380-986 


(8) 
Temp. range D E 
Investigator Ret cm?/sec keal 
(8 10.6 
(9 10.8 
(10 10.8 
(11 8.4 
(12 14.8 
(13 90 
(14 5.5 
8.6 
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diffusing particles are positive ions, or protons. The 
major component of AS is then AS,. 

The vibrational entropy contribution AS, originates 
from the change of vibrational frequency of the solute 
particle as it moves along a given jump path. From the 
statistical mechanical expression for the entropy of a 
harmonic oscillator,'® AS, is readily approximated as: 


AS,=R In(v/v’)”, (10) 


in which » is the frequency at the interstitial site, v’ is 
the frequency at the potential energy saddle point, and 
n is the number of vibrational modes affected by the 
frequency change. It is here assumed that the diffusing 
particle retains its vibrational freedom in both the y- 
and z-directions as it jumps in the x-direction. Hence n 
is 2. 

An estimate of AS, is obtainable from the assumption 
that the hydrogen exists and diffuses as protons. Its 
potential energy, V’, is then the ionic charge multiplied 
by the electrostatic potential. The respective frequen- 
cies vy and y’ are proportional to the second derivatives 
of V at the two locations considered.'® The sum of these 
second derivatives at each location, or the Laplacian of 
V, is proportional to the electron charge density in 
accordance with Poisson’s equation.” As the diffusing 
particle moves from the potential energy minimum to 
the saddle point, the sign of the second derivative of its 


potential energy in the jump direction, 0?V/dx°, is 


reversed, and the charge density increases. These two 
effects combine to yield a value of v’ substantially 
greater than that of v, and hence a negative value of 

A preliminary calculation, based on available charge 
density data for Cu*,”! yielded approximately 1.65 as the 
ratio v’/v, from which AS, is seen to be —2.0 e.u. The 
agreement of this approximate theoretical result with 
the experimental AS value, — 1.6 e.u., seems reasonable. 
Hence the observed value of Dp is entirely consistent 
with the hypothesis that hydrogen in nickel is accom- 
modated in the lattice interstices. 


CONCLUSIONS 


From the above data and calculations the following 
conclusions are considered warranted: 

(1) The evolution of hydrogen from nickel is a 
diffusion-controlled process obeying conventional diffu- 
sion kinetics in the temperature range 380° to 1000°C. 
There is no perceptible variation of the diffusion coeffi- 
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cient D with concentration in the range 0-50 ml/100 g, 
nor is there any evidence that the diffusivity varies 
with thermal history in the manner previously found 
in iron. 

(2) The diffusivity as a function of temperature is 
represented by Eq. (8) in which Do=4.47X10 
cm*/sec and £z= 8600 cal/mole. The value of Dy is in 
good accord with the hypothesis that the hydrogen is 
situated predominantly within and diffuses among the 
octahedral interstices of the nickel lattice. 

(3) The experimentally determined entropy of acti- 
vation is negative, suggesting that the diffusion is 
accompanied by little, if any, lattice distortion. 
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A SURFACE STRUCTURE OBSERVED ON ELECTROLYTICALLY POLISHED ZINC* 
K, F. HULME} 


A structure which can be produced on the surfaces of zinc specimens polished electrolytically in 20 per cent 
aqueous chromium trioxide solutions is described. Similar structures have been reported previously on 
electropolished metal surfaces. An account is given of various experiments performed to establish the 
significance of the structure. The results show that the structure is not a revelation of an internal sub- 
structure or ‘‘mosaic’’ of the metal but is closely associated with the electropolishing process. A possible 
explanation is given which has relevance to the theory of electropolishing and electrode processes. 

UNE STRUCTURE SUPERFICIELLE OBSERVEE SUR LE ZINC POLI 
ELECTROLYTIQUEMENT 

Il est décrit une structure observée a la surface d’échantillons de zinc polis électrolytiquement dans une 
solution aqueuse 4 20% de trioxide chromique. Des structures analogues ont déja été signalées sur des 
surfaces polies électrolytiquement et il est rendu compte des diverses expériences entreprises pour donner 
l’explication de cette structure. Les résultats montrent qu’elle ne correspond pas a une sous-structure du 
métal, ni a la structure mosaique, mais qu’elle est étroitement liée au mécanisme du polissage électrolytique. 
Une explication possible est donnée liée 4 la théorie du polissage électrolytique. 

EIN OBERFLACHENGEFUGE BEI ELEKTROLYTISCH POLIERTEM ZINK 

Es wird ein Gefiige beschrieben, das auf der Oberflache von Zinkproben durch Elektropolieren mit 20% 
igem wiissrigen Chromtrioxyd erzeugt werden kann. Ahnliche Gefiige wurden schon friiher an elektrolytisch 
polierten Metalloberflichen beobachtet. Es werden verschiedene Untersuchungen mitgeteilt, die zur niheren 
Kennziechnung des Gefiiges ausgefiihrt wurden. Die Ergebnisse zeigen, dass das Gefiige kein innermetal 
lisches Subgefiige oder ‘‘Mosaik”’ ist, es steht vielmehr in engem Zusammenhang mit dem elektrolytischen 
Poliervorgang. Eine mégliche Erklirung, die auch fiir die Theorie des Elektropolierens und die anodische 
\uflésung von Bedeutung ist, wird gegeben. 


1, INTRODUCTION in phosphoric acid solution. Bussy and Chaudron have 
suggested that the polishing process may be revealing 
a substructure of the metal in the form of inhomo- 
geneous impurity distribution; on the other hand, 
Brown and Honeycombe? and Bucknell, Geach and 
Welsh* have favoured the interpretation that the 
structure is not a structure of the metal but a product 
of the electropolishing process. It was known that the 
polishing of zinc in 20 per cent CrO ; solution could re- 
veal as a surface profile inhomogeneous impurity dis- 


Whilst polishing single crystals of zinc electrolytically 
in 20 per cent aqueous solutions of chromium trioxide as 
part of another investigation it was noticed that quite 
frequently surfaces were obtained which appeared 
iridescent to the naked eye; to obtain the polish required 
it was necessary to repolish using a higher current dens- 
ity. High-power microscopical examination of a surface 
showing this iridescence revealed detail on the surface 
in the form of parallel lines with a remarkably constant : ‘ : : ae 
spacing of approximately one micron. A photograph of tribution of another type often present in single crystals 
such a surface, which after polishing had been immersed 8TOWM trom the melt. (Examples of this substructure 
for a short time in dilute hydrochloric acid, is shown in 
Fig. 1; the etchant has produced hexagonal pits and the 
floor of these may be taken as parallel to the basal 
plane (0001) or nearly so. We infer that the lines run 
across the surface in a crystallographically determined 
direction (parallel to the trace of the basal plane on the 
surface). The iridescence of the surface is attributable 
to this regular surface detail causing the surface to act 
as a poor diffraction grating. 

Surface structures similar in appearance but with a 
smaller spacing (400 A to 1400 A) have been reported 
on electrolytically polished surfaces of aluminium and 
its alloys by workers using electron microscope tech- 
niques.'~* Jouty’ has also observed by optical micro- 


scopy a similar structure on a copper surface polished 


* Received May 19, 1955. 

+H. H. Wills Physical Laboratory, University of Bristol, 
Bristol, England. (Now at the Radar Research Establishment, St. Fic. 1. Optical micrograph of zinc single crystal surface after 
Andrews Rd., Gt. Malvern, Worcs., England.) electropolish and light etch. 3600X. 
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have been recorded by Straumanis,* Buerger® and 
Smialowski.! An explanation of its origin has been 
given by Rutter and Chalmers.'! The impurity is con- 
centrated into the walls of hexagonal rods or into 
lamellae; the dimensions of the structure are approxi- 
mately 0.05 mm.) An investigation of the structure on 
zinc polished in 20 per cent CrO; was therefore under- 
taken to clarify its significance; there was the conven- 
ience in this case that the spacing of the structure was 
large enough for useful observation with the optical 
microscope. The experiments soon showed that the 
structure is not directly connected with any substruc- 
ture of the crystal on which it appears but is closely 
associated with the electrode process during polishing. 


2. EXPERIMENTAL STUDIES 


2.1. The Appearance of the Structure on Various Samples 
of Zinc and Its Dependence on the Crystallographic 
Orientation of the Surface. 


The structure has been observed after polishing on 
single crystals, on polycrystalline zinc obtained from an 
ingot (both of 99.99-+ per cent purity) and on a zinc 
3 per cent cadmium alloy cast in a graphite boat. To 
produce the structure current densities in the range 20 
to 60 ma/cm?* were found to be effective. The electro- 
lyte was a 20 per cent aqueous solution of commercial 
chromium trioxide maintained at 8°-12°C by a glass 
cooling coil through which tap water was passed; the 
cathode was a cylindrical sheet of aluminium. The 
patterns observed were not commonly so perfect as that 
shown in Fig. 1. showing the structure on 
twin and matrix in a single crystal, illustrates the more 
usual form that the structure takes. On the basal plane 
(0001) of a single crystal, obtained by cleavage, the 
structure was in the form of either ‘‘rosettes” (Fig. 3) 
or a maze pattern (Fig. 4); it was found that the ‘ 
settes’”’ were shallow saucer-shaped depressions in the 


Figure 2, 


‘ro- 


surface. 


Fic. 3. “Rosette” obtained on electropolished cleavage plane 1150. 


POLISHING 


STRUCTI 


Fic. 2. The structure on twin and matrix in a single crystal. 650X 


A systematic study of the appearance on surfaces of 


different crystallographic orientation on the same speci- 


men was made. For this experiment a single crystal rod 
of 8 mm diameter, the end of which had been made 
approximately hemispherical, was used. The structure 
was produced by the normal method on the end ter- 
minated by the hemisphere, and the rest of the crystal 
was etched in the standard crystallographic etching 
reagent for zinc.'* The crystal was held in a small two- 
circle goniometer on the stage of an inverted microscope 
and its orientation was found with the aid of the reflec- 
tions from the etched portion. By adjusting the goniom- 
eter scales, surfaces of known crystallographic orienta- 
tion on the hemispherical end were presented to the 
microscope for examination. The results are summarized 
in Fig. 5. 

The significance of the black lines which delineate the 
structure was investigated on a single crystal which had 
been prepared so that the spacing of the lines was 
large. (It was shown in an experiment described below 
that the spacing of the lines depended on the current 


density used during the preparation; by using a low 


Fic. 4. Maze on electropolished cleavage plane. 1150. 
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Fic. 5. For surfaces corresponding to the shaded area on the 
standard stereographic projection the structure on the hemisphere 


was in the form of lines with trend parallel to the trace of the basal 
plane on the surface. Otherwise there were areas of either (i) 
smooth polish—i.e., no visible detail, or (ii) rough attack with 
some indication of lines parallel to the trace of a plane (4 kz 0) on 
the surface. The values of the spacing of the pattern at the posi- 
tions on the hemisphere corresponding to the points A, B, C, D, 


E, F, G were respectively 2.1, 2.0, 2.7, 2.9, 2.9, 2.7, 2.3y. 


current density a large spacing was obtained on this 
specimen.) The light profile technique’ was used to 
show that the lines were steps on the surface (see Fig. 6). 
Using the value of the profile sensitivity obtained by 
calibration on a steel ball of radius 0.5 mm it was 
deduced that the inclination of the approximately 
planar areas between the steps to the mean surface was 
~3 degrees; the inclination of the basal plane to the 
surface was known to be nearly 20 degrees. The tilt 
of the approximately planar areas was such that the 
normal to them would lie intermediate in direction be- 
tween the normals to the mean surface and to the basal 


plane. 


2.2. The Relationship between Spacing and 
Current Density 


It was established that successive polishing treat- 
ments of the same single crystal specimen using the 
same current density did produce the structure with 
approximately the same spacing at a selected point on 
the specimen surface. In each treatment fresh electro- 
lyte was used and care was taken that the temperature 


Fic. 6. Tolansky light profile superposed on structure of large 
spacing. The sidesteps of the black vertical profile line at the 
horizontal dark lines of the structure indicate that the latter are 
steps on the surface. 1700X. 


SPECIMEN 


SOLN. — | 


20 C,0, 


ALUMINIUM CATHODE | 


GLASS COOLING COIL— | 


Fic. 7. Schematic diagram of electropolishing apparatus. 


of the electrolyte at the start was the same to within 
+0.2°C. The specimen was rotated during the electro- 
lysis. Rotation had been found to be helpful in pro- 
ducing a uniformly good polish and its use was con- 
tinued in these experiments in the belief that it would 
help to produce a uniformly bad polish; the rate of 
rotation was kept constant at 72+10 rev/min. Each 
electrolysis was allowed to proceed for the same length 
of time; the length of time was chosen so that the mean 
depth of material removed was several times the spacing 
of the structure. Before each electrolysis the specimen 
was immersed for several seconds in aqua regia to re- 
move all traces of its previous surface detail. A dia- 
grammatic sketch of the apparatus used in this experi- 
ment and the one described below is given in Fig. 7. The 
spacings were measured using a microscope and eye- 
piece micrometer. The objective used was a 1.8 mm oil 
immersion type. The results of eight successive electro-~ 
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Fic. 8. Plot of spacing of structure against current density 
used during polishing. 
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lyses indicated that under these conditions the spacings 
obtained were constant to within +10 per cent. 

Using the same method and observing the same pre- 
cautions, the relationship between the current density 
and the observed spacing of the structure was deter- 
mined. In this experiment, however, the duration of 
each electrolysis was chosen so that at the end of each 
electrolysis the same amount of charge had _ passed 
through the solution. The results are shown graphically 
in Fig. 8. 

It will be seen that the measured spacings vary by a 
factor of six. The lower limit of spacing that can be 
measured accurately is determined by the resolving 
power of the microscope; the lowest point plotted on 
the graph is somewhat unreliable because the spacing is 
approaching the resolving limit of the microscope. At 
current densities much above those used for the lowest 
point in the graph the surface appears detailless, i.e., a 
good polish is obtained. 


2.3. The Polarization of the Zinc Electrode in 
20 Per Cent CrOs Solution 


Because of the relevance to a possible explanation of 
the structure which is given below, the anodic polariza- 
tion curve for zinc in 20 per cent aqueous chromic acid 
solution was measured for current densities in the range 
in which the structure is observed. The zinc electrode 
used was a polycrystalline cylinder of diameter 1.5 cm. 

In order to make the conditions comparable in the two 
experiments the cylinder was rotated about its axis in 
this experiment at the same rotation rate as that used 
when the relationship between spacing and current den- 
sity was investigated. A potentiometer was used to meas- 
ure the difference of potential between the anode and a 
0.1 N calomel electrode from which a Luggin probe was 
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POTENTIOMETER READING AT BALANCE (VOLTS) 


Fic. 9. Plot of anodic potential of zinc electrode in 20 per cent 
aqueous CrQ; solution against current density. 
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CURRENT DENSITY MA/CM 


ourrent 
Plot of « urrent ae 


total voltage acros 


led ; the tip of the probe was at a mean distance of about 


0.25 mm from the rotating anode (the cylinder did not 
results are shown in the 
graph of Fig. 9. Each point represents the mean of eig! 


rotate perfectly axially). The 


observations. Figure 10 is a graph of the total voltage 
across the cell against the current density at the anode. 
The potentiometer reading at balance was markedly 


affected by the rate of rotation. At a current de nsity ol 


144/min 


conce 


a 
117 ma/cm? its values were 0.1—0.3, 0.56, 0.43, when 
) 


the rates of rotation were 0, 7 


deduced there was considerable nt 


polarization present. An approximate valu¢ 


conductivity of the solution was obtained by traversing 


the tip of the Luggin probe across the electro yte; 
measuring the potentials obtained and from a knowledg 
of the geometry of the system and the current thr 
the solution it was deduced that c=0.30 mho cm 
3.* DISCUSSION 


From the above experiments we conclude that the 
observed structure is certainly not a “substructure’”’ 


of the zinc or a revelation of a Darwin mosaic struc- 
ture."* If it were, the most obvious interpretation con- 
sistent with the observed directions of the structure 
would be a lamination parallel to the basal plane with 
constant spacing; but this is incompatible with the 
spacings observed at various orientations on the hemi- 
sphere. The fact that the spacing of the structure is a 
function of the current density used during electrolysis 
substantiates this conclusion. 

The structure is best thought of as semicrystallo- 
graphic etching with the scale determined by the elec- 
trode processes in some way. We are familiar with the 


fact that when a crystal is immersed in a suitable rea- 
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gent the attack can take place so as to reveal crystallo- 
graphic planes in the crystal attacked. Some etching 
reagents, however, do produce curved pits, the faces of 
which are only approximations to crystallographic 
planes. When etch-pits with planar faces are produced, 
we may infer that there are very marked differences in 
the reactivity of with different crystallo- 
graphic orientations, whereas rounded pits indicate 


surfaces 


much smaller differences of reactivity. 

It would appear that the surface produced when zinc 
is anodically attacked in 20 per cent CrO; solution con- 
tains in many cases areas which approximate to the 
basal plane (0001) of the crystal. 

A possible explanation of what determines the ob- 
served spacings of the structure will now be given. 
Agar and Hoar" have shown that the current density 
distribution over electrodes of various shapes is deter- 
mined by the ratio of a characteristic dimension of the 
electrode, “a”, to ‘“k”, the product of the electrical 
conductivity of the solution ¢ and the slope of the elec- 
trode polarization curve dE/dJ (E=polarization volt- 
age at current density J). Wagner'® has recently cal- 
culated current density distributions for some simple 
geometrical cases. When the electrode has a triangular 
profile the characteristic length ‘‘a”’ is the amplitude of 
the profile (see Fig. 11). If the electrode polarization 


Fic. 11. Triangular electrode profile. 


were zero the distribution of current over such an elec- 
trode profile would be determined solely by the solu- 
tion of Laplace’s equation V’*@=0 in the electrolyte 
with @=constant at the electrode surface and J= 

grad @. (Here ¢=electric potential; we assume other 
electrodes to be remote and the conductivity of the 
metal electrode to be infinitely large.) This solution 
would give infinitely large current densities at the tips 
of the profile. Polarization voltages increase with in- 
creasing current density, and the consequence of the 
existence of finite polarization at the electrode is that 
the current is distributed more uniformly than in the 
case of zero polarization. Thus, when a>k (polariza- 
tion relatively unimportant) the current density is very 
non-uniform being concentrated on the tips of the profile, 
but when a<k (polarization important) the current 
density is nearly uniform over the profile, being still 
greatest at the tips. In the first case, the profile is 
rapidly smoothed out during anodic dissolution, where- 
as in the latter case the profile is only changed slowly. 
It is suggested that the spacing of the structure des- 
cribed above is determined by the value of o(dE/dJ/) 
operative during the electropolishing process. The 
attack will tend to create a surface profile owing to the 
different reactivities of crystallographically different 
surfaces, but as the profile amplitude increases towards 
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Fic. 12. Three stages in the development of attack on a surface 
after nucleation at the point A. An increasing area of the basal 
plane (shown as shaded in the plan and inclined at about 20° to 
the mean surface in the sectional view) is revealed as attack 
proceeds. 


“Rk”, the tendency for the non-uniform current distri- 
bution to smooth it out becomes greater. The profile 
amplitudes is thus stabilized at a definite value deter- 
mined by the magnitude of “‘k’’. A possible sequence of 
events after the start of the attack at some singularity 
in the surface of the crystal (perhaps a small precipitate 
of some other phase in the crystal or even a dislocation) 
is shown in Fig. 12. At first attack proceeds to reveal a 
semicircle of the basal plane (we will talk of the basal 
plane for simplicity although we mean an approxima- 
tion to the basal plane). But as the depth of the pit be- 
comes greater, the increasing inhomogeneity of the 
current distribution causes the rate of dissolution at the 
bottom of the pit to decrease and further growth of the 
pit will be mainly by sideways extension as shown in 
the diagram. Some evidence of shapes of this sort is 
often found in the pattern (see Fig. 2). 

If these ideas are correct we can give an explanation of 
why the pattern differs in perfection on different speci- 
mens (compare Fig. 1 with Fig. 2). Where the mean 
distance between nucleation sites for attack is large 
compared with the spacing, comparatively perfect line 
patterns would be expected ; but with a large number of 
nucleation points, considerable interference between 
the pits generated by neighbouring points would be 
anticipated and the observed structure would be more 
complex. 

The theory is attractive on qualitative grounds, but 
it is difficult to bring the observed spacings into rigor- 
our quantitative comparison with the measured values 
of o and dE/dJ. The following considerations are rele- 
vant to this comparison and to the question of whether 
a surface profile will be retained. 

(1) The current distribution over a profile needed 
for this surface profile to be retained is sensitive to the 
geometry of the profile. For a triangular profile with 
sharp corners a uniform distribution over the plane 
faces suffices (it need not have the same value on faces 
A and B in Fig. 11). Whereas for a sine-wave profile 
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TABLE I, 


Current density 
ma/cm? 10 20 


Spacing 10™ cm 


4.65 
o(dE/dJ) cm 


3.12 


1.49 10 1.93 1074 


there is a variety of different distributions that satisfy 
the requirement. 

(2) The current distribution over a surface profile 
is determined by a/k and by the dependence of the 
reaction rate on the crystallographic orientation of the 
surface, for the profile necessarily exposes various 
orientations. The relative importance of these two 
factors will determine at what fraction of the critical 
length the amplitude is such that the profile is stable. 
As Wagner’ points out, different crystallographic 
surfaces will have different effective values of ‘‘k” 
Engell'® has recently demonstrated the different elec- 
trochemical reactivities of different crystallographic 
faces on a-iron single crystals. These differences can be 
interpreted in terms of the theoretical treatment of 
polarization at metal electrodes given by Lorenz." 

(3) The measured values of the polarization include 
considerable concentration polarization. In considering 
the effect on a surface profile we need only take account 
of those components of the polarization operative at the 
surface or in a layer of thickness of the same order as the 
profile amplitude. Concentration polarization would 
then be largely irrelevant when considering surface 
profiles of the magnitude observed above. 

(4) The profiles produced at different current densi- 
ties may not be geometrically similar and this would 
make an exact comparison more difficult because the 
then proportional to the ampltude 
more with 


spacing is not 
(which should 
ao(dE/dJ)). 

(5) It is possible that the value of o in the immediate 
neighbourhood of the surface is different from the value 
in the bulk electrolyte. 

As a crude approximation it is true that the spacing 
is equal to y-o-(dE/dJ) where y is a constant. The 
validity of this approximation is shown in Table I. 


properly be compared 
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Fic. 13. Step-like polishing curve. 


how he 


like to 


explanation of the structure offered above might be 


In conclusion, we should 


SUL 


} 


modified when considering polishing processes in which 
diffusion and not conduction is the factor responsible 
for surface smoothing. 

It will be seen that the polarization curve for zin 
polishing in 20% CrQOs is not of the type characterized 
by a step of constant current density (see Fig. 13 
latter shape of curve is thought to indicate that 
diffusion to the anode of uncharged molecules (‘‘ac- 


ceptors”) needed for the electrode reaction is the rate- 
determining 


then be described according to Wagner" by diffusion of 


process.” The polishing mechanism can 


acceptors act ording to Vc=0, wi 0 at the elec- 
trode; the 
when electric potentials are involved. The distribution 


treatment is thus formally similar to that 


of current over a surface profile is now determined by 
the solution of the diffusion problem, and the critical 
length o(dE/dJ 


of the patterns observed by Jo ity? and the electron 


has no signifi ance. But some at least 


microscopists mentioned above were produced in 


electropolishing baths with step-like polarization curves. 
If these observations are to be bro ight into line with a 


theory of the same ty pe as out lined above, we must seek 
a critical length for the diffusion-controlled processes. 
We note that tl ao (dE/dJ) is the lengtl 


of path in the perpendicular 


1e critical length 
solution 

surface in which the potential drop is tl 

potential drop at the electrode due to polarization ; 

the potential drop in the path length X in the so 

is J-X/o and in the dE/dJ 


It is perhaps reasonable to regard as the critical leng 


polarization layer is 


for a diffusion-controlled process that path 


which the acceptor suffers the same change 


t causes when lit 


energy as the change in free energy 1 


reaches the electrode. The ac« eptor molecules will not 


potential energy iu tney are 


change their electrostati 


uncharged, but their Gibbs free energy will change be 


change in concentration of acceptors ac- 
RT loge, 
tration in moles/cc. The change of energy in path lengt 

Y is the g=(RT/c)(dc/dx)X where dc/dx is the 


mean 


cause of the 
concen- 


cording to the equation, g where « 


concentration gradient normal to the surface 
Equating this to the change of energy when the a 


ceptor reaches the anode and enables a mole of ions of 
valence z to enter the solution, and 
J=z::-F-D-dc/dx, we obtain for the critical length 
dk dE 
~ 102, 


using the fact that 


32 2.48 1.89 1.51 1.27 
72 1.33 1.25 1.12 1.13 
Y CC 1.87 10 1.52 10 1.35 10 1.13 10 
iCal 
tor 
RT dJ 
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Again the relevant portion of dE/dJ is that operative at 
or close to the electrode. According to Wagner," the 
value of c at the electrode surface may be vanishingly 
small, compared with the value in the bulk solution. 

If the theory outlined above is correct, then it would 
appear that the consideration of critical lengths is 
important to a complete understanding of electro- 
polishing processes. In view of the variety of complex 
behaviours of electropolishing baths it is improbable 
that other factors can be ignored. However, viscous 
films on the anode would seem to be less directly 
relevant by-products of the anodic reaction helping only 
to prevent hydrodynamic disturbance of the concen- 
tration gradients in a diffusion-controlled process. 
Similarly, thin films of metal oxide or salt on the elec- 
trode are not a sine gua non of electropolishing pro- 
cesses. Rowland”! has demonstrated this by electro- 
polishing noble metals in molten alkali chlorides at 
950°C; at this temperature there are no stable com- 
pounds of the noble metals to form a film. It would be 
interesting to know whether all electropolishing reagents 
are capable of producing regular surface profiles of the 
type described above. 
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AN X-RAY EXAMINATION OF CRYSTALLOGRAPHIC TRANSFORMATIONS IN INDIUM-RICH 
SOLID SOLUTIONS WITH THALLIUM, LITHIUM AND LEAD* 


A. J. GRAHAM,; G. K. WILLIAMSON], and G. V. RAYNOR} 


The progress with temperature of the crystallographic transformations in indiun 
) solid solutions has been studied usit 


‘f.c.c.) and indium-lead (f.c.t.; ¢/a>1—f.c.t.; c/a< 


specimens. The transitions are diffusionless; in the former case a metastable t 
heating, while the latter shows the co-existence of two phases both on heating and 
electron concentration affect the nature of the transformatiot 
containing 20.7 at.% thallium prevents the tetragonal to cubic transformation fron 
mechanism involving macroscopic shear. Conclusive evidence regat 
could not be obtained; a suggestion is made with respect t 


formations in the solid state. 


ETUDE PAR RAYONS X DES TRANSFORMATIONS DES SOLUTIONS DI 
PLOMB 


LITHIUM ET 


Pour des éprouvettes polycristallines, les transformations dans les alliage 


> 1=f.c.c.) et indium-plomb (f.c.t.; c/a>1=—f.c.t.; 


La transition a lieu sans diffusion; dans le premier cas, un domaine métastable 4 deux phases n’existe que 
chauffage, tandis que le second montre la coexistence de deux phases, : 
ment. Des variations dans la concentration électronique modifient 
thallium, empéchent la 


de lithium, ajoutés 4 un alliage 4 20,7 


cubique de se produire par un mécanisme comportant ul 
n’a pu étre obtenue sur l’ordre de ces deux réactions; 


transformations de second ordre a |’état solide 


at de 


thalliun 

g polycry 
vo-phase field is defined only 

| cooling. Variations in the 
The addition of 0.7 at.% lithium to an alloy 
taking 

rding the order ol either 


to the general occurrence of secor 


THALLIUM 
DANS L’INDIUM 


1] s indium-th: "Wn f t.: ¢ 
1) ont été étudiées en fonction de la température 
lors 
tant auffage qu’au refroidisse 
la nature de la transformation; 0,7 at.% 
transformation tét 


1qué \ucune 


s sur l’apparation des 


ragonale 


conclusior 


cisaillemer t macroscop 


quelques idées sont avancée 


EINE RONTGENOGRAFISCHE UNTERSUCHUNG DER KRISTALLOGRAFISCHEN 


UMWANDLUNG IN INDIUM 


An polykristallinen Proben aus Indium-Thallium 
c/a>1=tetr. flz.; c/a<1 


REICHEN MISCHKRISTALLEN MIT 


LITHIUM UND 


THALLIUM 
BLEI 


wurde der Verlauf der kristallografischer 


ffusionslos 


der Temperatur untersucht. Die Umwandlungen sind diffusi 


der Erhitzung ein metastabiles Zweiphasengebiet definiert 


vere 


Erhitzung als auch bei der abkiihlung zwei Phasen negeneir 


ungen in der Elektronenkonzentration beeinflussen die Natur 


Lithium zu einer Legierung mit 20.7 At.% Thallium verhinder 


nach einem Mechanismus verliuft, der ein makroskopisches 
iiber die Ordnung der Umwandlung konnten icht er! 


Umwandlung z 


weise im festen Zustand auftretenden 


INTRODUCTION 


The binary solid solutions of indium containing 
~22 at.% thallium and ~13 at.% lead undergo a 
crystallographic transformation with change of tempera- 
ture? On heating, the transformation in the former 
case is from face-centred-tetragonal (f.c.t.) of c/a>1 to 
face-centred-cubic (f.c.c.); in the latter, f.c.t. of c/a>1 
transforms to f.c.t. of c/a<1. Research on these trans- 
formations has already been reported,*~* but most of the 
work has been of a metallographic nature, aimed at 
defining a simple mechanism descriptive of the trans- 
formation and consistent with the shear markings on 
external faces. As Geisler® pointed out, however, such a 
mechanism may be quite irrelevant to the actual proc- 
esses occurring in the transforming crystal ; the various 
shear processes may occur in consequence of the trans- 

* Received April 29, 1955. 

t Department of Physical Metallurgy, University of Birming 
ham, England. 

t Formerly I. C. I. Fellow, University of Birmingham, England. 
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formation and only to relieve stresses developed during 


its course. This latter interpretation of the significance 


of the shear markings, however, does not receive wide 
support. 

For single crystals of indium-thallium alloys, the 
topographical markings are consistent with a double 
shear process.’’’ As far as can be experimentally deter- 
mined,’ these two shear processes are simultaneous. The 
surface topography of polycrystalline specimens shows 


sets of parallel-sided bands traversing grains and inter- 
a given grain. In previous work’ 
that 


regarded as representing a region in which the “first” 


secting similar bands in 


it has been suggested each of these sets can be 


shear is on the same {110} plane but in opposite (110 


directions in neighbouring bands. The “‘second”’ shear 


subdivides the main bands, but these finer bands may 
The fine bands are f.c.t. twins 


of which two sets are possible 


not always be resolved. 
in each main band. In 
single crystal studies the movement of the boundary 


interface between the sheared and the unsheared regions 
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der mwandlung. Fine Zuga 0.7 At.Y 
scheren mit sich bringt. Ein schliissiger Beweis 
TSS 
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can be controlled by varying a temperature gradient in 
the crystal. This movement is subject to ~2°C hyster- 
esis. Polycrystalline specimens have been reported! to 
show similar effects, the shear process initiating at 
random centres and proceeding spontaneously with 
temperature. 

The work reported here was undertaken to decide 
whether either transformation could be represented in 
terms of transitions through a two-phase field in an 
equilibrium diagram, and thus to deduce the order of 
the transformation. 
Guttman has stated that a two-phase region does not 


For the case of indium-thallium 


exist, but his experimental evidence, as reported, is not 
entirely conclusive and the thermodynamic significance 
of a single line which separates two single-phase fields 
in the equilibrium diagram was not fully discussed. 


PREPARATION OF ALLOYS 


Alloys were prepared from spectrographically pure 
indium* and thallium,* and lead of >99.99% purity. 
The metals were melted and cast in sealed pyrex tubes 
in vacuo. To ensure uniformity of composition in the 
cast ingot, the alloys were vigorously shaken for four to 
five minutes at approximately 20°C above the melting 
point, and then quenched into water. Homogenisation 
in the solid state was attained by swaging to 50 per cent 
of the original cross section and subsequently heating 
in vacuo at 120°C for five days. Alloys intended for 
diffractometer studies were cast as 4 gm ingots, while 
those for X-ray photography were cast as 1 gm ingots. 
In no case did the casting losses exceed 1 percent by 
weight. The maximum difference between the intended 
and analysed compositions was 0.1 at.%. 


EXPERIMENTAL DETAILS 


The transformations were followed accurately in an 
inert atmosphere at elevated temperatures using a 
CuKa 
and also by precision lattice-parameter measurements 
based on conventional film techniques using CoKa 
radiation. Alloys in cold worked, quenched, and an- 


Geiger-counter diffractometer with radiation, 


nealed states were examined. In the diffractometer in- 
vestigation alloy specimens could be maintained auto- 


matically within +0.5°C of predetermined temperatures 


for long periods. Temperature gradients throughout the 
specimen were too small to be detected." 

Specimens for use in the diffractometer were pre- 
pared by filing the entire homogenised ingot. The 
specimens were formed as discs by partially sintering 
filings at room temperature under a pressure of 10 
tons/sq. inch. An annulus 1/16 inch wide was removed 
from the periphery for analysis. Specimens for film 
studies were prepared from wire (dia. 0.015 inch) ex- 
truded at 20°C. 

Diffractometer observations confined to the 
profiles of the {111} and the {200} reflections. These 


were 


* Supplied by Messrs. Johnson, Matthey and Co., Ltd., London. 
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reflections were chosen for their sharpness and relatively 
high peak intensities which enabled a rapid and rela- 
tively accurate determination of lattice parameters to 
be made. The line profiles were such that both the a and 
¢ parameters could be obtained on the calibrated 
diffractometer to an about +0.002 
kx units. Within these limits the Ka, component has 
been found to have a negligible effect on the profile of 
the {200} Ka, reflection. This is particularly important 
when a geometrical analysis must be made of the {200} 
reflection, as in the case where the (002) and (200) 
reflections partially overlap. 

The procedure used in analysing the {200} reflections, 
which may contain one, two, or three component re- 


accuracy of 


flections corresponding respectively to the existence of 
a cubic phase only, a tetragonal phase only or a mixture 
of both, was as follows. Provided that the profiles of the 
(002),* and (200), reflections are known from observa- 
tions at lower temperatures where overlapping of these 
reflections does not occur, the (002), component can be 
drawn with little or no ambiguity. Similarly, and using 
the “multiplicity” relation that exists between (002), 
and (200), reflections the (200), component may also 
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Fic, 1. Geometrical resolution of an observed {200} profile. 

observed profile; ——-—(002) tetragonal profile; (200) 
tetragonal profile; (200) cubic profile. 

* Suffixes / and ¢ are assigned to reflections of the same type from 
f.c.t. and f.c.c. structures respectively. 
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be constructed. Any intensity present in the {200} 
reflection, other than that which can be accounted for 
by the presence of a tetragonal phase, is attributed to 
the presence of a cubic phase. By further analysis the 
profile and position of the (200). reflection may be 
obtained. 


I 


EXPERIMENTAL OBSERVATIONS: INDIUM-THALLIUM 
SYSTEM 


Figures 2, 3 and 4 show the progress of the crystallo- 
graphic change from a f.c.t. structure to a f.c.c. structure 
in terms of lattice parameters plotted against tempera- 
ture for three alloys of composition 19.0 at.%, 20.4 at.%, 
and 21.7 at.% thallium respectively. In each case the 
dotted portions refer to observations on the original 
cold-worked alloy; the solid line refers to the annealed 
alloy on heating from room temperature, and the link 
chain to the reverse change of f.c.c. to f.c.t. 
assigned to the plotted points give the time in hours at 


Figures 


which the specimen was maintained at temperature 
before any observations were made. 

Certain general features are common to the three 
alloys: 

(a) The relaxation with increasing temperature of the 
tetragonal structure towards cubic is not a continuous 
process; there is a marked discontinuity in the slope of 
the a and c parameter curves. From this point the cubic 
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Fic. 2. Variation of lattice parameters with temperature for an 
indium-19 at.% thallium alloy. @ heating worked specimen; 
© heating annealed specimen; \7 hypothetical parameter deduced 
from the unresolved (200) cubic and (200) tetragonal reflections. 
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Fic. 3. Variation of lattice pei 
indium-20.4 at.% thallium alloy 
heating annealed 
thetical parameter deduced fror 
(200) tetragonal reflections or 


heating worke 
specimen ; g from >80°C 
and 


nresolved (200) cubi 


anneal 


ad specimer! 


structure is found to co-exist > tetragonal struc- 
ture. The temperature at which the last trace of the 


tetragonal structure disappears has been assessed as 
that where the parameter-vs-temperature curve corre- 
sponding to the combined profiles of the (200), and (200), 


reflections becomes a tangent he a parameter-vs- 
temperal ure curve. 

(b) The reverse process Ol f.c.c. to f.c.t. does not pro- 
ob- 


th 


ceed through a similar two phase region to that 
the variation in 


] tj Zz +} 
almost identical to e con 


served on heating; parameters of 


tetragonal phase is 
process on heating. 


(c) For an alloy which had been annealed at 


temperature to produce two phases, it was found t 


decreasing the temperature, there was no change 1 


proportion of phases present. On reheating, the trans 
formation, as far as could be detected, proc eeded with- 
out hysteresis after the higher temperature was regained. 
In particular, the alloy containing 20.4 at.% thallium, 
when cooled through 15°C from 100°C did not show any 
change in the proportion of phases present even after 
100 hours. 


traction. 


| h 
a signi 


There was, however, g 
d) Diffractometer and film observations both showed 
the {111} and {222 


{222} reflections to be remarkably sharp 
throughout the 


transformation. For reasons discussed 
in the following section, it was necessary for the similar- 


ity of (111),and (111 


Any factor affecting line breadths is more easily de- 


spac ings to be studied acc urately . 


tected at high Bragg angles and for this purpose the 
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Fic. 4. Variation of lattice parameters with temperature for an 
indium-21.7 thallium alloy. @ heating worked specimen; 
>) heating annealed specimen; A, 0 from >36°C; 

hypothetical parameter deduced from the unresolved (200) 
cubic and (200) tetragonal reflections on heating an annealed 


specimen, 


at ¢ 


cooing 


study was made on the {333} reflection at @~79° using 


monochromatic CoKa radiation. Film measurements 
showed the half-peak width (8;) to vary with tempera- 
ture (see Table 1). (The measured value was not cor- 
rected for instrumental broadening.) 

e) Cold-working increases the c/a ratio of the tetrag- 
onal phase. In the case of the 21.7 at.% alloy the c 
parameter increases by ~0.5 per cent, while the a@ 
parameter decreases by ~0.25 per cent (see Fig. 4). 
For alloys of lower thallium content this effect was less 
Further, the 
can be de- 


marked and absent in indium. 
appearance of the cubic phase, on heating, 


layed by approximately 20°C by cold-working the 


pure 


specimen. 
DISCUSSION 
It has been assumed! that the transformation in the 
indium-thallium system is of the second order,* and is 


The concept of a second order transformation was introduced 
by Ehrenfest' to explain the so-called \-point transition in liquid 
helium, a transformation which originally” could not be treated 
thermodynamically as one of the first order. A transformation is of 
the first, second, or higher order, if the first, second, or higher 
derivatives of the Gibbs free energy, with respect to temperature 
and pressure are discontinuous between the two phases. The dis 
tinction between the various orders of transformation is artificial, 
but equations can be calculated from this concept which explain 
thermodynamic relations in the \-point transition. Consequences 
of the theory are, that in a second order phase change there is a 
discontinuity in the specific heat-vs-temperature relation, but no 
latent heat; and that the atomic volumes of the two phases are 
continuous. Stout’ has shown that for a two-component system 
the two co-existing phases must be of the same composition, but 
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TABLE I. 


Temperature 
( Structure 

f.c.t.+f.c.c. 


* The decrease in line breadth for the tetragonal structure on 
heating to 72°C is a real effect. 


diffusionless, proceeding entirely by shear; and prior to 
the present investigation, no two-phase region had been 
observed, except where definite temperature gradients 
existed. The existence of a two-phase region has now 
been clearly demonstrated by the diffractometer study. 
Further evidence has been obtained from a Debye- 
Scherrer film of an alloy containing 22.5 at.% thallium 
at 20°C, which shows three {400} reflections. These 
could be due to the co-existence of a cubic and tetrag- 
onal phase. Parameter measurements of the tetrag- 
onal phase from this film agree, within the limits of 
experimental error, with the extrapolation of values 
obtained with the diffractometer for the corresponding 
parameters in the temperature range 140°—40°C. 

It is of interest to consider the nature of the trans- 
formation in the light of these results. In view of the 
high rate at which the transformation of f.c.t. to f.c.c. 
in the system indium-thallium proceeds, diffusion is 
unlikely and the compositions of the co-existing phases 
are thus the same. Absence of a composition difference 
between the co-existing phases, is consistent with a 
transition of the second order; it is thus important to 
examine the other criterion, involving equality or 
otherwise of the atomic volumes of these phases. The 
calculation of atomic volumes for the respective phases 
from the unit cell dimensions, while indicating that there 
is a difference of 0.5 per cent, cannot be conclusive, as 
this value lies just within that expected from errors in 
film measurement. The relative spacings of the {111} 
planes in the tetragonal and cubic phases, however, 
depend critically upon the order of transformation, and 
a simple calculation, assuming equality of (111). ana+ 
spacings, shows conclusively that the atomic volumes of 
the two co-existing phases cannot be equal (see Appen- 
dix). Visual estimation of line breadths on a film of a 
two-phase alloy indicated that the common {111} 
series of reflections was the sharpest of the pattern. This 
is in agreement with two-phase films in the system 
copper-manganese, where a similar cubic-tetragonal 
transformation occurs." Quantitatively, it can be shown 
that, for the atomic volumes of f.c.t. with c/a=1.015 
and f.c.c. structures to be equal, the difference in (111) 
spacings must be 0.00014 kx units. This figure corre- 
this does not necessarily imply that a comparatively wide two- 
phase region cannot exist. Since in such a two-phase region the 
co-existing phases are of the same composition, the lever rule will 
not apply; it seems necessary to postulate that the chemical free 
energies of the two phases must be equal. 
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Fic. 5. Modified portion of indium-thallium phase diagram. 


sponds to an increase in line breadth of 2.5 minutes of arc 
in the {333} reflection at @~79°, assuming there to be no 
inherent difference in the line profiles of the tetragonal 
and cubic structures. 

Table I, however, shows the difference between the 
half-peak widths of the cubic and tetragonal reflec- 
tions. The observed broadening of the {333} reflection 
may be due to particle size, the presence of micro- 
stresses, faulting, or a combination of these factors. 
Until a strict analysis of line-broadening can be made, 
no conclusive deduction regarding the order of the trans- 
formation is possible from the consideration of the 
breadth of {111} reflections. 

If the transformation 
chemical free energies of the two phases are regarded as 
equal, so that the two phases could co-exist in any 


is of the second order, the 


relative proportions. The fact that there is a range of 
compositions and temperatures over which these phases 
exist in reproducible proportions (see Fig. 5) suggests 
either that the chemical free energies of the co-existing 
phases are not equal, or that the internal strain and 
surface energy factors are always reproducible. This 
latter possibility is unlikely ; on this evidence, therefore, 
the transformation appears to have first-order charac- 
teristics. In this case, if true equilibrium is attained, the 
equilibrium phases must differ in composition. It has 
been mentioned above that diffusion must play an 
insignificant part in the mechanism of the transforma- 
tion; and the phases that are observed to take part in 
the transition must necessarily be, therefore, meta- 
stable, and the free-energy curves of the two phases 
co-existing during the transition must be very nearly 
coincident and close to the tangent defining the first 
order equilibrium two phase field. 

Because of the metastable nature of the phases 
formed, the representation of the two-phase field de- 
duced from the above results in an equilibrium diagram 
is impossible. Nevertheless the presence of an equilib- 
rium two-phase field is demanded by thermodynamic 
considerations. 

The driving force for the phase changes is not well 
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ALLOYS 


understood. If an activation energy process is postulated 
to explain the facts, it must be a function of the per- 
centage transformation. The system is almost analogous 
to the martensite transformation in steels, where an 
activation energy is postulated, but where the trans- 
formation is halted before going to completion. In 
martensite, it that the 
provided by the locking up of stresses in the hard 
transformed phase; but although this is unlikely in the 
where the 
temperatures near its melting point, micro-stresses may 


is assumed retarding force is 


present case, material is a soft metal at 
be present and influence the transformation. 

It is difficult, also, to reconcile the wide two-phase 
region in the temperature diagrams (Figs. 2, 3, and 4 
with the small temperature hysteresis observed by 
other workers'* between the appearance and disap- 
pearance of surface markings for both poly- and single 
crystal specimens. To obtain any agreement, it must be 
assumed that the appearence of shear markings on 
heating coincides with the commencement of the two- 


phase region. 
II 
INTRODUCTION 


It was suggested by other work in this laboratory that 
the nature of the above transformation could be affected 
by electron concentration. On general considerations a 
would 


decrease in electron concentration permit a 
greater degree of relaxation of the tetragonal structure 
before transformation began. In the limit the trans- 
formation could be expected to occur as a phase change 
of the second or higher order. 

To test this hypothesis the transformation has been 
re-examined for an alloy of composition 20.7 at.% 


thallium, containing 0.7 at.% lithium. The X-ray 
examination has been supplemented by a metallo- 


graphic study at various temperatures. 
EXPERIMENTAL OBSERVATIONS 
(i) X-ray examination. 


The course of the transformation 

shown in Fig. 6, where lattice parameters are plotted 
against temperature. The parts of the curves shown in 
been deduced without ambiguity from the 
heating. The 
the and 


full have 
made on 
both 


observations 
variation of the 
tetragonal structures within the two-phase fields cannot 


experimental 
parameters of cubic 
be deduced without ambiguity from the experimental 
observations of line profiles, because of the absence of a 
marked point of inflexion in the observed {200} profile 
(see Part I). Two alternative interpretations of the line 
profiles for the continuation of the transformation are 
given by the dotted portions. It is to be noted that the 
two courses are fundamentally different: in one case a 
continuous relaxation of the degree of tetragonality 
without the appearance of any cubic phase is assumed, 
while the other involves the assumption that the be- 
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FIG 8) 
indium-20.7 at.‘ 


Variation of lattice parameter with temperature for an 
thallium-0.7 at.% lithium alloy. heating 
annealed specimen ; ©) cooling from 142°C; 
courses for the continuation of the transformation above 79°C (see 
a hypothetical parameter deduced from the 


two possible 


text); in the case 
unresolved 200 cubic and 200 tetragonal reflections. 


haviour is similar to that of the binary alloy. On cooling 
Fig. 6) the transformation proceeds in a 
from that observed in the 


(link chain 
different manner (cf. Fig. 3) 
binary alloy. 

On heating, and assuming a behaviour similar to that 
of the binary alloy, the values of the a parameters in the 
two-phase region have been assumed to lie on the 
tangents to either end of the curve corresponding to the 
hypothetical parameter calculated from the combined 
and (200), reflections. From the 
(200). and (002), 
the proportion of each phase present within the two- 


profiles of the (200 
relative intensities of the reflections, 
phase region has been calculated, and found to vary 
linearly with temperature (see Fig. 6). 

As shown in Fig. 6, the c parameter of the tetragonal 
phase remains approximately constant on cooling from 
79° to 55°C. In this temperature range it is impossible 
to resolve geometrically the (200), and (200), reflections 
so the hypothetical parameter corresponding to 

200), , is plotted. It is significant that within this 
range (where the c parameter is constant) the breadth of 
the (200), 
value at higher and lower temperatures; and secondly, 
that the extrapolation of the tetragonal a parameter 
from the two-phase region defined on heating, intersects 
the hypothetical @ parameter, defined on cooling, at 
55°C, the temperature at which the ¢ parameter, on 


; » reflection increases by 8 per cent over its 


cooling, begins to increase (see Fig. 11). Both these ob- 
servations imply that a tetragonal and a cubic structure 


co-exist on cooling in the range 79°-55°C, and the latter 
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supports the view that these structures co-exist on 
heating in the range 80°-105°C. 

It appears probable, therefore, that in the change 
from f.c.t. to f.c.c. for this ternary alloy there exists a 
the tetragonal and cubic 


range of co-existence of 


phases both on heating and cooling. The alternative 
explanation, that the process is a continuous relaxation 


complicated by structure imperfections, is however, 
not excluded. 

On either view, certain features exist that are in 
common with the binary alloy. 

(a) The a and ¢ parameters increase and decrease, 
respectively, with increasing temperature. 

(b) At the temperature (80°C) corresponding to the 
appearance of the cubic phase in the binary alloy, there 
is a marked change in the slope of the parameter-vs- 
temperature curves. 


(ii) Metallographic examination. 


From the X-ray observations it is obvious that there 
is a difference, probably a fundamental one, between the 
transformation of f.c.t. to f.c.c. in the binary and ternary 
alloys based on 20.7 at.% thallium. To obtain further 
evidence for this view the respective alloys were ex- 
amined metallographically at elevated temperatures. 

Two specimens, approximately 0.25 inch cubes, were 
mounted side by side in a solid plastic body 2 in. dia. 
0.5 in. thick, containing a heating element 0.25 in. 
beneath the specimens. Temperatures of the specimens 
were indicated by a thermocouple embedded in the 


Fic. 7. Micrograph of indium-20.4 at.% thallium alloy showing fine 
lamellae in ill-defined main bands (1600). 
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Fic. 8. Surface cracks (R) and new grain boundary (C) devel- 


oped during a heating and cooling cycle on an indium-20.4 at.% 
thallium alloy (140X 


centre of one of them. No measurement of the tempera- 
ture gradients through the specimens, or assessment of 
the temperature at the free surface, was made: the aim 
was to compare the behaviour of the binary and ternary 
alloys. The alloys initially examined had been chill cast, 
worked 50 per cent, annealed for five days at 120°C, and 
furnace-cooled to room temperature. Metallographic 
surfaces were obtained by careful hand-polishing as far 
as 3/0 emery paper and finally by electropolishing.' 


Examination at room temperature showed the familiar 


shear markings associated with the transformation 
f.c.t.—f.c.c. to exist only in the binary alloy (Fig. 7 

It is to be noted that the outlines of the main bands are 
irregular as suggested by Geisler.® The ternary alloy 
showed no trace of such markings. On heating, the 
intensity of the shear markings in the binary alloy 
gradually decreased but even at 140°C faint traces were 
visible. This effect was probably due to an oxide skin. 
In the range 120°-140°C cracks, (see R, Fig. 8) ap- 
peared on the visible surface of the binary alloy, radiat- 
ing from certain grain boundary corners; this was not 
a general effect throughout, although other cracks 
appeared running approximately parallel to other grain 
boundaries. On subsequent cooling within the range 
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140°—-125°C, what seemed to be further crac ks suddenly 


ap} eared (see C, 


Fig. 8). After cooling in still air, the 
surface was repolished slightly, 
Fig. 9 


formed on heating. 


and re-examination 


showed complete absence of the cracks (R 


However the surface 


which had 


marks (C) that appeared on cooling were found to be 


boundaries. This experiment was repeated 


alloys from 140°C 


new grain 


after quenching the surfaces of the 
with alcohol. Cracking similar to that previously de 
scribed was observed, together with a certain redistri 
bution of grain boundaries (Fig. 10). From the parallel- 


tneir 


ism of shear markings in grains before and after 
Fig. 10 
recrystallisation as such had not occurred. (All | 
This beha 


iminium! 


boundaries had moved was concluded 


micrographs have been taken at 20°C 


is similar to that observed in alt 
temperature annealing and which has been attri 


stress-induced boundary migration. In the case of the 
ternary alloy the initial surface topography remained 


unaltered throughout the various ‘eatments described 


Fic. 10. Grair 


curred 1n 


cooling 


above. Only in one case, ; 


any traces of shear markings observed. 
were localised one spot, and 


the markings 
considerably finer and more widely spaced than for tl 
corresponding binary case. To improve the contrast 


same surface was repolished and etched. These markings 
or others similar could not, however, be reproduced 


These results, while inconclusive regarding the exist 


ence of a shear process in the ternary alloy do emphasize 


| = 4] 


the profound effect upon the mechanism of the trans 


formation f.c.t.—f.c.c. in indium-thallium alloys of the 


slight addition of lithium. 


DISCUSSION 


As mentioned above, there are two possibilities for 


the course of the transformation in the ternary alloys. 
If the forward process (f.c.t. to f.c.c. 


simple, but not necessarily complete, relaxation towards 


does occur aS a 


cubic, it would be exper ted that it would be reversible 
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TEMPERATURE 


Fic. 11. Comparison of parameter-temperature curves for the 
alloys indium-20.4 at.% thallium; and indium-20.7 at.% thal- 
lium-0.7 at.% lithium. In- Tl heating; In- cooling; 
——-—lIn-TI-Li heating; In-Tl]-Li cooling from 
142°C; hypothetical parameter deduced from the un- 
resolved (200) cubic and (200) tetragonal reflections in In-T]-Li 
on heating above 79°C; 1—2, In-TI metastable two-phase field- 
heating; 3—4, In-Tl-Li metastable two-phase field-heating; 
3—5, In-T!-Li metastable two-phase field-cooling. Composition: 
In- Tl] 20.4 at.% Tl, In-T1-Li 20.7 at.% TI, 0.7 at.% Li. 


with temperature. Since, however, the reverse process 
is different from the forward process, this mechanism 
pure doubtful. Nevertheless, the 
metallographic clearly that the 
mechanism of the change f.c.t.—f.c.c. is either a relaxa- 
tion, or a process involving shear of only very small 


of a relaxation is 


evidence 


suggests 


magnitude. 

The relevant lattice spacing-vs-temperature curves 
for the alloys used in the metallographic study are 
superimposed in Fig. 11. With regard to the second 
possibility the following factors are significant: 

(a) In both cases, the c parameter decreases in a 
similar manner with temperature, a cubic phase appear- 
ing when the c parameter reaches approximately 4.78 
kx units. Further decrease in the c parameter does not 
occur. 

(b) In the ternary alloy, the a parameter of the tetrag- 
onal phase relaxes to within 0.008 kx units of the value 
of the cubic parameter, while for the binary case, re- 
laxation proceeds only to within 0.025 kx units. 

Within the region where two phases co-exist, the 
ternary and binary alloy parameters show similar 
trends, though the metallographic evidence points to a 
profound difference. The possible shear process appears 
to be greatly affected by the almost complete relaxation 
of the tetragonal a parameter to that of the cubic 
structure before the phase transforms. As there is no 


3, 2935 
metallographic evidence for shear in the ternary system, 
it must be assumed either that conditions favour move- 
ment of individual atoms across the interface, rather 
than movement of the whole interface between the two 
phases, or that relaxation of the c parameter to the 
cubic parameter occurs, initiating from random centres. 
It is difficult to imagine how this latter process occurs 
without macroscopic shear. 

After cooling through the two-phase field, both the 
a and c parameters of the tetragonal phase vary steadily 
with falling temperature. The mechanism for this 
growth of tetragonality is not at present understood, but 
the nature of the parameter curves suggests that this 
mechanism is the reverse of that for the decay in tetrag- 
onality on heating, but subject to a severe hysteresis. 


Ill 


EXPERIMENTAL OBSERVATIONS—INDIUM-LEAD 


A phase diagram for the system indium-lead in the 
range 12-14 at.% lead, and 20°-145°C has been drawn 
from observations made on specimens at various tem- 
peratures (Fig. 12). In contrast with the previous sys- 
tems, overlapping of the reflections from the respective 
phases did not normally occur. Consequently, the identi- 
fication of slight traces of a second phase was simple. 
However, crossing a phase boundary sometimes re- 
sulted in line-broadening, particularly of the two (200) 
reflections, of sufficient magnitude to prevent quantita- 
tive analysis. In every case, the line-broadening was 
eliminated, and the original state regained by pressing 
the specimen under 10 tons sq in. at room temperature. 
As with the system indium-thallium, the transformation 
proved to be irreversible with temperature within the 
two-phase region as detailed below: 

(a) 12.7 at.% lead irreversible in ranges 61.5°-20°C; 
93°-61.5°C ; 120°-91°C ; 120°-20°C. 

(b) 13.2 at.% lead irreversible in the range 60°-40°C. 
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Fic. 12. Modified portion of indium-lead phase diagram. 
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In each case, the higher-temperature condition was 
attained in less than five minutes, this being the mini- 
mum time in which any specimen could be examined. 
On cooling the high-temperature structures in the 
ranges detailed above, no variation in the proportion 
of phases occurred within 13 hours. There was one ex- 
ception to this generalisation. An alloy of 12.7 at.% 
lead, annealed at 139 °C for 17 hours, partially trans- 
formed on furnace cooling to room temperature. Ex- 
amination after 15 minutes showed the (200) reflections 
to be so broadened that they appeared together as a 
plateau above the “background.” Resting the specimen 
for one week resulted in considerable refinement of these 
broadened reflections. This condition persisted without 
alteration for one month. Only after working was the 
original state regained (Fig. 13). Throughout these 
treatments, the half-peak widths of the {111} and (002 
reflections remained constant. In a similar experiment, 
an alloy containing 12.0 at.% lead was furnace-cooled 
from 135°C (i.e., just within the two phase region) to 
20°C. The proportion of the phase of axial ratio less 
than unity decreased, as evidenced by a decrease in 


INTENSITY. ———e 


Fic. 13. Intensity profiles of an alloy indium-12.7 at.% lead. 
The reflections, with increasing 8, are (002), c/a>1; (200), 
c (200), a>1; (O02 , 1. cold worked al 20 

after 1 hr. at 140°C; —- after 15 mins. at 20°C 
previously furnace cooled from 140°C; after resting at 
20°C for 4 days and 1 month. 


intensity of the (002) reflectio1 
However, the (200) reflection of 
| became indistinguishable 


l even on quent 


perature for 16 hour 


he common {111} reflec 


mained sharp. 

By a Debye Scherrer 
tion, the entire diffracti 
fl > 


lection was ex 


extruded wire 


tetragonal phases in any proportio1 
terns were such that those reflect 

sharp, while all ouner observed re 
siderably broadened. Even alloys 


formed completely from one structure 
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gave the spotty reflections characteristic of large grain 
size. 

As it was impossible to traverse the two-phase region 
on heating or cooling in the diffractometer studies, the 
variation of the parameters with temperature could 
not be investigated in its entirety. Detailed information 
regarding the transformation could be conveniently 
obtained only from the isothermal variation of param- 
eters with composition (Fig. 14). 


DISCUSSION 


16 


As pointed out by previous workers?'® indium-lead 
alloys consisting of two phases are easily obtained. 
Experimentally, it has been impossible to decide with 
sufficient accuracy whether the co-existing phases had 
the same atomic volumes, so that the question of the 
order of this transformation must be left in doubt. 
Differences would be expected, however, in the be- 
haviour of the lattice spacings as functions of composi- 
tion within the two-phase region, for transformations 
of the first and second order. The parameters are con- 
stant within an equilibrium first-order, two-phase 
field, but for a second-order change the spacings of both 
phases would vary, while maintaining the atomic 
volumes equal. Even if equilibrium can be assumed, the 
two-phase field is too narrow to permit a detailed lattice 
spacing study and the evidence obtained so far is 
inconclusive. 

The change in atomic volume on transformation has 
been calculated from the parameter measurements at 
135°C and 20°C for a fixed composition. At the former 
temperature, the change is —0.25%, while at the latter 
it is +0.3 per cent, on passing from the phase with 
c/a>1 to that of c/a<1. This suggests that at an inter- 
mediate temperature, the atomic volumes would be 
equal, and the transformation could then proceed as a 
phase change of the second order. The numerical basis 
of this conclusion, however, is just on the limits of 
experimental accuracy. 

The variation of the proportions of the two co-existing 
phases with previous history indicates that their re- 
spective free-energy values are almost identical in the 
two-phase region. The irreversibility of the transforma- 
tion within the two-phase region, as investigated under 
varying conditions, again indium- 
thallium alloys, that diffusion is not the governing 
factor of the transformation. Micrographs show a 
similar transformed structure to the indium-thallium 


suggests, as in 


alloys.’ 

Throughout the experiments, the condition of the 
alloy obtained by severely working each specimen at 
room temperature was taken as standard, since it was 
reproducible, regardless of the previous thermal history 
of the specimen and in most cases, gave sharp diffraction 
lines. The only exception was an alloy in the centre of 
the two-phase field, in which the (200) reflection was 
slightly broadened. (cf. Fig. 14.) 

The broadened reflections have not yet been quanti- 
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tatively explained; it seems probable, however, that 
they are due, not to a layer fault, but to a type of im- 
perfection involving displacements of atoms from the 


lattice sites. 

From the plot of parameters against composition, it 
appears that the c parameter goes through a maximum 
at 10 at.% lead. This is at variance with previous work,” 
which indicated that the c and a parameters, and c/a 
increased continuously with the addition of lead, until 
the onset of the transformation. This point is significant, 
since it provides a common link with similar transforma- 
tions in other indium-rich solid solutions,''*— where 
the transformation is always preceded by a decrease in 
c parameter. The discrepancy mentioned above has been 
thoroughly investigated using a film technique. It is 
probable that in the earlier work, calculations based on 
too few X-ray reflections, led to inaccurate axial ratio 
values for the composition range 6-12 at.% lead. 


CONCLUSIONS 


(i) In the system indium-thallium there is a finite 
range of co-existence of the two phases in the trans- 
formation f.c.t.—f.c.c. As it is unlikely that the reaction 
can be of the second order the structures observed in 
the two-phase region must result from an approximation 
to conditions demanded in a first-order transformation. 
Since no evidence for diffusion has been obtained, the 
phases observed are necessarily metastable. 

(ii) For each of the binary alloys of indium-thallium, 
and possibly for the ternary alloy indium-thallium- 
lithium, there is a specific range of tetragonality that is 
not adopted. The degree of relaxation of the tetragonal 
structure before transforming to cubic depends upon 
electron concentration. The greater degree of relaxation 
towards cubic, obtained by decreasing the electron 
concentration, permits the transformation to proceed 
with no apparent macroscopic shear. 

(iii) In the system indium-lead, a two-phase field is 
found between two tetragonal phases. Determinations of 
atomic volumes suggest that the transformation may be 
second order, at least over a limited temperature range. 
The pronounced effect of grain size and thermal history, 
usually irrelevant in determining phase boundaries, 
show the importance of small energy factors in deter- 
mining the constitution actually adopted. 

(iv) The requirement of continuous atomic volumes 
for second-order phase changes is so rigorous, that it 
seems unlikely that such changes will be of wide 
occurrence. Even where the conditions are approxi- 
mately fulfilled, alteration of any variable may be 
enough to disturb the delicate thermodynamic balance. 
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out in detail® and shown to yield predictions consistent 
martensitic trans- 
CuBe 


the production of visible relief effects on 


with observation for a number of 


formations. Second, the precipitation of is ac- 


companied by 


the surfaces of polished specimens. These relief effects 
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have been described as similar to those produced by 
martensitic transformations’: and, in the present work, 
they are interpreted as having a similar origin. It is 
proposed that the relief effects arise as a direct conse- 
quence of the net change in shape accompanying the 
formation of plate-shaped crystals of CuBe. 

The phenomenological theory!” has been developed 
from the proposal that the total atomic displacements 
produced by martensitic transformations can be de- 
scribed consistently by means of a homogeneous strain 
which is composed of an invariant plane strain and a 
small dilatation, followed by a shear, which is part of a 
twinning shear in the final lattice but which occurs 
inhomogeneously. It has been shown that these condi- 
tions determine the total strain, and hence the orienta- 
tion relationship, in terms of a single parameter, @. In 
applying the theory to a particular transformation, it is 
necessary to evaluate @ by calculating the variation of 
the habit plane with 6 and determining that value, if 
any, for which the predicted and observed habit planes 
agree. The predicted habit plane variation for face- 
centered cubic to body-centered cubic transformations 
has already been derived® so it remains to determine the 
habit plane of copper-beryllium, i.e., the plane of the 
relief effects, and to evaluate 8. 

The experimental work is described in §§2, 3. This 
consisted of determining the general indices of the habit 
plane and of finding which variant of the habit plane is 
associated with a particular variant of the precipitate 
orientation. In §4 these results are used to evaluate @ and 
the orientation relationship is then determined by sub- 
stitution in the equations developed elsewhere.* The 
predicted orientation relationship is compared with that 
measured by Guy."! 

The notation used in this paper is the same as that 


6 


used previously.! 
2. EXPERIMENTAL METHODS 


The alloys used were prepared from oxygen-free high 
conductivity copper (> 99.98 wt. % copper) with traces 
(<0.005 wt. %) of lead, tin, nickel and iron, and a 
copper-beryllium mother alloy (95.85 wt. % copper, 
4.14 wt. % beryllium) supplied by Brush Beryllium 
Corporation. Initially the melting procedure described 
by Guy, Barrett and Mehl” was followed but later the 
alloys were prepared by melting the mother alloy and 
the copper together in silica under an atmosphere of 
purified nitrogen. The solidified rods were swaged down 
from 12 mm diameter to 7-8 mm diameter with inter- 
mediate anneals at 800—-850°C. 

The alloys used were restricted to the range 1.80—1.95 
wt. % beryllium since it was found that relief effects 
were not produced in specimens containing smaller 
concentrations of beryllium. 

To avoid grain-boundary precipitation during the 
ageing treatments, all the experiments were performed 
on single crystals. Crystals made by the Bridgman 
technique were found to be badly cored, and therefore 
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repeated zone melting was used to produce more homo- 
geneous crystals. The specimens, sealed under nitrogen 
in a silica tube, were passed through a small coil fitted 
in the centre of a tube furnace. The coil was maintained 
above the liquidus temperature and the furnace at 
800°C. After zone melting the specimens were main- 
tained at 800°C for three days and then water-quenched. 
The single crystals produced in this way were not cored 
but only small lengths of uniform composition could be 
obtained. 

Specimens were cut from the single crystals with a 


nen care 


jeweller’s hacksaw, lapped on carborundum paper and 
T 


then polished with diamond dust. They were 
fully elec tropolished in an ort hophosphori acid electro 
lyte!® for one half to three quarters of an hour to obtain 
a strain-free surface. Mechanically polished specimens 
were found to be for studying the relief 


effects because discontinuous precipitation occurred in 


unsuitable 


the deformed surface layer during ageing. Specimens 
were aged at temperatures ranging from 250°C to 330°C 
for periods of 15 minutes to 24 hours to determine the 
optimum conditions for the development of relief effects. 
The habit plane of the relief effects was determined by 
} 


plotting the zone normal to each trace direction into a 


and determining the 
The dire 


single stereographic triangle 


ZONES. 


common point of intersection of all 


tions of the 


but the trace measurements were reproducible to wi 


relief effects in a given set varied slightly, 


3 degrees. 
The orientations of the parent crystals were deter 


mined, both before and after ageing, from back re 
flection Laue and oscillating crystal photographs. In 
spite of the care taken in preparation of the crystals, 
the diffraction spots were diffuse even before ageing. 

ing 


However, the orientations determined prior to ageing 


{ irate to within +1 


are considered to be ac 

In the aged specimens the spots were much more 
diffuse, reflections oc« urring over a range of severa 
degrees. For this reason the determination of the com 
plete pole figure of the precipitate axes was not at- 
tempted. However, in connection with the problem of 
finding out which variant of the habit plane is associated 
with a particular variant of the orientation relationship, 
100 
neighbourhood of 100), 


Owing to the slight uncertainty in the matrix orienta- 


the locations of those poles which occur in the 


poles were determined. 


tion after ageing, the posit ions of these (100) z poles were 
determined relative to the original positions of the 
(100) poles. Oscillating crystal photographs taken with 
filtered or monochromati copper radiation were used 
for this purpose. Even in specimens aged for 20 hours 
the reflections from the precipitate were very weak and 
exposures of about 3 or 14 hours were needed for fil- 
tered and monochromatic radiation respec tively. 

For the correlation of habit plane and orientation 
relationship variants, the directions of the relief effects 

* The suffices B and F are used to denote the body-centered 


cubic (CuBe) and face-centered cubic (a phase S$ respective ly. 
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Fic. 1. Relief effects produced on electropolished surface of 


copper-beryllium single crystal by ageing for 4 hours at 285°C. 
100. 


and the locations of (100), poles were measured using 
specimens aged at 285°C for 20 hours. Stereographic 
projections were constructed showing the orientations, 
relative to the parent crystal, of the (100), axes and of 
those variants of the habit plane capable of producing 
the observed relief effects. As will be described in the 
next section, these projections indicate a unique asso- 
ciation of habit plane variants and of variants of the 
100) poles. 


3. EXPERIMENTAL RESULTS 


It was found that the relief effects developed best in 
specimens containing 1.80-1.95 weight per cent beryl- 
lium at 285°C. Relief effects were not observed outside 
the range 260° to 330°C for ageing periods of four hours. 
On ageing at 285°C faint relief effects became visible 
after an hour and three quarters and were clearly devel- 
oped after four hours. A typical photomicrograph of 
the relief effects is shown in Fig. 1. 

The results of the habit plane determination are shown 
in Fig. 2; the mean normals to 28 traces in six different 
specimens passed through the region indicated. It will 
be noted that the habit plane is not a plane of low in- 


Fic. 2. Results of habit plane determination. Each spot repre- 
sents a determination from a specimen surface; the range of 
orientations within which the habit plane is most likely to lie is 
defined by the rough circle. 
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dices; a similar conclusion was reached by Guy, 
Barrett and Mehl.’ When the trace normals were 
plotted on the stereographic projection, it was noted 
that several variants of the habit plane could be asso- 
ciated with each trace. This multiplicity makes it 
difficult to determine the habit plane more accurately, 
for the mean traces used in the determinations may 
actually be derived from more than one variant. Under 
these conditions, it is not surprising that attempts to 
improve the accuracy of the determination by using 
traces on two surfaces" were not successful. 

Although relief effects were visible in specimens aged 
for four hours at 285°C, X-ray reflections from the 
precipitate were not detected until after about 20 hours. 
Metallographic examination of specimens aged at 285°C 
revealed a striated structure parallel to the relief 
effects (Fig. 3). After 24 hours at 285°C the discontin- 
uous precipitation of a nodular constituent was ob- 


served (Fig. 4. 


Fic. 3. Striated structure in crystal aged 19 hours at 285°C. 
Etched with ammonia-hydrogen peroxide reagent. 100X. 


Fic. 4. Discontinuous precipitation in crystal aged 100 hours 
at 285°C. Etched with ammonia-hydrogen peroxide reagent. 


100X. 
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The data obtained for the correlation of habit plane 
and orientation relationship variants are shown in Figs. 
5(a) and 5(b). The interpretation of these data involves 
a knowledge either of the approximate orientation re- 
lationship or of the ‘‘correspondence’” 
initial and final lattices. Guy"! has shown that the orien- 
tation relationship is such that one of the (100), axes 
is in the neighbourhood of a (100) axis whilst the other 


between the 


two (100) axes are near (110), axes. In this respect the 
copper-beryllium orientation relationship is similar to 
those observed in the various iron alloys. This means 
that in any specimen there are as many variants of the 
precipitate orientation as there are (100), poles near 
(100) poles and, further, that when the orientation 
relationship is known, a particular variant of the pre- 
cipitate orientation can be specified by describing the 
location of that one of its (100), poles which is near a 
(100) pole. 

The association of habit plane and orientation rela- 
tionship variants can therefore be specified in terms of 
the relative positions of the habit plane and the relevant 

100) pole. It is necessary to find from the data of Figs. 
5(a) and 5(b) a particular combination of a variant of 
the habit plane and a variant of the (100), pole, which, 
when repeated by the symmetry operations of the parent 
crystal, generates all the other observed (100), poles 
and habit planes. Such a combination is found by 
systematic trial and error. For example, it might be 
proposed that a (100), pole observed at [ v |r is 
associated with an observed habit plane variant 
(hk L)p. If another (100 B pole is observed at 
then for the proposed association to be valid, 
habit plane must occur at ( 4—/ k)y and so on. 


v |r, 
another 


In the specimens examined a given trace could usually 
be attributed to several variants of the habit plane 
Accordingly, all variants of the habit plane capable of 
producing the observed traces have been plotted in 
Figs. 5(a) and 5(b). This does not imply that all the 
variants plotted are really present but there is no reason 
to suppose that each trace is produced by a single 
variant of the habit plane. Another complication is the 
possibility that a habit plane variant could escape 
detection if its orientation relative to the specimen 
surface were such that the surface was not tilted at all 
or was only tilted through a very small angle. 

Notwithstanding this uncertainty in the number of 
habit 
analysis of the data in Fig. 5(a) leads to the unique 


plane variants present, the trial and error 


result that a variant of the habit plane is associated with 
that variant of the (100)z pole which lies in the same 
stereographic triangle. If we denote the variants of the 
habit plane and precipitate by the indices of the form 
{1, 10, 12}” and (1, 1.3, 20) respectively, then this 
result states that a variant of the habit plane at (1, 12, 
10), is associated with the variant of the precipitate at 
[1, 20, 1.3 |r. The trial and error analysis of the data in 
Fig. 5(b) leads to two results, one of which is in agree- 
ment with the result of Fig. 5(a), and another which 
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states that a variant of the habit 
is associated with that variant 
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he uncertainty in the number of hab 


ry. oUCN a result Is not 


he 


present, but agreement of one of t 


unique result of Fig. 5(a) strongly sugg 


the correct association. 


4. COMPARISON OF THEORY AND EXPERIMENT 


In applying the theory of the transformation fro 
face-centered cubic to bo ly-< entred cubic lattices‘ 
the 


assumptions involved are that 


transformation in copper-beryllium alloys, the 


tne lattice ¢ orrespond- 
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ence is described by the relation 
(1) 


and that the twinning plane (the plane of the slip 
inhomogeneity) is (112) z. 

The theory involves a variable parameter 6= (az/ar)6, 
where ad, and a, are the lattice parameters of the final 
and initia] structures respectively, and 6 is a dilatation 
which must be within a few per cent of unity for the 
theory to be applicable. The predicted variation of 
habit plane with @ is shown in Fig. 6. The first step in 
applying the theory is to determine @& by finding that 
value for which the predicted and observed habit 
planes agree. Since at this stage it is not known which 
variant of the experimental habit plane is to be com- 
pared with the predicted habit planes, it is assumed 
provisionally that the experimental habit plane lies in 
the stereographic triangle [010 [011 ]r; [111 ]r. On 
this assumption the experimental habit plane agrees 
well with the predicted habit planes for #=0.59 to 0.60. 
This assumption will only be justified if the subsequent 
analysis predicts the association between habit plane 
and orientation relationship variants that has been found 
in the present investigation. Specifically the require- 
ment is that the predicted orientation relationship be 
such that the [001 ], axis, which is generated from the 
[010 ]r axis [ Eq. (1)] lies in the same triangle as the 
habit plane. Since this implies that the habit plane lies 
in a triangle containing [010], the assumed location 
of the habit plane is not an impossible one. 

Having derived the value of @ the next step is to see 
whether the implied value of the unknown dilatation 6 
is close to unity. The values of 6=6/ (az/ar) for ®@=0.59 
and &=0.60 are shown in Table I. The values labelled 
Sactual have been calculated from the lattice parameters, 
ar=3.57A, ap=2.69A, (apz/ar)?=0.568," whilst for 
those labelled 6.orrectea, AN attempt has been made to 
take into account the possibility that the beryllium 


ool], 


Fic. 6. Stereographic projection showing the predicted variation 
of habit plane with 6?, and the experimentally determined habit 
plane region. 
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TABLE I. Values of 6 for Cu-Be transformation 


62 =0.59 6 =0.60 


1.028 
0.996 


1.019 
0.988 


atoms segregate prior to the transformation. For this 
purpose the relation'® 


ar= (3.608—0.003KC)A (2) 


where C is the concentration of beryllium in atomic per 
cent, has been used to calculate the value of ar for 50 
at. % beryllium, whence (az/ar)?=0.605. All the values 
of 6 are within a few per cent of unity, as required, and 
6 could be exactly unity for a critical degree of segre- 
gation of beryllium atoms. 

The orientation relationship is defined by the theory 
in terms of an invariant line strain S. This strain differs 
from the “total strain’! which generates the final 
lattice in its observed orientation, only by a dilatation 
I/6 which does not affect the orientation relationship. 
Since equations describing the strain S were derived 
earlier,® the application of the theory to the copper- 
beryllium transformation merely involves substituting 
the derived value of @ into these equations. Some 
simplifications arise in the present case because the 
axial ratio of the final body-centred lattice is unity and 
Eqs. (4.7), (4.9) and (4.10) of reference [6] become: 

cosa= (2—36”)?/8, 
(LSL) 
1, —@ cosa sina/2, 6 sina/2 
( cosa cosw— 26 sinw)/ V3 
(6? cosa sinw+ 26 cosw) /V3 J 


=]! 0, cosw. 


| 0, sinw, 


and 
cosw= (46+3)/2v3(1+86). 


The basis L to which the strain S is referred is related to 

the basis F, defining the f.c.c. unit cell, by the trans- 

formation 

cosa 

—cosa/V2, —sina |. (6) 
1/v2 , 0 


( sina, v2, —sina v2, 


(LTF)= | 


cosa /V2, 
1/v2 


The values of a and w for #=0.59 and 0.60 are given in 
Table II. 

Of the four possible solutions which can be obtained 
for (LSL) by combining positive and negative values of 
a and w, it is only necessary to consider the (a+, w+) 


62 =0.60 


0.624364 
0.991433 
0.250255 
0.749745 


0.992030 
0.276393 
0.723607 


010 Rearrected 
\ 
(4) 
(5) 
fe 
060 
TABLE II. Values of a, w and & for the Cu-Be transformation 
1 v3 
COSW 
k w+ 
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and (a+, w—) solutions; the other two are variants 
of these. Further, the (a+, w—) 
much greater fraction, k, of the twinning shear than the 
(a+, w+) solution (Table II) and thus might be ex- 
pected to be Jess favoured from an energetic point of 
view. In fact, calculation with the (a+, w—) solution 


solution involves a 


leads to an orientation relationship which is incom- 
patible with the experimental observations and thus we 
consider only the (a+, w+) solution. The values of k 
have been calculated from Eq. (4.15),® which in the 
present case reduces to 


1+ 2k= (2—367)?(3—467)2/6. 


The (a+, w+) solution for 6?=0.59 is 


~ 


0.230434 ) 
0.095013 
0.907123 J 


(1; —0.143875; 

(LSL)= | 0; 1.013155; 

LO; 0.133476; 

The orientation relationship produced by this strain 

is most conveniently described by the transformation 

matrix (FTB) describing the relative positions of the 

bases F and B. It follows from Eq. (1) that the axes 

[100 [010 |» and [001 |, are generated from [101 ],, 

[101 ]x and [010], respectively. The columns of the 

matrix (FTB) are therefore unit vectors in the directions 
(FTL) Jr, etc. Thus, for ®=0.59 


0.083419 ) 


0.989060 | . 
0.121662 J 


0.715100; 
0.025617 ; 


—().698553 


0.694027 ; 
| —0.145274; 


0.705139; 


(rFTB)= 


Similarly for #=0.60 

0.092133 ) 
0.988298 } . 
0.121570) 


0.691563 ; 
—().151348; 
0.706282: 


0.716416; 
0.019003 : 
— (0.697414: 


(FTB)= | (10) 


The orientation of [001], relative to the basis F is 
given by the last column of (FTs). It will be noted that 


Fic. 7. Stereographic projection of the predicted orientation 
relationship. The values of the angles indicated are listed in 


Table ITI. 
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Fic. 3. Stereographic projectiot I 
lationship determined by Guy." The filled 


locations where 001 B pol S were observed 


in both cases | 001 |, lies in the stereographic triangle 
[010 [O11 ]r; [111 Jr, 


validity of the provisional assumption made earlier. 


thereby confirming the 
The theory thus predic ts the observed association 
habit i 


and variants of the 
orientation relationship. 


between plane variants 
The pole figure predicted by the theory is shown in 


Fig. 7, the numerical values of the angles indicated 
being given in Table III. For comparison the pole 
figure determined by Guy" using a 1.75 percent bery]- 
lium alloy is reproduc ed in Fig. 8. It can be seen that 
the predicted orientation relationship reproduces all the 
essential features of the observed pole figure. Perhaps 


1S 


the most striking feature is the interpretation tha 


provided for the symmetry of the pole spreading. The 


arcs in the observed pole figure arise from the merging 
of groups of two (or four) poles belonging to different 
variants ; 
deformation in the matrix, for the observed regions of 


this merging can be attributed to plastic 


intensity would be reproduced within experimental 
error if the predicted poles were spread uniformly over 
a range of about 1 to 13 degrees. Another possible origin 
for the pole spreading is variation of #&. As can be seen 
from Fig. 7 and Table III, variation of 6® changes the 
angles of separation of the pairs of poles; this could also 
account for the lack of precision of the habit plane 
determination. 


TABLE ITI. Values for the angles of the predicted 
orientation relationship 


0.60 


Ne 00 OC 
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The orientation relationship predicted for #=0.60 has 
the property that [111 ]r|[201],. This relation was 
found by Neerfeld and Mathieu'® in specimens of iron- 
30 percent nickel and of 18-8 stainless steel, transformed 
in tension. Neerfeld and Mathieu assumed that the 
additional relation [101 ]-![010], also held. For the 
6=0.60 orientation, these directions are 1.32 degrees 
apart. It is possible that the orientation studied by 
Neerfeld and Mathieu was actually that corresponding 
to &=0.60. For this case there is no parallelism of 
simple rational lattice planes, but the irrational planes 
(1,1,v3)r and (1+v3, 1—v3, 2) are parallel. 


5. DISCUSSION 


The present investigation has shown that the geo- 
metrical features of the precipitation of CuBe are 
described consistently by the phenomenological theory 
that was developed for martensitic transformations. 
It should be noted that this theory does not impose any 
restrictions on the transformation mechanism other 
than the specification of the over-all atomic displace- 
ments involved.* It does not imply that the transforma- 
tion mechanism involves homogeneous strains nor even 
that whole planes of atoms are moved without segrega- 
tion or ordering of solute atoms, as suggested by 
Geisler. 

Recent discussions*:!*"'5 of the significance of double 
strain descriptions in relation to mechanism have been 


complicated by conflicting interpretations of the nature 


of the relief effects produced by transformations. 


Geisler® considers that there is no change of shape in- 
h the lattice transformation, but 


herently associated wi 
that the observed change of shape arises as a result of 
slip caused by transformation stresses. Since trans- 
formation stresses presumably arise from an inherent 
shape change, the view that the relief effects are due 
both to the inherent shape change and to slip seems 

more that the slip 
simulates a homogeneous strain, and that this strain is 


reasonable. He proposes 
responsible for the observed tilting of polished surfaces 
about their intersections with the habit plane. The 
only homogeneous strains that can be simulated by slip 
on a single slip system are shears on the slip plane in the 
slip direction. Since a simple shear rotates planes about 
their intersections with the shear plane, surfaces will be 
rotated about their intersections with the habit plane 
only when the intersection of habit plane and slip plane 
lies in the specimen surface. For all other surfaces the 
martensite plate would become tipped up out of the 
surface. This limitation can be overcome by invoking 
double slip, but, since the homogeneous strains in- 
volved in the transformation have dilatational com- 
ponents, no combination of slip processes can simulate 
such strains. 

* Strictly, the phenomenological theory describes the corres- 
pondence between lattice points in the initial and final lattices. 
This correspondence defines the over-all atomic displacements 
involved in the lattice transformation, but does not include the 
atomic displacements due to diffusion. 
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For the relief effects in copper-beryllium, Geisler, 
Mallery and Steigert'’ favour the interpretation, sug- 
gested by Guinier and Jacquet*’’’ that the relief effects 
result from mechanical slip on the {110} planes of the 
matrix due to the formation of Guinier-Preston zones 
parallel to the {100} planes. They examined the pole 
figure of Guy and claimed it to be in excellent agreement 
with the Nishiyama relationship, (111)r) (101),; 
[101 [010]. The discrepancy between the meas- 
ured angle of approximately 8 degrees for a; and the 
angle of 9.73 degrees, predicted from the Nishiyama 
relationship, was attributed to experimental error, 
while the spreading of the poles was regarded as arising 
from plastic deformation of the matrix, produced by 
transformation stresses. They proposed that blocks of 
the matrix become rotated about that (110), direction 
lying in the plane of the relief effects. This suggestion 
is incompatible with the results of the present in- 
vestigation for it implies that, when the [001 ], axis 
lies in the stereographic triangle [010]r; [011 |r; 
[111], the habit plane is in the neighbourhood of 
(101), instead of (011), as determined experimentally. 

It is clear that Geisler’s proposal, that the relief 
effects can be attributed to slip alone, is not consistent 
with observation. Instead, the change in shape produced 
by the transformation must be regarded as the resultant 
of the strain describing the distortion of the initial 
lattice into the final lattice, and the slip inhomogeneity. 
Such an interpretation of the relief effects is in no way 
incompatible with Geisler’s views on the mechanism of 
transformations. Geisler pointed out that since relief 
effects are produced both by diffusion-controlled and 
martensitic transformations, it is not necessary to 
postulate any fundamental difference in transformation 
mechanism to explain their origin. He therefore pro- 
posed that the classical mechanism of diffusion-con- 
trolled transformations could be extended to cover 
martensitic transformations. According to this mechan- 
ism, the atoms move independently of each other, one 
at a time, under the influence of thermal activation. To 
overcome the difficulty that, in some cases at least, the 
growth of martensite plates seems to be independent of 
thermal activation, Geisler visualized the atomic 
movements as being “‘well organized, one atom pulling 
the others.”’® Such a mechanism can be reconciled with 
our interpretation of the relief effects. In the early stages 
of the growth of the new crystal the individual atomic 
displacements would simply be those described by the 
homogeneous strain that converts the initial lattice into 
the final lattice. At a certain stage of growth the stresses 
arising from this mode of transformation could produce 
slip, as Geisler suggests, thus modifying the change of 
shape caused by the “homogeneous” mode of trans- 
formation. 

However, there is no evidence that the slip inhomo- 
geneity arises from slip occurring after the generation 
of the new structure and it is quite possible that the 
slip inhomogeneity is an inherent feature of the trans- 
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formation mechanism. Indeed, a mechanism that pro- 
duces the slipped state directly seems more probable 
than one that produces a highly stressed product which 
then slips. 


In contrast to Geisler’s views, other workers*?°-~ 
have attempted to develop growth mechanisms for 
martensitic transformations in which the atomic dis- 
placements are produced by the spontaneous movement 
of transformation dislocations. The striking similarity 
between martensitic transformations and mechanical 
twinning provides strong evidence in favour of such 
mechanisms. Martensitic transformations and mechan- 
ical twinning are both accompanied by homogeneous 
strains and in both processes the new crystals are 
plate-shaped and produced in time intervals of the order 
of a few microseconds; both processes can be induced 
by plastic deformation and the audible click that ac- 
companies twinning in certain metals is also a feature of 
martensitic transformations. These common 
characteristics suggest that the two processes occur by 
Further, as pointed out by 


many 
similar mechanisms. 


Orowan,” the existence of lens-shaped lamellae in 


twinning (and martensitic transformations) implies the 
presence of dislocations as a simple geometrical corol- 
lary. The amount of 
tional to its thickness and thus where the thickness 


shear across a lamella is propor- 


changes, even by one lattice spacing, the amount of 
shear changes discontinuously by a small amount. This 
discontinuous change must be provided by a dislocation 
situated at the step. An explanation of mechanical 
twinning in terms of dislocations has been provided by 
the “pole mechanism” of Cottrell and Bilby™ and it 
seems attractive to consider similar mechanisms for 
such dislocation 


martensitic transformations.”! In 


mechanisms, it should be possible to include the slip 
inhomogeneity as an integral feature of the process. 

If we accept the hypothesis of a dislocation mechan- 
ism for martensitic transformation then, with a view 
to developing a general theory applicable both to diffu- 
transformations, it 
that 


occur by a 


sion-controlled and martensitic 
becomes of interest to consider the possibility 
diffusion-controlled transformations also 
dislocation mechanism. On the existing evidence there 
is no reason to reject this possibility. If a dislocation 
mechanism is operative in martensitic transformations 
in which the plates grow very rapidly, then the propa- 
gation of the transformation dislocations must occur 
spontaneously. However, this is not an_ essential 
feature of a dislocation mechanism and there is no 
reason why the propagation of transformation dislo- 
cations should not be spontaneous in some transforma- 


tions and require thermal activation in others. If 
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thermal activation is required the rate of growth will 
be a function of temperature and the new crystals will 
grow at an observable rate. In precipitations, where a 
change of composition is involved, a further possibility 
exists for here it is possible that the rate of propagation 
of the transformation dislocations is governed by the 
rate at which the required concentration of solute atoms 
can be assembled at the advancing interface. 

The concept of a common dislocation mechanism for 
diffusion-controlled and martensitic transformations 
leads to a ready interpretation of the results of the pres 
ent investigation. If the geometry of the atomic pro 
esses involved in the two kinds of transformation is 
the same, then it is not surprising that the phenomeno 
logical theory developed for martensitic transformations 
should be capable of predicting the geometrical fea 
tures of a typical diffusion-controlled transformation 
like the precipitation of CuBe 
role of 


This speculation concerning the 


possible 


dislocation mechanisms in diffusion-controlled trans 
formations is, of course, intended to apply only to the 


early stages of growth (the so-called stage of ‘‘coherent”’ 
growth). After a non-coherent interface has been pro- 
duced, growth can occur by the accretion of individual 
atoms and the shape assumed by the growing crystal 


will be determined mainly by 


considerations of inter 


facial energy. 
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THE HEATS OF FORMATION OF SOME TRANSITION METAL SILICIDES* 


D. A. ROBINS and I. JENKINS}; 


\ method is described for determining the heats of formation of highly stable metal silicides and data are 


given for the following compounds :—Ti;Si 


, TiSi, TiSis, Zr;Sis, 


ZrSi, ZrSiz, ThSiz, V2Si, TasSiz, TaSis, 


MoSiz, and WSis. The highest heats of formation are those of compounds containing Group [Va metals and, 
in general, the disilicides are not as stable as compounds containing a lower percentage of silicon. An analysis 


of the bond lengths in the disilicides is carried out and a comparison is made between the heats of formation 


data and 


changes in the character of the metal bonding. 


CHALEURS DE FORMATION DE QUELQUES SILICIURES DES METAUX DE TRANSITION 


Il est décrit une méthode pour la détermination des chaleurs de formation de siliciures trés stables et les 


valeurs correspondant aux composés suivants sont 


V2Si, Ta;Sis, 


données: 
TaSiz, MoSis et WSiz. Les chaleurs de formation les plus élevées correspondent aux métaux du 


Ti;Sis, TiSi, TiSiz, Zr;Si;, ZrSi, ZrSi2, ThSie, 


groupe IVa et, en général, les disiliciures ne sont pas aussi stables que les composés comportant un pour 


centage plus faible de silicium. La longueur de la liaison dans les disiliciures est étudiée et les chaleurs de for 


mation sont comparées aux changements dans le caractére de la liaison des atomes de métal. 


DIE BILDUNGSWARMEN EINIGER SILIZIDE VON UBERGANGSMETALLEN 


Zur Bestimmung der Bildungswirmen von sehr stabilen Metallsilziden wird eine Methode beschrieben. 


Fiir folgende Verbindungen werden die Ergebnisse mitgeteilt : Ti;Sis, 


TiSi, TiSi2, Zr;Sis, ZrSi2, ThSi2, V2Si, 


Ta;Siz, TaSie2, MoSis und WSi2. Die héchsten Bildungswirmen haben Verbindungen, die Metalle der 
Gruppe [Va enthalten. Die Disilizide sind im allgemeinen nicht so stabil wie die Verbindungen mit einem 
niedrigeren Siliziumgehalt. Eine Analyse der Bindungslinge in Disiliziden und ein Vergleich zwischen den 
Bildungswirmen und den Verinderungen im Charakter der metallischen Bindung werden durchgefiihrt. 


1. INTRODUCTION 


The increasing need for materials having high 
strength at elevated temperatures has directed atten- 
tion to the high melting point carbides, borides and 
silicides of the transition metals. Little information is 
available, however, on the basic properties and charact- 
eristics of many of these compounds and particularly is 
this the case for borides and silicides. 

The present paper describes a method which has been 
developed for the determination of the heats of forma- 
tion of these compounds from their elements when the 
reaction is highly exothermic. The silicides which are 
likely to be of greatest interest are those of the metals 
in Groups IVa, Va and VIa of the periodic table and 
approximate values for the heats of formation of a num- 
ber of these compounds have been obtained. 


2. EXPERIMENTAL WORK 


Preliminary work had shown that when a bar com- 
posed of a mixture of molybdenum and silicon powders, 
in the proportions corresponding to MoSis, was heated 
at one end so that the powders reacted, the heat pro- 
duced was sufficient to promote reaction in the adjacant 
portion of the bar. By this means the whole bar could 
be converted into the disilicide. The property of highly 
exothermic reactions of this type to be self-propogating 
has been used in the present investigation for the 
measurement of the heats of formation of a number of 


metal silicides. 


* Received April 6, 1955. 
+ Communication from the Staff of the Research Laboratories 
of The General Electric Company, Ltd., Wembley, England. 
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2.1. Materials 


The silicon powder used in the present investigation 
had been prepared from a 50/50 silicon-aluminium 
alloy which was crushed to powder and the aluminium 
extracted with 50 per cent hydrochloric acid. The major 
impurity was aluminium (0.1 percent), and traces of 
boron and iron were each less than 0.01 per cent. 

The various metals used in the preparation of the 
silicides were all in the form of powder and, with the 
exception of thorium, the impurity content in every 
case was less than 0.5 per cent. The thorium contained 
98.7 per cent thorium, 0.15 per cent iron, a trace of 
silicon and the balance thorium oxide. The titanium and 
zirconium powders were prepared from the corres- 
ponding hydride, the degassing treatment being carried 
out just prior to their use. The niobium powder con- 
tained traces of the elements C, Ta, Ti, Si and Fe, and 
the chromium powder had been prepared electrolytic- 
ally and was given a degassing treatment. The molyb- 
denum and tungsten powders were of the quality used 
in the lamp and valve industries (less than 0.1 per cent 
impurity). 


2.2. Apparatus 


The reaction chamber, which is shown in Fig. 1, 
consisted of an outer steel cylinder closed at one end; 
into the opposite end was screwed a steel plug from 
which was suspended a steel base plate. A compacted 
rondel of mixed metal and silicon powder (approx. 10 
mm dia and 20 mm high and pressed at about 20 tons 
sq in.) was weighed and supported on the steel base by 
a thin disc of the same mixture which had already been 
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. 1. The reaction chamber. 


reacted. In this way, the metal silicon mixture was pre- 
vented from coming into contact with any material 
with which it might react. A coil heater, made from 0.2 
mm dia molybdenum wire, was suspended just above 
the top of the compact and a weighed pellet, 8 mm in 
diameter, of a mixture of degassed chromium oxide and 
aluminium powder (thermit mixture) was placed inside 
the coil, which itself was connected to an outside elec- 
trical source. The reaction chamber was made vacuum 
tight using a fixed quantity of wax (1 g) and could be 
evacuated to a pressure of 10~* mm of mercury via a 
glass tap placed immediately above the reaction 
chamber. A Dewar flask filled with 600 mls of water at a 
temperature of 1-2 degrees below that of the tempera- 
ture of the room was placed around the reaction 
chamber and temperature changes were followed using < 
Beckman thermometer. 

In order to remove sources of error, the top of the 
Dewar flask was enclosed with an asbestos cover during 
each experiment, the stirrer was run at a constant speed 
and the positions of the stirrer, thermometer and 
the water level re- 


reaction chamber in relation to 


mained unaltered. 


2.3. Technique 


The reaction chamber, containing a weighed com- 
pact of mixed powders in the proportions to form a 
given metal silicide, was evacuated. After stirring the 
water in the Dewar flask for one-half hour, the rate of 
the rise in temperature, due to gain of heat from the 
room, was determined. The glass tap was then closed 
and a current was passed through the molybdenum 
heater. The current flowing and the potential across the 
heater were measured on calibrated instruments, as also 
was the time during which the current flowed. From 
this information the heat added to the system by the 
heater could be determined. This heat was sufficient to 
ignite the thermit pellet which, in turn, melted the 


molybdenum heater, thus breaking the electrical 
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circuit. The high temperature produced locally was 
sufficient to initiate reaction of the pressed compact of 
this 
throughout the whole compact. To facilitate the rapid 


mixed powders and reaction then proceeded 


dispersion of the heat produced, two seconds after the 
breaking of the electrical circuit 99.8 per cent argon 
was added to the reaction chamber through the glass 
tap until atmospheric pressure was reached, the tap 
then being closed. Temperature readings were taken 
ent (Fig. 2) at 
results the temperature rise, produced by the combined 


and the 


throughout the experiment and from these 


effects of the electric current, thermit mixture 
reaction under examination, was found. 


The heat of formation of a given silicide could be 


determined, knowing the heat of reaction of the thermit 


mixture, the weight of the thermit pellet, the 


energy added, the weight of the metal-silicon compact 
under examination, the water equivalent of the appa- 
ratus and the rise in temperature produced during an 
experiment. 

The method of measurement of the heat of formation 
so far described was only applicable to a limited number 
of the silicides of the metallic elements under examina- 
tion since, in many cases, the heat liberated on reaction 
was not sufficient to ensure that the whole of the com- 


+ 


pact was converted to the silicide. In order to extend 
the measurements to silicides which had lower heats of 
formation, the method was modified where necessary 


in the following way. In place of the single rondel of 


metal-silicide mixture previously used composite rondels 


curve from which the cor 
Room temperature, 22.1°C; 


tin 


Fic. 2. Typical temperature 
rected temperature rise was obtained 
starting temperature, 20.8°C; t 


corrected temperature ris¢ 


| 
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Wu BY it 
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4 
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TIME MINS) 
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were prepared. A compact of metal-silicon mixture 
approx. 8.0 mm dia and 15 mm high was pressed from 
the material under examination and weighed. This com- 
pact was then surrounded by pressed zirconium-silicon 
mixture of the composition 79.6 per cent zirconium, 
20.4 per cent silicon by weight which, according to 
Lundin, McPherson and Hansen,' corresponded to the 
compound ZrSis. This composite pellet was weighed 
and set up in the apparatus as previously described, the 
high heat of reaction of the Zr/Si mixture, which had 
been determined independently (Table III), ensuring 
that the inner compact reacted completely. Knowing 
the heat produced by the Zr/Si mixture in addition to 
that by the thermit pellet and the molybdenum heater, 
the heat due to the silicide under examination could be 
calculated. No difficulty was experienced in removing 
the outer shell for an examination of the inner silicide, 
little adhesion between the two zones 


there being 


after reaction. 
2.4. Calibration of Apparatus 


To determine the water equivalent of the apparatus, 
it was assembled as for a heat of formation determina- 
tion except that no thermit pellet was included and in 
place of a metal-silicon compact a reacted compact of 
Zr/Si was substituted. A known current was passed 
through the molybdenum heater for a measured time 
whilst the chamber was under a static vacuum and then 
argon was added as previously described. Knowing the 
electrical energy added and the rise in temperature of 
this produced (taken from a graph of 
the water equivalent of the 


the system whic! 
the temperature changes), 
system was calculated and found to be 695 mls (Table 
[). Any changes in the water equivalent of the apparatus 
differences in 
size of the compacts examined and variations in the 


in different experiments, due to small 


specific heats of the silicides, were considered to be 


negligible. 
Some diffi 
thermit mixture suitable to operate under high vacuum 


ulty was experienced in preparing a 


conditions since, if a comparatively unstable metal 
oxide used then, on reaction, the pellet disinte- 


grated due to the decomposition of the oxide. An oxide 


Was 


of low stability was necessary, however, to give a heat of 
reaction with aluminium high enough to initiate the 
metal silicon reaction. CroO; degassed at 800°C in 
vacuo before use was found to work satisfactorily pro- 
vided excess aluminium was present above that neces- 


TABLE I. The water equivalent of the apparatus 


885 
1690 
2935 
1156 


“In 


Average of 695 


ALLURGICA, 


1955 


VOL. 


TABLE II. The heat of reaction of the thermit mixture 


“atl 


sary to form AlsO; so that on reaction a molten pellet 
was readily produced. The composition of the mixture 
used was 66.4 per cent by weight of CroO; and 33.6 
per cent by weight of aluminium powder which had been 
degassed at 300°C in a vacuum prior to use, i1.e., 90 
per cent (CreO;+2Al1)+10 per cent Al. The heat of 
reaction of the mixture prepared by grinding the con- 
stituents together was measured in the apparatus al- 
ready described, the reaction being started by passing 
a current through a molybdenum heater containing a 
small weighted pellet of thermit mixture. This pellet 
was resting upon a larger pressed and weighed compact 
of thermit mixture and the heat produced from the 
known quantity of reactants was measured. 

The heat produced by the thermit mixture was found 
to be 565 cal/g (Table II). The heats of formation of 
CroO; and AloO; are 269.5 and 400 kcal/g mol respec- 
tively” and therefore the heat of reaction corresponding 


to the equation: 
(1) 


is 130.5 kcal/g mol. This value is in good agreement with 
the heat of reaction of the thermit mixture, the value 
565 cal/g being equivalent to 129 kcal/g mol, assuming 
that the excess aluminium does not take part in the 
reaction. 

3. EXPERIMENTAL RESULTS 


metal silicides 


summarized in 


formation of various 
determined in this investigation are 


Table III. Data obtained during the determination of 


The heats of 


TABLE III. Heat of formation values 


Heat of f 


—1 
139 
31 


* A no zirconium-silicon shell around compact. B compact enclosed in 


irconium-silicon mixture 


Total Ele Heat 
Temp heat energ\ fron Wr f re 
( cal.) (ca al.) cal. /g. 
1.165 812 157 655 1.157 566 
ee 1195 433 762 1.357 562 
1.30 903 78 825 1.460 565 
2.26 1561 103 1458 2.343 567 
Average value—565 
Method keal/g atom Si 
Compound sed* keal/g mol | (Average 
TisSi \ 137 140 45.7 46.7 46.3 16.2 
TiSi \ 30.9 31.1 3 30.9 31.1 31.3 31.0 
TiSi \ 32.0 32.0 32.8 16.0 16.0 16.4 16.1 
ZrsSi \ 147 146 147 19.0 48.7 49.0 48.8 
“Zresi \ 205 204 201 411.0 40.8 40.2 40.7 
201 204 402 410 40.8 
ZrSi \ 35.1 35.3 35.4 35.1 35.3 35.4 35.3 
= <== ZrSi \ 35.0 37.0 35.4 17.5 18.5 17.7 17.9 
B 12.5 42.6 39.9 21.2 21.3 20.0 20.8 
lemp. rise Elec. energy . Water eq. 
{ added (cal ml V2Si B 35.8 40.0 35.0 35.8 40.0 35.0 36.9 
TasSi B 26.2 24.7 24.9 25.3 
2 848 701 TaSi B 26.6 28.7 27.9 13.3 14.5 14.0 13.9 
696 
. ? 690 ““Mo3Siz”’ B 45.7 16.9 47.9 22.9 23.5 23.9 23.4 
é MoSi \ 15.6 15.8 15.6 15.7 
+ 694 WSi B 22.3 20.1 24.4 11.2 
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TABLE IV. Typical data obtained during heat of formation experiments 


2200 : 2050 
2540 2422 
1946 1869 
1352 3 450 
1557 3 176 
1696 551 


DOW W 

DO OOD 

POG 


the heats of formation of Ti;Si; and V2Si are given in given for ZrSi.* It seems possible, therefore, that 
Table IV as typical of the quantities of heat evolved at compound contains less silicon than the proposed 
each stage of the experiment. formula would suggest. 

Attempts were made to determine the heats of forma- \ source of slight error 
tion of a number of silicides not included in Table III extremely thin yellow-brown de] 
but, due to the lower reactivity of the metal-silicon reaction chamber after eacl 
mixture, complete reaction could not be obtained with- weight of the compounds could 
out using a disproportionally large amount of zirconium- tion, but X-ray examination shov 
silicon mixture in the following cases: VSiz, NbeSi, — silicon monoxide produced, presumab 
NbSiz, Cr3Si, CrSiz, W3Sie. It is possible that in the case combination of silicon with oxygen fr 
of the chromium silicides that their low melting points _ position of Cr.O3 or from an oxid 
prevented the reactions from proceeding throughout on the silicon powder. 
the body of the pressed compact. [he reproducibility and 


An examination of the silicides formed was carried out tained for very exothermic rea 


by taking X-ray diffraction photographs of the powders; 
the results are summarized in Table V. In all cases, a 

except for Zr;Siz, Mo3Siz and possibly ZrSi, the purity iced by the silicide under examinat 
of the silicides formed suggested that the values ob- small part of the total heat eve 
tained for their heats of formation are at least approxi- error introduced due to th 

mately correct. The thorium oxide detected in the electrical energy added and the 
thorium disilicide sample was already present in the _ pellet are considered to be very sn 
thorium powder used in its preparation. Conflicting 


data on the silicides present in the zirconium-silicon {teats OF FORMATION AND BOND LENGTHS 
system have been published'* and it is interesting to 


note that the purity of the compound corresponding t 

the composition Zr,Si; was greater than that corres- _ silicides increases wit! 

ponding to ZrSi. The major phase produced in each case Groups [Va and Va of the periodi 
was identical however, and corresponded to the data Group VIa where molybdenun 


TABLE V. X-ray examinatio1 


ZrSi 
ZrSi ZrSio+a tract 
ThSi Mainly Th ‘ 
One unidentifies 
Ta;Si l'a;Si3;+trace of ot] 
TaSi Only TaSie detectec 
Mo;Siz MoSie+ Mo;Si 
MoSie MoSie+slight trace 
WSi Only detectec 
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Heat 
Tota H | t 
Silicide Tremp heat Elec I ZreS 
Ti;Si 1832 137 
Ti:Si 3 592 140 
Ti;Si 1 343 139 
1.633 
V.Si 1.545 
V.Si 2.049 35.0 
PAT COMDOSILTLE on 
‘ e. tne eat pro 
oO! vas ol 
Table I\ An) 
tor 
rom the thermit 
Bat i 
| table but ‘ 
is the 
Nominal composition (Wt Cor 
Metal cy 
74.0 26.0 Ti;Si O i;Si; detec 
63.1 36.9 riSi riSi+a trace of TiS 
46.1 53.9 riSi PiSio+traces a 
84.4 15.6 Zr;51 Zr5513 +10 to a ist 
79.6 20.4 rorres to data 
yu blishec wr ZrS 
76.5 23.5 ZrSi Compound corresp ‘ data 
61.9 38.1 
80.5 19.5 Tho 
78.4 21.6 int phas« 
91.5 8.5 er phases 
76.3 23.7 
83.7 16.3 nu 
63.1 36.9 Mo;Si 
76.6 23.4 
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TABLE VI. Crystal structure of disilicides 


parameters A 
b 


4.773 


rhombic 


ortho- 
rhombic 


hex- 
agonal 


hex- 
agonal 
he X- 
agonal 


he X- 
agonal 
MoSiz tetra- 


gonal 


the literature on tl 


: @ =3.2123 +0.0005A, c =7.8313 +0.0005A. 
highest value. There is also, in general, a decrease in 
stability in going from Group IVa to VIa. An attempt 
correlate with the 
available structural data on the disilicides. 


has been made to these results 


TABLE VII. The number and length of the bonds between atoms in 


NbSi» 


TaSiz 


CrSie 


MoSiz 


e constants of WSiz, the values for the sample prepar 


Atomic positions 

Ti(8): (0,0,0; 3,4,0; 4,0,3; 
0,4,3)+0,0,0; 3, 

Si(16): (0,0,0; 3,3 


23 


) 


9,2; 3 


2:21 Y; 
).104 
4 0.439 
y for Si” =0.750 


4,0,0; 0,4,3; 3, 
ml. 


2x,%,% > 


6.576 s for VSiz 
s for 


; for VSiz 


Mo(2 
Si(4 


“T° 


0.0.0; 
0.0.«; 

(8) 
(11 
(12) 


As for MoSiz 


ed in this investigation were accurately 


From published information concerning the atomic 
positions of the silicon and metal atoms in the crystal 
lattice (Table VI), the length and number of the bonds 
between metal-metal atoms, metal-silicon atoms and 


the disilicides 


bo bo bo bo bo 


bo bo 


bo 


602 
Crystal Lattice PY 
Silicide system a Ref. No. 
TiSi2 ortho- 8.236 8.523 (8 
0,3,3)++,0,0; x,0,0; }+-2, 
4—%,4,4. (w=4/12 
ZrSie 3.72 14.61 3.67 Zr (4 (9 
(13 
Si(8 
£,27,0; (8) 
Z,x,2. 
1 6 
TaSis 4.773 (8) 
(10 
4.422 6.351 (8 
3.200 7.861 
gonal 
Metal-metal Metal-silicon Silicon-metal Silicon-silicon 
bonds bonds bonds bonds 
Silicide N Length A N Length A N Length A No Length A 
TiSiz 4 3.194 6 2.750 3 50 3 2.750 
4 2.535 2 35 2 2.535 
ZrSiz 2 3:55 2(Si’ 3.04 2(Si’ 4 2(Si’ 2.55 
4(Si’ 2.69 4(Si’) 9 4(Si’ 3.34 
4(Si”’ 2.82 4(Si’’) 2 4(Si” 2.61 
VSiz +} 3.114 6 2.634 3 34 3 2.634 
4 2.496 2 96 2 2.496 
| 4 3.245 6 2.764 3 64 3 2.764 
4 2.591 2 91 2 2.591 
7 4 3.233 6 2.756 3 .756 3 2.756 
4 2.582 2 .582 2 2.582 
| 4 3.061 6 2.554 3 2.554 
+ 2.472 2 472 2 2.472 
| 4 3.200 10 2.616 5 9.616 5 2.616 
|| 4 3.212 10 2.618 5 2.618 5 2.618 
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TABLE VIII. Bond numbers calculated from the bond lengths 


Metal-metal bonds Metal-silicon bonds 
No. 
of 

Silicide bonds 


TiSiz 4 


ZrSie 


silicon-silicon atoms have been calculated (Table 
VII). 

For covalent and metallic bonding, Pauling has pro- 
posed the following empirical formula relating variations 
in bond length with the number of shared electron pairs 


making up that bond (bond number) :4 
R,—R,=0.3 logn 


where x is the bond number, R; and R,, are the bond 
lengths for bond numbers of 1 and wm respectively. 
Using this formula, together with values of the single 
bond radius calculated by Pauling,* the bond numbers 
corresponding to the various bond lengths have been 
calculated. By summation the apparent total valency 
of the individual atoms have been found (Table VIII). 

The results show that there is little or no bonding 
between metal atoms in the disilicides examined, the 
metal-metal bonding in the metal prior to combination 
with silicon having been replaced by strong metal- 
silicon bonding. It is also apparent that the calculated 
values for the valency of the metal atoms are all in the 
range 5-6 and are often not in keeping with their ac- 
cepted valencies. This would suggest that the nature 
of the bond in the pure metal from which the single 
bond radius has been calculated is different from that 
formed in the disilicide. The silicon-silicon bond dis- 
tances are considered to be determined very largely by 
the stronger metal-silicon bonding. 

The relationship between the calculated values for the 
apparent valency of the metal atoms in the disilicides 
and the heat of formation data will be considered in 
more detail. The results being compared are summarized 
in Table [IX which also contains approximate limits for 
the heats of formation of the less stable disilicides 


estimated from the lack of reactivity of 


silicon mixtures. 
The apparent valency of 5.7 


for the titanium atoms in TiSis has been calculated from 


Eq. (2 e 
radius as given by Pauling for metallic Ti*. 


Consider firstly TiSis. 
using the value of 1.324A for the single bond 
Since the 
maximum possible valency for Ti is four, it is apparent 
that the character of the bonding in the disilicide is 
different from that in 
bond radius of titanium in TiSi 


the metal. Let the true single 
be R,’ and the bond 
numbers corresponding to the bond lengths 2.750A and 
2.535A (Table VII) be A and B respectively then from 
(2). 

R,’=0.3 logA +R, 


No N 
a 12 J 6 38 5.7 3 38 2.8 3 21 ] 
4 87 2 87 2 49 
2 08 2(Si’ 20 5.4 2(Si 20 2(Si 16 
~ ~ 
4(Si 18 18 4(S 02 
4(Si’’) 18 48 4(S 36 1.4 
4 08 6 3 40) 25 3 $2 2.4 
4 6&8 2 O& 2 36 
NbSi: 6 38 5.3 3 38 2.0 3 20 1.4 
4 75 75 2 39 
TaSiz 4 12 6 40 5.4 3 10) 3 21 
4 78 2 78 2 10) 
CrSie 4 07 3 6 46 5.2 3 46 2.6 3 45 Ae 
+ 63 2 63 ? 62 
MoSi» 4 09 4 10 56 56 5 56 2 s 25 
4 09 4 10 57 5.7 5 57 2 5 2c 
Also to fulfil the valency conditions Table VII 
TABLE IX 
Si x VIII 
riSi 16.1 5.7 
ZrSi 17.9 5.4 } 
VS Less than « 5.1 5 
10 
NbS Less than ¢ 5 
190 
laSi 15.9 5.4 
Probab ess 5.2 
tha 12 
MoSi 15.7 56 6 
11.2 5.7 0 
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Solving Eqs. (3) and (4) 


A=0.264 B=0.603 R,’=1.202A 


As an alternative approach to that of assuming a 
constant value for the single bond radius for the differ- 
ent bond lengths, it has been assumed that the bond 
numbers are simple fractions.> Using values of 3 and 3 
corresponding to bond lengths of 2.750 and 2.535A 
then the single bond radius, Ri, is found to be 1.271 and 
1.182A respectively and it can be seen that the value 
obtained in the previous paragraph lies between these 
two values. 

Pauling has shown that the single bond radius of a 
given transition element is approximately linearly 
dependent on.the d-character of the s.p.d. hybrid bond 
orbitals and has suggested the following equation for 
the transition elements in the first long period®: 

R,=1.825—0.043z— (1.600—0.100z)6 (5) 
where z is the atomic number — 18 and 64 is the fraction 
of d-character. 

Similar equations have been prepared for the heavier 
transition elements. Applying Eq. (5) to the limiting 
values 1.271 and 1.182A calculated for the single bond 
radius of titanium in titanium disilicide, the percent- 
age of d-character of the bonds is found to be 32 and 
39 per cent respectively. The percentage of d-character 
of the bonds in metallic titanium calculated using the 
value of 1.324A for R; in Eq. (5) is 27 per cent. Although 
the quantitative analysis given above may not be fully 
justified due to the approximate nature of the basic 
equations, the general result, that a considerable in- 
crease in the d-character of the titanium bonds has 
taken place due to combination with silicon, is apparent. 
It is suggested that the high heat of formation of TiSie 
is at least in part associated with this change in the 
character of the bonding. 

The apparent total valency of the zirconium atom in 
ZrSiz is also considerably greater than the maximum 
possible true valency of 4 (Table IX) and, as with 
TiSis, ZrSis has a high heat of formation. However, the 
apparent increase in valency is not as great as for 
titanium in TiSis, although the heat of formation is a 
little higher. 

In Group Va the apparent valencies of the elements, 
calculated from the bond lengths in the disilicides, in- 
creases with increasing atomic number, the value for 
vanadium bieng 5.1 (Table [X). It would seem likely, 
therefore, that for vanadium the character of the bond- 
ing is similar to that in the free metal. For niobium and 
tantalum, however, the higher apparent valency values 
obtained suggest that an increase in the d-character of 
the bond has taken place. This increase is greater for 
tantalum than for niobium but is not as large as that 
found for titanium in TiSi:. These results follow the 
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same form as the heat of formation data, TaSi, having 
a lower heat of formation than TiSi, but being more 
stable than vanadium or niobium disilicides. 

It is difficult to correlate the heats of formation and 
the bond lengths for the disilicides of the Group VIa 
elements since it is likely that the valency in the metallic 
state increases with increasing atomic number.’ The 
apparent total valency of the metal atoms given in 
Table [X have been calculated using Pauling’s values 
of the single bond radius which in turn were obtained 
by assuming a constant metal valency of 5.78. For these 
elements the d character of the s.p.d. hydrib bond or- 
bitals is already larger than for the elements in Groups 
IVa and Va‘ and it is possible, therefore, that other 
factors have a more important effect on the heats of 
formation. 


5. CONCLUSIONS 


The method developed for determining the heats of 
formation of highly exothermic reactions has been 
applied to a number of the silicides of the transition 
metals. The data obtained have shown that the lower 
silicides are in most cases more stable than the disilicides 
and that the highest heats of formation are to be found 
in Group IVa. 

An analysis of the bond lengths in the disilicides has 
shown that the metal-metal bonding orginally present 
in the metal has been replaced by strong metal-silicon 
bonding. 

Some correlation has been found between the heats of 
formation data and the metal-silicon bond lengths for 
the disilicides of Group [Va and Va metals. 
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LETTERS TO THE EDITOR 


On Pore Formation during Diffusion* 


In his article in the March, 1955 issue of Acta Metal- 
lurgica,' J. A. Brinkman attributes porosity formation 
in diffusion specimens primarily to the action of tensile 
stresses in the diffusion zone. While it has not always 
been recognized that mechanical stresses influence the 
formation of pores during diffusion, it seems to us that 
the nucleation and growth picture is not essentially 
changed by taking this fact into consideration. The 
presence of elastic strain energy modifies the expression 
for the bulk free energy change upon formation of a 
void, but does not alter the general form of the equations. 
Therefore, even in the presence of stress, a critical pore 
size exists which must be exceeded in order for the nu- 
cleus to be stable. This critical size will depend upon the 
excess vacancy concentration, as well as the magnitude 
of the stresses in the diffusion zone. It is impossible to 
consider stress alone, and ignore the existence of a non- 
equilibrium concentration of defects in the diffusion 
zone, when it is exactly this lack of equilibrium which 
generates the stresses under consideration. 

The important question still remains: to what extent 
must the concentration of vacancies in the diffusion zone 
exceed the equilibrium concentration before porosity 
appears? This question could be given at least an 
approximate answer if something were known about the 
size and nature of the heterogeneous nuclei around 
which the vacancies condense. We find it difficult to 
believe Brinkman’s idea that voids are homogeneously 
nucleated by microcracking. First, the average stress 
level in the diffusion zone is probably three orders of 
magnitude lower than his assumed value. According to 
Price,” alpha-brass elongates at the rate of about 10 per 
cent per minute at 800°C under a tensile load of 1000 
psi. Brass sheets in which extensive porosity formed 
throughout during dezincification underwent a linear 
shrinkage of 3 per cent in 15 minutes at 800°C, corre- 
sponding to a strain rate of 0.2 per cent per minute. 
Dezincification was roughly half complete in this time. 
These data suggest that the average tensile stress in the 
diffusion zone must be quite small, of the order of 
1000/50=20 psi during most of the diffusion period. 
Even making allowances for very high stress concentra 
tions, which are really not likely at such an elevated 
temperature and low strain rate, it is not plausible that 
the cleavage strength of 10° or 10° psi will be anywhere 
reached. Second, we have frequently observed in de- 
that form 
Photomicrographs 


brass sheets pores 


zincified commercial 
throughout the entire specimen. 
illustrating this behavior can be found in the March, 
1955 issue of Acia Metallurgica.® The voids in the center 
of these sheets must have nucleated and grown in the 
presence of a compressive stress, since the center of the 
sheet is always in compression, while the outer layers are 
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in tension. This observation is evidence that a tensile 
stress is not necessary for the nucleation of porosity in 
diffusion specimens. 

As Seitz has already pointed out, a vacancy super- 
saturation of 100 or 1000 times the normal equilibrium 
concentration would be necessary in order to obtain 
homogeneous nucleation of voids at an observable rate 
in a metal. Previous estimates' have indicated that voids 
actually form in commercial metals and alloys when the 
vacancy concentration is about 1 per cent above normal, 
which suggests that the pores are nucleated by some 
impurity or imperfection already present in the matrix, 
somewhat in the manner that fog is nucleated by dust 
particles in the atmosphere. More careful experiments 
which we have recently completed prove that in so- 
called “high-purity” brass the degree of vacancy super- 
saturation necessary for visible pore formation is almost 
vanishingly small, probably less than 0.01 per cent. 
Voids are seen to a considerable depth within the brass 
after removal of only a small amount of zinc from the 
surface. When this same material is zone-refined, how- 
ever, practically no pores form within the body of the 
specimen, even upon complete dezincification. These 
experiments prove beyond any reasonable doubt that 


Also, we 


“dust” in 


1 


tne 
have an obvious clue to the 


porosity is heterogeneously nucleated. 
nature of the 
this alloy upon which vacancies condense to form pores. 
Commercial high-purity brass is prepared from electro 
lytic copper and pure zinc melted in the conventional 
Although the 
resulting alloy is quite free from metallic impurities, it 


This fact 


manner, in air under a charcoal cover. 


contains almost 0.3 per cent of oxygen. was 
not appreciated until the experiments described above 
led us to perform a series of vacuum fusion analyses on 
the brass. According to these, the oxygen content of the 


\pparently 


as-received material is 0.284 wt.%. After zone-purifyin 
in vacuum this is reduced to 0.072 per cent 
the impurities which nucleate voids in alpha-brass are 
oxide particles, probably zinc oxide. 

The above remarks are intended to apply strictly only 
to the formation of porosity in diffusion couples. Recent 
experiments have shown that voids may also form in 
homogeneous metals deformed at 


] 


Tensile stress may play 


] + + 
elevated tempera- 


tures. a larger role in the 


direct nucleation of porosity under such condition 


the mechanism proposed by Brinkman. Here again, 


however, an alternative explanation is possible in terms 
of the generation of an excess vacancy concentration by 
plastic flow, and subsequent precipitation of holes. 
L. SEIGLI 
R. RESNICK 
Sylvania Electric Products, Inc. 
Atomic Energy Division 
Bayside, New York 
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On the Mechanism of Pore Formation during 
Diffusion* 


In their letter,! Seigle and Resnick attempt to show 
that (1) the presence of mechanical stresses eliminates 
neither the need for an excess vacancy concentration for 
void growth nor the dependence of the critical void size 
on the magnitude of this excess concentration, and (2) 
the microcracking mechanism proposed by the author? 
for nucleation of voids in Kirkendall experiments can- 
not be correct. We propose to show here that they have 
offered no satisfactory arguments in support of either of 
these conclusions. 

In attempting to substantiate the first conclusion, 
they argue that one cannot consider stress alone as the 
factor which determines critical pore size. They offer 
two arguments in support of the second conclusion: 
(a) the average stress level in the diffusion zone cannot 
be as great as we have postulated, and (b) the center 


of a sheet specimen is always in compression and voids 


are formed there as well as in the outer layers. 

Let us consider their argument leading to conclusion 
(1). It is agreed that, even in the presence of stress, a 
critical pore size exists which must be exceeded in order 
for the nucleus to be stable. It is also true that the 
critical size will depend on any deviation of the defect 
concentration from its equilibrium value, as well as on 
the magnitude of the stresses in the diffusion zone. 
However, if the deviations are sufficiently small and the 
stresses are as great as we have proposed, this depend- 
ence is negligible compared with the dependence on the 
stress, and one can consider the critical pore size to 
depend only on the stress. Thus, it may very well be 
possible to consider stress alone, and ignore the existence 
of a nonequilibrium concentration of defects in the diffu- 
sion zone. Furthermore, it is the author’s belief that 
any minute deviations of the vacancy concentration in 
the diffusion zone from its equilibrium value are more 
likely to be negative than positive. Here the equilibrium 
value of the vacancy concentration is defined as that 
concentration of vacancies existing in a pore-free crystal 
subjected to the same stress as that present in the 
diffusion zone. Their conclusion that the deviations 
must be positive is true in the case of a pore-free 
crystal, since there is a net flow of vacancies into (or 
interstitials away from) the stressed region, resulting 
in an unbalance between the rates of creation and 
annihilation of defects within the region. In the case of 
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stressed crystal with pores present, however, the 
presence of the pores tends to create an unbalance in the 
opposite sense, which will be the dominant effect when- 
ever the stress is relaxing as a result of the growth of 
pores. Thus it becomes possible for pore growth to occur 
in the presence of a tensile stress even when the vacancy 
concentration is below its equilibrium value. 

We shall consider next argument (a) leading to 
conclusion (2). Seigle and Resnick attempt to show that 
stresses of the magnitude which we postulated cannot 
be established in the diffusion zone by citing the experi- 
mental data of Price,’ in which a macroscopic stress was 
applied to a polycrystalline specimen of alpha-brass at 
800°C. It is now generally believed that the inability of a 
polycrystalline metal to withstand large macroscopic 
stress concentrations, as observed by Price, is a result of 
the viscous behavior of the grain boundaries, while the 
critical shear stress for slip is rather insensitive to 
temperature, generally remaining finite up to the 
melting point, and essentially independent of the rate of 
deformation.’ Thus, it should be impossible to maintain 
large stress concentrations in polycrystalline specimens 
at high temperatures by the application of stress on a 
macroscopic scale. The stresses resulting from the anni- 
hilation of vacancies or the production of interstitials at 
dislocations, on the other hand, in a Kirkendall experi- 
ment are built up locally on an atomic scale within each 
grain and cannot relax by grain boundary viscous flow. 
Probably the mechanism by which relaxation would 
occur, if slip were impossible, would be the diffusional 
mechanism considered by Herring.® If one calculates, 
by use of Herring’s theory, the stress which will be 
established in the diffusion zone at a temperature of 
800°C and a strain rate of 0.2 per cent per minute, the 
actual conditions described by Seigle and Resnick, one 
obtains a stress somewhat greater than 10° dynes/cm’, 
the value assumed by the author. Therefore it seems 
reasonable to assume that a stress order of magnitude 
greater than that quoted by Price can exist under these 
conditions, even though the deformation rate is smaller. 
Since the yield stress of the material is determined, 
presumably, by the most easily activated Frank-Read 
generators in any region of applied stress, one might 
expect that such localized stress application on an 
atomic scale would in general exhibit higher values for 
the yield stress. Furthermore, the occurrence of multiple 
slip requires a higher stress than single slip, and higher 
biaxial than uniaxial stresses are required to initiate 
slip. These three factors indicate that the local stress 
concentrations occurring in Kirkendall experiments are 
probably somewhat greater than the high temperature 
critical shear stress for slip of the material, and that 
argument (a) therefore is probably not correct. 

In argument (b), offered in substantiation of con- 
clusion (2), Seigle and Resnick state that the center of 
the sheet is always in compression, while the outer 
layers are in tension. We pointed out that the stressed 
region undergoing plastic deformation at any time is. 
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narrow, and that it moves away from the Kirkendall 
interface. One should expect it to end up eventually in 
the center of the sheet, and the outer layers to be in 
compression. This is evident when one considers that the 
region in tension is that region in which the time rate of 
depletion of the zinc concentration is greatest, while 
the region in compression is that in which this quantity 
is least. If one solves the problem of diffusion out of a 
slab to obtain this quantity, it becomes evident that the 
final state of the specimen is one in which the center is 
in tension and the outer layers are in compression. 

The more recent experimental data presented by 
Seigle and Resnick are of considerable interest. How- 
ever, it is not apparent that they support the concept of 
existence of an excess vacancy concentration or that they 
tend to invalidate the microcracking nucleation 
mechanism proposed by the author. It was pointed out 
by the author’ that the presence of impurity particles 
could act as stress concentration centers and thereby 
appreciably affect the process of pore nucleation. 

J. A. BRINKMAN 
North American Aviation, Inc. 
Nuclear Engineering and 

Manufacturing 

Downey, California 
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Abnormal After-Effect of Twisted Metal Wires 

upon Heating* 

When metal wires are subjected to a plastic deforma- 
tion in torsion, they ordinarily untwist partially after 
the applied torque is released. There are a few excep- 
tions to this rule. C. S. Barrett! has plastically twisted 
iron and zinc wires and found that after the torque was 
released the wires may, for a short time, twist further 
when their oxide layer is removed. A similar anomalous 
after-effect has been observed in this laboratory when 
metal wires were heated after they had been subjected 
to a plastic deformation in torsion. 

The apparatus is schematically described in Fig. 1. A 
wire is clamped between two steel pin vises inside a 
glass tube flushed with helium. The upper pin vise is 
rigidly mounted while the lower one is free to rotate. 
An electric motor rotates a platform on which two 
electromagnets are located. After the platform has 
rotated a constant amount (450 degrees) and the wire 
has been twisted to about 2 per cent surface shear 
strain, the electromagnet is turned on. This lowers the 
soft iron pins and releases the wire. Torsion vibrations 
are prevented by the vanes immersed in silicone fluid 
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Fic. 1. Schematic drawing of wire twisting apparatus 

which damp the system critically. The silicone fluid 
floats on mercury inside a copper container. The wire 
can be heated up in a few seconds by passing a high 


amperage current through it. This is accomplished by 


connecting the copper container and the upper brass 


rod to a low voltage source. The angle of twist 1s 
measured on a semi-circular scale by a light beam re- 
flected from the mirrors. 

Measurements were made on polycrystalline high- 
purity aluminum, copper and silver wires and on 
commercial Nichrome-V diameter 50 mil, 
which were annealed in helium for 15 


wires gage 
length 10 inches 
minutes at 300, 900, 330, and 950°C, respectively. Each 
wire was annealed a second time inside the apparatus be 
fore testing in order to remove stresses that may have 
been produced when the wire was placed in the appa- 
ratus. Three wires of each material were twisted clock- 
wise and three counterclockwise. 

A wire was twisted, released, and its anelastic be- 
havior measured at room temperature for 29 minutes. 
The aluminum, copper, silver, and Nichrome wires 
were then rapidly heated up and kept at 300, 400, 300, 
and 700°C, respectively. Again, the angle of twist 
The results are 


was measured as a function of time. 
seen in Fig. 2. Each curve represents the average of 
the data on the six wires. The positive values of the 
ordinate stand for twist in the direction of initial load- 
ing, the negative values for untwist. The zero mark of 
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Fic. 2. Results of measurements. 


the ordinate indicates the position of the wire to which 
it elastically sprang back after the applied torque was 
released. 

It is seen that no abnormal after-effect is observed 
room tem- 


with the aluminum 
(the first 20 minutes 


wires which untwist at 
perature and continue to untwist 
at high temperature. The copper and silver wires behave 
differently since they untwist at room temperature and 
then reverse when heated up. The effect is more pro- 
nounced in silver where the amount of further twist 


approaches 0.1 per cent surface shear strain. The most 


pec uliar effect is observed with the Nichrome wires. As 


1] 


all the other wires, they exhibit a normal after-effect at 


room temperature. However, when heated up, they 
first twist further by a relatively large amount for a 


short time and then gradually untwist. 
It may be that these phenomena can be explained ina 
Barrett 


which C. S. has ex- 


way similar to that with wl 
plained his effects. Dislocations pile up under the oxide 
layer near the surface as a result of the plastic deforma- 
tion. When the metal is heated, the stress needed for 
the dislocations to break through the oxide layer be- 


comes smaller than the stress at the spearhead of the 
dislocation pile. Dislocations will then break through to 
the surface, ire will twist further, as is the case 


in copper and silver. In aluminum this does not occur 


and the w 


probably because of the much stronger oxide layer. The 
behavior of the Nichrome is more complex. 

A. W. CocHARDT 
Westinghouse Research Laboratories 
East Pittsburgh, Pennsylvania 
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Dislocation Glide as an Aid to Precipitation 
at Low Temperatures* 


Turnbull has pointed out that precipitation from solid 
solution often occurs so rapidly at low temperatures that 
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it cannot be explained by volume diffusion.' He has 
shown that, during cellular precipitation, a lamellar 
structure of precipitate and reoriented matrix grows as 
a spherulitic composite, separated from the original 
matrix by a grain boundary. Diffusion along the out- 
ward-moving grain boundary drains solute from the 
matrix and delivers it to growing lamellae of precipitate. 

Diffusion of solute along single dislocations also can 
drain solute from the matrix and deliver it to a pre- 
cipitate particle that is in contact with the dislocation. 
Turnbull pointed out also that, if dislocations were to 
glide during this process, much more of the matrix could 
be reached and drained of solute, allowing considerable 
precipitation to occur through the agency of anly a few 
dislocations.” It occurred to us that the free energy of 
precipitation is available as a driving force for disloca- 
tion glide under these circumstances. 

We believe that dislocation glide at low temperatures, 
with the free energy of precipitation as a driving force, 
in (1) the precipitation of the 
that 

pre ipita- 


may be important 


essentially two-dimensional precipitates often 
form early in the precipitation process; in (2 


tion hardening, which in this process is caused by the 
work-hardening that results from precipitation-induced 
and 


3) recovery from radiation damage, where 


dislocation motion, multiplication, and tangling; 
possibly in 
the “precipitation” is the 


formation of vacancy or 


interstitial layers, or is recombination. 


J. C. FISHER 
J. H. HoLLomon 


General Electric Research Laboratory 
Schenectady, New York 
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ERRATUM 
Dislocation Densities in Intersecting Lineage 
Boundaries in Germanium 
Acta Metallurgica 3, 513 (1955) 
W. G. Pfann and L. C. Lovell 


On p. 513, line 15, column 1, read “‘(a//2[110]’’ 
instead of ‘‘(a/2[110]”’. 
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